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TECHNICAL PROGRAM AND REPORTS OF OFFICERS 
AMERICAN SOCIETY FOR METALS—39th ANNUAL 
CONVENTION, CHICAGO, NOVEMBER 2-8, 1957 


OR the purposes of record and for the benefit of members who 
| cer not in attendance at the Thirty-Ninth Annual Convention of 
the Society, held in Chicago, November 2-8, 1957, the Programs of the 
Technical Papers and Educational Lectures together with the Reports 
of Officers for 1957 are herewith published in full. 


ASM SEMINAR ON LIQUID METALS 
AND SOLIDIFICATON 


Saturday, November 2 
Palmer House Red Lacquer Room—9 a.m. 
Presiding Officer 
W. R. Hibbard, General Electric Research Laboratory, Schenectady, N. Y 
Theory and Structure of Liquids—G. Vineyard, Brookhaven National Laboratory, 
Upton, N. Y. 
Properties of Liquid Metals—N. H. Nachtrieb, Institute for the Study of Metals, 
University of Chicago, Chicago 
Thermodynamics and Properties of Liquid Solutions—O. J. Kleppa, Institute for 
the Study of Metals, University of Chicago, Chicago 


Palmer House Red Lacquer Room—2 p.m. 
Presiding Officer 
J. J. Harwood, Head, Metallurgy Branch, Office of Naval Research, 
Washington, D. C. 
Vucleation—E. M. Pound, Carnegie Institute of Technology, Pittsburgh 
Solid-Liquid Reactions—-). Weeks and D. H. Gurinsky, Metallurgy Division, 
Brookhaven National Laboratory, Upton, N. Y. 
Mechanism of Metal Electrodeposition—J. O'M. Bockris, University of Pennsy] 
vania, Philadelphia 


Sunday, November 3 
Palmer House Ballroom—9 a.m. 
Presiding Officer 
P. A. Beck, Research Professor of Physical Metallurgy, 
University of Illinois, Urbana 

Mechanism of Crystal Growth—K. A. Jackson, Harvard University, Cambridge, 
_ Mass. 
Thermal Considerations in Freezing—C. M. Adams, Jr., Massachusetts Institut 
__ Of Technology, Cambridge, Mass. 
Solute Redistribution During Freezsing—William G. Pfann, Bell Telephone 

Laboratories, Murray Hill, N. J 








TRANSACTIONS OF THE ASM Vol. 50 


N 


Palmer House Ballroom—2 p.m. 
Presiding Officer 
W. D. Robertson, Hammond Metallurgical Laboratory, Yale University, 
New Haven, Conn. 
Imperfections Resulting From Solidification—John Rutter, General Electric Re- 
search Laboratory, Schenectady, N. Y. 
Polyphase Solidification—William A. Tiller, Westinghouse Research Laboratory, 
Pittsburgh 
Structure of Ingots and Castings—J. Walker, General Electric Research Labora- 
tory, Schenectady, N. Y 


TECHNICAL PROGRAM OF THE AMERICAN 
SOCIETY FOR METALS 


Monday, November 4 
Palmer House Ballroom—9 a.m. 


Steel I 
Presiding Officers 
D. J. Carney, U. S. Steel Corp. 
Morris Cohen, Massachusetts Institute of Technology 

Electrolytic Extraction of Carbides From Carbon Steel—R. W. Gurry, Quaker 
Chemical Products Corp., Conshohocken, Pa., J. Christakos, W. M. Kellogg 
Co., Jersey City, N. J., and C. D. Stricker, American Steel & Wire Division, 
U. S. Steel Corp., Cleveland 

Effect of Manganese on the Curie Point of Cementite—Earl C. Roberts, Associate 
agai of Metallurgical Engineering, University of Washington, Seattle, 

‘ash. 

Morphological and Phase Changes During Quench-Aging of Ferrite Containing 
Carbon and Nitrogen—G. Lagerberg, Research Dept., Stora Kopparbergs 
Bergslags Aktiebolag, Domnarvet, Sweden, and B. S. Lement, Research Staff, 
Department of Metallurgy, Massachusetts Institute of Technology, Cam- 
bridge, Mass. 

Some Relationships Between ne Strength and Electron Microstructure in 
a High-Carbon Steel—S. T. Ross, Supervisor, Metallurgical Research, R. P. 
Sernka, Project Engineer, and Walter E. Jominy, Chief Metallurgist Re 
search, Chrysler Corp., Engineering Division, Detroit 

Transformation Structures in Hypoeutectoid Alloy Steels—W. C. Hagel and M 
N. Ruoff, General Electric Co., Materials & Processes Laboratory, Schenec 
tady, N. Y. 

Palmer House Red Lacquer Room—9 a.m. 
Zirconium 
Presiding Officers 
J. H. Bechtold, Westinghouse Electric Corp 
J. L. Wyatt, Booz-Allen & Hamilton 

Powder Metallurgy of Zr-U Alloys—Herbert S. Kalish, Engineering Manager, 
Metal Fabrication & Assembly, Sylvania Electric Products Inc., Atomic 
Energy Division, Bayside, N. Y. 

A Hot-Hardness Survey of the Zr-U System—W. Chubb, Battelle Memorial In- 
stitute, Columbus, Ohio, G. T. Muehlenkamp, General Electric Co., Cincin- 
nati, Ohio, and A. D. Schwope, Clevite Research Center, Cleveland 

Transformation Kinetics of Zr-U Alloys—D. L. Douglass, Chief Metallurgist, 
L. L. March, Assistant Chief, and G. K. Manning, Chief, Metallurgical En 
gineering Division, Battelle Memorial Institute, Columbus, Ohio 

Transformation Kinetics and Mechanical Properties of Zr-Ti and Zr-Sn Alloys- 
R. F. Domagala, Research Metallurgist, Nonferrous Section, D. W. Levin 
son, Supervisor, Nonferrous Section, and D. J. McPherson, Assistant Man- 
ager, Armour Research Foundation of Illinois Institute of Technology, 
Chicago 
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Palmer House Crystal Room—9 a.m. 


Joint Session of AEC and ASM on 
Conference on the Metal Plutonium 
General Chairman 
Arthur S. Coffinberry, Los Alamos Laboratory 
Presiding Officers 
Glenn T. Seaborg and Cyril Stanley Smith 
tron—Glenn T. Seaborg, University of 


- 


Discovery of Plutonium in the Cy 
California 

Isolation of Plutonium—B. B. Cunningham, University of California 

Research on the Metallurgy of Plutonium at Chicago Metallurgical Laboratory 
Sherman Fried, Argonne National Laboratory 

Early Work at Los Alamos—Cyril Stanley Smith, University of Chicago 

Later Plutonium Metallurgical Research at Los Alamos—Arthur S. Coffinberry, 
Los Alamos Laboratory 

Plutonium Metallurgy at Hanford 
eration 

Plutonium Metallurgy at Argonne 
gonne National Laboratory 

Studies on Plutonium at Chalk River 


Canada, Ltd. ; as oe a 
Metallurgical Studies on Plutonium in Great Britain—H. M. Finniston, U. K 


Atomic Energy Research Establishment, Harwell, England 
French Work on Plutonium—E. Grison, Atomic Energy Commission, Saclay, 


O. J. Wick, Hanford Atomic Products Op 


Frank G. Foote, Ar 





Vational Laboratory 


O. J. C. Runnalls, Atomic Energy of 


France 
Palmer House Ballroom—2 p.m. 
Steel II 
Presiding Officers 
G. H. Enzian, Jones & Laughlin Steel Corp. 
R. A. Grange, U. S. Steel Corp. 
Some Aspects of the Morphology and Chemistry of Lead in Leaded High-Sulphur 
Steels—J. W. Thurman and E. J. Paliwoda, Jones & ‘Laughlin Steel Corp., 
3raham Research Laboratory, Pittsburgh, and E. J. Duwell, Minnesota Min- 
ing and Manufacturing Co. 
Distribution of Residual Stresses in Carburized Cases and Their Origin—D. P. 
Koistinen, Research Staff, General Motors Corp., Detroit 
Effect of Per Cent Tempered Martensite on Endurance Limit—F. Borik, Re- 
search Metallurgist, R. D. Chapman, Managing Engineer, and W. E. Jominy, 
Chief Metallurgist, Metallurgical Research, Engineering Division, Chrysler 
Corp., Detroit 
Machinability of Type-A Leaded Steels—E. J. Paliwoda, Jones & Laughlin Steel 
Corp., Graham Research Laboratory, Pittsburgh 


Palmer House Red Lacquer Room—2 p.m. 


Titanium 
Presiding Officers 
G. W. Birdsall, Reynolds Metals Co. 
E. M. Mahla, E. I. du Pont deNemours & Co. 

Grain Growth and Recrystallization Studies on Commercial Titanium, RC-55, and 
Alloy, Ti-100A—E. L. Bartholomew, Professor of Mechanical Engineering, 
University of Connecticut, Storrs, Conn. 

Mechanical Properties and Heat Treatment of Ti-Cb Alloys—L. W. Bezger, 
D. N. Williams and R. I. Jaffee, Battelle Memorial Institute, Columbus, Ohio 

Evaluation of a New Titantum-Base Sheet Alloy, Ti-4/Al-3/Mo-1/V—R. S. 
Richards, D. L. Day and H. D. Kessler, Metallurgical Research Division, 
Titanium Metals Corp. of America, Henderson, Nev. 

Mechanical Properties Correlated With Transformation Characteristics of Ti-V 
Alloys—E. L. Harmon, Research Assistant, A. R. Troiano, Head, Depart- 
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ment of Metallurgical Engineering, Case Institute of Technology, Cleveland, 
Ohio, and J. Kozol, Combustion Engineering, Inc., Windsor, Conn. 

Factors « 4 ffec ting the Absorption and Distribution of Hydrogen i in Titanium Dur- 
ing Acid Pickling—C. R. McKinsey, M. Stern and R. A. Perkins, Metals Re- 
search Laboratory, Electro Metallurgical Co., Niagara Falls, N. Y. 

Mode of Hydride Precipitation in Alpha Titanium and Alpha Titanium Alloys— 
Tien-Shih Liu, Titanium Metals Corp. of America, Henderson, Nev., and 
M. A. Steinberg, Head Metallurgy Department, Horizons, Inc., Cleveland, 
Ohio 

Palmer House Crystal Room—2 p.m. 


Joint Session of AEC and ASM on 
Role of Plutonium in Nuclear Power 
Presiding Officers 
Edward Epremian and H. M. Finniston 
General Statement and the Los Alamos Molten Plutonium Reactor Experiment 
R. M. Kiehn, Los Alamos Laboratory 
Discussion by Representative of Harwell and Argonne 
Argonne Concepts Employing Solid Fuel Elements—Arthur B. Shuck, Argonne 
National Laboratory 
Plutonium Fuels for Power Reactors—S. F. Pugh, U. K. Atomic Energy Au 
thority, England 
Fluid Fueled, Fast Power Reactor Concept—Russell E. L. Stanford, Atomic 
Power Development Association, Inc. 
Plutonium Liquid Metal Fuel Reactor—David Gurinsky, Brookhaven National 
Laboratory 
Mixed-Oxide Fuel Concept—W. M. Cashin, Knolls Atomic Power Laboratory 
The Hanford Plutonium Recycle Reactor Design Concept—R. M. Fryar, Hanford 
Atomic Products Operation 


Tuesday, November 5 
Palmer House Crystal Room—9 a.m. 


Mechanical Properties of Steel 
Presiding Officers 
D. J. Girardi, Timken Roller Bearing Co. 
W. T. Lankford, U. S. Steel Corp. 

Strain Hardening of Austenitic Stainless Steel—G. W. Powell, Nuclear Metals, 
Inc., Cambridge, Mass., E. R. Marshall, Associate Professor of Civil Engi 
neering, University of Vermont, Burlington, Vt., and W. A. Backofen, Metals 
Processing Laboratory, Massachusetts Institute of Technology, Cambridge, 
Mass. 

Effect of Rate of Stress Application and Temperature on the Upper Yield Stress 
of Annealed Mild Steel—J. A. Hendrickson, Research Assistant, and D. S. 
Wood, Associate Professor of Mechanical Engineering, California Institute of 
Technology, Pasadena, Calif. 

Some Aspects of Pre-Yield Phenomena in Mild Steel at Low Temperatures— 
W. S. Owen, Morris Cohen and B. L. Averbach, Massachusetts Institute of 
Technology, Department of Metallurgy, Cambridge, Mass. 

Energy Stored in Ingot Iron Deformed by Torsion at +25, —82 and —185 °C - 
T. P. Wang, Research Metallurgist, Wilbur B. Driver Co., Newark, N. J., 
and Norman Brown, Associate Professor of Metallurgy, University of Penn- 
sylvania, Philadelphia 


Palmer House Ballroom—9 a.m. 


Metallography 
Presiding Officers 
J. F. Libsch, Lehigh University 
W. A. Reich, General Electric Co. 
Classification of Precipitation Systems—R. O. Williams, Cincinnati Milling Ma- 
chine Co., Cincinnati, Ohio 
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Method for the Etching of Metals by Gas lon Bombardment—John B. Newkirk 
and W. G. Martin, General Electric Research Laboratory, Schenectady, N. Y. 

Relation Between Constitution and Ultimate Grain Size m Aluminum—1.25% 
Manganese Alloy 3003—Philip R. Sperry, Department of Metallurgical Re 
search, Kaiser Aluminum & Chemical Corp., Spokane, Wash. 

Occurrence of Laves-Type Phases Among Transition Elements—R. P. Elliott, 
Research Metallurgist, and W. Rostoker, Assistant Manager, Metals Re 
search Department, Armour Research Foundation of Illinois Institute of 


Technology, Chicago 
Palmer House Exhibit Hall—9 a.m. 


Joint Session of AEC and ASM on 
Physical Properties of Plutonium Metal 
Presiding Officers 
Eric R. Jette and John Chipman 
Physical Properties of Plutonium Studied at A.E.R.E., Harwell—J. A. Lee and 
P. G. Mardon, Harwell, England 
Some Physical and Physico-Chemical Properties of Plutonium Metal Studied at 
U. K. Atomic Weapons Research Establishment—A. E. Kay, Aldermaston, 
England 
First Studies on French-Made Plutonium Metal—R. Abramson, F. Anselin, R 
Boucher, R. Fabre, H. Morti and R. Pascard, Saclay, France 
Dilatometry and Thermal Analysis—E. M. Cramer, Los Alamos Laboratory 
Sound Velocity Measurements—H. L. Laquer, Los Alamos Laboratory 
Results of Measurements of Diverse Physical Properties—T. A. Sandenaw, Los 
Alamos Laboratory 
Crystal Structures—W . H. Zachariasen, University of Chicago 
Delta-Prime Phase—R. O. Elliott, Los Alamos Laboratory 
S. Wright, Los Alamos Laboratory 


| 


Corrosion of Plutonium—}.T. Waber and | 


Industrial Heating Equipment Association 
In Cooperation With ASM 


Modern Heating Equipment Speeds Metallurgical Processes 
Presiding Officer 
E. E. Staples, Hevi-Duty Electric Co. 


Palmer House Red Lacquer Room—9 a.m. 
Modernization in Heating for Hot Forming—P. H. Morse, Sales Manager, Mag- 


nethermic Corp. 

Metallurgy of Annealing in Fractional Minutes—R. K. Wuerfel, Chief Metal 
lurgist and Fellow Engineer, Westinghouse Electric Corp. 

Techniques and Metallurgy of Induction Vacuum Melting—Walter Jones, Metal 
lurgical Products Division, General Electric Co. 

Convection and Radiation in High-Speed Heating—R. J. Reed, Application Engi 
neer, North American Manufacturing Co. 

Influence of High-Speed Strip Annealing on Metallurgical Properties—Gilbert 
J. Langenderfer, Sales Manager, Heat Treat Division, Surface Combustion 
Corp. 


Automation in Heating and Quenching—N. K. Koebel, Director of Research, 
Manager, Industrial Heat Treating Furnace Division, Lindberg Engineering 
Co. 


Palmer House Red Lacquer Room—2 p.m 


Brittle Fracture 
Presiding Officers 
J. E. Dorn, University of California 
Richard Vanderbeck, U. S. Steel Corp. 
Brittle Fracture of Mild Steel in Tension at —196°C—W. S. Owen, Morris 
Cohen and B. L. Averbach, Massachusetts Institute of Technology, Depart- 
ment of Metallurgy, Cambridge, Mass 
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Initiation of Brittle Fracture in Mild Steel—J. A. Hendrickson, Research Assist- 
ant, D. S. Wood, Associate Professor of Mechanical Engineering, and D. S. 
Clark, Professor of Mechanical Engineering, California Institute of Technol- 
ogy, Pasadena, Calif. 

Study of the Role of Carbon in Temper Embrittlement—E. B. Mikus, Research 
Engineer, General Motors Research Staff, Detroit, Mich., and C. A. Siebert, 
Professor of Metallurgical Engineering, University of Michicagn, Ann Arbor, 
Mich. 

Brittie-to-Ductile Transition Temperatures of Binary Chromium-Base Alloys— 
E. P. Abrahamson II, Research Associate, and N. J. Grant, Professor, Massa- 
chusetts Institute of Technology, Department of Metallurgy, Cambridge, 
Mass. 

Palmer House Exhibit Hall—2 p.m. 


Joint Session of AEC and ASM on 
Plutonium Alloys and Fuel Elements 
Presiding Officers 
A. S. Coffinberry and O. J. C. Runnalls 
Phase Diagrams Studied at Harwell—M. B. Waldron, U. K. Atomic Energy 
Authority, England 
Phase Diagrams Studied at Los Alamos—F. W. Schonfeld, Los Alamos Labora- 
tory 
Phase Diagrams Published by Russians—F. W. Schonfeld, Los Alamos Labora- 
tory 
Review of Intermetallic Compounds—F. H. Ellinger, Los Alamos Laboratory 
Aluminum-Plutonium Elements for MT R—R. E. Tate, Los Alamos Laboratory 
Plutonium Alloy Preparation at Chalk River—O. J. C. Runnalls, Atomic Energy 
of Canada, Ltd. 
Fabrication of Aluminum-Plutonium Elements for NRX—K. L. Wauchope, 
Atomic Energy of Canada, Ltd. 
Studies of Other Fuel Elements Containing Plutonium—L. R. Kelman and R. J. 
Dunworth, Argonne National Laboratory 
Radiography and Autoradiography of Plutonium and Its Alloys—Dana E. Elliott 
and G. H. Tenney, Los Alamos Laboratory 


Wednesday, November 6 
Palmer House Crystal Room—9 a.m. 


Joint Session of AEC and ASM on 
Welding of Stainless Steel 


General Chairman 
Frank W. Davis 


Studies on the Welding of Type-347 Stainless Steel—Reported by V. N. Krivobok, 
International Nickel Co. 


AMERICAN SOCIETY FOR METALS ANNUAL MEETING 


Palmer House Ballroom—10 a.m. 


Campbell Memorial Lecture 
Chairman: Julius J. Harwood, Office of Naval Research, Washington, D. C. 

a Concepts of Flow and Fraciure—Earl R. Parker, University of Cali- 

ornia 

Palmer House Red Lacquer Room—2 p.m. 
Stainless Steel 
Presiding Officers 
G. A. Fritzlen, Haynes Stellite Co. 
P. G. Nelson, Budd Co. 

Effect of Microstructure and Heat Treatment on the Mechanical Properties of 

AISI Type-431 Stainless Steel—G. E. Dieter, Research Engineer, E. I. du 

Pont de Nemours & Co., Experimental Station, Wilmington, Del. 
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Effect of Aging Cycle on the Properties of an [ron-Base Alloy Hardened With 
Titanium—T. W. Eichelberger, Metallurgy Department, Westinghouse Elec- 
tric Corp., Research Laboratories, Pittsburzh 

Influence of Nickel on Intergranular Corrosion of i8% Chromium Steels—J. R. 
Upp, Project Engineer, Wright Air Development Center, Wright-Patterson 
Air Force Base, Ohio, F. H. Beck, Associate Professor, and M. G. Fontana, 
Professor, Ohio State University, Columbus, Ohio 

Phase Relationships in Austenitic Cr-Mn-C-N Stainless Steels—C. M. Hsiao and 
E. J. Dulis, Research and Development Laboratory, Crucible Steel Co., of 
America, Pittsburgh 

Carbide Precipitation and Brittleness in Austenitic Stainless Steel—A. Kramer, 
Research Assistant, and W. M. Baldwin, Jr., Research Professor, Case In- 
stitute of Technology, Cleveland 


Palmer House Crystal Room—2 p.m. 


Joint Session of AEC and ASM on 
Welding in Nuclear Power Generators 
Presiding Officer 
Frank W. Davis 
Welding Stainless Steels Containing Boron in Excess of 1%—Nicholas Balai, 
Argonne National Laboratory, and J. M. Gerken, Knolls Atomic Power 
Laboratory 
Joining of Stainless Steel to Zircaloy 2 and 3—Kenneth Koopman, Knolls Atomic 
Power Laboratory 
Welding of Uranium—R. A. Noland and C. C. Stone, Argonne National Labora- 
tory 
Thursday, November 7 


Palmer House Red Lacquer Room—9 a.m. 


Mechanical Properties 
Presiding Officers 
R. W. Guard, General Electric Co. 
H. Y. Hunsicker, Aluminum Co. of America 

Effects of Temperature-Time Histories on the Tensile Properties of Airframe 
Structural Aluminum Alloys—R. E. Fortney, Structures Research Section, 
and C. H. Avery, Metallurgical Section, Materials and Process Engineering, 
Northrop Aircraft, Hawthorne, Calif 

Apparatus for Determining the Hardness of Metals at Temperatures up to 
3000 °F. —M. Semchyshen and C. S. Torgerson, Climax Molybdenum Co. of 
Michigan, Office & Experimental Laboratory, Detroit 

Mechanical Properties of Forged Chromium—S. A. Spachner and W. Rostoker, 
Metals Research Department, Armour Research Foundation of Illinois In- 
stitute of Technology, Chicago 

Deformation and Fracture of Alpha Solid Solutions of Lithium in Magnesium— 
F. E. Hauser, P. R. Landon and John E. Dorn, University of California, De- 
partment of Engineering, Berkeley, Calif. 


Palmer House Ballroom—9 a.m. 


Thermal Cycling of Uranium 
Presiding Officers 
H. H. Chiswik, Argonne National Laboratory 
W. D. Manly, Oak Ridge National Laboratory 

Some Properties of Uranium Low-Titanium Alloys—Daniel J. Murphy, Professor 
of Metallurgy, University of Arizona, Tucson, Ariz. 

Effects of Fabrication and Heat Treatment Variables Upon the Thermal Cycling 
Behavior of Uranium—S. T. Zegler, R. M. Mayfield and M. H. Mueller, 
Argonne National Laboratory, Lemont, III. 

Effects of Cycling Variables Upon Growth Rate of 300°C. Rolled Uranium— 
= M. Mayfield, Metallurgy Division, Argonne National Laboratory, Lemont, 
ll. 


8 TRANSACTIONS OF THE ASM Vol. 50 


Growth of Uranium Upon Thermal Cycling—J. E. Burke and A. M. Turkalo, 
General Electric Co., Research Laboratory, Schenectady, N. Y. 

Vicrostructural Changes of Uranium Upon Thermal Cycling—L. T. Lloyd, 
Physical Metallurgy Group Leader, and R. M. Mayfield, Metallurgy Divi- 
sion, Argonne National Laboratory, Lemont, III. 


Palmer House Crystal Room—9 a.m. 


Joint Session of AEC and ASM on 
Advanced Metallographic Techniques 
Honorary Chairman 
Francis F. Lucas 
Presiding Officers 
R. J. Gray and D. W. White 
Historical Background—Cyril Stanley Smith, University of Chicago 
Early H ork With Ultra-Violet—Francis F. Lucas, Bell Telephone Laboratories 
( Retired ) 
Metallographic Grinding and Polishing—L. E. Samuels, Defense Standards Labo- 
ratory, Australia 
Revelation of Structures Through Surface Treatment—E. C. W. Perryman, Alu 
minum Laboratories, Ltd., Canada 
Incident Light Microscopy—George L. Kehl, Columbia University 
Microradiography, Auto-Radiography and X-Ray Microscopy—Sterling New 
berry, General Electric Co. 
Electron Microscopy—W. C. Bigelow, University of Michigan 
Summary and Critique—Cyril Stanley Smith, University of Chicago 


Palmer House Red Lacquer Room—2 p.m. 


Physical Metallurgy 
Presiding Officers 
R. F. Hehemann, Case Institute of Technology 
R. I. Jaffee, Battelle Memorial Institute 

Grain Boundary Movement in Bicrystalline Aluminum—R. B. Pond, Assistant 
Professor, and E. Harrison, Research Assistant, Department of Mechanical 
Engineering, Johns Hopkins University, Baltimore 

Growth of Cadmium From Vapor—J. E. McNutt, Engineering Research Labora- 
tory, E. I. duPont de Nemours & Co., Wilmington, Del., and R. F. Mehl, 
Department of Metallurgical Engineering, Carnegie Institute of Technology, 
Pittsburgh 

Grain Boundary Self-Diffusion of Nickel—W. R. Upthegrove, Assistant Profes- 
sor of Metallurgical Engineering, University of Oklahoma, Norman, Okla., 
and M. J. Sinnott, Department of Chemical and Metallurgical Engineering, 
University of Michigan, Ann Arbor, Mich. 

Effects of Oxide Recrystallization on the Oxidation Kinetics of a 62-38 Cu-Ni 
Alloy—J. A. Sartell, S. Bendel, T. L. Johnston and C. H. Li, Minneapolis 
Honeywell Research Center, Hopkins, Minn. 

Temperature Stresses in the Two-Phase Alloy, WC-Co—J. Gurland, Assistant 
Professor, Division of Engineering, Brown University, Providence, R. I. 


Palmer House Crystal Room—2 p.m. 


Joint Session of AEC and ASM on 
Metallography of Nuclear Materials 
Presiding Officers 
R. J. Gray and D. W. White 
Vetallography of Uranium—R. F. Dickerson, Battelle Memorial Institute, Co- 
lumbus, Ohio 
Metallographic Identification of Inclusions in Uranium—G. L. Kehl, Eric Mendel 
and Emilio Jaraiz F., Columbia University, School of Mines, New York, 
N. Y., and Melvin H. Mueller, Argonne National Laboratory, Lemont, III. 
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Preparation and Metallography of Uranium Carbides—R. J. Gray, C. K. H. 
DuBose and W. C. Thurber 

Transformation Structures in Uranium-Columbium Base Alloys—F. C. Holtz and 
R. J. VanThyne, Armour Research Foundation, Chicago 

Physical Metallurgical Study of Thoriunm-Rich Thorium-Uranium Alloys—G. G 
Bentle, Atomics International, Canoga Park, Calif. 

in Adventure in Metallurgy—Micro-Deformation and Fracture in Uranium— 
T. K. Bierlein and R. E. Hueschen, General Electric Co., Hanford Atomics 
Products Operation, Richland, Wash. (16-mm. Color and Sound Movie) 


Joint Session of Metal Powder Association and ASM on 
Powder Metallurgy 
Palmer House, Room 14—2 p.m 
Presiding Officers 
George A. Roberts and Kempton H. Roll 

Current Advances in the Science of Powder Metallurgy—Joseph E. Burke, Man 
ager, Ceramics Studies, Ceramics Studies Section, and Harold H. Hirsch, 
Metallurgical Engineer, Materials Application and Evaluation Section, Gen 
eral Electric Research Laboratory, Schenectady, N. Y. 

Development of Iron Powder for Powder Metallurgy and Other Uses by the 
H-Iron Process—Jerome F. Kuznick, Consultant, Kenneth Bruland, Alan 
Wood Steel Co., Conshohocken, Pa 

Vetal Powders to Solid Strip—The Present Status of Commercial Production 
William N. Hayden, President, Hayden Metals, Inc., John D. Shaw, Presi 
dent, and Walter V. Knopp, Vice-President, S-K-C Research Associates, 
Paterson, N. J. 


ASM—EDUCATIONAL LECTURE SERIES 


Monday and Tuesday, November 4 and 5 
All four sessions were held in Room 14, Palmer House 
Precipitation From Solid Solution 
First Session—9:30 A.M. 
Presiding Officer 
D. J. Blickwede, Bethlehem Steel Co., Inc., Bethlehem, Pa 
Introductory and Summary Lectures—R. F. Mehl, Dean of Graduate Studies 
Carnegie Institute of Technology, Pittsburgh 
General Theory, Mechanism and Kinetics—J. B. Newkirk, Alloy Studies Re 
search, General Electric Research Laboratory, Schenectady, N. Y. 
Precipitation Hardening Aluminum-Base Alloys—W. A. Anderson, Research 
Metallurgist, Alcoa Research Laboratories, New Kensington, Pa 
Second Session—2:00 P.M. 
Presiding Officer 
D. H. Ruhnke, Republic Steel Corporation, Massillon, Ohio 
Precipitation Reactions in Carbons and Low-Alloy Steels—H. W. Paxton, Metals 
Research Laboratory, Carnegie Institute of Technology, Pittsburgh 
Precipitation in Iron-Base Alloys—Adolph J. Lena, Manager, Basic Research 
Dept., Allegheny Ludlum Steel Corp., Brackenridge, Pa. 
Third Session—9 :30 A.M. 


Presiding Officer 
M. R. Meyerson, National Bureau of Standards, Washington, D. ¢ 
Precipitation Hardening of Copper Alloys—W. D. Robertson, Hammond Metal 
lurgical Laboratory, Yale University, New Haven, Conn., and Robert Bray, 
Chase Brass & Copper Co., Waterbury, Conn. { 
Vagnesium Alloys—R. S. Busk, Head, Metallurgical Laboratory, Dow Chemical 
Co., Midland, Mich. 
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Fourth Session—2:00 P.M. 
Presiding Officer 
S. L. Henry, A. O. Smith Corporation, Milwaukee 
Some Age-Hardening Characteristics of Ni-Cr Alloys (Nickel-Rich) Containing 
Aluminum and Titanium—Clarence Bieber and R. J. Raudebaugh, Interna- 
tional Nickel Co., Research Laboratory, Bayonne, N. J. 
Precipitation in Cobalt-Base Alloys—Glenn A. Fritzlen, W. H. Faulkner, B. R. 
Barrett and R. W. Fountain, Haynes Stellite Co., adele Ind. 


Second World Metallurgical Congress 


International Panel Discussions 


November 4 to 8 Chicago 
All sessions were held in the Sherman Hotel 


The following is a listing of the various panel discussions that were 
part of the Second World Metallurgical Congress Program. 


Group No. 1—Steelmaking and Refining 


First Session—lIron 
Thursday, November 7—Bal Tabarin Room—9 :00 A.M. 
Moperator: Ropert L. STEPHENSON, United States Steel Corporation, Monroe 
ville, Pa. 
A. Present Technology of Iron Making 
B. Development in Iron Making 
C. Direct Reduction of Iron 


Second Session—Steelmaking 
Thursday, November 7—Bal Tabarin Room—2:00 P. M. 
Moperator : Howarp TuRNER, Jones and Laughlin Steel Corporation, Pittsburgh 
A. Oxygen in Steelmaking 
B. Vacuum Melting 
C. Vacuum Degassing 


Third Session—Solidification of Steel 
Friday, November 8—Bal Tabarin Room—9:00 A. M. 
Moperator: CHARLES W. SHERMAN, Jones and Laughlin Steel Corporation, 
Pittsburgh 
A. Ingot Technology 
B. Controlled Nucleation 
C. Continuous Casting 


Group No. 2—Nonferrous Refining and Fabrication 


First Session—Continuous Casting 
Wednesday, November 6—Louis XVI Room—2:00 P. M. 
Moperator: Cart E. Swartz, Hinsdale, Illinois 


Group No. 2—Practical Aspects of Metal Degassing 


Second Session 
Thursday, November 7—Assembly Room—9:00 A. M. 
Moperator: ALBERT J. Puitiips, American Smelting and Refining Company, 
South Plainfield, N. J. 


Group No. 3—Metal Fabrication 


First Session—Steel Gears 
Tuesday, November: 5—Crystal Room—9:00 A. M. 
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Moperator: M. F. Garwoop, Chrysler Corporation, Detroit 
A. Selection of Steel for Gears 
B. Fabrication of Gears 
C. Operation 
Second Session—Selection of Sheet Steel for Formability 
Tuesday, November 5—Crystal Room—2:00 P. M. 
MoperaTtor: Ratpu W. E. Letter, The Budd Company, Philadelphia 


Third Session—Machining of Steel 
Wednesday, November 6—Crystal Room—2:00 P. M. 
Moperator: O. W. Boston, University of Michigan, Ann Arbor, Mich. 
A. Approach to the Problem of Machinability 
B. Microstructure as Related to Machinability of Common Con- 
structural Steels 
C. Effect of Composition of Constructional Steel on Machinability 


Group No. 4—Heat Treatment 


First Session—Carburizing 
Monday, November 4—Louis XVI Room—9:00 A. M. 
Moperator: WALTER Hotcrort, Holcroft Company, Detroit 


Second Session—Minimizing Distortion 
Monday, November 4—Louis XVI Room—2:00 P. M. 
Moperator: H. N. Boswortu, Bosworth Steel Treating Company, Detroit 


Group No. 5—Welding and Joining 


First Session—Ship Welding 
Monday, November 4—Crystal Room—9:00 A. M. 
Moperator: D. P. Brown, American Bureau of Shipping, New York 


Second Session—Electrodes 
Monday, November 4—-Crystal Room—2:00 P. M. 
Moperator: D.,C. Smiru, Harnischfeger Corporation, Milwaukee 


Third Session—Stress Relieving and Preheating 
Tuesday, November 5—Louis XVI Room—2:00 P. M. 
Moperator: Leon C. Brsser, United States Steel Corporation, Pittsburgh 


Group No. 6—Inspection and Testing 


First Session—Testing in Product Development 
Thursday, November 7—Crystal Room—2:00 P. M. 
Moperator: G. W. Stickiey, Aluminum Co. of America, New Kensington, Pa. 
A. Large Components 
B. Medium Size Components 
C. Small Size Components 


Second Session—Testing for Quality Control After Product Development 
Friday, November 8—Room 101—9:00 A. M. 
Moperator: R. F. THomson, General Motors Corporation, Detroit 

A. Quality Control on Semi-Finished Product 
1, Wrought Materials 
2. Cast Materials 

B. Quality Control on Component Manufacture 
1. Automotive 


2. Aircraft 
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Group No. 8—Metallurgical Research and Education 


First Session—Metallurgical Education 
Thursday, November 7—George Bernard Shaw Room—9?:00 A. M. 
Moperator : Ropert F. MEHL, Carnegie Institute of Technology, Pittsburg 
A. Physical Metaliurgy 
B. Process Metallurgy 
C. Graduate Work 
D. Industrial Training 


Second Session—Trends in Metallurgical Research 
Thursday, November 7—George Bernard Shaw Room—2:00 P. M. 
Moperator: Ciype L. WiLitaMs, Battelle Memorial Institute, Columbus, Ohio 
A. Industrial Research 
B. Government and Government-Sponsored Research 
C. Institutes and Research Consultant Groups 
D. University Research 


SEconp ANNUAL Awarps LUNCHEON 

At the Second Annual Awards Luncheon of the American Society 
for Metals, more than 600 members and guests were present. The meet- 
ing was held in the Grand Ballroom of the Palmer House Tuesday 
November 5, 1957. 

Presiding at the luncheon, President Donald S. Clark introduced 
the persons seated at the top table and then proceeded with the presen- 
tation of the awards. 

Several organizations in addition to the ASM made the following 
awards at this luncheon. 


American Metal Market Special Award Announcement by—Mr. Archer W. 
P. Trench 

Copper and Brass Mill Industry Award to—Mr. Minoru Yamasaki 

Gregory Award to—Messrs. Maurice Faure and Jean Loubignac ] 

Gray Iron Founders’ Design Award to—Mr. Harold R. Warsmith 

The Henry Marion Howe Medal to—Prof. F. N. Rhines, Mr. W. E. Bond, 
Miss M. A. Kissel 

The ASM Teaching Award to—Dr. Amos J. Shaler 

The Francis F. Lucas Metallographic Award by—Dr. Francis F. Lucas 





AWARDS OF DISTINGUISHED LIFE MEMBERSHIP IN THE 
AMERICAN SOCIETY FOR METALS 


Mr. Joer HuNTER Mr. I. W. WILson 
Mr. Rocer M. BLoucu Mr. Eucene G. GRACE 
Mr. Josepn L. BLock Dr. Joun F. THompson 


Those seated at the head table were: W. E. Bond, Manager, Metallur- 
gical Department, Pittsburgh Testing Laboratory, Pittsburgh; Fred- 
erick N. Rhines, Alcoa Professor of Light Metals, Carnegie Institute 
of Technology, Pittsburgh; M. A. Kissel, Research Assistant. Metals 
Research Laboratory, Carnegie Institute of Technology, Pittsburgh; 
Maurice J. Day, Vice President—Research and Development, Crucible 
Steel Company of America, Pittsburgh; Walter Holcroft, President, 
Industrial Heating Equipment Association, Executive Vice President, 
Holecroft & Company, Detroit; Jean Loubignac, Engineer in charge 
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Track Shop, Paris Subway, Paris, France ; George E. Gregory, Presi- 
dent, Gregory Industries, Inc., Toeldo, O.; Maurice Faure, Chiet 
Track Engineer, Paris Subway, Paris,: France; G. M. Young, Vice 
President, American Society for Metals, Technical Director, Alumi- 
num Company of Canada, Ltd., Montreal, Canada; Walter H. Wiewel, 
Sr. Vice President, Crucible Steel Company of America, Pittsburgh ; 
Francis F. Lucas, Winter Park, Florida; E. P. Doyle, Executive Edi- 
tor, Chicago Herald-American, Chicago ; Wm. E. Umstattd, President, 
Timken Roller Bearing Company, Canton, O.; Walter F. Munford, 
Assistant Executive Vice President—Operations, United States Steel 
Corporation, Pittsburgh ; Joel Hunter, President, Crucible Steel Com- 
pany of America, Pittsburgh; Donald S. Clark, President, American 
Society for Metals, Professor of Mechanical Engineering, California 
Institute of Technology, Pasadena, California; Roger M. Blough, 
Chairman, United States Steel Corporation, New York; Philip D. 
Block, Jr., Senior Vice President, Inland Steel Company, Chicago; 
I. W. Wilson, Chairman, Aluminum Company of America, Pittsburgh ; 
Herber Fales, Vice President, International Nickel Company, Inc., 
New York; John S. Marsh, Manager of Research, Bethlehem Steel 
Company, Bethlehem, Pa. ; Archer W. P. Trench, Publisher, American 
Metal Market, New York; George W. Stamm, Vice President, Cru- 
cible Steel Company of America, Pittsburgh; George A. Roberts, 
President, Metal Powder Association, Vice President, Technology, 
Vanadium-Alloys Steel Company, Latrobe, Pa.; Carl H. Phil, Secre- 
tary, Copper and Brass Research Association, New York; William R. 
Jarratt, Yamaski, Leinweber and Associates, Royal Oak, Mich. ; Ralph 
Owens, Dean, Illinois Institute of Technology, Chicago; Amos J. 
Shaler, Head, Department of Metallurgy, Penn State University, State 
College, Pa.; J. Scott Parrish, Jr., President, Gray Iron Founders’ 
Society, President, Richmond Foundry and Manufacturing Company, 
Richmond, Va. ; Harold R. Warsmith, General Superintendent, Jeffrey 
Manufacturing Company, Columbus, O. 

The address of the meeting was presented by Joel Hunter, President 
of the Crucible Steel Company of America, entitled “Science and Peo- 
ple.” This was a very thought provoking address and was well re- 
ceived by this fine audience. 


ANNUAL MEETING OF AMERICAN SOCIETY FOR METALS 


9:00 A.M. Wednesday, November 6, 1957 
Ballroom. Palmer House 


The annual meeting was called to order by President D. S. Clark. 
The order of business was The President’s Address; Report of the 
Treasurer ; Report of the Secretary; Report of ASM Foundation for 
Education and Research; Election of Officers; Campbell Lecture. 
These reports are printed in the following pages. 








14 TRANSACTIONS OF THE ASM Vol. 50 


ANNUAL ADDRESS OF THE PRESIDENT 
Donacp S. CLarK, President 


Thirty-Ninth Annual Meeting, Chicago, November 6, 1957 

HE American Society for Metals is the engineering society of the 

metals industry and as such it has a distinct educational function. 
It also has a function of providing services to its members which benefit 
industry. Since we are an educational group, then we must be concerned 
with what is going on in the formal training of engineers. I wish to take 
a few minutes from the usual routine of reporting the activities during 
the past year to make sure that you know about the changing picture in 
engineering education. 

Engineering is shifting from a strong empirical base toward one 
which is far more scientific. This shift imposes quite different demands 
upon the engineer, requiring that he have a more scientific training 
than heretofore. There have been many instances in which an engineer 
has been scorned, or made fun of because he has use a scientific ap- 
proach to engineering problems. Engineering today -s requiring men 
who are better trained in the fundamental sciences . ad mathematics. 
This training is necessary if he is to handle the more complex phases of 
engineering which are based on more advanced science. The time inter- 
val between the first concept of a phenomenon and its practical utiliza- 
tion or application is becoming shorter. 

Solid state physics has helped us, for example, to understand why 
electrical conductance in metals is lower than that which is calculated 
for perfect metal crystals. Likewise it has shown us why metals are a 
hundred or a thousand times less strong than we compute them to be. 
The importance of understanding such fundamental concepts becomes 
clearer and clearer. 

Solid state physics is playing an important part in other fields, as for 
example in transistors, and magnetic materials. Obviously these are 
becoming highly important and complicated subjects for the engineer 
to déal with and he will be required to deal with them. 

To those who are accustomed to the everyday engineering problems, 
such as the specification of materials for certain applications, the heat 
treatment of steel, the processing of ferrous and nonferrous metals, 
all of this scientific business may sound mystical and quite unreal and 
not to the point. I assure you it is quite real and it is something that the 
men who follow you, and not too far off, are going to be dealing with 
and they are going to make use of these scientific developments for the 
solution of engineering problems. If this is to be true, a new job knowl- 
edge will be required which will involve a better understanding of ad- 
vanced science. The engineers who are now in our schools must be 
better thinkers than we are. They must have a greater knowledge of 
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fundamental sciences; they must be able to handle mathematics to 
even a better degree than some of us do now. The more mathematically 
inclined engineer of today may be considered highbrow ; the practicing 
engineer of tomorrow will use higher mathematics with facility and in 
application to the everyday problems. The technician of tomorrow may 
take the place of the engineer of today. Also bear in mind that the metal- 
lurgist of tomorrow will be called upon to solve problems his professors 
could not solve, and he will be required to find the solution to problems 
that we today cannot even imagine. 

What I have just said is that we need to develop real thinkers, those 
who can cope with the important fundamental problems. Are we doing 
this ? In some places, yes! But probably more thought is being devoted 
to increasing the number of engineers and scientists than to increasing 
the quality of or providing the opportunity and facilities for the intel- 
lectually outstanding young person. Let us not overlook the fact that 
an increase in quantity cannot make up for inferior quality. Recent de- 
velopments have made some people ask if there isn’t going to be an 
oversupply of engineers and scientists. My answer is no. There can 
never be an oversupply of thinkers. Some people say that there would 
not be a shortage of engineers and scientists if the industrial people 
would make proper use of them. If fewer engineers were put into ad- 
ministrative or completely nontechnical positions, the situation would 
be eased. Now this is not a fair statement. In view of our technological 
developments it becomes more and more necessary for our executives 
in business to have a background in engineering and science. I think 
most of our executives who have an engineering background will say 
that their training supplied them with a foundation that no other train- 
ing would have given them for their position. Those who have a capac- 
ity for administrative positions will move in that direction. Why should 
we prohibit technically trained people from carrying the scientific 
approach to administration ? 

We hear mention made of the fact that many engineers are doing the 
jobs of technicians, technical aids, draftsmen, mechanics, etc. Don’t 
forget that some graduate engineers do better as technicians than as 
engineers. Others do best as design engineers, others as high-powered 
researchers, and others as administrators. Each person on the average 
does those things for which he is really capable and has the will to do. 
We are living in a more and more technical period year by year, which 
means that the demand for technical people will continue to rise. We 
are living in a world built on physics and chemistry, and on mathematics 
and engineering and we must have more and more people that under- 
itand these things. What we must do is to have a nationwide awakening 
tu this great need of training more engineers and scientists of the think- 
ing variety and the need for every man to have a knowledge of the 
fundamentals of science and engineering because it is on these prin- 
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ciples that modern civilization is based. Bringing science and mathe- 
matics to more people through a real liberal education may permit us 
to meet the ever-increasing challenge of our technological expansion. 
A liberal education is not one limited to the humanities and social 
sciences, but is one that includes science and mathematics as well. Let 
us make certain that all of our young people receive at least this liberal 
education. Let us also make sure that the incentives are great enough 
to attract the young people who have the capacity, into the general field 
of Science and Engineering. We must put forth the important truth 
that the technical developments are dependent upon research and devel- 
opment in materials and this means we must have more outstanding 
metal scientists and metallurgists. 

I leave these thoughts with you in the hope that each of you will take 
some action to put these ideas into practice for the benefit of all of us. 

Now returning to the ASM. What is it doing ? Our chapters through- 
out the North American Continent all have educational programs of 
which they can be proud. Furthermore many of the chapters are doing 
an effective job in bringing information about engineering and metal- 
lurgy to the attention of students in our p wi'c schools. Your National 
Officers and Staff are working to provide t'.e chapters and the indi- 
vidual members with educational tools and services. 

One of these tools is the Metals Engineering Institute Division of 
the Society under the direction of Dr. Brasunas. This Division has be- 
come an important part of the educational program offered to members 
as individuals or to groups for in-plant training. This Division will 
expand rapidly as its value becomes more widely recognized. 

The two day seminars on advanced subjects have ccatinued under 
the sponsorship of the Society. I wish to express our sincere apprecia- 
tion to the committee in charge and particularly to Dr. Robert Maddin, 
the Chairman, and to Dr. Bruce Chalmers who was in charge of the 
program for this year on the subject of Liquid Metals and Solidifica- 
tion. 

Another type of seminar has been sponsored by your Society. The 
first of these was presented at the time of the Western Metal Congress 
in Los Angeles in March 1957. Some 207 individuals, (44 speakers and 
163 registrants) pafticipated in a five day session on the treatment and 
application of titanium and its alloys. 

Your Society has continued to provide funds to the National Science 
Teachers Association for the administration of the Science Achieve- 
ment Awards program. This is a service in helping to stimulate interest 
in the fields of science and engineering in our public schools. 

The ASM has assisted 8 universities by providing or making it pos- 
sible for them to have visiting lecturers in the metallurgical field. These 
institutions were visited by 8 lecturers of which either the entire amount 
or a portion of the cost of travel and honorarium of the lecturer was 
borne by your Society. ; 
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All of the professions have an honorary fraternity to which the out- 
standing students in their respective fields are elected. The metal- 
lurgical profession has such a fraternity founded in 1932 at the Mich- 
igan College of Mining and Technology. This fraternity is known as 
Alpha Sigma Mu, signifying as specified by its founders, the Arts and 
Sciences of Metals. The fraternity has appealed to ASM for assistance 
in promoting, enlarging, and managing its operations. Your Board of 
Trustees has agreed to sponsor this fraternity that it may grow and 
continue to be a means of recognition of the top students in the metal- 
lurgical profession. 

The Society is providing a service to the United States Air Force by 
making a survey of the need for a casting design manual. Individuals 
of the headquarters staff have been assigned to the task of making this 
evaluation. If the survey indicates the desirability of such a manual, 
your Society will probably be called upon to prepare this material which 
will be made available to users and suppliers. 

Your Society continues to sponsor the publication of Acta Metal- 
lurgica which has become an outstanding high powered technical pub- 
lication. It is truly an international scientific journal devoted to the 
field of metals under the very able editorship of Dr. Bruce Chalmers. 

The ASM has had a committee on Classification of Metallurgical 
Literature under the chairmanship of Frank T. Sisco. This committee 
has produced a classification of the metallurgical literature, a gigantic 
task for which we all express our appreciation. Another committee un- 
der the chairmanship of D. C. Hilty has been concerned with Mecha- 
nized Literature Searching. The Society is financing a special study 
through this committee at the Center for Documentation and Communi- 
cation Research of Western Reserve University. The whole purpose of 
these two committees is to bring order out of chaos in the classification 
and retrieval of metallurgical literature. We have now put these two 
committees together under the leadership of Frank Sisco to whom we 
again extend our sincere appreciation for his interest and leadership. 
This new committee is known as the Committee on Metallurgical Docu- 
mentation. 

The American Society for Metals is proud to again be the sponsor of 
the Second World Metallurgical Congress being held in conjunction 
with the National Metal Congress in Chicago this year. We are par- 
ticularly pleased that 535 scientists and engineers from 42 countries 
are participating in technical discussions. Speaking of Metal Con- 
gresses, the Western Metal Congress and Exposition was held in Los 
Angeles in March 1957. Your Board of Trustees has approved the 
Southwestern Metal Congress and Exposition to be held in Dallas, 
Texas between the dates of May 12 and 16, 1958. 

I have had the pleasure during the past year of visiting 38 chapters 
and talking with them about ASM activities as well as engaging in 
technical discussions. In addition I was privileged to attend regional 
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conferences in Albuquerque, New Mexico, Jacksonville, Florida, and 
Boston, Massachusetts. These visits took me into 22 states of the 
United States and 3 Canadian Provinces. Another 22 chapters were 
visited by other members of the Board of Trustees, making a total’ of 
60 chapters visited by a National Officer during the year. I assure you 
that no one can secure a real appreciation of what ASM means until 
he has visited this many chapters. Such visits are extremely p!easant 
and stimulating. I finish this year with tremendous pride in our indi- 
vidual chapters and I pay tribute to the officers and executive commit- 
tees of each chapter for the splendid job they are doing. 

During the year three new chapters have been established bringing 
the total number of chapters to 102. The new chapters which have been 
formed since the last annual meeting are: 


Santa Clara, California, Columbia, South Carolina and Richmond, 
Virginia. 

Last year President Schaefer reported that the Board of Trustees 
had selected a site for a new headquarters building. Your Board has 
been engaged in studying plans submitted by architects and have finally 
agreed upon a general plan which has been submitted by Kelly and 
Kress and Associates. The details are yet to be presented. We hope 
that construction can begin sometime in the spring of 1958 and that this 
unit will be in operation by the spring of 1959. The new facilities are 
badly needed and will provide a great relief from the present crowded 
conditions under which the energetic and faithful staff now work. 


It is with regret that I record the death of 
A. E. White, First President of ASM and one of the 5 founder 
members of the Society and an Honorary Member. 
William P. Woodside, President of ASM in 1939, and one of the 
five founder members of the Society. 
Paul D. Merica, Former Trustee, 25 year member, Honorary 
Member, and recipient of ASM Gold Medal. 


In accordance with custom, I report herewith the awards and out- 
standing events of the previous National Metal Congress, held in Cleve- 
land in October 1956. The President’s Medal was presented to Dr. 
George A. Roberts ; the ASM Medal for the Advancement of Research 
was awarded to Charles M. White, Chairman of the Board of Republic 
Steel Corporation ; the Sauveur Achievement Award was presented to 
Edgar H. Dix, Jr. of the Aluminum Company of America; the Gold 
Medal of the Society was awarded to William H. Eisenman, Secretary 
of the Society ; the Henry Marion Howe Medal was awarded to R. P. 
Frohmberg of North American Aviation, Inc., W. J. Barnett of General 
Electric Company, and A. R. Troiano of Case Institute of Technology 
for their paper on “Delayed Failure and Hydrogen Embrittlement in 
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Steel” ; the Campbell Memorial Lecture was presented by Charles 5. 
Jarrett of the Metals Research Laboratory, University of Chicago ; the 
ASM Teaching Award was presented to Ernest F. Nippes, Professor 
of Metallurgy, Rensselaer Polytechnic Institute. Distinguished Life 
Memberships were conferred on Mr. R. L. Gray, President, Armco 
Steel Corporation, Mr. J. L. Mauthe, President, American Steel and 
Wire Division, United States Steel Corporation, Mr. William B. Um- 
stattd, President, Timken Roller Bearing Company, and Mr. Charles 
M. White, Chairman of the Board, Republic Steel Corporation. Many 
of the awards were presented at the first Annual Awards Luncheon at 
which Mr. Charles M. White presented the principal address on the 
subject of “Trained Manpower for a Technical Age.” 

Each year several of the technical societies join with us in the pro- 
gram of the National Metal Congress. I wish to express our apprecia- 
tion to the American Institute of Mining, Metallurgical and Petroleum 
Engineers (Metals Branch), Society for Non-destructive Testing, In- 
dustrial Heating Equipment Association, Metal Powder Association, 
and Special Libraries Association who have been the cooperating so- 
cieties in the present Congress. 

During the year I have appointed, with the approval of the Board, 
many individuals to committees. These committees play an all impor- 
tant part in the national affairs of your Society. I wish to publicly ac- 
knowledge this service and to thank all of you for an outstanding job. 
The membership of the standing committees is given in the Transac- 
tions in which this address is published. Some of these members will 
continue to serve on these committees. I wish them success. 

Your Board of Trustees held four meetings this year, March 26, 
1957, August 20, 1957, September 5, 1957, and November 5, 1957. I 
wish to take this opportunity of expressing, for you as members and for 
myself, our sincere appreciation for the outstanding service of the 
members of the Board of Trustees of your Society. I wish particularly 
to pay tribute to the retiring members of the Board. Past President and 
retiring Trustee, A. O. Schaefer, has been of real help in every facet 
of Society activities. Trustees G. E. Shubrooks and H. A. Wilhelm have 
served you well during the past two years. While Treasurer and Trus- 
tee C. H. Lorig is not retiring since we expect he will be elevated to 
the office of Vice-President, I want to express our sincere thanks to 
him for his service as Treasurer for the past two years. I welcome the 
new Officers and Trustees who will be elected at this annual meeting, 
and to tell them that they have a wonderful experience in store for them 
in working with a wonderful group of men. 

No President can give his Annual Report without expressing his 
most heartfelt thanks to one individual in the organization of ASM. At 
this point it is probably not necessary for me to even mention this 
gentleman by name. The President is afforded an opportunity of seeing 
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the modus operandi of the Secretary and he is appalled by the tre- 
mendous energy and efficiency of this man. He is the only Secretary 
that your Society has ever had. I was interested in the statement which 
appeared in Volume | of the Journal of the American Steel Treaters’ 
Society when Bill first became associated with this predecessor society 
of the ASM. The following announcement was made at the 1918 meet- 
ing. “. .. The Board of Directors have secured a business manager to 
devote his entire time to the furtherance of the objectives of our society 
and to handle the office affairs pertaining thereto in the person of Mr. 
William H. Eisenman. Mr. Eisenman is possessed of the qualities which 
begets success in any line of business and further than this, his educa- 
tion and experience have peculiarly fitted him for his position. In se- 
curing Mr. Eisenman . . . we feel that the society has placed a ‘keystone’ 
in the arch of its organization.” In this announcement, the Board was 
completely right, Bill possesses the qualities that beget success and he 
is truly the keystone of this organization. Every President comes to 
learn the importance of this keystone. Without it the President’s job 
would be near impossible. 

I wish to express to Bill Eisenman my sincere appreciation for his 
leadership, for his patience, for his creative thinking, and for his under- 
standing of the requirements of our membership. I also express to the 
entire headquarters staff my thanks for their devotion to an important 
job very well done. 


TREASURER’S REPORT 


CLARENCE H. Lori, Treasurer 


Fiscal Year Ending August 31, 1957 


we YOUR Society has had a successful financial year, Full de- 
tails of the fiscal operations of the Society for the year ending 
August 31, 1957, are included in the Balance Sheet and in the income 
and expenditure accounts which are presented in the usual form. 

The net assets of the American Society for Metals at the close of the 
fiscal year were $4,214,431.13, an increase of $812,782.05 for the pe- 
riod. Approximately 45% of the assets were in the form of stocks, 
bonds, and land trust certificates which have a total carrying value or 
cost of $1,928,358.18. Their approximate market or redemption prices 
amount to $2,408,744.26. 

Based on approximate market prices, securities owned by the Society 
comprise 50.5%, or $1,218,663.11, in common and preferred stocks ; 
48.2%, or $1,158,285.00, in bonds; and 1.3% or $31,796.15, in land 
trust certificates. 

The bonds purchased for the Building Fund, which has been set aside 
for financing the building of the new headquarters, having a carrying 
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value of $1,154,365.63. These bonds are not included among the securi- 
ties mentioned previously as being owned by the Society. Total assets 
of the Building Fund amount to $1,186,400.35. 

Total assets of the Society’s Foundation for Education and Research 
amount to $710,914.04. 

The combined assets of all local Chapters of the American Society 
for Metals are approximately $340,000.00. 

A condensed statement of income and expenses of the Society for the 
fiscal year is as follows: 


Income and Expenses—Fiscal Year Ended August 31, 1957 





STR CLES cng a dat-oees ods osee eb nt peeeeeee $2,483,347.55 
sa cnn oss sds cenanianebeodee 1,789,548.09 
NE ds wk SW Naad oa0o.0.8 soc nbaganseadee coke len re $693,799.46 
Income appropriated as authorized by ~ 
the Board of Trustees: X ; 

For educational purposes............... ..$ 138,500.00 

OS” ree ee . 555,299.46 

TORE SPCOMOIREORS «4... os cscsceusscess © das meminee ve as $693,799.46 
[cs COO MIOONED. «oso ocoes cascpeudenssanadacsiene $000,000.00 


In the following table, the approximate income from the various 
activities of the Society and the disbursements of income are tabulated 
in terms of percentage of total income. 


ASM Income and Its Disposition—Fiscal Year Ended August 31, 1957 


Income (%) Outgo (%) 

Publications 53.7 44.1 
National Metal Exposition—Cleveland 20.6 8.9 
Western Metal Show—Los Angeles 11.2 49 
Memberships (net) 7.7 3.1 
Dividends and interest earned 47 — 
Metals Engineering Institute 1.0 1.0 
Gain on disposal of securities 0.6 — 
General and Administrative — 7.6 
Others 0.5 24 

100.0 72.0 
\ ppropriations —_—. _ 28.0 

100.0 100.0 


Receipts from Publications, the National Metal Exposition in Cleve- 
land, the Western Metal Show, and Memberships (net) accounted for 
approximately 93% of the total income, while approximately 85% of 
the total expenses of the Society were for these same activities. The 
gross dues from memberships amounted to $318,831.67 of which 
$133,724.96 was returned to the local chapters. The net income of the 
Society was 28.0% of total income during the fiscal year as compared 
with 24.5% of total income during the preceding year. As mentioned 
earlier, all of the net income for the year was appropriated for educa- 
tional purposes and for the building fund. 
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i) 
NO 


The appropriations for 1957 from net income were as follows: 


Acta Metallurgica $ 10,000.00 
Teaching Award 2,500.00 
Chapter Educational Activities 5,000.00 
World Metallurgical Congress 20,000.00 
Science Award Program 15,000.00 
Visiting Lectureships 1,000.00 
Mechanical Literature Searching 15,000.00 
Metals Handbook Revision 65,000.00 
ASM Foundation for Education and Research 5,000.00 
Building Fund 555,299.46 

Total $693,799.46 


It is worth noting that on the expenditure side, the total expenditure 
for 1957 was $1,789,548.09, an increase of $306,221.94 over the ex- 
penditure for the preceding year. As against that, the total income for 
1957 was $2,483,347.55, or an increase of $520,289.23 over the total 
income for the preceding year. The Society is in the happy position of 
greatly expanding its services to members while at the same time main- 
taining its excellent financial position. For this success, we are indebted 
to Secretary Eisenman to whom we owe a tribute for the leadership, 
forethought, skill, and good management he has exercised in the past 
in guiding the affairs of the Society. 

Your Treasurer acknowledges his gratitude to the staff of the Society 
for its kind and generous assistance and cooperation over the past two 
years. Special thanks are offered to Secretary Eisenman, Assistant 
Treasurer A. A. Hess, Trust Officers Messrs. W. W. Horner and 
A. W. Marten of the Cleveland Trust Company, and to the Board of 
Trustees for their helpful advice and guidance, of which they gave so 
generously. 


The Balance Sheet; the Statement of Income and Expenses; and 
the Statement of Appropriated Income as audited by the Certified 
Public Accountants, Ernst & Ernst, appear on pages 23, 24 and 25. 
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Board of Trustees, 
American Society for Metals, 
Cleveland, Ohio. 

We have examined the balance sheet of American Society for Metals as of 
August 31, 1957, and the related statements of income and expenses and surplus 
for the year then ended. Our examination was made in accordance with generally 
accepted auditing standards, and accordingly included such tests of the accounting 
records and such other auditing procedures as we considered necessary in the 
circumstances. 

In our opinion, the accompanying balance sheet and statement of income and 
expenses present fairly the financial position of American Society for Metals at 
August 31, 1957, and the results of its operations for the year then ended, in con- 
formity with generally accepted accounting principles applied on a basis consistent 


with that of the preceding year. ERNST & ERNST 
Cleveland, Ohio Certified Public Accountants 


September 27, 1957 
BALANCE SHEET 


AMERICAN SOCIETY FOR METALS 
August 31, 1957 


ASSETS 
CASH ..<se-- ; nme wiewicse $ 208,508.58 
SECURITIES (approximate market or redempt 
prices aggregate $2,408,744.26) 
Bonds, stocks, and land trust certificates 
at cost : 
Accrued interest .. , 
CASH SURRENDER VALUE OF LIFE 
INSURANCE . Wes 
ACCOUNTS RECEIVABLE 
National Metal Expos.tion——Chicago 
November, 1957 , ; : $ 105,342.00 
Southwestern Metal Show Dallas—May, 38,682.25 
Advertising accounts are erie 33,758.28 
Due from Building Fund 28,501.54 
Miscellaneous 31,311.55 $ 23 


$1,910,879.43 


17,478.75 1,928,358.18 


88.365.48 


P : 7 
Less allowance for doubtful accounts 2,000.00 235,595.62 


INVENTORIES—at cost or lower 
Bound and unbound books, publications, 
correspondence courses, etc : 
Less allowance for obsolescence. 
OTHER ASSETS 
Officers, employees, and sundry accounts ar 
deposits ....+.+. oo 7 
BUILDING FUND 
Cash reer Te as $ 22,433.12 
Bonds—at cost (approximate market or 
redemption prices aggregate $1,115,415.¢ 


$ 244,930.73 
6,000.00 238,930.73 


1,154,365.63 
Accrued interest - saan 7,084.34 
Land oe . ; ieee 15,000.00 
16,018.80 $1,214,901.89 


28,501.54 1,186,400.35 


Construction in progress ° 
Less amount due operating funds. 
REAL ESTATE (at cost less allowances f 
depreciation ) eeseeeseres 
OFFICE FURNITURE, FIXTURES, ANI! 
EQl IPMENT (at cost less allowances for 
depreciation) ...«.«. TeTTTTT TT 
DEFERRED CHARGES 
Prepaid exposition expenses 
National Metal Exposition — hicag 
November, 1957 - $ 70,465.65 
Southwestern Metal Show— Dallas 
May, 1958 ... - 
Development costs applicable to corres] 
ee 
Prepaid insurance 
Prepaid sundry expenses 


9,070.58 


71,893.20 
9,631.33 
9,460 54 170,521 30 


$4,214,431.13 





24 TRANSACTIONS OF THE ASM 


LIABILITIES, RESERVES, AND SURPLUS 


LIABILITIES 
Accounts payable: 
For purchases, expenses, etc 
Payroll taxes and taxes withheld from 
employees 
For apportionment of dues to ; . ) ,172.56 
Special contribution—A. S. M. of Tomorrow... ‘ a ) 93,672.56 


INCOME APPROPRIATED FOR EDUCA- 
TIONAL PURPOSES 177,345.95 


555,299.46 


RESERVES 
For Metals Handbook $ 96,380.03 
For conventions 60,000.00 
For dues paid in advance 50,000.00 
Campbell Memorial Lecture Fund ' 15,000.00 
H. M. Howe Medal Fund 5,000.00 
Sauveur Achievement Award 5,000.00 231,380.03 
BUILDING FUND 
Reserve ,186,400.35 
DEFERRED INCOME 
National Metal Exposition—Chicago— 
November, 1957 568,431.25 
Southwestern Metal Show—Dallas— 
May, 1958 98,565.00 
Advance receipts on publications 727.96 667,724.21 
SURPLUS 
Balance at September 1, 1956, and August 31, 1957 
(no change during the year) 1,302,608.57 


$4,214,431.13 


STATEMENT OF INCOME AND EXPENSES 


AMERICAN SOCIETY FOR METALS 
Year ended August 31, 1957 


INCOME 

Publications $1,335,049.77 
National Metal Exposition—Cleveland—October, 1956 510,299.95 
Western Metal Show—Los Angeles—March, 1957 278,537.45 
Memberships 9,747.71 
Dividends and interest earned. ........650-ccccccecccccnse 7,877.25 
Metals Engineering Institute 13,781.50 
Clas OG. GERPGEEE GE SORINODS os cs vcciecbdesedcactesoscedin 1 980.85 
Sundry sales, etc. .......... 7,722.21 
Increment and dividends on life insurance 2,083.88 
Discount earned : 1,166.98 

Ec sch hae O hd ithe wea cee a han< whd« bein 49 she chs $2,483,347.55 


EXPENSES 

Publications $1,098,323.05 
National Metal Exposition—-Cleveland—October, 1956 219,244.57 
Western Metal Show—Los Angeles—March, 1957 121,971.36 
General expenses 93,288.10 
Memberships 76,704.14 
Secretary's office 36,808.27 
Transfer of net interest income to building fund 31,411.84 
Accounting department 30,174.69 
Metals Engineering Institute ; 23,781.50 
Headquarters 19,445.02 

Jarehouse 14,367.51 
National committees 
President's office 
Miscellaneous merchandise 
Medals, awards, and lectures 
Trustees 
Multigraph department 
Library ews 
Ns ott do Kui dws duheween cok ccedcs 24askas -_1,789,548.09 

NET INCOME—Note A $ 693,799.46 
Income appropriated as authorized by the Board of Trustees: 

Oe SN MNONG sons 5 0. bie ves cece csecés seven s 
For building fund 555,299.: 693,799.46 
UNAPPROPRIATED NET INCOME..............ccsee0: $ —0— 


Note A—In addition to expenses shown above, expenditures in the amount of $123,494.85 
were made during the year from prior years’ appropriations (see accompanying statement). 
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STATEMENT OF APPROPRIATED INCOME 


AMERICAN SOCIETY FOR METALS 
Year ended August 31, 1957 
INCOME APPROPRIATED FOR BUILDING FUND 


Balance September 1, 1956.......... é ccnanehueseehe 
Add amount appropriated during the year..........6-.eeeeeeees 







375,442.23 
55,299.46 











Less amount transferred to building fund..............eee008% 5,442.23 





INCOME APPROPRIATED FOR 
EDUCATIONAL PURPOSES 









talance September 1, 1956...... niieseeetaewe $162,340.81 
Less expenditures during year: 

World Metallurgical Congress. . covesetene oo ee 

Revision of Metals Handbook...... eee oe ee 30,000.00 

Mechanical literature searching Sey ree ewe 15,000.00 

Science award program ; F 1tthindetees 15,000.00 

Acta Metallurgica ced Rao ddes bus 2 d-0sbOnebieee bean 8,900.00 

Chapter educational courses.... dpties cuts biome 7,032.25 

A. S. M. Foundation for Education ar RESEATCR. ..cccsccces 5,000.00 

Teaching awards pd he hh edas cnaedcs ests pe eeeueas soe 2,251.73 

Visiting lectureships .. Ka Salad 0 aid noo 6.00 Sees en an 2,202.67 123,494.85 







Add amcunt appropriated during year... ......+eeeeccccesseee 138,500.00 





1957 ANNUAL REPORT OF THE SECRETARY 







Witiiam H. EiseEnMAN, Secretary 






HE American Society for Metals on October 1, 1957 had a total 
membership of 28,778, a gain of 1910 members since last October. 
Of this number 24,522 are regular members, 1547 are student mem- 
bers, 2555 are sustaining members, 116 are honorary and life members 







and 38 are in the armed forces 







TRANSACTIONS COMMITTEE 


Eighteen persons constitute the membership of the TRANSACTIONS 
Committee for 1957, under the chairmanship of R. D. Chapman, 
Chrysler Corporation, Detroit. The members of the Committee and 
their Chapter affiliation are: J. H. Bechtold, Pittsburgh; G. S. Birdsall, 
Louisville ; D. J. Carney, Chicago; Morris Cohen, Boston; J. E. Dorn, 
Golden Gate ; H. J. Elmendorf, Worcester ; G. H. Enzian, Pittsburgh ; 
G. A. Fritzlen, Purdue; D. J. Girardi, Canton-Massillon; R. W. 
Guard, Eastern New York; H. Y. Hunsicker, Cleveland; R. I. Jaffee, 
Columbus; J. F. Libsch, Lehigh Valley; E. M. Mahla, Wilmington ; 
P. G. Nelson, Philadelphia; W. A. Reich, Detroit, and Ray T. Bayless, 
Secretary, Cleveland. 

During the year the Committee has had three meetings ; January 16, 
May 27-28, September 5, and has a fourth meeting tentatively sched- 
uled for December 2, 1957. The Committee reviewed 106 papers at the 
first three meetings. Of this number, 71 papers have been approved for 
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publication in TRANSACTIONS; 5 papers were returned to authors for 
suggested revision and may be returned for re-review ; 30 papers were 
not approved for publication and were returned to the authors with the 
comments of the Committee and suggestions to the author included. 

As the final date for submission of papers for presentation at this 
Convention had been set at April 15, 1957, arrangements for the tech- 
nical program at this Convention were made during the May 27-28, 
1957 meeting at which time 50 papers were selected for presentation. 

Nineteen papers are now in the process of review, and will be con- 
sidered at the December meeting, along with any new manuscripts 
received in the interim. 


EpUCATIONAL COMMITTEE 


Nine persons constitute the membership of the Educational Com- 
mittee for 1957, under the chairmanship of D. J. Blickwede, Bethle- 
hem Steel Corporation, Bethlehem, Pa. The members of the Committee 
and their Chapter affiliation are: Richard Doughton, Jr., Pittsburgh; 
S. L. Henry, Milwaukee ; W. T. Lankford, Pittsburgh ; E. S. Machlin, 
New York; M. R. Meyerson, Washington; T. E. Piper, San Diego; 
D. H. Ruhnke, Canton-Massillon; A. U. Seybolt, Eastern New York; 
and Ray T. Bayless, Secretary, Cleveland. 

The Committee arranged the educational lecture course entitled 
“Precipitation From Solid Solution” for presentation at this Conven- 
tion, under the coordination of Richard Doughton, Jr. Eight lectures 
were presented at four sessions, with an introductory and summary 
lecture by R. F. Mehl, by the following authors: J. B. Newkirk, General 
Electric Research Laboratories; W. A. Anderson, Alcoa Research 
Laboratories ; H. W. Paxton, Carnegie Institute of Technology; A. J. 
Lena, Allegheny Ludlum Steel Corporation; W. D. Robertson, Yale 
University ; Robert Bray, Chase Brass and Copper Co.; R. S. Busk, 
The Dow Chemical Co. ; C. G. Bieber and R. J. Raudebaugh, Interna- 
tional Nickel Company ; G. A. Fritzlen, W. H. Faulkner, B. R. Barrett, 
and R. W. Fountain, all of Haynes Stellite Co. 


ASM Metrats Hanpspook CoMMITTEE 


Preparation of Volume I of the new ASM Metals Handbook has 
gone forward steadily during the past year. Fifty-two committees, 
totalling 712 members, have held a total of 81 meetings. The remain- 
ing 27 committees, totalling more than 400 members, are committed 
to firm schedules. All of the committee work for Volume I, Properties 
and Selection of Metals, will be completed in June of 1958. 

To assist the numerous committees, the Handbook editorial staff 
has been increased to five during the year. The headquarters staff con- 
sists of Taylor Lyman, editor; Howard E. Boyer, managing editor ; 
Jos. E. Foster, associate editor ; James J. Kubbs, associate editor ; and 
Helen Lawton, assistant editor. 
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SpectAL LIBRARIES ASSOCIATION 

The Metals Division of Special Libraries Association is holding its 
annual fall meeting in conjunction with the National Metal Congress 
for the eighth consecutive year. Three technical sessions will be held, 
featuring “Progress in Nonferrous Metallurgy” (with particular refer- 
ence to library and documentation problems), “Progress in Ferrous 
Metallurgy” and “International Aspects of Literature Research.” 
Speakers at the international session will include a number of conferees 
to the World Metallurgical Congress who will talk about literature 
services in various European countries. 

The Metals Division is also operating a booth at the Metal Show 
which is designed as a miniature technical library and manned by 
trained personnel to demonstrate the services provided by special 
libraries. 

ASM MecuANizep LITERATURE SEARCHING PROJECT 

The ASM pilot plant project for mechanized literature searching is 
now rounding out the second year of the five-year, $75,000 contract 
with the Center for Documentation and Communication Research at 
Western Reserve University. 

About 7000 metallurgical literature references have been analyzed 
and “telegraphic” abstracts prepared. Of these, 2500 have been encoded 
on paper tape for searching on the experimental searching selector 
built at Western Reserve University. 

Test runs on typical literature searches are now being prepared using 
this machine on 2500 encoded abstracts from the literature of 1955, 
Questions for literature searches are being solicited from ASM mem- 
bers who are interested in cooperating in the program. 

Another project completed during the summer was the preparation 
of a fifteen minute, sound, color film entitled “The ASM Metals In- 
formation Center of Tomorrow.” This film is currently being shown 
at the National Metal Exposition where an exhibit has been prepared 
by the Documentation Center to provide information on this project. 
Copies of the film are available for showing before chapters of the 
American Society for Metals, educational institutions, library and docu- 
mentation organizations and other interested groups. 


RELATED DoCUMENTATION ACTIVITIES 


A new standing committee has been established by the board of trus- 
tees to be known as the ASM Metallurgical Documentation Commit- 
tee. The first meeting of this committee will be held soon. Personnel 
of the committee is as follows: Frank T. Sisco, New York, Chairman ; 
Wallace R. Brode, Washington ; Dolph G. Ebeling, Schenectady ; Her- 
man Henkle, Chicago; D. C. Hilty, Niagara Falls; I. H. Jenks, King- 
ston, Ontario ; George A. Roberts, Latrobe, Pa.; A. J. Shaler, Univer- 
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sity Park, Pa.; John W. W. Sullivan, New York; E. E. Thum, 
Cleveland ; Marjorie R. Hyslop, Cleveland. 

This committee supersedes two previous special committees of the 
society—namely the Mechanized Searching Committee under the chair- 
manship of D. C. Hilty, Manager, Metals Research Laboratories, 
Electro Metallurgical Company, and the ASM Committee on Litera- 
ture Classification under the chairmanship of Frank T. Sisco, Director 
of the Engineering Foundation. 

The latter committee, during the past year, has completed the project 
for which it was organized—namely a revision of the ASM-SLA 
Classification of Metallurgical Literature, first published in 1950. The 
text for the revised edition is now in preparation for publication. 


TRANSACTIONS 


Since the last National Metal Congress, Vol. 49 and Vol. 49A of 
the TRANSACTIONS were published and distributed in June to those of 
our members requesting them. Volume 49 totals 1061 pages and con- 
tains the 1956 Edward De Mille Campbell Memorial Lecture ; 44 tech- 
nical papers and their discussions; the president’s, secretary’s, and 
treasurer’s reports for 1956; a report of the 1956 Convention ; a list of 
ASM Chapters and officers, and other current items of record. 

Volume 49A contains 14 papers (372 pages) presented at the Semi 
nar on “Creep and Recovery” held on Saturday and Sunday, October 6 
and 7, 1956, during the National Metal Congress and Exposition in 
Cleveland. This Seminar was sponsored by the American Society for 
Metals, the subject being selected by a committee appointed by the 
Board of Trustees. The personnel of this committee was: P. A. Beck, 
Chairman, Peoria; B. L. Averbach, Boston; M. B. Bever, Boston; 
Bruce Chalmers, Boston; R. L. Cunningham, Ottawa Valley; Pol 
Duwez, Los Angeles; John Fisher, Eastern New York; E. R. Jette, 
Los Alamos; J. S. Koehler, Urbana; Robert Maddin, Philadelphia ; 
A. S. Nowick, New Haven; Thornton Read, Jr., New Jersey. The 
preparation and coordination of the series of subjects and solicitation 
of authors was conducted by Robert Maddin. 


PREPRINTS OF TRANSACTIONS PAPERS 


The Board of Trustees of the American Society for Metals, at their 
August, 1956 meeting, authorized the quarterly preprinting of techni- 
cal papers that have been approved by the TRANsacrions Committee. 

Under this new plan, 71 papers have been preprinted at three differ 
ent times, and made available to the membership. Lists of the preprints, 
and notice of their availability, appeared in the March, August, and 
October issues of Metats Review. The total number of pages in the 
three series of preprints produced so far this year is 1626. Approxi- 
mately 51,500 copies of the preprints have been distributed free to mem- 
bers who have requested them. 
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MeTAL PROGRESS 

Metal Progress’ editorial production for the fiscal year (892 pages) 
almost exactly equalled that of the preceding year, and is about 20% 
greater in volume than the average of the last few, 1950 to 1955 inclu- 
sive. Advertising patronage (2164 pages) reached an all-time high, 
exceeding last year by 16.5%. The year 1945 was the next best in ad- 
vertising patronage (2045 pages). 

The January issue, as for several years past, has contained a review 
of international progress in metallurgy. So many good articles are 
available on this theme that the main portion of this year’s January 
issue was confined to 15 papers from foreign authors. A similar series 
of papers reviewing similar noteworthy advances in the United States 
and Canada filled the September 1956 pre-convention issue. It is 
planned to continue this arrangement—the January issue will be a 
review of foreign progress, and the pre-convention issue will be a re- 
view of progress on this continent. 

At the risk of slighting some very meritorious contributions during 
the last 12 months, the following noteworthy articles might be men- 
tioned : 

Concentrates for Iron Blast Furnaces, 
by E. C. Wright 
Metal Powder Rolling and Hot Pressure Bonding, 
by Samuel Storcheim 
Ferrosilicon Manufacture at Marietta, 
by E. E. Thum 
Improved Foundry Compositions, 
by A. Wittmoser 
Less Sulphur in Deoxidized Steel, 
by H. W. McQuaid and Norman P. Goss 
Crack-Free Welds in High-Temperature Piping, 
by Henry M. Soldan and Charles R. Mayne 
Effects of Slack Quenching of Steel, 
by D. J. Blickwede and R. C. Hess 
Metals for Fast Flight, 
Report from Western Metal Congress 
Superpurity Aluminum, 
by E. A. Bloch and P. H. Muller 
New Magnesium Alloys for High Temperature, 
by T. E. Leontis 

There were also a dozen or so excellent papers on heat treating equip- 

ment and methods secured through the Industrial Heating Equipment 


Association. 

Readership surveys of Metal Progress have been made at quarterly 
intervals by the Eastman Research Organization for the past five years. 
“Eastman Index” figures for reader interest, reader attention, and 
value to reader are above the corresponding composite figures for the 
30 business publications currently being surveyed by that organization. 


METALS REVIEW 


During the twelve months from October 1956 through September 
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1957, Metals Review published a total of 796 pages, an increase of 56 
pages over the total for the previous year. Of these 796 pages, 368, or 
46.3% were devoted to ASM Review of Metal Literature ; 283 pages, 
or 35.4%, were devoted to chapter and membership activities, special 
features and headquarters activities ; and 145 pages, or 18.3% were de- 
voted to the Employment Service Bureau. These figures represent an 
increase in each division of 8, 3 and 16%, respectively, over the previous 
year’s figures. 

The Student Members Placement Service, usually carried as a special 
feature in the February issue, was dropped this year because the un- 
usually good employment opportunities for graduating metallurgists 
greatly decreased the need for this service. 

Adhering to the recent changes in the Constitution, which state that 
preprint papers be publicized on a quarterly basis, the March and 
August issues carried the first two lists. 

A new monthly feature, Men of Metals, joined the already existing 
features, which include Compliments, New Films, Chapter and Special 
Meeting Calendars, and Meet Your Chapter Chairman. A total of 432 
chapter reports were received and published during this period. 

In January the cover format was changed to feature a portrait of a 
prominent ASM member, with an article regarding his accomplish- 
ments in the lead-off pages of the magazine. In July the page size was 
changed to accommodate standard advertisement requirements. 


Books 


During the past fiscal year 35,393 books published by the Society 
were sold to members of the Society and others. This figure includes 
1965 ASM Metats Hanpsooks, 1778 Metats HANDBOOK SUPPLE- 
MENTS printed in 1954, 2675 Metats Hanpsook SupPpLEMENTS 
printed in 1955, and 3378 TRANSACTIONS. 

During this period 8 titles were added to the publication list. They 
are: 

TRANSACTIONS VOL. 49 
CREEP AND RECOVERY 
DuctTILE CHROMIUM 
EFFECT OF RESIDUAL ELEMENTS ON THE PROPERTIES OF 
METALS 

FATIGUE DURABILITY OF CARBURIZED STEEL 
Basic MeTALLurGy Voz. II 
ASM Review or Metat Literature Vo. 13 
TRANSACTIONS INDEX 

The following books are now in preparation : 
TRANSACTIONS VoL. 50 
Liguip METALS AND SOLIDIFICATION 
PRECIPITATION From SoLip SoLuTION 
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ASM Review or METAL LITERATURE VOL. 14 

ASM-SLA METALLURGICAL LITERATURE CLASSIFICATION 
INTERNATIONAL (SECOND) EDITION 

Story OF THE 2ND WorLD METALLURGICAL CONGRESS 

Tue METAL THORIUM 

Tue Metat Mo_yspENUM 

INTRODUCTION TO REACTOR METALLURGY 

Hicn-TEMPERATURE METALS FOR AIRCRAFT AND MISSILES 

MAN, METALS AND MoperN MAGIc 

PowpER METALLURGY IN NUCLEAR ENGINEERING 


SEMINAR COM MITTEE 

Fourteen persons constitute the membership of the Seminar Com- 
mittee for 1957, under the chairmanship of Robert Maddin, University 
of Pennsylvania, Philadelphia. The members of the Committee and 
their Chapter affiliation are: B. L. Averbach, Boston; P. A. Beck, 
Peoria; M. B. Bever, Boston; Bruce Chalmers, Boston; Pol Duwez, 
los Angeles; John Fisher, Eastern New York; J. J. Harwood, Wash- 
ington ; W. R. Hibbard, Jr., Eastern New York; J. S. Koehler, Peoria ; 
Thornton Read, Jr., New Jersey ; W. D. Robertson, New Haven; R. L. 
Smith, Philadelphia; F. L. Vogel, Philadelphia, and Ray T. Bayless, 
Acting Secretary, Cleveland. 

During the year the Committee held one formal meeting in New 
Orleans on February 24, 1957, at which time the subject for the 1958 
Seminar was unanimously selected. With W. R. Hibbard as coordina 
tor, the 1958 Seminar will be held on “Magnetic Properties of Metals 
and Alloys”. 


SEMINAR ON Ligutmp METALS AND SOLIDIFICATION 

The Seminar on “Liquid Meta!s and Solidification” was arranged 
into four sessions this year, two on Saturday and two on Sunday, and 
was an outstanding success in every respect. A capacity audience filled 
the meeting rooms for the presentation of 12 papers by the following 
authors: G. Vineyard, Brookhaven National Laboratory ; N. H. Nach- 
trieb, Institute for the Study of Metals of University of Chicago; O. J. 
Kleppa, Institute for the Study of Metals; E. M. Pound, Carnegie 
Institute of Technology; J. Weeks and D. H. Gurinsky, Brookhaven 
National Laboratory; J. O’M. Bockris, University of Pennsylvania ; 
K. A. Jackson, Harvard University ; C. M. Adams, Jr., Massachusetts 
Institute of Technology; W. G. Pfann, Bell Telephone Laboratories ; 
John Rutter, General Electric Research Laboratory; W. A. Tiller, 
Westinghouse Research Laboratory, and J. Walker, General Electric 
Research Laboratory. 

The preparation and coordination of the series of subjects and solici- 


tation of the speakers were under the direction of Bruce Chalmers. 
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ScIENCE ACHIEVEMENT AWARDS 


Since 1952, ASM has underwritten the costs of many thousands ‘of 
Science Achievement Awards in Junior and Senior High Schools 
throughout the country. Counting those students who submitted out- 
standing entries which merited Certificates and Honorable Mention 
Awards, close to 5000 boys and girls have been aware of this ASM 
Educational program. Over 700 of the winners each received cash or 
U.S. Bonds ranging from $25 to $100. 

The National Science Teachers Association administrates this 
Award program from Washington, D.C., with ASM funds amounting 
to $15,000 annually. 

Twenty of the $100 U.S. Bonds go annually to students whose en- 
tries are concerned with metals and their importance to progress. 

Judging of the entries is carried out on a regional basis. In each of 
eight geographical areas, the best of all entries are selected, then sent 
to Washington where a special committee makes a final selection of 
fifteen winners in each area or region—a total of 120 U.S. Bonds. All of 
the winners with entries or projects on the subject of metals are auto- 
matically considered for one of the 20 awards of $100 U.S. Bonds in 
addition to their first award. Thus a total of 140 U.S. Bonds are 
awarded each year. 

The program which covered the 1956—57 School year was the largest 
ever completed. 60,000 announcements of the program were mailed 
from Washington—nearly one-half going to Science Teachers who 
were members of NSTA. 

2,121 Science Teachers requested a total of 26,968 sets of entry mate- 
rial for their students and 2,941 entries were completed and sent in to 
the regional judging committees. Of these, 1,186 merited Certificates 
of excellence, and 140 were selected to receive U.S. Bonds. 


ASM $2000 Teacuinc Awarp 


Twelve $2,000 Metallurgy Teaching Awards have been made since 
the program was established in 1952. Designed to encourage and re- 
ward the young teacher of metallurgy, the award is made to one in- 
dividual each year who, in the opinion of the judging committee, has 
turned in the best teaching performance in the metallurgy curriculum. 
The candidate must be under 40 years of age at the close of program in 
which the candidate’s name is submitted. 

Sponsorship of a candidate can be presented by any educational 
group or by any ASM Chapter. Selection of a winner is made by a 
special committee appointed by the Board of Trustees of ASM. 

Seven candidates for the ASM Teaching Award were considered 
during the current (1956-57) year. The Awards Committee selected 
Amos J. Shaler, Penn State University, as the winner. 








1958 SECRETARY’S REPORT 33 


ASM Visitinc LEcTURESHIPS 

Since the program’s beginning in 1952, 48 Distinguished Scientists 
and Engineers have been sent by ASM to various Colleges and Uni- 
versities as Visiting Lecturers. Selection of these special lecturers is 
made by the schools themselves. After their selection ASM invites the 
lecturer to conduct, at ASM expense, a two-day lecture series on a 
subject in which the lecturer is known to specialize. ASM also com- 
pensates the lecturer for the time spent on the campus of the visited 
school. 

Average annual cost of the Visiting Lectureship Program to ASM 
is $2,878.82. 


TRAVELING METALLOGRAPHIC EXHIBIT 


The winning entries in the annual ASM Metallographic Exhibit, 
held during the National Metal Congress, are mounted and sent to as 
many ASM Chapters and Schools as can be reasonably scheduled. 
Each year 15 to 25 Chapters and Schools are on the schedule, many of 
them making use of the Exhibit at a meeting which includes a well- 
known specialist on Metallography as the principal speaker. 

Since the program’s beginning in 1954-55, over seventy ASM Chap- 
ters and Schools have used the Traveling Exhibit as a part of their 
special meetings or symposia. All transportation costs are paid by 
ASM. 

CAREER PUBLICATIONS 

While many of the ASM Educational efforts contribute to Career 
promotion—particularly the Science Achievement Awards and the 
attendant printed material, the Teaching Award, the Visiting Lecture- 
ships and the Metallographic Exhibit—certain publications have a more 
direct application. Two of the principal Career publications are : 

Your Career in the Metallurgical Profession 
(95 page Illustrated) 
Does Engineering Appeal to You? 
(7 page accordion fold) 


Over 50,000 of the 95 page Booklets have been distributed during 
the past ten years. These go, for the most part, to High School Science 
Teachers as a result of requests from them. Many thousands also go 
to Chapters and Schools for use in promoting the Metallurgical profes- 
sion. In addition, hundreds of these Booklets are sent upon request 
from talented Senior High School students who have indicated interest 
in Metallurgy. Special mailings are made to winners of ASM Scholar- 
ships and the winners in the Metals division of the Science Achievement 
Awards program. Miscellaneous mailing to Metalworking firms and 
other individuals account for many more. 
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The Booklet has recently been revised and brought up-to-date and 
the new edition is expected to be off the press before the first of the 
year. Nira 

300,000 of the 7-page Accordion Fold Béaflets have been distributed 
since it was prepared six years ago. An average of over 1000 are mailed 
each month to Schools, Chaptets andg#dividual students who request 
them. The leaflet is a condensed yegsion of the Booklet and provides 
for mass distribution at ¢conomiecal cost. 


CHAPTER STUDENT AFFAIRS 


Student Affairs is becoming more and more important to ASM 
Chapters. During the year, special effort has been made to bring about 
the appointment of a Student Affairs Committee in the ASM Chapters. 
73 of the 104 Chapters now have a Student Affairs Committee and the 
National Office has established close working relationship with the 
Chairman in order to make the best use of all information which ac- 
cumulates in Cleveland as a result of statistical results from sources 
other than ASM and from success reports of Chapters which might 
be applied in other Chapters. 


INCOME SURVEY 


Early in 1957 the ASM Advisory Committee on Metallurgical Edu- 
cation conducted a survey of Metallurgists’ income. The results of that 
survey have been announced and will later be pub'ished in Metal 
Progress. 

5,861 questionaires were mailed to a list of metallurgists and Chief 
Metallurgists who are members of ASM. 

2,985 replies were received—better than 50%. 

For the entire 2,985 who replied, the average annual salary was 
$10,620. 

2,707 Metallurgists reported B.S. Degrees, with an average salary 
of $10,284. 117 Metallurgists reported having M.S. degrees, with an 
average salary of $10,714. Those with Doctor’s degrees had average 
salaries of $13,840. 80 reported no College degree, with average salaries 
of $8,770. 

Out of the nearly 3,000 replies, only 52 reported salaries of less than 
$6,000 a year. A further analysis of these 52 replies shows that the 
individuals had only 2.7 years experience. Only one reply covered an 
income of less than $5,000 a year—and that was for a 1957 graduate 
with no experience. 

Experience counts, according to the survey. For Metallurgists with 
30 to 35 years experience, the average salary was $14,770. With 25 
to 30 years experience, the average was $13,682. Those with 20 to 
25 years experience were receiving an average annual salary of $12,704. 
15 years experience commanded an annual salary of $11,698, while the 
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ten year. men were getting on the average $10,410. With six to ten 
years experience, the salary was an average of $7,447. 

The average beginning salary for Metallurgists in 1957 was $4920 a 
year. 

' The highest salary reported by the entire survey was $50,000 an- 
nually. 

More Metallurgists are engaged in manufacturing activities than any 
other field. Research accounted for the next greatest number of Metal- 
lurgists. Basic metal plants, administration and laboratory were next 
in that order. . 

ASMFER ScwHovarsHIps 

Fifty-six Colleges and Universities are today participating in the 
annual Scholarship program. Through each of these schools the ASM 
Foundation for Education and Research makes a $400 Scholarship in 
Metallurgy. 

Since the program was established in 1953, a total of 248 Scholar- 
ships have been given by the Foundation. 

Close to $100,000 has been used for this purpose—$99,200 to be 
exact. The Scholarship funds are sent to the school, the selection of a 
winner is made by the school and the funds passed along to the Award 
winner. 

Each Scholarship winner receives a handsome Certificate along with 
the cash award. Ceremonies for the award presentation are usually held 
under the auspices of the local ASM Chapter. When there is no ASM 
Chapter in the vicinity of the winner’s school, the Metallurgy Depart- 
ment Head is asked to make the presentation for ASM. Publicity re- 
leases for all the Scholarship winners are sent to the home town of the 


winner. 
A breakdown of the annual ASMFER Scholarships follows : 
1953-54—42 Scholarships 
1954-55—48 Scholarships 
1955-56—49 Scholarships 
1956-57—53 Scholarships 
1957-58—56 Scholarships 


Fourteen schools have been added to the original list—the most re- 
cent additions being: University of Maryland, North Carolina State 
College, Hamilton College in Canada, Youngstown University, Uni- 
versity of Alberta in Canada, San Jose State College and the University 
of Oklahoma. 

Qualifications for Scholarship participation by schools are that a 
degree in metallurgy be offered as a result of a full day-time course in 
this Engineering subject. 


METALLOGRAPHIC EXHIBIT 


The Twelfth Annual ASM Metallographic Exhibit is notable for the 
establishment of the Francis F. Lucas Award for excellence in metal- 
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lography. First recipient of this $500 award, endowed by Adolph I. 
Buehler, president of the company that bears his name, is T. K. Bierlein 
and B. Mastel, Hanford Atomic Lab. General Electric Co., Richland, 
Wash. The award was presented at the Annual Awards Luncheon on 
November 5, by Francis F. Lucas, widely known microscopist for many 
years at Bell Telephone Laboratories, in whose honor the award was 
established. 

Competition for this honor was keen, with over 500 entries now 
on display at the National Metal Exposition—more than double the 
number in any previous metallographic exhibit. In keeping with the 
Second World Metallurgical Congress, more than 150 entries were 
received from foreign metallographers. 

As in past exhibits, medals have also been presented for Best in 
Class and Honorable Mention in each of twelve classifications. The 
entry designated Best in Show by the judging committee automatically 
receives the Lucas Award. 

All prize-winning entries will again be assembled in a traveling 
exhibit for shipment to ASM chapters and engineering schools during 
the winter season. 

EDUCATIONAL FILMS 

The three films produced under the guidance of the Educational 
Committee and distributed through the National Headquarters office 
have been constantly in demand during the last year with peak usage 
occurring in the fall-to-spring season. Various ASM Chapters and 
other educational groups have used the three films 310 times, itemized 
as follows: 


METAL CRYSTALS 125 times 
IRON-CARBON ALLOYS 118 times 
HEAT TREATMENT OF STEEL 67 times 


A new 30-minute color and sound film by the ASM and ASMFER 
has been produced and will be available for showing by the Chapters 
and Schools this fall. Its subject is “How Metals Behave.” 


EpuUCATIONAL AID TO CHAPTERS 


In March a new SPEAKERS DiREcTORY was sent out to the officers 
of all ASM Chapters. Half as bulky as the 1956-57 edition, because 
of its new format, the 1957-58 Speakers Directory contains 25% more 
listings. There are 741 individual listings of speakers available to the 
Chapters, and 129 individual film listings. Both listings include a sub- 
ject index, and all individual listings have a brief descriptive note. 

A revised edition of the EpucaTIonat Courses available for Chapter 
use was also distributed to the Chapters in March of this year. 

S.ipes for use in connection with educational lecture courses con- 
ducted by the Chapters were provided to 21 Chapters. 
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From November 1956 to October 1957, allowances from the Epvu- 
CATIONAL ASSISTANCE Funp have been granted to 68 Chapters. 


ASM Review or METAL LITERATURE 


On January 1, 1957 the preparation of the ASM Review or METAL 
LITERATURE was transferred from Battelle Memorial Institute, Colum- 
bus, Ohio, to the Center for Documentation and Communication Re- 
search at Western Reserve University in Cleveland. The work of 
searching the literature and preparing the annotations has been ef- 
fectively conducted at Battelle Memorial Institute since the service 
was instituted in 1944. The principal reason for making the change 
at this time was so that the work on the abstracting service could be 
more effectively correlated with the ASM Machine Literature Search- 
ing Project being conducted as a five-year pilot plant experiment at 
Western Reserve’s Documentation Center. Preparation of the Review 
of Metal Literature at Western Reserve is an interim arrangement, 
and the entire project will be transferred to ASM headquarters when 
the development work is completed. 

The abstracting staff at Western Reserve University is being as- 
sisted by the John Crerar Library of Chicago, where some 2500 scien- 
tific and technical publications are searched monthly for articles of 
metallurgical interest. 

The Review or Metav Literature continues to be published as a 
monthly feature of Metats Review. The monthly installments were 
again correlated into the thirteenth bound volume, covering the liter- 
ature of 1956. Volume 13 contains 859 pages and 8329 annotations and 
is accompanied by an author and subject index. 


METALS ENGINEERING INSTITUTE 

The Metals Engineering Institute has been in operation since April 1, 
1957. During these seven months and without any advertising we have 
received several thousand inquiries from all over the United States 
and many parts of the world. The MEI has accepted over 300 regis- 
trations from 23 states. Comments from students already enrolled have 
been decidedly laudatory and indicate favorable reception of future 
courses. 

A sizable proportion of the registrants comes from industrial groups 
in Cincinnati, Wallingford, Conn., Cleveland, and Los Angeles. 
Several more in-plant training programs are pending. A consultation 
service is being provided to training directors who want a program that 
will combine parts of several MEI courses and thus be “tailor made” 
to suit their particular requirements. 

The March, 1957, Titanium Conference, which was directed by the 
Metals Engineering Institute, was an overwhelming success. The five- 
day seminar was conducted during the Western Metal Congress in 
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Los Angeles. Attendance was well over 150 and included one registrant 

from Germany, two from France, two from England, several from 

Canada, and quite a number from various branches of the armed forces. 
The courses now available include : 


Elements of Metallurgy by Ralph Edelman 
Heat Treatment of Steel by George Melloy 
High Temperature Metals by Claude Clark 

Titanium by Walter Finlay 


By January 1, 1958 the following will be ready : 


Metals for Nuclear Power 

Stainless Steels 

Electroplating 

Gray Iron Foundry Practice 

Steel Foundry Practice 

Steel Plant Processes 

Oxy-Acetylene Welding 

Primary and Secondary Recovery of Lead and Zinc 


Thus far, the MEI has received from its course authors 279 lessons. 
This is approximately half of the proposed 585 lessons. (585 for 39 
courses. ) 

Of these, 107 have been edited and 53 have been printed. The printed 
lessons are now in use to serve the MEI students. The ASM member- 
ship will be kept informed of the progress of the Metals Engineering 
Institute (the Home Study School of the Metals Industry) through 
news articles in the MeTats Review. 


NATIONAL METAL CONGRESS 

The National Metal Congress was again a cooperative activity of 
the Society for Non-Destructive Testing, the American Mining, Metal- 
lurgy and Petroleum Institute, the Industrial Heating Equipment As- 
sociation, the Metal Powder Association and the Atomic Energy Com- 
mission, joining with the ASM in the presentation of an outstanding 
program—with 84 sessions and the presentation of 240 technical 
papers. 

It has been definitely granted that the high calibre of the papers 
makes the Congress the most outstanding scientific gathering in the 
metals industries. 


NATIONAL METAL EXPOSITION 


The National Metal Exposition now being held in the International 
Amphitheatre covers 18% more space than any of the 38 shows that 
have preceded it. The exhibitors make the Exposition a great labora- 
tory of the Metal Congress—so we not only hear and learn about the 
new metal developments but also see the latest processes and methods 
in production, fabrication, and testing. The Exposition is an important 
part of this Great Educational Congress, and we are under deep obliga- 
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tion to the hundreds of exhibitors who have arranged such attractive, 
interesting and enlightening presentations of their process and products. 


ASM or Tomorrow 


| am delighted to be able to report to you that the Cleveland archi- 
tectural firm of Kelly and Kress and Associates has presented a design 
for the national headquarters building which received the approval of 
all the committees through which it was necessary to pass before reach- 
ing the Board of Trustees. The design and proposal received the unani- 
mous approval of the officers and trustees of the Society. 

Working drawings are now being completed, and at the present time 
the contractors, Gillmore-Olson, Inc., of Cleveland, are working on 
site problems such as water, roads, sewage and electricity. 

Already they are building retaining walls and will begin grading an 
access road within a couple weeks so this road will be available for 
hauling in equipment and material so erection of the building may be 
started in early spring. 

Sorings have been taken; a well has been drilled, and a more than 
adequate flow of A-1 drinking water has been secured. 

I would like to describe the building, but I have not yet been able 
to assemble words which would adequately describe the wonderful 
dome and plans so that anyone would understand. 

When we talk about a dome, the first thing most people visualize is 
the dome on the white house, and when we talk about a dome 250 feet 
in diameter at the base, supported on five pylons, with the top of the 
geodesic sphere 110 feet in the air, well it is just a little beyond imagina- 
tion. We have ordered a scale model of the dome and of the building 
and as soon as it is completed we will either put it in a trunk and travel 
around the country so that our members can see it, or we will make a 
picture of it and publish it in the ASM publications. 

Of this you can be sure—lIt is going to be a building of which you 
may be justly proud and at the same time it is going to be a building 
which will be so unusual that no one else but the ASM would build it. 
It will typify the Society and what it stands for and become its trade- 
mark. 

Most of you will have an opportunity to see it, when you attend the 
convention in Cleveland next October. 

Building will start in the spring of 1958, and we have been promised 
occupancy of the 50,000 square-foot building in the spring of 1959. 


THE 2ND WorLD METALLURGICAL CONGRESS 


Two years ago the staff at ASM prepared an outline of activities for 
the 2nd WMC and since that time that event has been in our thoughts 
continuously. It is difficult to realize that the activities of this great 
gathering are now in full function. We were delighted at the cordial 


40 TRANSACTIONS OF THE ASM Vol. 50 


reception and acceptance of the ASM’s invitation to the metal scientists 
of the free world—253 came two weeks early to participate in the in- 
dustrial and educational tours to plants and institutions between New 
York and Chicago. These Conferees were joined in Chicago by another 
group of 251 Overseas Conferees to attend and participate in the 
Second World Metallurgical Congress. 

This Congress was certainly well timed coming at a period when 
changing world conditions activated the free nations into a desire to 
exchange and pool their scientific knowledge and achievements in the 
common problems of mutual interest. 

However, forming a brain power alliance is nothing new to the ASM 
and many of our Overseas guests. In 1951 at Detroit the ASM spon- 
sored the First WMC when for the first time there came to America 
a group of metal scientists not from one country alone but from every 
free nation in which metal has a part. Over 500 came in ’51 in the spirit 
that the Congress was a two-way street and the exchange of technical 
and scientific knowledge was desirable for conservation as well as for 
collective security and defense. 

The WMC of 6 years ago was the first informal pooling of scientific 
knowledge of properties and fabrication of metals ever held on a world- 
wide basis. 

The results were indeed significant and satisfying so much so that 
the European Metallurgical Congress was held in 1955 in England, 
Germany, Belgium, and France, with many other countries such as 
Italy, Sweden, Spain and others extending post invitations to the visit- 
ing scientists. 

So now again the ASM has brought together and salutes this gather- 
ing as the Metal Science Brains of the Free World and recognizes this 
group as a key component of the brain power pool which now has 
official government backing. 

It seems to me desirable that this World Congress should conside? 
the possibility and need for closer cooperation among the metal scien- 
tists of the free world. It will, of course, be up to the Government to 
arrange and erect a formal organization— 

However, the continuance of the exchange at these World Con- 
gresses on nonclassified subjects should be on a closer basis and per- 
haps at more frequent intervals. 

In order that more intensified cooperation and exchange of ideas 
may be secured, the Board of Trustees will meet with representatives 
of the 20 Overseas Societies participating in the 2nd WMC in order 
that they may report to their officers and membership the suggested 
possibility of formulating a cooperating organization with the ASM to 
accomplish the purposes outlined above. 

I sincerely hope the firm friendly basis upon which these World 
Metal Congresses have been established may lend itself to the rapid 
accomplishment of a closer union of the free countries of the World. 
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American Society for Metals Foundation for Education and 
Research 
Annual Report of the President 


Apoteu O. ScHAEFER, President 


HIS REPORT covers the twelve-month period beginning Sep- 
tember 1, 1956, and ending August 31, 1957. 

It has again been the policy of the ASMFER to provide scholarships 
at all accredited colleges and universities on this Continent offering day- 
school degree courses in metallurgy or metallurgical engineering. This 
utilizes the major portion of the funds available each year. 

During the past year three more institutions of higher learning were 
added to those receiving scholarships, making the total 56. Those added 
include the University of Oklahoma, San Jose State College, and the 
University of Alberta. 

ASMFER scholarships amount to $400.00 each. Consideration has 
been given to increasing this amount, and it is possible that the size 
of the Foundation will someday permit this, but it has appeared neces- 
sary to keep the scholarships at this figure for the present. 

A list of the institutions granting scholarships, in 1956—57, with 
the winners names is as follows: 


1956-57 WinneErRS ASM FounpbDaATION SCHOLARSHIPS, WITH 


ScHOOLS AND Home Towns 


School 

University of 
\labama 

University of 
\rizona 


University of 
British Columbia 


University of 
California 
Carnegie Institute 
of Technology 
Case Institute of 
Technology 
University of 
Cincinnati 


Colorado School 
of Mines 


Columbia 
University 


W inner 
Wm. M. House 
University, Ala. 
John F. Peck 
Phoenix 
Christopher 
Huntley 
Vancouver, B. ( 
Daniel Green 
San Francisco 
James E. Bennett 
Cambridge, Ohio 
Stephen A. Kish 
Cleveland 
Gerald L. 
Shawhan 
Cincinnati 
Victor Kerlins 
Denver 
H. D. Guberman 
Bronx, N. Y. 


School 


Cornell 
University 


Drexel Institute 
of Technology 


Hamilton College 


Illinois Institute 
of Technology 


University of 
Illinois 


University of 
Kansas 


University of 
Kentucky 


Lafayette College 


Winner 


B. D. Woloson 


i lorseheads, 


Geo. A. Kurisky 
Kingston, Pa. 
Frank Kurth 
Hamilton, Ont. 
John L. Ledman 
Chicago 
Robert Janninck 
Chicago 
Jas. i. Jellison 
Johnson, Kans. 
Geo. D. Raven- 
croft 
Ashland, Ky. 
Nicholas D. 
Koopman 
Saylorsburg, Pa. 
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School 
Laval University 


Lehigh 
University 

Massachusetts 
Institute of 
Technology 

McGill 
University 

University of 
Maryland 

Michigan College 
of Mines 


Michigan State 
College 


University of 
Michigan 


University of 
Minnesota 


Missouri School 
of Mines 


Montana School 
of Mines 


New York 
University 

North Carolina 
State 


University of 
Notre Dame 
Ohio State 
University 
University of 
Pennsylvania 
Pennsylvania 
State University 
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Winner 
Marc Levesque 
and Marc 


Lamontagne 
Quebec City, 
P. Q. 


Wm. G. Beattie 
Philadelphia 


Owen Deveraux 
Lexington, Mass. 


H. Daniel Petit 
Montreal, P. Q. 


Edwin E. Maust 
Hyattsville, Md. 


Lawrence D. 
Bandy 
Lewiston, Mich. 


Harry L. Murphy 
E. Lansing, 
Mich. 

Michael Tokar 
Ann Arbor, 
Mich. 

Leon V. Kremer 
Wells, Minn. 

Richard Fabiniak 

and Thaddeus 
Fabiniak 
Lancaster, N. Y. 

John P. Hager 
Big Timber, 
Mont. 

David Seidman 
Flushing, N. Y. 

Martin Luther 
Tyson, Jr. 

Cary, N. C. 

John R. Marshall 
Jerome, Ind. 

James A. Clym 
Columbus, O. 

Frank R. Earley 
Cologne, N. J. 

John W. Andrews 
Camillus, Pa. 


School 
University of 
Pittsburgh 


srooklyn 
Polytechnic 


Purdue _ 
University 


Queen’s 
University 


Rensselaer 
Polytechnic 


South Dakota 
School of Mines 


Stanford 
University 
University of 
Tennessee 
Texas Western 
College 
University of 
Toronto 


University of 
Utah 


Virginia 
Polytechnic 
Institute 


Washington State 


University of 
Washington 
Wayne _ 
University 
University of 
Wisconsin 


Yale University 


Youngstown 
University 


Vol. 50 


W inner 


Robert C. Royle 
Dravosburg, Pa. 


Albert M. 
Imgram 
Garden City, 
N. Y. 


Richard S. 
Stenberg 
South Bend, Ind. 
John G. 
McCubbin 
North Bay, Ont. 


Richard D. Betts 
Altamount, N. Y. 
Allan G. Hins 
Parkston, 

S. Dak. 
Jeffrey L. Morby 
Reno, Nev. 
Lanny K. Walker 
Greenville, Tenn. 
Dan R. Boyd 
Abilene, Tex. 

J. R. Carruthers 
Toronto, Ont. 
Gordon R. Dorny 
Salt Lake City, 

Utah 
Donald A. 
Mannas 
Alexandria, Va. 
David R. 
Stiefbold 
Pullman, Wash. 
Arthur Ellis Hall 
Yakima, Wash. 
Theodore Gottlieb 
Detroit 
Chas. J. 
Speerschneider 
Green Bay, Wis. 
Nicholas Error, 
Jr. 
Salem, Oreg. 
Anthony B. 
Strines 
Youngstown, O. 


One Fellowship was awarded this year, and this went to George W. 
Pearsall, who is enrolled at the Massachusetts Institute of Technology. 
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It is understood that this Fellowship will be extended for another 
vear should Mr. Pearsall’s work this year be satisfactory, which it 
undoubtedly will be. 

ASMFER has considered many ways to advance the cause of metal- 
lurgical research and education. It has, this year, tried two new ap- 
proaches. A motion picture, illustrating metallurgical principles and 
techniques has been prepared in collaboration with the ASM and the 
cooperation of the metallurgical staff of the Massachusetts Institute 
of Technology. This color film with sound will be available soon for 
public distribution and presentation. 

ASMFER has noted with interest a report made by a special inde- 
pendent committee under the chairmanship of Dr. George A. Roberts, 
a past-president of ASM and ASMFER. This Committee is known 
as the Special Committee on Manpower for the Metallurgy and Ce- 
ramics Professions. This Committee, in a very comprehensive report 
has recommended a number of worthwhile activities. Included among 
them is one to prepare a booklet for the use of science teachers in sec- 
ondary schools which serves as a guide to help the teachers obtain 
information on the Metallurgy and Ceramics professions. 

This booklet will describe the various metallurgical vocations, and 
the education necessary for each. It will provide material for field 
projects, list charts, film, and film slides available for teaching. Perhaps 
of most value, the proposed booklet will describe in detail the services 
teachers can obtain from the local chapters of technical societies in 
counseling and advising students, in available awards, speakers, science 
fairs, and many other valuable aids in presenting our field of science 
to the youth of our continent. 

ASMFER has agreed to finance the publication of such a booklet, 
and a committee under the chairmanship of Walter R. Hibbard, Jr., 
of the General Electric Co. is engaged in assembling the necessary 
information. 

A statement of the finances of the American Society for Metals Foun- 
dation for Education and Research is appended to this report. In brief, 
the principal, all of which has been contributed by the ASM, has been 
increased to the sum of $689,016.15 by an additional grant of $5,000.00 
from the American Society for Metals, and by smaller sums from the 
disposal of securities and the sale of rights. 

The income from securities during the fiscal year has been $34,- 
302.34, partially offset by expenses of $2,419.53. 

Expenditures for the year include the scholarships awarded both 
last year and this, totalling $43,200.00, our fellowship of $4,200.00 and 
our contribution towards the aforementioned motion picture. 

No report such as this could be complete without paying tribute to 
the excellent cooperation and the work which is done by the head- 
quarters staff of the American Society of Metals. Walter Morrison, in 
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BALANCE SHEET 


AMERICAN SOCIETY FOR METALS FOUNDATION 
FOR EDUCATION AND RESEARCH—November 30, 1957 





ASSETS 
CASH ON DEPOSIT 
The Cleveland Trust Company: 
PP Pi Dhids «o6 das bb ae een dp 6s6sanedenede-oe oc . $ 10,725.85 
PUURGIGRE COD: oo ii cccrccccesacsvcesscocscesesccewses wee» ___ 5,762.69 $ 16,488.54 
MARKETABLE SECURITIES (approximate market 
prices aggregate $805,498.14)—Note A... .......6 600 cceues 701,189.61 
OTHER INCOME ASSET 
ROS BO Ta deden es taaeacks + canedbiadad 04s 3,478.22 
$721,156 37 
LIABILITY AND FUNDS 
PRINCIPAL OF ENDOWMENT FUND 
Grants from American Society for Metals.............. .«««+ $690,346.10 
Net profit on disposal of securities. .............600e0005: oa 1,606.20 $691,952.30 
UNAPPROPRIATED NET INCOME.............+..:. cog 29,204.07 


$721,156.37 


Note A—Securities obtained by grant from American Society for Metals are stated at market 
price at July 15, 1952. Subsequent additions are at cost. 


STATEMENT OF INCOME AND EXPENSES AND 
UNAPPROPRIATED NET INCOME 


AMERICAN SOCIETY FOR METALS FOUNDATION 
FOR EDUCATION AND RESEARCH—Year ended November 30, 1957 


INCOME 
Dividends and interest earned............0seeceeeeees $ 34,433.34 
EXPENSES ; 
Fiscal agent’s fees and services.............2eeeeeeeeweeeeees $ 1,722.29 
DERUROEEEN QOEEOIEED boa cae owes cdeecasscncrcncces's aiibacts 531.49 
PD SIO tb ods ces hede ddsidaedesdessoues ot ve 400.00 
Pn O Di cicudsacksneUGesbeceesied dances gecesee : 163.69 
PED | 6.6 65s ce 8 esc hedeess ne Sicesicseeescerecer atth __ 3.43 2,820.90 
— NET INCOME $ 31,612.44 
Unappropriated net income at beginning of year........... ose 28,791.63 
60,404.07 
EE tiie bbtdanb neha se adenine venidesten . $ 22,000.00 
COREA TERMED GWOIGE 6.60 c cccctic cscs cedscccdssesss iaa0 4,200.00 4 
Share of cost of film on metallurgy.........0.ececsccccscccess 5,000.00 31,200.00 $ 
UNAPPROPRIATED NET INCOME q 
NOVEMBER 30, 1957 $ 29,204.07 D 


Board of Trustees, 
American Society for Metals Foundation 

for Education and Research, Cleveland, Ohio. 

We have examined the balance sheet of American Society for Metals Founda- 
tion for Education arid Research as of November 30, 1957, and the related state- 
ment of income and expenses and unappropriated net income for the year then 
ended. Our examination was made in accordance with generally accepted auditing 
standards, and accordingly included such tests of the accounting records, and 
such other auditing procedures as we considered necessary in the circumstances. 

Securities were confirmed to us by The Cleveland Trust Company, agent. 

In our opinion, the accompanying balance sheet and statement of income and 
expenses and unappropriated net income present fairly the financial position of 
American Society for Metals Foundation for Education and Research at 
November 30, 1957, and the results of its operations for the year then ended, 
in conformity with generally accepted accounting principles applied on a basis 
consistent with that of the preceding year. ERNST & ERNST 


Cleveland, Ohio Certified Public Accountants 
December 11, 1957 
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particular, is tireless in maintaining the correspondence and the records 
of this Foundation in excellent condition. 

The field of metallurgical education and research is one of acknowl- 
edged national importance. Our cause is a worthy one. It is a privilege 
to be associated with a Foundation which is effectively serving our 
industry and our country. 


ELECTION OF OFFICERS 
PRESIDENT CLARK: We will now proceed with the election of officers. 
Complying with the Constitution, I appointed in March 1957 the fol- 
lowing Nominating Committee selected from a list of candidates sug- 
gested by the eligible chapters prior to March 1, 1957: 


CHAIRMAN—Robert M. Brick—Chicago Western 


Francis C. Albers, Rome R. E. Lorentz, Jr., Chattanooga 

Edward E. Hall, Northwestern Benjamin F. Rassieur, St. Louis 
Pennsylvania William E. Taylor, Phoenix 

Herbert S. Kalish, Long Island Walter P. Wallace, Columbia Basin 


Robert W. Lindsay, Penn State 


The Nominating Committee met on May 21 and 22 in Chicago and 
made the following nominations : 


FOR PRESIDENT 
G. M. Young, Technical Director, Aluminum Co. of Canada, Ltd.— 
1 year 
FOR VICE-PRESIDENT 
Clarence H. Lorig, Technical Director, Battelle Memorial Institute— 
1 year 
FOR TREASURER 
Robert H. Aborn, Director, E. C. Bain Research Laboratory, U. S 
Steel Corp.—2 years 
FOR TRUSTEES 
John H. Hollomon, Manager, Metallurgy and Ceramics, General Elec- 


tric Research Laboratory—2 years 
E. E. Stansbury, Department of Metallurgy, University of Tennessee— 
2 years 


Complying with the Constitution, the Secretary has informed me that 
no additional nominations were received prior to July 15, 1957 for any 
of the vacancies appearing on the Board. Consequently, the nomina- 
tions were closed. I now call upon the Secretary to carry out the pro- 
visions of the Constitution with respect to the election of officers. 
SECRETARY EISENMAN : Conforming with the provisions and require- 
ments of the Constitution of the American Society for Metals, I hereby 
cast the unanimous vote of the members for the election of the afore- 
named candidates who were nominated on May 22, 1957. 

PRESIDENT CLARK: Has any member present anything to bring before 
the annual meeting for the good of the Society? If not, then a motion to 
adjourn is in order. The meeting is adjourned. 
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Epwarp DEMILLE CAMPBELL MEMORIAL LECTURE 


At 10:30 President Clark reconvened the meeting and presented Dr. 
Julius J. Harwood, Head, Metallurgy Branch, Department of the 
Navy, Office of Naval Research, Washington, the chairman of the 
Edward DeMille Campbell Lecture. Dr. Harwood introduced Dr. Earl 
R. Parker, Professor of Metallurgy, University of California, Berkeley, 
California, who presented the thirty-second lecture in honor of Profes- 
sor Campbell. The lecture was entitled “Modern Concepts of Flow and 
Fracture,” and is published in full in this volume of TRANSACTIONS 
beginning on page 52. 


ASM ANNUAL DINNER 


On Thursday evening, November 7, members, guests and friends 
assembled in the Grand Ballroom of the Palmer House for the Annual 
Dinner of the Society. The attendance was in excess of 700 persons. 

Those seated at the speakers table were: Dr. E. Eugene Stansbury, 
Professor of Metallurgical Engineering, University of Tennessee, 
Knoxville, Tennessee ; Dr. John H. Hollomon, Manager, Metallurgi- 
cal Research Department, General Electric Research Laboratory, 
Schenectady, New York; Dr. George A. Fisher, Jr., Manager, St. 
Louis Technical Section, The International Nickel Company, Incorpo- 
rated, St. Louis, Missouri; Francis F. Lucas, Bell Telephone Labo- 
ratories, retired; James P. Gill, President, Vanadium Alloys Steel 
Company, Latrobe, Pa.; Arthur Clarage, President, Columbia Tool 
Steel Company, Chicago Heights, Illinois; Clarence H. Lorig, Tech- 
nical Director, Battelle Memorial Institute, Columbus, Ohio; Dr. John 
Chipman, Head, Metallurgy Department, Massachusetts Institute of 
Technology, Cambridge, Massachusetts ; G. M. Young, Technical Di- 
rector, Aluminum Company of Canada, Limited, Montreal, Quebec, 
Canada; Dr. Zay Jeffries, Retired Vice President of General Electric 
Company Chemical Division, Pittsfield, Massachusetts. Dr. Donald S. 
Clark, Professor of Mechanical Engineering, California Institute of 
Technology, Pasadena, California; Dr. Tokushichi Mishima, Pro- 
fessor Emeritus, University of Tokyo, Member, Japan Academy, 
Tokyo, Japan; Adolph O. Schaefer, President, Pencoyd Steel & Forge 
Corporation, Philadelphia, Pennsylvania; Bradley Stoughton, Pro- 
fessor Emeritus, Lehigh University, Bethlehem, Pennsylvania; An- 
thony Post, Joint Assistant Secretary, The Iron & Steel Institute, 
London, England ; Carl E. Swartz, Consulting Metallurgist, Hinsdale, 
Illinois ; Dr. Harley A. Wilhelm, Professor of Chemistry, Iowa State 
College, Ames, Iowa; Dr. Robert H. Aborn, Jr., Director, Edgar C. 
Bain Laboratory for Fundamental Research, Monroeville, Pennsyl- 
vania ; Allen G. Gray, Technical Editor, Steel, Cleveland, Ohio; Wil- 
liam H. Eisenman, Secretary, American Society for Metals, Cleveland, 
Ohio. 
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ALBERT SAUVEUR ACHIEVEMENT AWARD 


In 1934 the Board of Trustees of the Society established an award 
in honor of Dr. Albert Sauveur, distinguished metallurgist and for 
many years an honorary member of the Society. The award was created 
to recognize a metallurgical achievement which has stood the test of 
time and has stimulated others along similar lines to the extent that a 
marked basic advance has been made in the metal arts and sciences. 
The 1957 candidate was Professor Tokushichi Mishima. In presenting 
the candidate, Past President Adolph O. Schaefer read the citation of 
Professor Mishima’s accomplishments. President Donald S. Clark then 
conferred the award. The citation is: 


The improvement of strong permanent magnets, magnets 
which may be prescribed for strength and tailored for shape and 
size, is due to the insight, the patience and the enterprise of Prof. 
Tokushichi Mishima, Japan’s most eminent living metallurgist, 
who shares in our Second World Metallurgical Congress, as he 
did in our First, and here now is to receive the Albert Sauveur 
Achievement Award of the American Society for Metals for his 
“pioneering metallurgical achievements which have stimulated 
organized work along similar lines to such an extent that a marked 
basic advance has been made in metallurgical knowledge.” 

Professor Mishima’s pioneering accomplishments were with 
the ternary alloys of iron, nickel and aluminum lying in the range 
18 to 30% nickel, 8 to 15% aluminum, and the remainder iron. 

Professor Mishima noted, interpreted and understood why a 
magnetized high-nickel steel became nonmagnetic after heating 
to high temperature and slow cooling. This irreversability lay 
with its Ag phase transformation. He judged that the addition 
of aluminum would eliminate that magnetic block. It did! By de- 
termining suitable quenching and tempering rates for optimum 
compositions he achieved residual magnetisms ranging to the high 
values of 5500 to 11,000 oersted. 

This was March, 1931, the month after his 38th birthday. He 
was a doctor of engineering and assistant professor of Tokyo 
Imperial University’s Faculty of Engineering, in charge of metal- 
lography and physical metallurgy, the sciences for which our 
Professor Albert Sauveur had pioneered. 

He was also married into a family which had adopted him in 
the gentle pattern we remember from Gre@x and Roman history— 
for example, Julius Caesar’s adopting an@ naming as heir the boy 
who became the Emperor Augustus. Tokushichi Mishima, whose 
given name means “Seven Virtues,” named his new magnetic 
alloy series simply with the initials MK of his paternal and adop- 
tive families. 
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Also he took out the first of his 54 patents throughout the 
world, read his first of 22 papers at the next convention of the 
Iron and Steel Institute of Japan, and perfected the magnetic 
quaternary alloy by adding cobalt to the original ternary. All 
this within a single year! Between 1933 and 1945 he published 
nothing because the Japanese Army “classified’’ all his work. 
Since then he has resumed publishing steadily, his latest appear- 
ing in 1955 under the title of “Process of Sintering M-K3 Magnet 
(Fe-Al-Ni-Co-Cu)”—a quinary alloy, note. 

He is a leading member, councilor or chairman of many of his 
government’s advisory groups, such as those on Aeronautical 
Technology, Atomic Energy, and Introduction of Foreign Tech- 
nologies. 


HoNorArRY MEMBERSHIP AWARD 


The Board of Trustees of the Society nominated to Honorary Mem- 
bership Dr. William Hume-Rothery, Professor, Department of Metal- 
lurgy, Oxford University, England. 

Unfortunately he was unable to be present at this banquet meeting 
when the formal award was made. However, Anthony Post, Assistant 
Secretary, Iron and Steel Institute, London was present to receive the 
award for Dr. Hume-Rothery. 

Past President, Dr. Bradley Stoughton read the citation which 
nominated Dr. Hume-Rothery to Honorary Membership and presented 
Mr. Post. The citation is: 


Dr. Hume-Rothery has been a pioneer and a leader in the de- 
velopment of a scientific basis for the traditionally empirical arts 
of metallurgy. He has demonstrated, by means of a monumental 
amount of experimental and theoretical work, and in collabora- 
tion with numerous colleagues and students who thereby achieved 
scientific maturity, that the phase diagrams of alloy systems could 
be understood, and even predicted, in terms of the sizes of the 
atom and their electron contribution to the alloy. 

His many writings, aimed at all levels of scientific sophistica- 
tion, have led to a rapid acceptance of the idea that a scientific 
approach to the understanding of metals would be industrially and 
intellectually rewarding. 

The science of metals owes a great debt to the skill, determina- 
tion and scientific insight of Hume-Rothery. 


CONFERRING OF THE ASM MEDAL For THE ADVANCEMENT 
OF RESEARCH 


The ASM Medal for the Advancement of Research for 1957 was 
awarded to Roy Carnegie McKenna, Chairman of the Board of the 
Vanadium-Alloys Steel Company. 
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Due to the fact that Mr. McKenna was unable to be present at this 
dinner meeting, ASM Past President James P. Gill, a business asso- 
ciate of Mr. McKenna, received the award on his behalf. 

In presenting the candidate for this award Arthur T. Claridge, Presi- 
dent of Columbia Tool Steel Company, read the citation engrossed on 
the scroll which accompanies the medal. President Donald S. Clark 
then presented the medal and scroll to Mr. Gill for transmittal to Mr. 
McKenna. The citation is: 


For as long as the American Society for Metals has been pro- 
moting the arts and sciences relating to the metal working in- 
dustry, metallurgical research has been a prime function of the 
Vanadium-Alloys Steel Company and the executive leader 
responsible has been and still is Roy Carnegie McKenna, who 
at the age of 32, became president. In the spring of 1919 he or- 
ganized a metallurgical and research department, believing that 
metallurgical science was essential to a prosperous metals in- 
dustry. 

But perhaps his outstanding contribution was an outgrowth 
of his belief in full delegation of responsibility to qualified heads 
of various management departments. The responsibility for the 
research department was therefore completely separated from 
the operating, sales, or chemical departments. Such separate or- 
ganizational status was soon adopted by all competitors and later 
by the tonnage steel industry. 

Papers published within the first three years of the new de- 
partment’s operation disclosed for the first time the detailed 
chemical analyses of tool steels and he was an author of one of 
these early papers. Other noteworthy achievements of Vanadium- 
Alloys Steel Co.’s research department are high-carbon, high- 
chromium steels (in the 1920's), a detailed study in the 1930's of 
the carbides in high speed steels, the widely used air hardening, 
hot work die steel (1933), investigations on the transformation 
characteristics and partition of elements in high speed steels (in 
the 1940's), the high-carbon, high-vanadium tools now known as 
“super high speed steels” (in the 1935-1945 decade), and the 
postwar introduction of the free machining tool steels, improved 
cemented carbide cutting materials, (1928-1938), and in recent 
years, a process for making pre-alloyed steel powders by atomi- 
zation. 


Perhaps the most obvious, but by no means the most important, 
demonstration of his support of metallurgical research is the 
Research Laboratory building in Latrobe built in 1945. 

For such achievements as these the Board of Trustees of the 
American Society for Metals has awarded its 1957 Medal for the 
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Advancement of Research to Roy Carnegie McKenna, of Latrobe, 
Pennsylvania. The award is specifically in recognition of his con- 
tributions toward the establishment of effective and independent 
research in the metal sciences and of his support and belief in the 
free, unhampered exchange of information in metallurgical tech- 
nology especially in the field of tool materials and of specialty 
alloy steels. 


CONFERRING OF THE ASM Gotp MEDAL 


The GoLp MEDAL which was established by the Board of Trustees of 
the Society in 1943 had been awarded ten previous times to individuals 
for their outstanding metallurgical knowledge and great versatility in 
the application of science to the metal industry, as well as for their 
exceptional ability in the solution of diversified metallurgical problems. 
The recipient of 1957 ASM cop MEDAL was Dr. John Chipman, Head 
of the Department of Metallurgy, Massachusetts Institute of Tech- 
nology, Cambridge, Mass. Past President, Dr. Zay Jeffries presented 
Dr. Chipman to President Donald S. Clark to receive this award. In 
making this presentation he first read the citation engrossed on the 
scroll which accompanies the medal. The citation is: 


If any one man can be said to personify the field of metallurgy, 
that individual is John Chipman. Not only through gifted teach- 
ing and inspired research, but through wise professional leader- 
ship, he has helped lift metallurgy to a highly respected plane of 
science and engineering, wherein metallurgists can discharge their 
obligations to society and nation with satisfaction, noteworthy 
effect, and due reward. At a time when it was popular to accen- 
tuate the many intriguing facets of metallurgy, John Chipman 
expounded the unity of metallurgy; in curriculum, in publica- 
tions, and in action, he has striven to bridge the gap that tends 
to separate physical and process metallurgy, theory and practice, 
science and engineering. 

In particular, Dr. Chipman has been a pioneer in the applica- 
tion of physico-chemical principles to the production and refining 
of metals. He might be called “the father of metallurgical thermo- 
dynamics.” His fundamental papers on slag control, oxidation 
and deoxidation, sulphur reactions, gas-metal equilibria, and 
high-temperature chemistry have done much to initiate similar 
research in other laboratories, and have provided industry with 
a quantitative approach to many aspects of metallurgy. This basic 
viewpoint is being carried forward by Dr. Chipman’s associates 
and evergrowing ranks of students; it is now reflected in the 
teaching and practice of metallurgy in all parts of the world. 

Nothwithstanding these varied pursuits, Dr. Chipman has de- 
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voted much time to government and professional activities. Dur- 
ing World War II, he was Chief of the Metallurgy Section of the 
Manhattan District Project at the University of Chicago where 
the first nuclear reactor was placed in operation. He later became 
Director of the corresponding Metallurgical Project at M.I.T. 
As President and Trustee of the American Society for Metals, he 
participated vigorously in the establishment of the ASM Founda- 
tion for Education and Research, which has since contributed on 
a broad front to enhance the stature of metallurgy and to attract 
students into the field. 

One could dwell at length upon the impressive list of honors 
and medals that have been bestowed upon Dr. Chipman in this 
country, England, Sweden and Italy. But perhaps the greatest 
tribute to his vision and attainments is the M.I.T. Department of 
Metallurgy which he has led for the past 11 years. This lively 
group has grown to a faculty of 27 members, a student enrollment 
of 100 undergraduates and 130 graduates, and a publication rate 
of about 70 papers per year. The range of activity covers almost 
every aspect of metallurgy, from mineral engineering to metal 
physics, and reflects the eminent position that John Chipman has 
conceived for metallurgy. 

In recognition of this leadership, the American Society for 
Metals is proud to confer upon Dr. Chipman its 1957 Gold Medal. 





MODERN CONCEPTS OF FLOW AND FRACTURE 
(1957 Edward De Mille Campbell Memorial Lecture) . 


By Eart R. PARKER 


INTRODUCTORY REMARKS 


DAY is the day set aside by the American Society for Metals to 
honor the work and memory of a great metallurgist and teacher— 
Edward De Mille Campbell. His contributions were extensive and 
great, although they were made under the most trying of circumstances. 
He was blinded by an explosion which occurred during a laboratory 
examination of steel. At the time of this tragedy, he was only 28 years 
old. Professor Campbell was a man of great courage and a person whom 
young metallurgists would do well to emulate. After he became blind, 
he devoted more than a quarter century of his life to the training of 
students and to the extension of knowledge through research. He con- 
ducted about 75 research projects and all but three of these were carried 
out after his accident. At the time of his death, he was Head Professor 
of Chemistry and Metallurgy and Director of the Chemical Laboratory 
at the University of Michigan. The great honor of presenting this 
commemorative address has been bestowed upon me today. I can only 
say that I am deeply thankful for this privilege and for the opportunity 
to spend my life, as Professor Campbell did, in helping to train young 
men in the field of metallurgy. 


INTRODUCTION 


Prior to about 1940, availability of adequate materials was not the 
limiting factor in the construction of new machines. Since then, many 
machines and devices have been designed that cannot be built because 
of the lack of suitable materials. Some examples of today’s require- 
ments are high-temperature semi-conductors, structural materials high 
in strength and low in weight, and others that can withstand high tensile 
stresses at temperatures that would melt steel or the “super alloys.” 

Can the engineer rise to the challenge and produce the substances 
required by the atomic age? It appears that the answer must be “No,” 
if past developmental methods and practices are followed. It is only 
necessary to review the progress made, for example, in gas turbine 
alloys. During the last fifteen years, millions and millions of dollars 
were spent on “high-temperature alloy development.” To what avail? 





This is the Thirty-second Edward De Mille Campbell Memorial Lecture, pre- 
sented by Earl R. Parker, Professor of Metallurgy, University of California, 
Berkeley, California. The lecture was presented November 6, 1957, during the 
Thirty-ninth Annual Convention of the Society, held in Chicago. 
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A few new alloys were formulated and marketed but the maximum 
operating temperature was barely raised 93 °C (200°F) and at least 
half of this gain was due to better mechanical design and better quality 
control of the metallic parts. 

The lack of progress in this instance is in large part due to the same 
basic fault that retards progress in many other fields, namely, inade- 
quate understanding of the basic physical processes which control the 
behavior of materials. Consequently, investigators were almost in- 
variably forced to fall back on the empirical approach, trial and error— 
the same method used by metallurgists since prehistoric times. 

Many of the advances in metallurgy for the last 150 years have been 
associated with chemical technology. Today, however, the situation 
is different. Metallurgy has reached the point where advancement de- 
pends upon our knowledge about solid-state physics. To cite a specific 
example, the transistor resulted from fundamental advances on the 
theoretical side; it produced a technological revolution in electronics. 
A similar example is the permanent magnet made of extremely fine 
magnetic powders, an “invention” due to theoretical advances which 
predicted from fundamental knowledge that such materials could actu- 
ally exist. Clear-cut examples of this kind are limited in number at 
present but they are prototypes of those forthcoming within the next 
decade. Solid-state science will unquestionably play a major role in 
the discovery or invention of new materials. 

Another major contribution of solid-state science is an improved 
understanding of the behavior of existing materials, which will extend 
their use. While the sudden arrival of a new material is a dramatic 
event, tremendous technological advances may be expected to result 
merely from the systematic scientific analysis of materials and processes 
in current use. In fact, new materials and applications are most likely 
to occur as the by-product of a deeper understanding of the behavior 
of old familiar metals, alloys and mixtures, 

To appreciate the potential utility of solid-state science, it is necessary 
to remember that the properties of materials fall into two classes— 
those that are structure sensitive and those that are not. Since one of 
the metallurgist’s functions is to control structure, he thus has poten- 
tial control over one set of properties. About the other set, however, he 
can do nothing ; he is powerless to change the elastic constants, density, 
specific heat, and heat of fusion or sublimation. On the other hand, 
tremendous variations are possible with ductility and strength. 

The metallurgist must look forward into a new era of technology. 
In the decade following World War Il, many new metals and metal- 
loids became important. Germanium and high purity silicon revolu- 
tionized the electronics industry ; a whole new light metal industry grew 
up around titanium ; zirconium emerged from a laboratory curiosity to 
become a metal vital to the nuclear engineering program ; uranium (al- 
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most unknown in 1940) and plutonium (an amazing man-made chemi- 
cal element) formed the basis of atomic energy. 

The big lesson to be learned from this roster of new metals is that a 
host of new materials, and many of them nonmetallic, is appearing 
on the scene. There are too many combinations of elements possible 
for us to investigate them all by trial and error methods. Even though 
actual test results will provide the background information necessary 
to select the new materials, intelligent application of basic principles is 
the only feasible means of attacking the problems ahead. 

With this as a general introduction, I should like to review in this 
Campbell Memorial Lecture for 1957 the concepts of flow and fracture 
that have slowly developed during the past two decades and to show 
how these concepts can lead to the development of new or improved 
materials as well as to provide a better understanding of the behavior of 
those now in commercial use. 


DISLOCATIONS 


By 1926 physicists had learned enough about the forces holding 
atoms together to make some reasonable estimates of the theoretical 
strength of perfect crystals. Frenkel (1)? calculated from basic physical 
principles that the shear stress required to cause one plane of atoms to 
slip over an adjacent one should be about one-sixth of the shear 
modulus. The equation he derived is the following : 


om = b/a X G/2r 


where ow is the theoretical stress required to cause all atoms in a plane 
to move from their normal lattice positions to the nearest set of identical 
positions, b is the spacing between atoms in the slip direction, a is the 
spacing between rows of atoms in the direction perpendicular to the slip 
movement, and G is the shear modulus of the material. Since a and b 
are very nearly equal, the theoretical shear strength of a crystal should 
be about G/2z. This is about a million times higher than the measured 
strength of single crystals and more than ten times stronger than the 
strongest alloys. Refinements in calculations lead to theoretical yield 
strength values of about G/30 (2) but even this figure was far higher 
than measured strengths. 

Following the early theoretical work, an attempt was made to ex- 
plain the observed low yield strengths by assuming that thermal fluctua- 
tions produced local stresses in the crystal lattice of sufficient magnitude 
to start slip (3). It was subsequently shown, however, that thermal 
fluctuations cannot alter the order of magnitude of the theoretical yield 
strength and so this approach was abandoned (4). In the next step it 
was assumed that crystals contained flaws that made them weak. This 
was not an entirely new concept because Griffith (5) in 1921 had pub- 


1 The figures appearing in parentheses pertain to the references appended to this lecture. 
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lished his classical theory of cracks to account for the mechanical be- 
havior of glass. Furthermore, x-ray diffraction experiments had shown 
clearly that real crystals are relatively imperfect and that they were 
made up of tiny mosaic blocks slightly misaligned with their neighbors 
(6). It seemed reasonable to assume, therefore, that the weakness of 
crystals was due to some sort of structural imperfection. The problem 
thus resolved itself into the question: What sort of crystalline defect 
had the characteristics necessary to explain the plastic behavior of 


metals ? The answer was provided in 1934 by Taylor (7), Orowan (8), 
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Fig. 1—Sketch of Section through a 

Simple Cubic Lattice Showing Nature 

of Structural Defect Called an Edge 
or Line Dislocation. 


and Polanyi (9) who independently concluded that the defect conceived 
by Prandtl (10) and Dehlinger (11) about 1928 had the required prop- 
erties. This imperfection has since become known as an edge or line 
dislocation. An elementary form of dislocation is shown in Fig. 1. 
Here it consists of an imperfect square grid, the top half of which con- 
tains one more vertical row of atoms than does the bottom half. In a 
three-dimensional model there would be a large number of identical 
planes evenly spaced in front of and behind the one shown; thus the 
defect would consist of a missing sheet of atoms. A straight line 
through the lattice at the top of the missing sheet of atoms would co- 
incide with the region of maximum lattice disturbance. It is for this 
reason that this type of imperfection is called a line or edge type of 
dislocation. Above and below the dislocation line, the lattice spacing 
gradually returns to its normal value. In the center of the dislocation 
the lattice is extremely distorted. The atoms are squeezed together 
above the horizontal plane containing the discontinuity (the slip plane) 
and below it they are spread apart. The shear stresses are maximum 
on this plane. It is this halo of stress that causes dislocations to interact 
with other dislocations and with other lattice discontinuities such as 
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grain boundaries, sub-boundaries, solute atoms, and particles of a sec- 
ond phase. Fortunately, the laws of elastic behavior can be applied 
and thus analyses of the various dislocation reactions can be made. 
The results of such work are summarized in several texts on this sub- 
ject (2,12,13). 

This paper will show how experimental confirmation of the disloca- 
tion theory is gradually being accumulated and to indicate how theory 
can guide research to improve engineering materials. Before proceed- 
ing, however, it will be necessary to introduce several more important 
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(a) 
Fig. 2—Sketches Showing How Slip Can Occur in a Crystal by Movement of 


(a) An Edge Dislocation from Front to Back or (b) A Screw Dislocation from 
Right to Left. 


concepts. One of these-is the screw dislocation, invented by Burgers 
(14) in 1939. Unlike the edge dislocation, which extends perpendicular 
to the direction of slip, the screw dislocation is a lattice discontinuity 
extending parallel to the slip direction. This second type of dislocation 
permits a wave of plastic flow to travel through the lattice in a direction 
at right angles to that of the lattice translation. Fig. 2 illustrates how 
this can happen. In this figure the vector representing the slip direction 
and distance is indicated by arrows. This vector is designated by the 
letter, b, and is called the Burgers vector. 

Another concept of importance is that of the “Frank-Read source.” 
For nearly half a century it has been known that plastic flow occurs by 
slip on close-packed planes and that the direction of closest atomic 
approach is the slip direction. Furthermore, deformation has long been 
known to be concentrated in bands or “slip lines,” easily visible by eye 
or with a low power microscope. In 1948, Heidenreich and Shockley 
(15) showed that slip bands in aluminum consisted of layers. of indi- 
vidual slip lines separated by about 2000A of unslipped material. They 
found the amount of slip on each active plane to be about 2000A. Sub- 
sequent work has shown that the interband spacing and glide distance 
vary with temperature, strain-rate, and material but the fact remains 
that on a single slip plane the atoms slide past each other many unit 
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spacings before slip stops. The important questions are, how and why 
does slip stop after hundreds of unit slip jumps have taken place? 
The first question was answered satisfactorily in 1950 by Frank and 
Read (16) who conceived of a mechanism whereby an unlimited 
amount of slip could result from the action of a single dislocation line. 
The Frank-Read concept of a dislocation source is based upon the as- 
sumption that dislocations form in crystals during growth. These 
grown-in dislocations were presumed to be complicated in that they 





Fig. 3—Photograph of a Lithium Fluoride Crystal Showing Part of a Three-Dimensional 
Dislocation Network That Formed during Solidification (Courtesy Jack Washburn). 


did not lie entirely on a single slip plane. In fact, some dislocation lines 
were presumed to have portions lying in planes where slip was virtually 
impossible. The validity of this assumption has since been verified by 
many workers. Fig. 3 is a photograph showing a grown-in dislocation 
network in a lithium fluoride crystal. The complex three dimensional 
nature of the dislocation substructure is evident from this picture. A 
simplified sketch of a single dislocation in the form of a loop is shown 
in Fig. 4(a). Only one portion of this dislocation line lies in the slip 
plane ; it is this portion that generates an avalanche of dislocation when 
an appropriate stress is applied. The details of the generation process 
will be discussed shortly. As a prelude to this discussion it is necessary 
to point out that dislocations can move through the lattice on any plane 
but the shear stress necessary to cause motion is different for each 
plane ; the maximum and minimum stresses may vary by several orders 
of magnitude. It is natural, therefore, that slip will almost invariably 
occur on those planes that require the minimum stresses for dislocation 
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movements ; these are the characteristic “slip planes’’ observed to op- 
erate when crystals are deformed. Rarely does the stress rise high 
enough to move dislocations on the “non-slip” planes. 

The portion of the dislocation line lying on the slip plane can move 
freely when a shear stress is applied whereas the remainder of the line 
remains immobile in the lattice. This phenomenon is illustrated by the 
series of sketches in Fig. 4, which show a dislocation line in the form of 
a rectangular loop and how the portion of this dis!ocation line lying on 
the slip plane moves across this plane as the stress is gradually in- 
creased. Defects like the dislocation loop shown in (a) of this figure 
would exist whenever a patch of atoms is missing from a lattice. The 
dislocation loop would be the closed line constituting the border be- 
tween the missing patch and the remainder of the lattice. Since only 
the portion of the line lying in the slip plane could move through the 
lattice at low stress levels, this portion would move forward as the 
stress was gradually increased. The remainder of the line would lie 
immobile in the lattice and so the junctions of the movable and fixed 
portions would act as anchor points for the movable portion. Thus the 
stress would force the movable portion to expand into the slip plane to 
form a loop, much the same as a soap bubble expands outward from a 
pipe while at the same time remaining anchored around the rim of the 
pipe. A dislocation loop expanding under the action of a stress must 
contain portions of screw as well as edge dislocations. Part of the loop 
must expand sideways in order for the loop to grow and this sideways 
growth can only occur by the motion of a screw-type dislocation 
through the lattice. Furthermore, portions of the dislocation loop mov- 
ing in opposite directions are always of the same kind but opposite in 
sign, so that when the looping is nearly complete and the screw com- 
ponents moving inward in (d) and (e) of Fig. 4 finally touch, they 
annihilate each other. Thus the loop becomes “disconnected” from the 
source and the source is “regenerated,” as shown in (f), (g), and (h) 
in the figure. 

Once a complete loop has formed on a slip plane it can move freely 
away from the Frank-Read sources, expanding continuously as it 
moves through the lattice until it meets some obstacle such as a sub- 
boundary, grain boundary, or precipitated particle. In the meantime, 
the stress continues to act on the source and additional dislocation loops 
form and grow in the slip plane. These loops follow each other in rapid 
succession, as is indicated in Fig. 5 which is a sketch of a slip plane 
containing a number of concentric loops originating from a single 
source. A Frank-Read source, once activated, should continue to op- 
erate indefinitely. Why, then, is the number emanated limited to the 
few hundred observed on each active slip plane? The answer seems 
to be that the loops cannot expand freely because they encounter ob- 
stacles that stop their movement. This leads to the phenomenon of 
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Fig. 4—Sketches Showing How a Dislocation Can Be Generated by the Action of a 
Stress When a Crystal Contains a Grown-In Dislocation Loop, Part of Which Lies in a 
Slip Plane. (a) Shows the grown-in loop formed by a missing patch of atoms; (b) Shows 
how the portion of this loop lying in the slip plane is bowed outward by the stress; 
(c) through (e) Show how the size of the di loaution line in the slip plane is increased 
as the stress is raised and how it remains anchored at the points where the grown-in loop 
leaves the slip plane; (f) through (h) Show how the growing slip dislocation breaks 
away from the source and how the source is regenerated. 


strain hardening which will be described in the next section. Before 
terminating this discussion, however, a few more comments about the 
merits of the dislocation theory are in order. 

The idea of dislocations originated from efforts to explain the plastic 
behavior of metals but surprisingly enough it has found equal merit in 
explaining how crystals grow from a liquid or vapor. The growth rate 
of a perfect crystal from a vapor or liquid can be predicted theoretically 
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and it has been shown that on a perfect crystal face growth could not 
occur until a new nucleus formed. Calculations have shown that such 
a nucleus would be stable only when its diameter exceeded about 100 
atoms (17). However, the probability of forming a nucleus of this size 
is very low unless the degree of supersaturation exceeeds about 50%. 
Thus it was shown theoretically that a perfect crystal should grow al- 
most infinitely slowly in a solution or vapor of low supersaturation. 

In reality crystals are known to grow rapidly even when the degree 
of supersaturation is relatively small. How, then, could theory and 


Fig. 5—Sketch of a Slip Plane Showing a Series of 
Dislocation Loops Forming from a Frank-Read Source. 


experiment be reconciled ? The answer to this perplexing problem was 
provided by Frank (17) who postulated that the rapid growth rate 
of crystals was due to the presence of screw dislocations on the grow- 
ing faces. As can be seen from Fig. 6, growth could occur easily on 
imperfect faces because atoms could become firmly attached to the 
crystal at the step provided by the screw dislocation since there they 
would be attached to two or more atoms. The screw dislocation permits 
this kind of growth to continue indefinitely because the step moves for- 
ward as each new row of atoms is deposited and in this way it spirals 
around the screw dislocation as a pivot point. The step always remains 
because it is a basic feature of the helical crystal surface. It can easily 
be seen that the addition of an entire plane of atoms to the growing 
face will raise the surface by one atomic distance but will not change 
the configuration. Many experiments have shown clearly that rapid 
crystal growth at low degrees of supersaturation is due to the pres- 
ence of screw dislocations (18-23) and, conversely, crystal growth 
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studies have confirmed the existence of screw dislocations, which pre- 
viously had existed only in theory. 

In regard to the experimental verification of the existence of edge 
dislocations, work reported in 1952 (24) provided the first visual evi- 
dence that such crystal defects existed and that they behaved under 
stress as theory required. 

Dislocation theory shows that in a crystal containing a surplus of 
edge dislocations with the same sign, the dislocations tend to align 





Fig. 6—Sketch Showing How a Screw_Dislocation 
Can Form a Step on a Crystal Face. 





Fig. 7—Sketch Showing the Nature of an 
Edge Dislocation Boundary in a Simple Cubic 
Lattice. 


themselves one above the other in a plane perpendicular to the slip di- 
rection (2,12), as shown in Fig. 7. This array constitutes a dislocation 
boundary, which is a small angle crystal boundary of the simplest type. 
The adjoining portions of the crystal differ in orientation by a small 
angle @ which is equal to the slip distance divided by the distance be- 
tween dislocations. This kind of boundary can be introduced in a single 
crystal by plastic bending followed by annealing. Heating a bent crystal 
to a temperature near its melting point allows the dislocations to 
migrate through the lattice and to collect in positions of minimum po- 
tential energy, as shown in the figure. A boundary of this type in a 
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zinc single crystal can be seen by eye or with a miscroscope looking 
down on the top of the crystal. With appropriate lighting, one side 
of the crystal will appear light and the other dark. Thus it is easy 
to determine the location of the boundary and to observe its action 
when subjected to a stress. Since this kind of boundary consists of 
dislocations introduced by plastic flow, it should move when subjected 
to a shear stress. Experiments performed to check this conclusion 
yielded positive results (24), as Fig. 8 shows. A shear stress caused 
the boundary to move in one direction ; when the direction of stressing 
was reversed, the boundary moved in the opposite direction and passed 
its original location. Observation of the motion.of dislocation bound- 
aries constitutes direct visual evidence that dislocations do exist and 
that they move when subjected to a shear stress, as postulated by 
theory. More recently, additional visual evidence confirming the exist- 
ence and behavior of dislocations has been obtained by Gilman (25,52), 
Hirsch (26), and others. In the following section, strain hardening will 
be discussed in terms of the action of dislocations. 


STRAIN HARDENING 


What occurs within a metal to make it harder and stronger when it 
is strained plastically ? This question has perplexed man since the dawn 
of the metal age and only recently has an understanding of this phe- 
nomenon become possible. It has become increasingly clear that strain 
hardening is caused by dislocations interacting with each other and with 
barriers which impede their progress through the lattice. 

The problem of hardening is complicated because hardening involves 
the action of large groups of dislocations and group behavior is complex 
because of the large number of ways in which dislocations can arrange 
themselves. One of the main problems has been to decide which inter- 
actions were important and which were trivial. Part of the trouble has 
been caused by the confusion arising from misleading experimental re- 
sults. A review of some of the important information will facilitate this 
discussion. 

For many years it has been known that hexagonal metal crystals 
strain harden at a slower rate than do crystals of cubic metals. It was 
presumed that this difference was due to the fact that hexagonal metals 
generally slip on only one plane whereas cubic metals, because of the 
high degree of the lattice symmetry, slip with equal ease on many 
planes. Simultaneous slip on intersecting planes is more complicated 
and should cause greater work hardening than simple slip. The differ- 
ence in strain hardening characteristics is shown clearly when the 
stress-strain relationship for various crystals is represented by the 
following equation : 


¢= (¢/h)™ 


where «¢ is the strain, o the stress, h a constant called the coefficient of 
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Fig. 8—Stress-Induced Motion of a 2-Degree Dislocation Boundary in a Zinc Crystal at 

Room Temperature. (a) Original position; (b) Moved 0.1 mm to the right; (c) Moved back 

0.4 mm by reversing the direction of applied stress. Irregular horizontal line is a small step 
in the cleavage surface which forms a convenient reference mark, X 50. 


work hardening, and m a constant that is approximately one for 
hexagonal metals and two for the cubic ones. Cottrell (2) has analyzed 
data by Schmid and by Boas for magnesium and aluminum single 
crystals. His results, reproduced in the following table, show that the 
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coefficient of work hardening is substantially smaller for magnesium 
than for aluminum. 


Temperature ° K 90 290 37" 470 570 
Coefficient of work Mg 100 50 6 1 
hardening, h, in Al 700 400 300 230 180 
millions of dynes/cm? 


Furthermore, it is well known that the amount of lattice distortion 
produced by a given amount of shear strain differs markedly from hex- 
agonal and cubic crystals. Both zinc and cadmium crystals, deformed 
as much as 100% in shear, diffract x-rays as though the lattice were still 
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Fig. 9—Stress-Strain Curve for High Purity Alu- 


minum Crystal wy Difference in Rate of 


Strain Hardening for Single and Multiple Slip 
(Liicke and Lange (32)). 


relatively perfect ; diffraction spots from aluminum or copper crystals, 
deformed much smaller amounts, almost invariably exhibit severe 
asterism, showing that the lattice is broken up into subgrains differing 
slightly from each other in orientation. It might be concluded, then, 
that if a cubic crystal were forced to slip on only one family of planes, 
it would then have a stress-strain curve like that of a hexagonal metal. 
However, the early work on single crystals (27) did not bear out 
this conclusion. Many tests had been made on single crystals oriented 
so that slip should occur on only one family of planes. The results of 
such tests invariably showed high rates of strain hardening for cubic 
crystals. More recently, however, careful experiments have been per- 
formed in which slip has been confined to a single set of planes (28-32). 
In all such cases, the rate of strain hardening has been low—corre- 
sponding to that obtained with the hexagonal metals. It is now known 
that it is very difficult to produce slip on a single set of planes in a cubic 
crystal even when the crystal orientation has been carefully selected 
so that flow should occur on only one slip system. The test conditions 
used in the early work were too crude to produce simple slip. Hence 
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the conclusion was drawn that the rate of strain hardening was in- 
variably much greater for cubic metals than for those having hexagonal 
structure. Simple slip is unstable in cubic crystals and tends to change 
to double slip. Conditions which favor simple slip are high purity, low 
temperature, and absence of surface oxide films (28-32). Fig. 9 shows 
both single slip and multiple slip stress-strain curves obtained by Liicke 
and Lange (32) for aluminum single crystals. The instability of sim- 
ple slip in cubic crystals is a phenomenon that deserves considerable 
attention. It is undoubtedly a fairly complex subject but a brief dis- 
cussion of some of the factors involved may help to provide an under- 
standing of the phenomenon. This problem can be approached in a 
rather straightforward manner by considering the changes first that 
occur during the process of simple slip and how these can lead to double 
slip in cubic metals. 

Plastic flow has often been described as a process similar to the 
sliding of cards in a deck but this analogy is much too simple. The main 
difficulty is that strain hardening should not take place when deforma- 
tion occurs by the ideal simple process. Furthermore, in the absence of 
strain hardening, slip, once started on a single plane, would continue 
on the activated plane until the entire crystal was sheared apart. This, 
of course, seldom if ever occurs in reality. However, it is closely ap- 
proached under certain circumstances. Fig. 10 shows a photograph of 
zine single crystals that had been subjected to low stresses for pro- 
longed periods of time at elevated temperatures. Under these condi- 
tions, dislocations were activated on only a few planes. These dis- 
locations were only temporarily held up at imperfect regions in the 
crystal lattice and in time the trapped dislocations were able to escape, 
thence to continue to the specimen surface where they could produce 
a slip offset. As successive dislocations escaped, new ones were gen- 
erated and thus slip continued on each active plane until the huge slip 
offset shown in the photograph developed. Just how dislocations can 
escape around barriers at elevated temperatures will be discussed in 
detail under the subject of creep which is presented in a subsequent 
section of this paper. 

Returning now to the mechanism of strain hardening during simple 
slip, as early as 1938 Burgers and Burgers (33) showed that disloca- 
tions piled up in a slip plane, because of barriers that interfered with 
their motion through the lattice, would develop a “back stress” which 
would oppose the applied stress. The back stress would reduce or cancel 
the applied stress acting on the source. Thus when a hundred or so dis- 
locations had been generated the source would cease to operate. This 
theory was developed by Kochendorfer (34) and Laurent (35) into a 
detailed theory which explained in a satisfactory manner the strain 
hardening that occurs during simple slip. Experimental verification 
of this concept was provided in 1953 (36). Single crystals of zinc were 
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Fig. 10—Zine Single Crystals Showing Extensive Slip on Few 


Planes. These crystals were subjected to low stresses for long 
t.mes at elevated temperatures. 


sheared first in one direction and then in the reverse direction. The 
resulting stress-strain curve is shown in Fig. 11. The curve for the 
reverse direction has been plotted on the positive stress scale but indi- 
cated by an arrow below the curve to indicate that the strain direc- 
tion had been reversed. The strain is plotted on a continuous or total 
strain scale to assist in illustrating the behavior. The important features 
to note are that the yield stress in the reverse direction had been 
lowered below the yield stress of the annealed crystal by approximately 
the same amount that strain hardening had raised the flow stress in the 
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forward direction. This is exactly what should happen if all of the 
strain hardening were due to the back stress produced by piled up dis- 
locations. Such dislocation, while prevented from moving in the for- 
ward direction, are free to move in the reverse direction and indeed 
tended to move apart even at zero stress because of their repulsive 
interaction. Furthermore, when the stress direction was reversed, dis- 
locations of the opposite sign could have been created at the same 
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Fig. 11—Effect of Reversing Strain Direction during Testing on the Stress-Strain 
Curve of a Zine Crystal. Test temperature was —196 °C (—320 °F). Arrow in circles 


shows relative strain directions. Dashed line shows probable course of curve had 
strain been continued in original direction. 


sources that were responsible for strain in the first direction. These 
would react with the original dislocations to “unslip” the lattice. This 
“unslipping” is one source of the familiar Bauschinger effect ; it actu- 
ally softens the metal, as shown by the second curve in Fig. 11 which 
falls below the extension of the first curve. The process of “unslipping” 
was actually observed to occur, as is shown in Fig. 12 which consists 
of a series of photomicrographs taken of the same field after successive 
strain reversals. Because of the oblique lighting used, slip lines ap- 
peared dark when the slip offset was made by a strain in the forward 
direction and light in the reverse direction. 

Since experimental evidence shows clearly that crystals strained 
in simple shear are weakened as much in the reverse direction as they 
are strengthened in the forward direction, it may be concluded that the 
only work hardening process that operates in simple shear is that due 
to the back stress of piled up dislocations. 


_— 
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Fig. 12—A Series of Photomicrographs of the Same Area on a Zinc Single 
Crystal Subjected to Many Strain Reversals. Oblique illumination made slip 
bands appear dark for slip in one direction and light for the opposite direction. 
Note that some bands appear to unslip or even reverse direction of slip in 
succeeding frames; Direction of straining reversed between each frame. X 1000. 





. 50 


CONCEPTS OF FLOW AND FRACTURE 

















0.0! 0.02 003 0.04 5 0.06 0.07 0.08 OOS 


e 


Sheor T } ‘ in, per in 


Fig. 13—Effect of Changing Strain Direction in Zinc Single Crystal to New Slip Direction 
60 Degrees from the Original Direction. Test temperature —196 °C (—320 °F). Arrows 
in circles show relative strain directions. 
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Fig. 14—Effect of Changing Strain Direction in Zine Single Cry stal to New Slip Direction 
120 Degrees from the Original Direction. Test Temperature —196 °C (—320 °F). Arrows 
in circles show relative strain directions. 


[t is important to appreciate the significance of the back stress con- 
cept of strain hardening because it is this stress that is effective in stop- 
ping the generation of dislocations even in the more complex case of 
multiple slip. The difference between single or simple slip and multiple 
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Fig. 15—Stress-Strain Curves for Zinc Single Crystal Showing 
Balesanee in Rate of Strain Hardening for Single and Double 
Slip. Test temperature 25 °C. 











slip is that in multiple slip dislocations originating on intersecting slip 
planes may combine with one another to produce a resultant lattice 
displacement that is not in a slip direction. When this occurs, the dis- 
locations are immobilized because the applied stress is inadequate to 
move the resulting dislocation in the nonslip direction of its Burgers 
vector. 

The simplest type of such dislocation interaction is that occurring 
in zinc wherein slip occurs on only one plane but may occur in any of 
three directions. Figs. 13 and 14 show the stress-strain curves obtained 
by first deforming a single crystal of zinc in one direction, then inter- 
rupting the test and changing the slip direction to a new slip system 
at 60 degrees or 120 degrees to the first. The stress-strain curve as 
continued in the new direction rises well above the extension of the first 
curve. The effect of dislocation interaction on the rate of strain harden- 
ing is reconfirmed by the results in Fig. 15 which shows two stress- 
strain curves for zinc single crystals—one deformed by single slip and 
the other deformed by double slip. The one subjected to double slip 
hardened more than twice as rapidly as did the one strained in simple 
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shear. When slip occurs on two intersecting planes, as was the case 
with one of the tests with aluminum crystals shown in Fig. 19, the 
effect of dislocation interaction on the rate of strain hardening is much 
more pronounced than is the case for double slip on a single plane. 
Lomer (37) has shown that dislocations on intersecting planes in a 
face-centered cubic metal can attract one another and combine when 
their Burgers vectors are suitably oriented. Two straight dislocations 
having Burgers vectors % a [101] and % a [011] can unite to form 
a new dislocation having the vector % a [110]. The new dislocation 
is of the edge type and can glide only in the plane (001), because this 
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Fig. 16—Sketch Showing How Dislocations 
Piled Up _at Barrier in Cubic Crystal Can 
Activate Source on Intersecting Slip Plane. 


plane contains both the direction of the dislocation line and its Burgers 
vector. Since the cube plane is not a slip plane, the new dislocation 
cannot move. Immobile dislocations (called sessile dislocations) inter- 
fere with mobile dislocations gliding on the active slip planes. Reactions 
of the type indicated above occur in face-centered cubic crystals wher- 
ever slip planes cross each other. As slip progresses in such crystals, 
more and more sessile dislocations form. Thus the average distance 
between barriers decreases with increasing strain so that dislocations 
spreading out from sources travel shorter and shorter distances as 
straining is continued. The basic cause of strain hardening is still the 
back stress due to piled up dislocations but the mean free path is de- 
creased because the sessile dislocations are effective barriers. 

At this point it is possible to discuss the reason for the difficulty en- 
countered in trying to produce simple slip in cubic metals. It will be 
recalled that almost invariably multiple slip occurs when such crystals 
are strained even though the crystal is oriented so that slip should occur 
on only one plane. The difficulty occurs because of the multiplicity of 
equivalent slip systems and because of local secondary stresses induced 
by dislocations piled up at barriers. Fig. 16 indicates how a pile-up of 
dislocations at a barrier on a (111) slip plane can induce a shear stress 
on a (111) plane of sufficient magnitude to activate a source on that 











72 TRANSACTIONS OF THE ASM Vol. 50 


plane. The stress on the secondary source can be as high as n/8 times 
the stress that activated the original source, where n is the number of 
dislocations piled up in the primary slip plane. Thus local slip is induced 
to occur on two slip planes. The dislocations moving on these planes 
can interact, as previously shown, to form sessile dislocations which 
are very effective new barriers. Furthermore, the dislocations of op- 
posite sign generated at the new source are relatively free to move 
through the lattice and thus become available to interact with other 
dislocations moving on the family of planes constituting the primary 
slip system. 

Strain hardening is caused by the back stress produced by piled up 
dislocations whether the deformation occurs by simple or by double 
slip. With double slip, however, the rate of strain hardening is high 
because dislocations interact and become immobilized ; thereafter they 
interfere with the free motion of active dislocations. 


RECOVERY 


When metal is deformed at room temperature and then reheated to 
successively higher temperatures, several changes occur to relieve the 
acquired state of strain. Dislocation loops tend to become smaller and 
some may even disappear. This process happens rather rapidly and 
when it occurs the hardness drops, the internal stresses practically 
disappear, and the electrical resistivity is lowered. The best demonstra- 
tion of this recovery process is that provided by Washburn (38). He 
deformed one centimeter thick single crystals of zinc by dropping a 0.2 
gram indenter on the basal plane. This produced iridentations that ex- 
tended completely through the crystals. The deformed region consisted 
of a flat cone having a half angle of approximately 80 degrees. Before 
the recovery treatment was started, the surface layer where the impact 
occurred was cleaved off to remove the excessively distorted material. 

In indentations of this type, deformation occurs by slip on the three 
equivalent systems in the basal plane. In Washburn’s experiments, the 
maximum shear strain in the radial direction amounted to approxi- 
mately 2.5%. A careful examination failed to reveal any evidence of 
nonbasal slip. When the dimpled specimens were heated to successively 
higher temperatures, the structural changes shown in Fig. 17 occurred. 
Sharp radial and circumferential boundaries formed soon after the 
heating was started and at 300 °C (570 °F) the boundaries were clearly 
defined. At this temperature, the circumference of the dimple had 
shrunk considerably and a flat area had formed at the center. The 
boundaries were in noncrystallographic directions, showing that the 
structure contained dislocations of more than one Burgers vector. As 
the heating proceeded, dislocations of opposite sign combined and the 
dislocation structure became simpler. Boundaries that did not lie at 
right angles to a slip direction shortened and disappeared. Finally, just 
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Fig. 17—Micrographs Showing How a Dimple in a Zine Crystal Disappears during Re 

covery. (a) Dimple before reheating; (b) After heating to 300 °C (570 °F); (c) After 

heating to 350°C (660 °F); (d) After heating to 400 °C (750 °F). Diameter of dimple 
in (a) was about one millimeter. (Washburn (38)). 


before the complete disappearance of the dimple, the remaining bound- 
aries became oriented at right angles to the slip directions, showing that 
the screw components had completely disappeared. The remaining 
edge dislocations joined at nodes, as can be seen in Fig. 18. Upon heat- 
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Fig. 18—Micrograph Showing Final Stage in the Disappearance of an In- 
dentation during Heating. The most stable boundaries are those at right 
angles to directions of the type [2110]. (Washburn (38)). 


ing to 400 °C (750 °F), the dimple completely disappeared. These ex- 
periments demonstrate clearly that plastic deformation with strains 
as high as 244% can, under certain conditions, be completely recovered 
by annealing. 

A second recovery process is the combination and annihilation of 
dislocations of opposite sign. Washburn’s (38) experiment also pro- 
vided evidence that this type of recovery actually does occur when 
cold-worked metal is heated to elevated temperatures. This process, 
however, generally requires the movement of dislocations in the direc- 
tion perpendicular to the slip plane by a process known as “climb.” Dis- 
location climb is necessary before unlike dislocations can unite because 
they are generally not located on the same plane. 





1958 CONCEPTS OF FLOW AND FRACTURE 75 


In order for dislocations such as the one indicated schematically in 
Fig. 1 to climb out of the active slip plane, lattice vacancies must deposit 
all along the dislocation line. When this occurs, the line will move one 
plane higher in the lattice. A continuation of this process will cause the 
dislocation to migrate onto other parallel planes far removed from the 
plane on which it was generated. It is also possible for dislocations to 
migrate downward in the lattice. This can occur by the deposition of 
rows of atoms on the dislocation line. The climb process is relatively 
slow and its temperature dependence is exponential because its rate is 
governed by self-diffusion. 

A third phenomenon contributing to recovery is the rearrangement 
of like dislocations into a boundary like that shown schematically in 


- 


Ss 


Fig. 19—Sketch Illustrating Change in_ Structure of Small Angle 
Boundary Produced by Heating. (a) Before heating; (b) After 
heating to a temperature high enough for rapid dislocation climb. 


Fig. 7. As theory predicted, such an array of dislocations constitutes a 
low energy metastable configuration. Boundaries of this kind form only 
where there is an excess of dislocations of one. sign and only when 
these cannot collapse and disappear. The configuration of dislocations 
in the cold-worked material is indicated schematically in Fig. 19(a). 
This is a high energy arrangement which is converted by heating to 
the lower energy structure shown in (b) of this figure. Details of ex- 
periments and theory related to this process have been reviewed by 
Cahn (39). 

As predicted by theory and demonstrated experimentally by Wash- 
burn (40), a dislocation boundary of the type shown in Fig. 19(a) 
should not be a barrier to moving dislocations because each dislocation 
coming into one side of the boundary would force an identical dis- 
location to leave the other side. A boundary of the type shown in Fig. 
19(b), however, is an effective barrier for moving dislocations. 

Substructure boundaries are very stable. They remain in deformed 
metals even after heating to temperatures far above the normal re- 
crystallization temperature. For example, in zinc single crystals such 
boundaries are even stable at temperatures approaching the melting 
point ; in nickel, sub-boundaries remain in polycrystalline material even 
after heating to temperatures in excess of 800°C (1470°F); and in 
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Fig. 20—Effect of Small Angle Boundaries Developed within 
the Grains of Polycrystalline Nickel (by a Prestrain and 
Anneal Treatment) on the Stress-Strain Curve. 


steel they remain even at temperatures near the alpha-gamma trans- 
formation. Because sub-boundaries are relatively stable and because 
they resist penetration by moving dislocations, it is possible to increase 
the strength of annealed commercial materials by introducing a sub- 
structure in the grains. An example of the change in strength that can 
be thus produced is shown in Fig. 20. Polycrystalline nickel (41) was 
pre-strained various amounts and then reheated one hour at 800 °C 
(1470°F). The amount of substructure increased with increasing 
amounts of pre-strain and the yield strength increased proportionally. 

Similar experiments were performed with steel (42). Fig. 21 shows 
how effectively the yield strength of a medium carbon steel can be in- 
creased by the introduction of a substructure and Fig. 22 shows a series 
of stress-strain curves for another mild steel which illustrates the effect 
of the annealing temperature after prestraining. It is well known that 
the yield strength can be increased by cold working but when this is 
done the transition temperature, as measured by V-notch Charpy speci- 
mens, is invariably raised as is shown in Fig. 23. When the cold-worked 
material is reheated to produce a substructure, however, the embrittle- 
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ment produced by the cold work is reduced or eliminated, as shown in 
Fig. 24. The 15-foot pound transition temperature for the material cold 
worked 4% and reheated to 593°C (1100°F) was as low or lower 
than that of the as-received material. As shown by the curves in Fig. 22, 
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however, this same treatment raised the yield strength of the material 
by over 30%. 
It is evident from the results presented that recovery is now fairly 
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well understood and that fundamental studies of recovery processes can 
lead to substantial improvements in commercial materials. To sum- 
marize, there are three processes known to occur during recovery ; 
namely (a) collapse of dislocation loops; (b) annihilation of disloca- 
tions of opposite sign by combination thereof; and (c) the formation 
of substructure boundaries by dislocations of the same sign. The first 
two processes soften the material, the third strengthens it. 


Many theories of creep have been postulated to explain the behavior 
of metals at elevated temperatures. They can be separated into the fol- 
lowing three groups because of the basic assumption made in regard to 
the rate-controlling process of creep: 

1. Those that assume that activation of the dislocation source is 
the rate controlling step 
Those that assume that the movement of the dislocations (or 
“flow units”) from one potential energy trough in the lattice to 
the next equivalent position is the rate-controlling step. 
Those that assume that escape of dislocations around barriers 
is the rate-controlling step 


A brief review of the important theories will be presented to illustrate 
the historical development of this subject. 

Andrade Theory—lIn 1914 Andrade formulated the following em- 
pirical relationship between strain and time in a creep test. In his equa- 
tion, “e” is the strain, “t” is the time, and “A” and “B” are empirical 
constants. 


e 


This was the first attempt to express the creep behavior of metals in 
quantitative terms and was far advanced for this early date. 

Becker Theory—In 1925 Becker attempted to formulate a theory of 
creep based on what seemed to be a sound theoretical approach. He 
assumed that local stress fluctuations occurred in the lattice because of 
thermal vibrations and the maxima of these fluctuations acted to over- 
come the local yield strength of the crystal lattice. In this theory it was 
presumed that it was the motion of a plastic wave through a perfect 
lattice that limited the rate of creep—an erroneous assumption as has 
since been shown. 

This theory predicted a variation of the critical shear stress with 
temperature that was in marked disagreement with the measured 
change in yield strength. This meant that thermal stress fluctuations 
are only partially responsible for the low yield strength values actually 
observed. Other criticisms are that the entropy effect was ignored and 
strain hardening was neglected. Becker’s equation is the following: 
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—(oo—o)*v 
ome 2GkT 
where é =strain rate 

a. = yield strength at 0 °K 

= applied stress _ ; 
= volume involved in stress fluctuation 
= shear modulus 
= Boltzmann’s constant 
T = absolute temperature 
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Vv 
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Orowan Modification—In 1947 Orowan modified the Becker theory 
by introducing the stress concentration factor, “q.’’ He reasoned that, 
because of crystalline defects, the local stress was much higher than 
applied stress, ¢. Therefore he replaced o by qo, where q is much greater 
than one. Orowan also introduced a term, ¢(e), which takes strain 
hardening into account. His equation is given below: 

—[os +(e) —ae]*v 
kent 2GkT 





Actual test data did not follow the above relationship. The implica- 
tion of the analysis is that dislocations could be moved through the 
lattice by normal stresses only when aided by thermal lattice vibrations. 
It has since been found that dislocations move freely through a rela- 
tively perfect crystal lattice and are only held up by barriers or when 
they react with other dislocations to form sessiles. Furthermore, the 
function ¢=f(o, e, T) implies that a mechanical equation of state 
exists, and this has been proved to be untrue. 

Exhaustion Theories of Creep—Theories have been proposed by 
Mott and Nabarro (43) and also by Smith (44) which assume that 
activation of the source is the rate controlling step in creep. In 1948 
Smith proposed that a large number of dislocations exist in an annealed 
material. These dislocations were presumed to be weakly locked within 
the metal but were freed by thermal activation at elevated temperatures 
and thus could be moved by relatively small stresses. The number of 
dislocations was presumed to diminish during transient creep and no 
new dislocations were supposed to have been generated. In Smith’s 
analysis the creep rate was given by: 


E=© 
e=aC ftartene 
E=0 


where = 
= constant Bs eh ape 
= (E, t.) = energy distribution at t = o 


= Boltzmann’s constant 
= absolute temperature 
E = activation energy 
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when £(E, t.) = constant = c 
e =ack T{l-e/t™} 


Mott and Nabarro derived the following expression for exhaustion 
creep when precipitated particles were present : 


F —A(o;,—a)*” 
k] 
e NaLpve 
where a =interplaner spacing \(o,—o)*” is the activation energy 
. = distance between pre- for the “process” 
cipitated particles 
v = frequency factor o is the applied stress a 
p = factor to account for an  «; is the internal stress restraining 
avalanche occurring motion 
N = density of dislocation \ = constant 


2 exponent comes from assumption 
that internal stress field is sinu- 
soidal rather than constant 


From their analysis they concluded that part of the creep curve re- 
sulted from exhaustion creep and that pure exhaustion creep would 
occur at low temperatures and low stresses. The strain due to ex- 
haustion creep was calculated to be 


e = ( ‘(logwt) 


Since the development of the exhaustion theories, experiments have 
shown that the density of dislocations increases rather than decreases 
during the early stages of creep. Hence these theories are of no con- 
sequence. 

Kauzmann Rate Process Theory—In 1941 Kauzmann (45) proposed 
a theory of creep based on rate theory. He did not specify the “unit” 
involved in the flow process; his theory did not involve or require a 
specific physical picture. This theory assumed that motion through the 
lattice was the rate-controlling step in creep ; as mentioned previously, 
this assumption is not valid. 

In Kauzmann’s theory, flow takes place by the movement of “flow 
units” past each other in a potential field having maxima and minima. 
His equation is: 

é = Ce**/® « —*/®* sinh (qAle/kT ) 


where E = energy of activation 
AS = the entropy of activation 
C =constant 
R = gas constant 
T z=absolute temperature 
A =area of projection of flow unit 
21 =distance between two successive potential minima 
k = Boltzmann’s constant 
@ -=applied stress 
q =stress concentration factor 


his equation does not correlate with facts in any simple manner. 
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Values of qAl obtained experimentally show both stress and temper- 
ature dependence. The higher the temperature and the lower the stress, 
the larger the value of qAl. It was unreasonable to assume that this 
was due to larger values of q or 1, so Kauzmann assumed that A in- 
creased. This assumption is inconsistent with the present concept that 
dislocation pile-ups become smaller the higher the temperature and 
the lower the stress. This theory was advanced for its time but suffered 
from the limitation of an inadequate physical picture of the creep 
process. 

Nowick and Machlin Rate Theory (46)—In 1947 these investigators 
developed an improved rate theory by introducing the concept of dis- 
locations. Generation was assumed to be the rate-controlling step. They 
assumed that in steady state creep an equilibrium existed between the 
number of dislocations generated and the number that disappeared. 
They further assumed that dislocations were generated only one lattice 
distance long at crystal defects where stress concentrations existed. 
These tiny dislocations were presumed to grow to full-size dislocations 
during motion. This treatment is a combination of Becker’s theory, in 
which the energy barrier is expressed in terms of stresses, and Eyring’s 
rate theory which introduces a frequency factor; it also leads to a 
hyperbolic sine dependence of the creep rate on stress. The entropy 
effect has been taken account of by assuming that the atoms near the 
source must oscillate in the proper crystallographic direction and by 
considering the number of atoms at the source that must oscillate in 
phase in order to generate a dislocation. Their formula is very similar 
to that proposed by Kauzmann. The main difference is that the heat of 
activation is expressed in terms of an internal stress. In addition, work 
hardening has been considered by introducing a “back stress” which 
results from piled up dislocations. Their work is a definite improvement 
over Kauzmann’s but it still failed to define creep behavior accurately. 
The main reason for this, as subsequent work has shown, is that genera- 
tion of dislocations is not the rate determining step in the flow process. 

Kochendorfer Theory—In 1938 Kochendorfer (47) developed a 
theory based on the concept of dislocations. He assumed that the gen- 
eration was the creep limiting step in the process. The number of dis- 
locations generated was given by a formula of the Becker type, includ- 
ing a strain-hardening term. Mosaic blocks played a major role in this 
theory. He assumed that the first dislocations formed move through 
the mosaic block rather easily until they reached the block boundary 
where they became immobilized. Other dislocations followed and were 
stopped by the stress fields of those already piled up. Hardening re- 
sulted because of the back stress on the “source” produced by the dis- 
location pile-up. According to Kochendorfer, the back stress increased 
the activation energy required for the formation of new dislocations. 
Hardening, therefore, occurred as a consequence of an increase in the 
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activation energy required for generation rather than propagation of 


dislocations. 

Kochendérfer was remarkably perceptive considering the early date 
of his work. He postulated that many dislocations would form and 
move on each active slip plane. Many years later this was observed by 
Heidenreich and Shockley to be true and eventually the Frank-Read 
source was invented to explain the observed behavior. He also forecast 
the important role played by substructure boundaries. The difficulty 
with this theory was that he assumed that generation of dislocations 
limited the creep process. As will be discussed in detail later, it now 
appears rather clear that high temperature creep is controlled by the 
rate at which piled up dislocations can climb out of their original slip 
planes. 

Cottrell’s Theory of Atmosphere of Solute Atoms—Cottrell (2) 
showed that solute atoms cluster around dislocations to form an “atmos- 
phere.” At low stresses, the “atmosphere” may diffuse with the dis- 
locations and thus permit the dislocations to move slowly through the 
lattice. A theory of creep based on this picture has been formulated 
but it is not generally applicable. 

Polycrystalline Materials—In addition to flow within the grain of a 
polycrystalline aggregate, flow can also occur because of grain bound- 
ary sliding. A grain boundary is merely the surface of contact between 
two crystals fitting together as well as their different orientations will 
allow. Boundaries consist of areas of “good” fit and areas of “bad” fit. 

An analysis of grain boundary shearing made by Mott (48) in 1948 
yielded the following equation : 


—n L(1 — T/Tm) /kT 
@ = 2vae sinh ¢ na w/ZkT 


where a =lattice constant 

=: frequency of atomic vibration 
= area per atom 
== number of atoms in area of good fit 
== applied stress 
== Boltzmann’s constant 
= absolute temperature 

Tm = melting temperatur« 

L = latent heat fusion per atom 


Mott assumed that the shear stress was carried primarily by the 
areas of good fit and that these areas were sheared and thus disordered. 
Disordering, however, involves an increase in entropy (i.e., a positive 
change) whereas the entropies of activation found experimentally have 
been negative. 

Ké Analysis—Ké (49) observed that the activation energies for 
grain boundary slip and creep in polycrystalline aggregates were ap- 
proximately the same as that for volume diffusion. Ké proposed a model 
in which the boundary was presumed to extend in three dimensions 
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rather than in two, as in Mott’s theory. The disordered groups of atoms 
were considered as diffused holes. 
Keé’s analysis led to the following equation: 


é= Cne—™"* sinh (be /kT) 
which for low values of stress reduces to: 
é= Cnbe/kT «—*"™" 
In these equations 


b = constant 
n = density disordered groups : 
the other symbols are the same as those used previously. 


Ke’s theory did not include an entropy term, but the inclusion of 


Pc bed 


would lead to a negative entropy—a definite advantage over Mott's 
equation. Subsequent experimental work has confirmed the concept 
that grain boundary shearing really occurs so that creep is actually a 
two-fold process in polycrystalline metals. 

Recent Theories—There have been a number of additional attempts 
to formulate creep theories in recent years but of these the contribution 
by Weertman (50) shows the most promise. In 1955 he developed a 
theory of steady state creep based on the dislocation climb process 
proposed by Mott in 1951. His analysis resulted in the following ex- 
pression for creep rate, which includes the stress dependence as well 
as the temperature dependence : 


é = C(e***) 5" 


where C and a are constants 


o = stress 
k = Boltzmann’s constant 
T = absolute temperature 

It is interesting to note that this is the equation Dorn (51) found 
empirically to satisfy creep data obtained at low stresses and at temper- 
atures above 0.4 of the melting point. The great advance made by 
Weertman was due to the fact that he assumed that the rate controlling 
step in the creep process was dislocation climb. 

This presentation completes the abbreviated summary of creep 
theories and so other pertinent information concerning creep will be 
discussed next. 

Shape of Creep Curve—In the first portion of a normal creep curve 
the rate decreases continuously with time; in the second part the rate 
is nearly constant ; and in the third stage the creep rate increases con- 
tinuously. Fig. 25 shows a series of ordinary creep curves. It has long 
been thought that the first and second stages involve two different creep 
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processes. In the exhaustion theories, it was assumed that the first stage 
was associated with the disappearance of dislocations from the crystal 
lattice. The second portion, which is nearly linear, was presumed to 
prevail when an equilibrium condition existed wherein dislocations 
escaped to external surfaces at the same rate that new ones were gen- 
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erated internally. Exhaustion theories of creep, as previously men- 
tioned, are invalid because measurements of dislocation density have 
shown clearly that the number of dislocations in a metal undergoing 
creep increases rather than decreases. Furthermore, when creep curves 
of the type shown in Fig. 25 are replotted on a log-log scale, straight 
lines result as Fig. 26 shows. Also, x-ray studies made at various posi- 
tions along the creep curve have shown that a substructure is developed 
during creep and that the amount of the substructure increases con- 
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tinuously during the first stage of creep, approaching a constant value 
characteristic of the second stage. 

The bending over of the creep curve can be accounted for on the 
basis of the substructure developed during the creep test because in- 
creasing amounts of substructure result in decreasing rates of creep. 
This has been demonstrated by tests in which controlled amounts of 
substructure were introduced prior to initiation of the creep tests. Re- 
sults which illustrate this are shown in Fig. 27. The creep rate decreased 
with increased amounts of substructure and the shape of the creep 
curve was strongly dependent upon the substructure state of the mate- 
rial. As Fig. 27 shows, it is possible to change the creep curve of a 
metal from its normal concave downward shape to a straight line, or 
even to make it concave upward (a condition that arises when more 
than the equilibrium amount of substructure is introduced prior to 
initiation of the creep test). 

The next question that will be discussed is the mechanism which 
controls the creep process—dislocation climb. Although there are some 
cases wherein the creep rate is not controlled by the dislocation climb 












1958 CONCEPTS OF FLOW AND FRACTURE 87 
process, by far the majority of instances have climb as the rate con- 
trolling step; this is particularly true at temperatures above about 0.4 
of the absolute temperature melting point. 

Dislocation Climb—Many experiments have been made to determine 
the activation energy for creep. Dorn (51) has summarized these re- 
sults and shown that the activation energy for creep is almost invariably 
equal to the activation energy for self-diffusion. This is strong evidence, 
but not conclusive, that climb occurs and that the rate of climb is dif- 
fusion controlled. There is also a great deal of evidence that dislocation 


climb occurs during the annealing of cold-worked metals (2, 39). Also, 
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at Low and at High Temperature. 


Gilman and Johnston (52) have presented visual evidence that dis- 
locations in lithium fluoride do climb out of their slip planes at elevated 
temperatures. Perhaps the most direct evidence that mobile dislocations 
can detour around barriers that trap them is provided by studies of dis- 
location boundaries moving under the action of stress at both low and 
high temperatures. As shown in Fig. 28, the angle of a dislocation 
boundary decreases as it is moved through the lattice at low temper- 
atures (53). This decrease is due to the loss of dislocations from the 
boundary as it moves forward. The dislocations lag behind the bound- 
ary at the points in the lattice where they meet interference but remain 
attached to the boundary in other regions; they therefore exert a back 
stress on the boundary. As a result of this action, the stress must be 
increased continuously as the boundary is moved forward; when the 
stress is held constant, boundary motion stops. Under constant stress 
at elevated temperatures, however, the boundary continuously moves 
forward, or creeps, at a uniform rate. Furthermore, as shown in 
lig. 28, the angle of the boundary remains constant as the boundary 
moves forward. Dislocations are trapped at barriers at both low and 
high temperatures but because they are able to climb at elevated tem 
peratures, they are able to escape from the barriers and continue to 
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move through the lattice. The rate at which they can do this, however, 
is controlled by self-diffusion. It is interesting to note that for zinc 
crystals the activation energies for creep, boundaries motion, and self 
diffusion parallel to the “c” axis, are all equal. 

The mechanism of climb and how it influences creep is indicated 
schematically in Fig. 29. Climb gives dislocations a second degree of 
freedom so that they are able to move through the lattice in directions 
that are not coincident with their Burgers vector. 

Grain Boundary Shearing—In polycrystalline materials the creep 
process is somewhat more complicated because of the presence of grain 
boundaries. It has been known for many years that adjacent grains in 
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Fig. 29—Sketch Illustrating (a) How Barrier Can Cause Disloca- 
tions to Pile Up on Slip Plane and (b) How Climb Permits 
Dislocations to Detour around Barriers. 


a polycrystalline aggregate can move past one another by shear at or 
near the boundary separating them. It has long been thought that this 
process contributed substantially to the creep of polycrystalline metals, 
particularly at high temperatures. Grain boundary shearing has been 
used to explain why fine-grained materials creep faster at elevated 
temperatures than do the same materials with a coarse-grained struc- 
ture, whereas at low temperatures fine-grained material is invariably 
stronger than coarse-grained material because the boundaries interfere 
with the motion of dislocations. Fig. 30 shows the effect of grain size 
on the creep strength of brass (54). These data illustrate the typical 
grain-size effect found with almost all materials. Some recent work, 
however, has shed considerable doubt on the validity of the explanation 
of the grain-size effect. Investigations by several groups (55,56,57) 
have shown that grain boundary sliding does occur but that it cannot 
possibly contribute more than about 10% to the total creep strain. 
Under these circumstances, grain boundaries should be effective bar- 
riers to moving dislocations at high temperatures as well as low tem- 
peratures; hence, fine-grained material should be stronger in creep 
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than coarse-grained material. Since this has not been found to be so 
in most of the experimental work reported in the literature, it is evi- 
dent that there is some other factor involved which has not received 
adequate attention. Since continuous flow at high temperatures depends 
upon dislocation climb and this phenomenon is dependent upon the 
rate at which vacancies can condense on edge dislocations, an examina- 
tion of the factors that influence vacancy diffusion may lead to a better 
understanding of creep. 

The equilibrium vacancy concentration in a crystal lattice, and hence 
the volume diffusion rate, is only influenced by temperature. The situa- 
tion is different in a grain boundary, however, because the structure 
of the boundary varies with the relative orientations of adjacent grains. 
The more disorganized the boundary structure, the faster the diffusion 
rate along the boundary. Experiments have shown that boundary dif- 
fusion may be very much faster than volume diffusion. Vacancies re- 
sponsible for the climb of dislocations piled up near grain boundaries 
may travel relatively large distances along the boundary and only short 
distances through the lattice before uniting with piled-up dislocations. 
Thus, the rate of dislocation climb, and hence the creep rate, should 
depend upon the structure of the adjacent boundary. In fine-grained 
materials wherein many large angle boundaries exist, climb may be 
rapid and the creep rate high. The same material when heated to a high 
temperature to coarsen the grain structure prior to a creep test will 
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retain very few of the high energy boundaries because such boundaries 
tend to disappear during grain growth (58). The grain boundaries that 
remain are lower energy boundaries along which vacancy diffusion is 
relatively slow. The dislocation climb process should, therefore, be 
slower in the coarse-grained material because of the lower mass trans- 
port rate along the lower energy boundaries. Thus the “grain size 
effect” may not be a geometric problem at all but one having to do 
with diffusion rates of vacancy along the boundaries in the polycrystal- 
line aggregate. In the past, grain size effects have been investigated on 
materials heated to successively higher temperatures to enlarge the 
grain size. In all such investigations, two factors—not one—were 
changed. The grain size was increased but the nature of the grain 
boundaries was also altered. The second effect has been generally ig- 
nored and this has led to seemingly faulty conclusions regarding the 
grain size effect. This hypothesis is substantiated by the results shown 
in Fig. 27 which show that when low energy boundaries, such as those 
that exist in a low-energy substructure, are introduced into the material 
the creep rate is correspondingly lower. Furthermore, in a recent in- 
vestigation (59) wherein extreme care was taken to retain a random 
grain orientation in polycrystalline copper treated to produce different 
grain sizes, it was found that the creep rate increased with increasing 
grain size just as it should if the nature of the boundaries was main- 
tained constant as the grain size was altered. These results are sum- 


marized in Fig. 31, 
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Recognition of the fact that grain boundaries may act as highways 
along which atoms or vacancies can be transported to produce climb 
helps resolve another perplexing creep problem, namely, that alloying 
elements do not have the same influence on strength at high and low 
temperatures. For example, phosphorous is very effective in increasing 
the strength of steel at low temperatures but relatively ineffective at 
elevated temperatures, whereas molybdenum is a relatively impotent 
solid solution strengthener at low temperatures but is strongly effective 
at high temperatures. Both kinds of atoms are immobile at low temper- 
atures and, when concentrated in boundaries, both can block the mo 
tions of dislocations. At the high temperatures, however, the phos- 
phorous atoms can diffuse rather freely but the molybdenum atoms 
remain substantially immobile. Thus, phosphorous would not change 
the rate of vacancy migration along boundaries at high temperatures by 
any significant amount, whereas molybdenum would tend to block such 
movement and thus reduce the amount of material transported along 
the boundary. 


SOLUTION HARDENING 


Mechanisms of Solution Hardening—Until rather recently, solution 
hardening has been thought to be due to the lattice disturbances caused 
by randomly distributed solute atoms. Theoretical treatments by Cot- 
trell (2), Suzuki (60), Fisher (61), and others have shown that solu- 
tion hardening is very likely due to small groups of solute atoms con- 
centrated in the lattice, and not due to those randomly dispersed. 

Cottrell (2) has pointed out that internal stresses due to randomly 
dispersed solute atoms should have almost no hardening effect. If a 
dislocation line is considered as a rigid linear discontinuity, then along 
its length there will be equal numbers of positive and negative stress 
fields due to solute atoms. Half of these act to move the dislocation line 
forward and half urge it in the backward direction. Thus, these ran- 
domly alternating stress fields would nearly cancel and, therefore, dis- 
locations could move through the alloy crystal almost as easily as they 
could move through a crystal of the pure metal. As Mott and Nabarro 
(62,63) have shown, however, dislocation lines are not rigid. They 
may assume a smoothly curved form, but only on a scale that is large 
compared with atomic dimensions. When the regions of lattice dis- 
tortion are far apart, the dislocation line may bend or even loop around 
the highly stressed areas. When the distance between stressed regions 
approaches atomic dimensions, the dislocation line can no longer curve 
around the stressed regions because of the high energy required to 
produce sharp curves in a dislocation line. 

The energy of a dislocation has been estimated by Mott and Nabarro 
(43) as about Gd* per unit length of a dis!ocation line, where G is the 
shear modulus and d is the atomic spacing (Gd? is of the order of a few 
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electron volts). As Cottrell (2) has pointed out, a dislocation may be 
considered to have a tension 


r = Gd? 


acting along its length and tending to shorten it. The shape assumed by 
a dislocation in an internal stress field is given by 


t/p= oid 


where p is the minimum radius of curvature in the region of the internal 
stress o;. Combination of the two equations yields 


p/d = G/or 


The radius of curvature in atomic distances is equal to the shear modu- 
lus divided by the internal stress. For a radius of curvature approaching 
atomic dimensions, the internal stress would have to be about as large 
as the shear modulus. Reasonable estimates indicate that the maximum 
stress around a solute atom is of the order of G/100. Thus, it appears 
fairly clear that solution hardening cannot be due to stress field sur- 
rounding individual randomly distributed solute atoms. 

Since solution hardening cannot be accounted for on the basis of 
randomly distributed solute atoms, it might be due to concentrations 
of these atoms in the lattice or else to collections of then in substructure 
boundaries and grain boundaries. The assumption that hardening is 
due to inhomogeneous distribution of solute atoms leads to several 
theories of solution hardening ; each of these will now be discussed in 
detail. 

Cottrell Mechanism—Cottrell has proposed a mechanism of harden- 
ing in which the solute atoms form an atmosphere around dislocations. 
Atoms above a positive dislocation are compressed and those below are 
expanded. The strain energy due to this distortion can be reduced by 
the collecting of large substitutional solute atoms in the expanded region 
or small ones in the compressed volume. Similarly, interstitial solute 
atoms causing local lattice expansion will tend to collect in the ex- 
panded region of the dislocation. Atoms producing unsymmetrical dis- 
tortion may relieve shear stresses (2) as well as the hydrostatic stresses 
due to the volume change. Substitutional atoms generally produce sym- 
metrical distortion and hence can only relieve hydrostatic stresses. 

Only very small quantities of solute elements are required for the 
formation of a Cottrell “atmosphere.” Since the maximum dislocation 
density in a highly cold-worked metal is of the order of 10'* per square 
centimeter, only 0.1% of solute atoms is sufficient to form a concentra- 
tion of one solute atom per atom distance along the dislocation lines. 
In annealed metals, the concentration of dislocations is much lower; 
even in 99.999% pure metals there may be enough solute atoms to 
form an atmosphere. 
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The effect of an atmosphere of foreign atoms around dislocations is 
to raise the stress required to make the dislocations move. When a 
dislocation is moved away from its atmosphere, the region of the lattice 
containing the atmosphere is raised to a high energy state because of 
the high concentration of foreign atoms in this region. Since the extra 
energy needed to bring about this condition must be supplied by the 
external load, it is evident that the yield strength must be higher when 
Cottrell “atmospheres” have formed around the dislocations respon- 
sible for plastic flow. Once separated from the atmosphere, the disloca- 
tions can move freely and the stress required for continued flow is lower 
than that required to initiate flow. The sharp yield point phenomenon 
found in iron containing a small amount of carbon is apparently due to 
the formation of an atmosphere of carbon atoms around dislocations 
(64). The theory of solution hardening due to the interaction of solute 
atoms with dislocations has been developed to a high state by Cottrell 
(2) and co-workers. They have made calculations of interaction ener 
gies, have shown how temperature should influence yield strength, 
how strain aging in iron is accounted for, and the probable effect of 
such an atmosphere on slow creep wherein the creep is controlled by 
diffusion of the atmosphere along with the slow moving dislocations. 
Consequently, there is little to be gained by further discussion of this 
subject herein. It is sufficient to say that this phenomenon seems to be 
well established as a mechanism of solution hardening. 

Suzuki Mechanism—A similar mechanism of solution hardening that 
is not so well known has been proposed by Suzuki (60). His hardening 
mechanism is also based upon the concentration of solute atoms around 
dislocations but in a manner that differs from that proposed by Cottrell. 
This theory relies upon the interaction of solute atoms with dissociated 
dislocations in the close-packed planes of the face-centered cubic and 
close-packed hexagonal crystals. Shockley (15) has shown that ordi- 
nary edge dislocations are unstable in a close-packed plane because the 
energy of the dislocation is lowered when it dissociates into two half 
dislocations of shorter Burgers vector. A dissociated dislocation is 
shown by Fig. 32 wherein the atoms of one plane are represented by 
squares and those in the plane above by circles. The regular hexagonal 
array is indicated by the lines. During the normal process of slip, the 
atoms in the plane above would traverse the path indicated by the 
arrows on the right-hand side of the figure. Moving toward the left, 
the displacement along the slip path gradually diminishes until a region 
is reached wherein the displacement is one-half of the slip distance. This 
is a metastable region in the lattice which will vary in extent for differ- 
ent materials; it may range from a few atom distances to perhaps 50 
(15). Within this region a stacking fault exists because a face-centered 
cubic crystal assumes a close-packed hexagonal structure (or in a hex- 
agonal crystal it becomes face-centered cubic) having a thickness of 
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about two atom planes. The two half dislocations formed by the dis- 
sociation reaction move apart because of the repulsive forces arising 
from the interaction of the stress fields surrounding them. The farther 
they move apart, the more extensive becomes the stacking fault. Since 
energy is required to form or extend a stacking fault, the half disloca 
tions will cease to move apart when the energy released by such move- 
ment is less than that required to form the additional area of the stack- 
ing fault between them. The lattice to the left of the hexagonal region 
shown in Fig. 32 gradually assumes the normal configuration as the 
distance from the dislocation is increased. 

Thermodynamic reasoning leads to the conclusion that the concentra- 
tion of solute atoms in the hexagonal region wi!! differ from the average 
when equilibrium is established between this region and the surround- 
ing face-centered cubic material. This heterogeneous distribution of 
solute atoms will then cause hardening just as the Cottrell atmosphere 
does in body-centered cubic metals (where half dislocations do not 
form). In the face-centered cubic crystals it is rather unlikely that the 
formation of a hexagonal layer would cause appreciable volumetric 
disturbance. Hence the concentration of solute atoms therein would 
depend upon “chemical” (Suzuki) interaction rather than upon inter- 
action energies due to lattice distortion (Cottrell’s mechanism). 
Around each of the half dislocations, however, the lattice would be 
distorted. Therefore, both types of interaction are theoretically possible 
in face-centered cubic and hexagonal metals. Suzuki cited the work of 
Allen, Schofield and Tate (65) in support of his theory (see Figs. 33 
and 34). Quoting from Suzuki (60), “These facts would be understood 
by the present theory in taking account of Hume-Rothery’s law. 
Namely, the relative free energy of these alloys with close-packed hex- 
agonal structure against those with face-centered cubic structure de- 
pends only upon the electron concentration, and the free energy of face- 
centered cubic structure depends only upon the electron concentration 
except for a term proportional to the concentration. The critical shear 
stress .. . is, therefore, a function of electron concentration and is in- 
dependent of the chemical species of constituents.” Suzuki also pointed 
out (a) that the chemical-type interaction is considerably weaker than 
the interaction due to lattice distortion, and (b) that thermal fluctua 
tions have little effect upon the behavior of extended dislocations be- 
cause such dislocations might have to migrate as much as fifty atomic 
distances to escape from their atmosphere, whereas migration of only 
a few atom distances would free a dislocation in iron from its atmos- 
phere of carbon atoms. 

Fisher Mechanism—Fisher has proposed that short-range ordering 
provides a substantial contribution to solution hardening, particularly 
at high solute concentrations. When plastic flow occurs, the local 
ordered regions intersecting the slip planes are disordered by the flow 
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process. If y is the energy of the disordered interface, r the resolved 
shear stress, and b the magnitude of the Burgers vector, then the energy 
change associated with the movement of a unit length of a dislocation 
through a unit distance is given by 


4E=y—br 


AE is zero at the stress level that will just disorder a region by plastic 
flow. Hence 


To = ¥/b 


Fisher (61) estimates the misfit energy, y, to be about the same as the 
twin boundary energy for copper, i.e., about 20 ergs per square centi 
meter. Therefore, +r. ~ 10° dynes/cm*, or 15,000 psi. At low temper- 
atures where a fixed degree of order is frozen in, hardening due to 
short-range ordering should be nearly independent of temperature. It 
follows from Fisher’s analysis that clustering would provide a similar 
strengthening effect. 
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Hardening by Interstitial 4toms—As Cottrell has shown (2), carbon 
atoms accumulate around dislocations in iron. These atoms, being tiny, 
also tend to concentrate in the rarified regions of the crystal boundaries 
in aggregates. Sub-boundaries, or grain boundaries, containing an at- 
mosphere of carbon atoms are much more effective barriers to the 
movement of dislocations than they otherwise would be. As was shown 
in Fig. 22, the introduction of sub-boundaries by plastic flow and heat- 
ing increased the yield point of steel very markedly. This fact, along 
with other evidence (42), shows rather clearly that the main cause of 
solution hardening due to interstitia! atoms is the effect that these atoms 
have on dislocation barriers, such as substructuire boundaries and grain 
boundaries. Interstitial solution hardening is well understood (2) and 
so no more time will be devoted to it here. The story is different, how- 
ever, with substitutional hardening which will be discussed in the next 
section. 

Hardening by Substitutional Atoms—At present there is no satis- 
factory theory capable of explaining solution strengthening due to sub- 
stitutional elements. In general, it may be said that solid solutions are 
stronger than pure metals and that the strengthening effect increases 
with increasing alloy content ; however, the mechanism responsible for 
the strengthening is not yet clearly understood. Some recent experi- 
ments (66) have shed considerable light on the mechanism of solution 
hardening by substitutional atoms. In this work, single crystals of 
copper, copper manganese, and copper aluminum alloys were tested in 
simple shear. Typical stress-strain curves are reproduced in Fig. 35 
for copper and for several alloys. The elastic limit was found to be rela- 
tively unaffected by alloying, being about 200 pounds per square inch 
in all cases. The plastic portion of the stress-strain curves consisted of 
two parts, one at low strains where the rate of strain hardening was 
very high and the second at strains above about 0.5% where the rate 
of strain hardening was much lower. 

One conclusion that can be drawn from this work is that pinning of 
Frank-Read sources does not contribute to solution hardening. The 
reason for this conclusion is that the elastic limit of the material, i.e., 
the stress at which Frank-Read sources begin to become active, is sub- 
stantially unaffected by alloying. 

A second important conclusion is that dislocations pass with equal 
ease through the lattices of all of the crystals. The slope of the low strain 
region of the stress-strain curves is the same for all alloys and all con- 
centrations tested. Hence, alloying does not affect the rate of work 
hardening in this region. Pratt (67) has shown that plastic flow in this 
portion of the stress-strain curve is associated with dislocations moving 
through the lattice to the sub-boundary walls but not penetrating them. 
At the knee of the stress-strain curve, where the slope decreases mark- 
edly, the dislocations break through the sub-boundary walls and there- 
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after slip spreads at a fast rate throughout the entire crystal. 

The effect of solute elements on the stress-strain curve is to raise the 
knee of the curve to higher values of stress. The solute atoms therefore 
appear to produce solution hardening by strengthening of the sub- 
boundary walls. Thus, substitutional solution hardening seems to be 
caused by the same process that produces interstitial solution harden- 
ing, namely, the strengthening of sub-boundaries or grain boundaries 
by the accumulation of solute atoms therein. 


HARDENING IN Two-PHASE SYSTEMS 

The cause of hardening in two-phase systems has not been elucidated 
to any significant extent, principally because solution hardening has 
been so puzzling. Plastic flow must occur in the ductile matrix of the 
alloy containing the dispersed hard phase. If the plastic behavior of a 
saturated solution is not clearly understood, then it is obviously im- 
possible to understand the behavior of such a substance when it con- 
tains a dispersed second phase. Now that an understanding of the 
mechanism of solution hardening seems to be at hand, it may be pos- 
sible to attack the problem of plastic flow in a two-phase system with 
some assurance of success. This has not yet been done, however. 


FRACTURE 

There are a number of different kinds of fracture, including cleav- 
age, shear, fatigue, intergranular, and stress-corrosion, and very little 
is known about any of them. One basic fact is clear, however, namely 
that fracture is a two-stage process involving, first, nucleation of a 
crack and then, second, growth of the crack. Theories describing 
growth processes are relatively simple to devise ; indeed, a number have 
already been formulated. It is the origin of the crack nucleus that pre- 
sents the real problem at present. 

For example, how do dislocations act to form a crack nucleus in a 
ductile material that fails by shear? Similar questions apply to all of 
the other types of fracture and, as yet, there are no satisfactory answers. 
There is an encouraging note, however, because in current work a com- 
bination of theory and experiment is providing an understanding of 
how such crack nuclei can form to cause brittle cleavage fractures at 
low temperatures. According to dislocation theory, groups of disloca- 
tions piled up at barriers such as a grain boundary induce local tensile 
stresses which approach the theoretical cleavage strength of the mate- 
rial. Predictions based on this theory, e.g., the effect of grain size, are 
in good agreement with experimental results and it should not be very 
long before brittle cleavage behavior is well understood. 

Recent work on the origin of fracture nuclei in fatigue has been very 
illuminating. Experiments have shown that at least with some metals 
cracks develop on the surface and crack nucleation seems to be associ- 
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Fig. 36—Ceramic Single Crystals Bent at Room Temperature 


ated with multiple slip. Thompson, Wadsworth, and Louat (68) have 
shown that with polycrystalline copper subjected to reversed stresses, 
periodic removal of the surface layer prolonged fatigue life indefinitely. 
In other experiments (69), single crystals of zinc were subjected to 
cyclic straining in simple shear. In a room-temperature test, with a 
strain amplitude of 1%, the crystal was unharmed even after three 
million cycles or 6,000,000% accumulated plastic strain! 

Through these experiments, some of the conditions necessary to 
avoid fatigue have been disclosed. The fundamental studies of fatigue 
are progressing rapidly and the present indications are that an under- 
standing of the basic processes leading to fatigue will soon be forth 
coming. 

In regard to ductile shear-type fractures, and to some extent stress- 
corrosion cracking, the theoretical picture is still vague and unsatis- 
factory. Both of these classes of fracture involve nucleation and growth 
of cracks but at present there is no acceptable picture of either how 
cracks get started or how they grow. 


NONMETALLIC CRYSTALS 


From the accumulated knowledge about flow and fracture processes, 
it seemed reasonable to conclude that certain nonmetallic materials, 
particularly cubic ionic crystals, should exhibit plastic properties like 











1958 CONCEPTS OF FLOW AND FRACTURE 101 
those normally associated with metals. The early work by Joffe (70) on 
sodium chloride and later work on silver chloride (71) strongly sup- 
ported this conclusion. A rather large fundamental program has re- 
cently been initiated at the University of California to explore the pos- 
sibility of making certain refractory ceramic materials ductile at room 
temperature. The early results have been encouraging. Many cubic 
ionic crystals have been tested and to date all have been found to be 
ductile, or could be made so, at 70 °F. 

The most encouraging results of all are those obtained with mag- 
nesium oxide. Single crystals of this material could be bent through 
substantial angles without fracture at room temperature (see Fig. 36). 
Surface elongations up to 20% have been obtained in some of the bend 
tests. It now appears that there is a good chance that a number of useful 
ductile ceramic materials will be developed within the next few years. 


CONCLUSION 


Perhaps enough has been said—even though in rather general terms 

to indicate that metal scientists are working along lines which will 
build the foundations for new and useful materials of construction with 
unexampled properties. A little reflection will indicate that the Edison- 
ian “try everything” program is hopelessly inadequate in this day of 
rapid advance. The chance that such an approach would be worth what 
it costs is practically zero. The achievements of the solid-state physi- 
cists during the last fifteen years have been exceedingly encouraging 
and I hope that this brief account of modern concepts of flow and frac- 
ture has clearly illustrated one point—we are at last learning something 
about why metals are so weak ! 
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ELECTROLYTIC EXTRACTION OF CARBIDES 
FROM CARBON STEEL 


By R. W. Gurry, J. CurtstaKos And C. D. STRICKER 


Abstract 


Repetitive extraction of the same carbon steel, heat 
treated to contain very fine carbides, and chemical analysts 
of the residue have served to evaluate many factors pertain- 
ing to the conditions of extraction. This work has led to a 
simple, effective apparatus and technique for the electrolytic 
extraction of carbides from carbon steel. 

Tests show that the proposed method results in less de- 
composition of the carbide than other established methods. 
The performance of the new method upon steels tempered 
over a range of temperature is demonstrated. (ASM Inter- 
national Classification S11f; CN, 14-18) 


HE PURPOSE of this investigation was to determine the vari- 
Bie in extent of carbide decomposition accompanying variation 
of the individual factors constituting the conditions under which car- 
bides may be electrolytically extracted from carbon steel. It was ex- 


pected that this information would form a basis for the selection of a 
more satisfactory extraction method, and would indicate the effect of 
a deviation in the technique. Some of the knowledge gained may be of 
value in the extraction of carbides from other steels and in the extrac- 
tion of oxidic and other inclusions. 


Carbides can be considered as decomposing in two ways during ex- 
traction. In one, iron, manganese, and other elements are dissolved 
but carbon is left behind as a kind of soot ; in the: other, carbon is evolved 
as gas or is dissolved along with the other elements. Chemical analysis 
of the residue does not give complete knowledge of the extent of de- 
composition. In addition, some comparison must be made between the 
amount of carbide found and that known to exist in the weight of steel 
extracted. In view of this we determined to devise a simple experimen- 
tal technique that would permit a good measurement of the total weight 
of residue, as well as an analysis of a sample thereof. 

To investigate the effect of a variation in extracting conditions a 
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standard steel sample is needed. A medium carbon steel with consider 
able manganese was selected in order to gain hardenability and, thus, 
uniformity of constitution after heat treatment. The heat treatment was 
determined in the following way. The steel was austenitized, quenched 
to martensite, and then tempered for 24 hours at one of a series of tem- 
peratures. The resulting specimens were extracted by the best method 
known to us at the time, the electrolytic method of Klinger and Koch 
(1)? using a neutral citrate solution, and the carbide residues analyzed 
chemically. From the results a heat treatment was selected which gave 
a considerable, but not excessive, decomposition of carbide during ex 
traction. This treatment was applied to all specimens used in the de- 
velopment work, with the purpose that a variation in extracting condi- 
tions would produce an easily detected variation in the amount or the 
composition of the extracted carbide residue. In the course of the inves- 
tigation runs were made under conditions duplicating those of other 
well known methods and the results compared. Finally, some of the 
most promising combinations of extracting conditions were applied to 
specimens representing a variety of heat treatments, to evaluate their 
effectiveness. 


COMPOSITION AND HEAT TREATMENT OF THE SPECIMENS 


All extractions reported here were made on an aluminum-killed, 
carbon steel, SAE 1045, of the following composition : 0.45% C, 0.80% 
Mn, 0.027% P, 0.032% S, 0.24% Si, 0.01% Cu, 0.01% Ni, 0.02% Cr 
and 0.015% acid-soluble Al. Specimens 3 inch in diameter and vary- 
ing from 2% to 4 inches long were machined from hot-rolled bar stock 
1% inch in diameter. The 3% inch diameter was chosen since this was 
the maximum that could safely be converted completely to martensite 
upon quenching. All specimens were austenitized in vacuum for %4 hour 
at 1700 °F, quenched in brine, and tempered 24 hours. The tempering 
temperature was 800 or 900 °F for the development work, but covered 
a range from 210 to 1300 °F in the final testing of the methods. At 
900°F and below specimens were tempered in deoxidized lead; at 
higher temperatures they were heated in evacuated Pyrex tubes. Pre- 
vious to extraction a specimen was always pickled in HCI. 


THE APPARATUS AND ITS MANIPULATION 


The extraction cell shown in Fig. 1 represents the final stage in a long 
development series. The specimen A is suspended through a threaded 
connection, containing a lock washer, to the stainless steel rod B, which 
in turn is supported by pressure of the coil spring C against the remov- 
able collar D. A short piece of rubber pressure tubing will serve in place 
of the coil spring. A motor-driven, cam-controlled, leaf-spring-powered 
hammer E raps sharply and continually against the top of the rod, thus 





' The figures appearing in parentheses pertain to the references appended to this paper. 
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Fig. 1—Extraction Cell. 


violently accelerating the specimen and jarring off the isolated particles. 
In case the anolyte is not flowing these settle down upon the closed 
large-bore stopcock F. 

The cathode G is a copper sheet lining the container H which con- 
sists of an inverted one-liter bottle with its bottom cut off. Anolyte and 
catholyte are separated by the glass parts J and K, but electrically con- 
nected through the regenerated-cellulose, tubular dialysis membrane L 
which fits tightly over them. The bottom of the cathode chamber is 
closed by the rubber stopper M, and the tops of the two chambers by 
the rubber stoppers N and O. The wire to the cathode is adequately 
sealed simply by hammering flat the section which is squeezed between 
the stopper and the glass wall. Nitrogen is admitted below the surface 
of the liquid and exhausted from both chambers by glass tubes. Rubber 
extensions are attached to all outlet tubes to prevent back-diffusion of 
air. The cell is clamped to a ring stand by a special brass clamp P con- 
sisting of a screw-tightened band around the cell brazed to a small 
vertical bracing plate which in turn is brazed to the clamping rod. 
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In carrying out a run, the wet dialysis tubing is fitted over the glass 
parts J and K, which already carry the stoppers N and M, respectively. 
This assembly is then inserted into the bottle, stopper M seated, and 
the stopcock attached by means of the ball joint Q. The catholyte is 
admitted through the nitrogen inlet, and the anolyte is poured through 
the open top. The stopper O is set in position and the nitrogen flush 
started in both chambers. The nitrogen used in this work contains 
about 1% of hydrogen, added to simplify purification ; it is passed over 
copper at 750°F and then through a tower containing phosphorus 
pentoxide. After flushing the solutions for a few minutes, the weighed 
specimen, which has been pickled in HCI and-quickly rinsed with water, 
is fastened to its support rod, and this thrust through the rather tightly 
fitting hole in stopper O, which is then seated. The electrolysis current 
is turned on immediately. The current was usually rectified A.C. con- 
trolled by a rheostat, but sometimes a lead storage battery was used. 
The hammering device, which is clamped to the same ring stand as the 
cell, is lowered, the collar secured, and the motor turned on. A final 
adjustment in position of the hammering device centers the specimen 
and sets its top just above the liquid level. A drop of glycerine will 
serve to lubricate the stopper where the rod passes through. The cur- 
rent was usually set at about 0.5 ampere and the run normally con- 
tinued for about 18 hours. 

At the appointed time the D.C. supply is turned off and the hammer 
stopped. A fine-porosity fritted Pyrex crucible R, mounted atop a filter 
flask, is attached below the stopcock, as shown, and nitrogen is passed 
through. By reversing the nitrogen inlet and outlet connections to the 
cathode chamber, the catholyte is forced out of the cell and replaced by 
nitrogen. After the crucible is flushed with nitrogen, suction is applied 
to the filter flask, the collected residue is brought down and the anode 
solution filtered in a nitrogen atmosphere by manipulation of the stop- 
cock. Up to this point no air has entered either the cell or the crucible. 
Now the stopper O is lifted and the specimen as well as the anode 
chamber quickly rinsed with 5% sodium citrate solution, adjusted to 
pH 5 by addition of HCI. Any residue still clinging to the specimen rod 
is removed with a small stiff nylon brush and washed down with more 
citrate solution. Now the whole cell assembly is raised from the crucible. 
The residue on the frit is washed for 10 minutes with successive small 
additions of water, and finally for 5 minutes with absolute methyl 
alcohol. ; 

While the residue is still quite wet with alcohol the crucible is trans- 
ferred to a small vacuum desiccator and evacuated for 1% hour with an 
aspirator pump. The wet handling in air and the flushing of the air from 
the desiccator by the evaporating alcohol result in an essentially unoxi- 
dized residue. The residue can be stored thus in vacuum for an extended 
period, or it can be exposed immediately to air for weighing and 
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analysis. The controlled manner in which the residue is exposed to air 
and the experimentation which led to it are described in a later section. 
Separate portions of the residue were taken for analysis for carbon, 
iron and manganese, and occasionally for sulphur. Carbon was deter- 
mined by combustion, iron and manganese by titration, and sulphur 
gravimetrically. Homogenization previous to analysis, by gently break- 
ing up the residue in an agate mortar and passing through a 100-mesh 
sieve, was found unnecessary after extensive testing. 

The apparatus described above was effective, convenient to use, and 
trouble-free. With the electrolytes used, to be described later, no ferric 
hydroxide was encountered, except under certain extreme experimen- 
tal conditions. The hammer proved to be an effective means of knocking 
the isolated residue from the specimen. A good determination of the 
total weight of residue is obtainable simply by weighing the crucible 
with and without residue. Anolyte and catholyte of different composi- 
tion can readily be used. By introducing another tube through the 
stopper of the anode chamber to bring in fresh solution and fitting the 
bottom of the crucible with a stopper and an outlet tube, the anolyte 
can be made to flow continuously. Of course, in such a case, the nitrogen 
inlet and outlet to the crucible are closed during the electrolysis. It will 
be seen that the extraction cell is quite versatile ; it can be made to re- 
produce the essential features of most electrolytic methods. 

With a continuously flowing anolyte, a device such as that shown in 
Fig. 2 is needed to supply the solution at constant level. Here the reser- 
voir bottle A feeds solution to the constant level cup B through the 
syphon tube C, and this, in turn, to the anode chamber D through the 
syphon tube E, as demanded by the controlled outlet at the bottom of 
the anode chamber. The level control is established in the cup B by a 
device limiting the access of air to the reservoir bottle. When the liquid 
level in cup B falls below the rim of the hemispherical glass bulb F, a 
bubble of air mses through the tube G and thus enters the reservoir 
bottle, permitting a corresponding volume of solution to escape through 
the syphon C. The level is precisely controlled because, in operation, no 
sooner does it fall below the rim than it is reestablished by solution 
from the hemisphere. There is no delay in this due to friction of liquid 
passing through tubing, and, accordingly, no over-shooting. The tubing 
G must, of course, be of sufficiently large diameter, about 8 millimeters 
inside, to permit the bubble to rise through the liquid in it. The bulb H 
and the screw clamp J prevent the column of liquid in G being driven 
over into the bottle A by a large bubble. The clamp J is adjusted so 
that the level in G rises slowly due to the action of a rising bubble, and 
thus time is provided for the bubble to reach the surface before the 
liquid reaches the clamp. The opening at K assists in adjusting the pres- 
sure originally and is closed during operation of the device. The stop- 
cock L prevents overflow of the cup due to temperature fluctuation 
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when the device is idle. The cup is covered by a stopper to keep out dust, 
atmospheric pressure inside being maintained by the open tube M. 
With a continuously flowing anolyte a rather long vertical tube of 
small bore must be connected to the bottom of the crucible to provide 
the necessary suction, and a stopcock must be inserted in it to contro! 
the flow. A simple alteration of an oblique-bore stopcock, namely, filing 
a V-notch of decreasing depth, half-way round the plug from each end 
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Fig. 2—Device Supplying Liquid at Constant 
evel. 


of the bore, increased the extent of rotation of the plug from off to on, 
and thus greatly eased the achievement of a proper adjustment of the 
flow. An alternative regulation of flow was by insertion of a suitable 
length of fine capillary instead of the stopcock. If the residue is very 
fine its gradual accumulation on the frit may cause an intolerably great 
decrease in the flow. In such a case a satisfactory arrangement is to 
increase the suction by connecting an aspirator pump to a large bottle 
which serves as a collecting vessel for the waste anolyte, also making a 
corresponding adjustment of the throttling stopcock or capillary. In 
working with a strongly acid anolyte some gas is produced in the 
crucible which, unless an escape is provided, prevents replenishment of 
liquid in the crucible and results in deterioration of the residue. A suffi- 
cieritly large tube, about 8 millimeters I.D., between the cell and the 





p 


— Va 











1958 ELECTROLYTIC EXTRACTION OF CARBIDES 111 


crucible will eliminate the difficulty. Stopcock F (Fig. 1) on this tube 
is superfluous with a flowing anolyte, and the constriction which it 
introduces can thus be eliminated. Insertion of a suitably shielded 
calomel-glass electrode pair through the stopper O into the anolyte and 
connection through a commercial pH controller-recorder to a solenoid 
valve in the crucible outlet provides an automatic control of the flow. 
Many runs in the near-neutral pH range, not reported in this paper, 
were made using this means of control. 


THE ELECTROLYTE 

The electrolytes used cover a wide range of composition and include 
alcoholic as well as aqueous solutions. The composition of the anolyte 
is given in Tables I through IV, along with the composition of the re- 
sulting carbide residue. In the runs reported here the catholyte was 
almost always a solution of a cadmium salt, with anion the same as that 
of the anolyte. Usually a single solution was made up and part used for 
anolyte and part for catholyte, the total amount of salt added being 
about one and one-half times that required to sustain the deposition 
reaction at the cathode. 

It is highly desirable to maintain a fairly constant pH during extrac- 
tion to assist in the avoidance of contamination on the one hand or 
solution of the residue on the other. Evolution of hydrogen at the cath- 
ode and the attendant drift toward higher pH can be avoided by suitable 


Table I 
Aqueous lodide Extraction of 0.45% Carbon, 0.80% Manganese Steel, 
Tempered 24 Hours 





C Yield, % 
100 (Wt. C 
Normality Anolyte pH Anode C.D. Residue Analysis in res.) 
Tempering Electro- Iodide wt.c 
Temp. °F lyte Ion Initial Final amp./em? %C %Mn % Fe Sum in Steel 
1300 Cdls 0.8 6.1 3.0 0.025 644 5.6 86.1 98.1 99.8 
1300 Cdl: 0.8 5.9 2.4 0.030 6.50 5.5 85.3 97.3 100.0 
1200 Cdls 0.8 5.8 3.1 0.021 644 5.6 84.4 96.4 99.9 
1200 Cdls 0.8 5.9 2.8 0.018 640 5.5 84.4 96.3 99.1 
1100 Cdls 0.8 5.8 3.3 0.028 6.82 7.0 85.9 99.7 104.3 
1100 Cdl: 0.8 6.0 3.7 0.032 66s 69 82.9 96.5 103.8 
1100 Cdls 0.8 5.7 4.0 0.017 660 5.5 84.4 96.5 100.6 
1100 Cdl: 0.8 5.8 1.8 0.019 65, 65 83.5 96.5 100.9 
1100 Cdls 0.8 5.8 4.1 0.026 68: 6.9 83.2 96.9 99.4 
1100 Cdl: 0.8 5.5 3.9 0.020 6.38 69 86.6 99.9 98.2 
1000 Cdl 0.8 5.9 4.2 0.017 6.72 5.5 84.4 96.6 99.6 
1000 Cdl: 0.8 5.8 2.9 0.019 6.42 5.7 84.4 96.5 95.6 
1000 Cdly 08 5.5 3.5 0.023 6.42 5.7 84.9 97.0 95.2 
1000 Cdls 0.8 5.6 4.2 0.022 6.42 5.7 84.1 96.2 94.8 
900 Cdl: 0.8 6.3 4.6 0.019 650 3.8 84.4 94.7 95.2 
900 Cdls 0.8 5.9 3.7 0.020 6.82 3.8 84.4 95.0 98.7 
900 Cdls 0.8 6.2 4.6 0.025 64. 3.9 85.3 95.6 - 
900 Cdls 0.8 6.2 4.2 0.017 6.70 4.0 86.2 96.9 97.1 
900 Cdls 0.8 6.1 4.2 0.023 64s 3.9 85.3 95.7 96.8 
900 Cdls 0.8 4.8 4.2 0.020 64s 3.9 86.2 96.6 96.8 
900 Cdl: 0.8 6.0 4.4 0.022 638 40 86.2 96.6 92.3 
900 Cdl: 0.8 6.1 3.7 0.026 6.74 40 82.6 97.8 
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choice of the cation. Hydrogen, ammonium and alkali metal ions are 
normally rejected as the principal cation in the catholyte for this reason. 
Preliminary runs, not reported, were made using zinc, tin, lead, nickel, 
cobalt, copper and cadmium cations. The solubility relations are satis- 
factory for all except lead and tin. Few lead salts are soluble in water 
or alcohol, and stannous solution must be rather strongly acid to pre- 
vent precipitation of hydroxide. Copper and cadmium gave no observ- 
able gas evolution under the experimental conditions ; cobalt and nickel 
gave only a little. Of the two ions with highest cathode efficiency cad- 
mium is much to be preferred for the following reasons: it does not 
precipitate hydroxide readily, permitting use of a near-neutral solution ; 
the citrate is soluble and the metal is not precipitated upon contact with 
the steel anode, so that complications do not arise from diffusion of the 
cation through the diaphragm into the anode chamber even when a 
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Table Il 
Aqueous Chloride Extraction of 0.45% Carbon, 0. 0% Manganese Steel, 
Tempered 24 Hours at 900° 


C Vield, % 
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in Steel 


80.4 
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“dCh 0 
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95 
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Table Ill 
Miscellaneous Aqueous Extractions of 0.45% Carbon, 0.80% Manganese 
Steel, Tempered 24 Hours at 900° F 
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Table IV 
Alcoholic Extraction of 0.45% Carbon, 0.80% Manganese Steel, Tempered 24 Hours 
.C Vield, % 
100 (Wt. ( 
Normality _in residue 
Tempering Electro- of Anode C.D Residue Analysis wt.c 
Temp. °F lyte Ion amp./cm* oC %Mn & Fe Sum in Steel 


0.023 86.2 96.4 
0.020 83.6 92.5 
0.020 86.9 97.5 
0.020 87.8 98.1 
0.022 86.9 97.5 
0.009 86.9 97.8 
0.018 83.3 94.3 
0.014 83.3 93.6 
0.025 86.0 96.1 
0.023 86.9 96.4 
0.021 86.0 96.4 
0.020 85.1 95.1 
0.012 81.5 91.8 
0.018 86.9 96.6 
0.027 84.5 93.9 
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a. Cdl: dried by heating at 250°F; alcohol dried by treating with magnesium and distilling 
b. ZnCl: dried by heating to 570°F in vacuum. 
c. He instead of N2 to flush cell. 





citrate anolyte is used. A factor of some practical significance is the 
ability of the cation to give a uniform deposit on the cathode, free from 
trees of crystals which would penetrate the diaphragm and endanger 
the proper completion of a run. Of the cations, cadmium, tin and lead 
have a propensity for treeing. In spite of this disadvantage, which is 
minimized by a cathode sufficiently large and well separated from the 


diaphragm, as shown in Fig. 1, cadmium is preferred by us as the ion 
to carry out the cathode reaction. 


EXTRACTION DATA 


The data in Tables I through IV pertain to runs made with the ap- 
paratus shown and by the technique described. Very few runs have been 
discarded due to failure. It will be realized that an alteration in the 
apparatus or in the technique of handling the residue will generally 
affect the amount or analysis of the residue, and many runs which for 
some reasons are not comparable to those above are not reported. The 
necessity of evaluating a factor over again after making a change in 
conditions makes development tedious, but was found necessary in 
many instances. 

In the tables, the electrolyte and initial concentration shown were 
used for both anolyte and catholyte except when the anolyte flowed con 
tinuously. In such a case the electrolyte listed is the anolyte and the 
catholyte was a solution of cadmium chloride, 0.8 N in chloride ion. 
The pH listed was measured by glass electrode except in strongly acid 
solution where it was computed from the concentration. In the extrac- 
tions reported there was no mechanical stirring of either anolyte or 
catholyte, but in earlier work both were tried. The only stirring, aside 
from the jarring by the hammer, was from the rising nitrogen bubbles ; 
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in two runs this was accentuated by letting the rising bubbles strike the 


anode. 
Duplicate extractions show some variation in analysis. Most of this 


is due to lack of complete homogeneity of the steel, but some is attrib- 
utable to analytical error. As is to be expected, the determination of 
carbon gave the greatest error; replicate analysis of a homogenized 
residue indicated a variation of about +0.1% C. The “carbon yield” 
shown in the last column of Tables I to IV is calculated from weight 
and carbon content of both extracted steel and residue, and indicates 
the extent to which carbon was preserved, either as carbide or soot, 
during the extraction. Usually a blank in the tables indicates that a 
determination was impossible because of insufficient sample, but some- 
times simply that no measurement was made. 


VARIATIONS IN THE EXTRACTING CONDITIONS 

Many interesting effects will be observed in comparing the various 
data in Tables I through IV. Some of the more striking results, per- 
taining to extraction of the very fine carbides in the steel tempered 
24 hours at 900 °F, have been summarized in Table V. Each entry in 
the “analysis” and “carbon yield” columns represents the average of all 
pertinent data in the previous tables. In computing the carbide com- 
position from the residue analysis, account is taken of the fact that some 
of the manganese is combined with sulphur. The amount of sulphur 
found in residues extracted by the normal iodide method was about 
0.80 times that present in the steel; specifically the recovery varied 
from 0.73 to 0.87 and, as would be expected, showed no systematic 
variation with tempering temperature. In making the correction to the 
manganese content of the residue, al! of the sulphur is assumed to be 
associated with manganese. Moreover, in Table V, the-same manganese 
correction, as determined by the normal iodide method, is applied to all 
other residues. To simplify a comparison of the results, the quantities 
listed in the last three columns have been calculated, namely the per- 
centages of carbide decomposed with and without preservation of car- 
bon, and the percentage contamination of the residue. The calculation 
of this latter considers a residue to be uncontaminated if it consists 
exclusively of carbide, sulphide and carbon. It should be remembered 
that the results pertain to extraction of very fine carbides from plain 
carbon steel, specifically that tempered 24 hours at 900 °F. 

The relative effect of the halide anions is shown by the first group in 
lable V. As far as complete decomposition is concerned iodide is by far 
the best, bromide next, and chloride worst. However, iodide and bro- 
mide extraction preserved a little more carbon as soot than did the 
chloride. Attempts to substitute chloride or bromide for part of the cad- 
mium iodide, Table III, seemed to give intermediate values, as might 
be expected. 
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A great increase in current density, second group, resulted in some 
increase in total decomposition (the sum of the two tabular values) for 
hoth iodide and chloride. However, with chloride the increase in de- 
composition to soot was much greater, as was also the decrease in com- 
plete decomposition. In the normal range of 0.015 to 0.03 ampere per 
square centimeter a variation in current density had no effect. A de- 
crease from the normal current density did not seem to give any con- 
sistent improvement. 

The beneficial effect of the hammer is shown by the next group in 
Table V. For both iodide and chloride solutions, failure to use the 
hammer resulted in considerable increases in both types of decomposi- 
tion as well as some increase in contamination. Other methods of re- 
moving the carbide from the anode were formerly employed. One was 
an oscillating rubber wiper, and the other a rotation of the anode at 
8000 to 10,000 r.p.m. Of the two, the latter was more effective, but no 
more so than the hammer; it required considerable maintenance and 
gave trouble in causing the anode solution to foam. The latter was 
largely eliminated by addition of a drop of n-octyl alcohol. The hammer 
required no maintenance, gave no trouble, and was much simpler to 
use with the required exclusion of air from the apparatus. 

The effect of acidity was investigated only with chloride anion and is 
reported in Table II. Only a single run at pH zero is included in 
Table V, this corresponding to 5% by weight HCl, one of the com- 
monly used electrolytes in acid extraction. High acidity greatly in- 
creases both types of decomposition. In several cases there was so little 
residue that a complete analysis was impossible. Variation of pH in the 
range 4 to 6 seemed to have no noticeable effect on the residue from 
the steel tempered at 900 °F, nor did catching the residue in glycerine. 
Even a somewhat lower pH than this is not detrimental to large car- 
hides, as evidenced by the early entries in Table I. These same data, for 
higher tempering temperature, also indicate an unexpected tendency of 
the anode solution to become somewhat more acid during the extrac- 
tion. In general, a given set of extracting conditions tends always to 
produce about the same final pH, regardless, within reasonable limits, 
of the initial pH. 

The Klinger and Koch anolyte, and other citrate solutions as well, 
gave a great decomposition to soot, although the carbon yield was very 
good. With the apparatus and technique used, no advantage can be 
taken of the ability of the citrate to cut down on contamination by hold- 
ing iron in solution. 

One way of avoiding the danger of hydroxide precipitation without 
resorting to acid or citrate is to carry out the electrolysis in alcoholic 
solution. Accordingly, a considerable number of extractions were made 
in absolute methyl alcohol. The number of salts that can be used, how- 
ever, is very much restricted by solubility and by availability in water- 
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free form. With alcohol the cellulose membrane could not be used 
because it had a very high resistance. A new one-piece anode chamber 
embodying a cylindrical section of fritted Pyrex, 2 inches 1.D., was 
procured and with this the extraction could be carried out without 
difficulty. Most of the alcoholic runs made have been deleted from 
Table IV because of a change in technique of handling the residue 
Although, in general, there does seem io be a very slight decrease in 
amount of contamination with alcohol, the extent of both types of car- 
bide decomposition are decidedly worse. 

Some other factors are of relatively minor importance. A variation 
in concentration of anion had no appreciable effect over the range 
used. The concentration of cation had no effect as long as it was great 
enough to avoid hydrogen evolution. Bubbling nitrogen over the speci 
men, although noticeably accentuating the electrolytic attack at the 
areas of impingement by decreasing concentration polarization, seeme:| 
to result only in a slight increase in the amount of contamination, as 
indicated by a lower value for “sum” in Table I. 


HANDLING OF THE RESIDUE 


The chemical analysis, and even to some extent the x-ray electron 
diffraction analysis, of an extracted residue is dependent not only upon 
the conditions under which the extraction was carried out, but also 
upon the manner in which the residue is handled between extraction 
and analysis. This includes such details as the washing of the residue, 


stabilizing it to air, and storing it. 


Washing 

After the anode solution is filtered through the fritted crucible the 
residue is washed with solvent to remove any soluble material, par- 
ticularly salts of iron. As regards the technique of washing, it should 
be mentioned that it is advantageous to add the solvent in successive 
small portions, allowing the liquid to nearly disappear before each addi- 
tion. However, if the residue goes to dryness it will oxidize, usually to a 
detrimental degree ; the residues from the lower tempering tempera- 
tures are pyrophoric. 

Since both finely divided iron carbide and soot are known to be very 
surface-active and, therefore, tend to adsorb a considerable amount of 
material from the extracting solution, the question arises as to how 
long a residue in the crucible should be washed with solvent to prepare 
it for analysis. In Table VI are the results of washing experiments on 
residues extracted in alcoholic solution from the same steel used above, 
tempered 24 hours at 800 °F. Each successive 5-minute portion of the 
wash alcohol was analyzed for iron colorimetrically by the thiocyanate 
method. Based on the results shown, a 15-minute period of washing 
was considered adequate. 
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Table VI 
iron Content of Alcohol after Washing Residue From Steel Tempered 
24 Hours at Fe 


5 to 10 min 10 to 15 min 15 to 20 min. 20 to 25 min. 
17. mg. Fe 2. mg. Fe 0.4 meg. Fe - 

_ 0.15 0.13 0.11 mg. Fe 
39 0.44 0.13 0.12 

5.4 0.62 0.57 0.11 

1s 0.62 0.20 0.25 

8 5 3.8 0.12 0.075 
35.1 1.6 0.17 0.075 


a. Weight of residue varied from 0.6 to 0.7 grams. Volume of alcohol wash varied from 15 to 25 
for each 5 minute period. First 5 minute wash was discar 
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Fig. 3—Temperature Rise of Residue (800 °F 
Temper, 24 Hours) Upon Slow Admission of 
Air to Evacuated Desiccator. 


Stabilizing by Slow Oxidation 

To be weighed and analyzed at all conveniently a residue must be dry 
and exposed to air. It occurred to us that if the residue were oxidized 
very gradually it would not heat up and burn, and, moreover, the thin 
oxide film on each particle would make the residue relatively stable in 
air and alter the analysis only to a minimal extent. Accordingly, a 
copper-constantan couple was sealed into the lid of a vacuum desic- 
cator so that the temperature of the residue could be followed during 
exposure to air. The couple was made of extremely fine wire to mini- 
mize the conduction of heat away from the junction. A manometer was 
also connected to the desiccator. The procedure was to place a fritted 
crucible, containing a residue moist with alcohol, into the desiccator, 
replace the lid with the couple junction buried in the residue, and im- 








120 TRANSACTIONS OF THE ASM Vol. 50 


mediately draw a vacuum with an aspirator pump. After a period of 
time air was admitted slowly through a constricted glass tube, and the 
temperature of the residue are measured as a function of time. The 
readings for a typical case are plotted in the lower part of Fig. 3. Pres 
sure readings as a function of time serve to calibrate the constriction, 
and a portion of this curve, which is linear over a wide range, is also 
reproduced in Fig. 3. 

The results on eleven residues using two quite different constrictions 
are summarized in Table VII, the first entry representing the data of 
Fig. 3. In some cases after initially pumping down with the aspirator, 
the evacuation was continued with an oil pump; this caused no notice- 
able difference in behavior. With use of the constrictions the rise in 
temperature was in every case small, and, in any case, was quite satis- 
factory as judged by: (a) the lack of any change in appearance of the 
residue during oxidation ; and (b) the lack of any detectable analytical 


Table VII 
Temperature Rise of Residue from Steel Tempered at 800°F for 24 Hours 
During Controlled Admission of Air to Evacuated Desiccator 


Type of Air Pressure 
Pump for Time for Max at Max 
Evacuation Max. Temp. Rise Temp. Rise Temp. Rise 
Constriction A 
Oil 5 min. 2.7°C 35 mm 
Oil 5 2.2 35 
Oil 5.5 12.2 37 
Oil 3.5 7.2 24 
Oil 4 2.1 27 
Oil 45 2.1 31 
Aspirator 4 5.8 27 
Aspirator 7 2.4 47 
Aspirator s 0.8 56 


Constriction B 
Oil 13.5 46 9 
Aspirator 10 3.2 6 


variation. The observed variation in temperature rise probably reflects 
the difference in extent of oxidation of the residues during washing, 
which was done in the open air, although with solvent cooling. A rapid 
admission of air a few minutes after the maximum temperature had 
been reached caused no appreciable rise in temperature. Also, admis- 
sion of air a second time, after evacuation, gave no thermal effect. 
Moreover, it seemed to make no difference whether the air admitted 
to the desiccator was dried or not. The temperature rise was independ- 
ent of the time the residue was stored in vacuum, at least from ™%4 hour 
to 60 hours, showing that storage in vacuum, after evaporation of al- 
cohol from a wet residue, is quite protective. 

The results above indicate that a residue is oxidized to a slight and 
somewhat variable degree during the normal extraction and washing 
procedure used. The rapid and detrimental further oxidation upon ex- 
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nosure of the dried residue to air can be effectively reduced by the 
technique described. During oxidation under conditions which prevent 
overheating, the residue acquires a thin, but protective, oxide film in a 
very short time and at very low oxygen pressure. Although for the 
residues tested both constrictions A and B seem suitably fine, other 
coarser constrictions gave considerably more heating and were rejected. 
It is possible that a more finely divided residue would require a finer 
constriction, but perhaps the unavoidable preoxidation during extrac- 
tion and washing would eliminate the necessity of this. 

To determine the extent of oxidation of a residue during controlled 
exposure to air the following experiment was performed. A crucible 
was fitted, bottom and top, with rubber stoppers and a length of fine 
capillary inserted through the top stopper. This crucible containing a 
wet residue from steel tempered 24 hours at 800 °F, with stoppers in 
place, was put in the desiccator and evacuated. Now purified nitrogen 
instead of air was admitted and the dry residue weighed in nitrogen. 
\ir was kept out of the capillary by the technique of bringing the cru- 
cible into the air still slightly cool from alcohol evaporation, and taking 
the weight just previous to the time of temperature equilibration. The 
crucible was replaced in the desiccator, evacuated, and air admitted 
through constriction A in controlled manner. The increase in crucible 
weight, allowing for difference in buoyancy of nitrogen and air, is the 
weight of oxygen picked up by the residue. In one case it was 11.6 milli- 
grams per gram of residue, and in another, considered better, it was 
15.7 milligrams per gram. If we consider the particles to be uniform in 
size and to have an average diameter of about 0.06 microns, as indicated 
by electron micrographs of such a residue, the area per gram comes out 
to be 1.4 & 10° square centimeters. Dividing the above weight increase, 
15.7 milligrams, by this area we calculate the oxygen uptake of the 
carbide as 0.12 micrograms per square centimeter, a figure about one- 
third that obtained upon exposure of a reduced, rolled steel surface to 
air. The difference may reflect the different response of carbide and 
iron to the same treatment or, more likely, it may be largely due to the 
fact that the carbide was already partially oxidized by previous treat- 
ment when weighed in nitrogen. 


Oxidation During Storage 

After controlled exposure to air, described above, several residues 
from the steel tempered 24 hours at 800 °F were stored under differ- 
ent conditions at room temperature and the further oxidation follow- 
ing by observing the gain in weight. The results for some typical 
samples are shown in Fig. 4. A residue stored in the atmosphere oxi- 
dized more rapidly than one kept in a desiccator which was opened 
frequently for weighing, and this in turn more rapidly than one kept in 
an unopened desiccator. As mentioned previously, samples stored in 
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vacuum, at least up to 60 hours, did not oxidize appreciably, as judged 
by the rise in temperature upon controlled exposure to air. 

On the type of plot shown, weight gain against square root.of time, 
a straight line is obtained if the oxidation process is controlled by diffu- 
sion through an oxide film whose character does not change with time. 
None of the cases in Fig. 4 follow such a law, particularly in view of 
the fact that, for such a comparison, the zero on the ordinate scale 






















30 
© s 
~ 
© 
= 
= 20 
= 
a 
> | ©- Atmospheric 
€ / Air (Feb.) 
< | 4-Desiccator 
© 10 ee 4 
© - Desiccator 
(Gained 15.7 MG/G Upon 
Original Exposure to Air) 
oa - Desiccator Unopened 
s- ” ” 
0 | | 





ie) | 2 3 4 5 
./ Days 
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empered at 800 °F During Storage in Air 
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should be depressed to pertain to the reduced material. After an initial 
transient period of about two days, the oxidation is approximately 
parabolic, i.e., linear with square root of time. 

The curves of Fig. 4 are very similar to those of Winterbottom (2), 
who measured the extent of oxidation of iron in air by the polarized 
light method of determining film thickness. He found an almost in- 
stantaneous growth of a 20A film of magnetite, equivalent to 0.29 
micrograms of oxygen per square centimeter, upon exposure to air at 
20 °C. For our residue with 0.06 micron average particle size this same 
film would give a weight increase of 40 milligrams per gram of residue 
(to be compared with our value of 15.7 milligrams, which is admittedly 
too low.) After 20 days at 20°C the film had grown to about 38 A, 
which, for our residue, would correspond to an additional weight in- 
crement of 36 milligrams per gram. This is of the same order as our 
weight increase. Winterbottom’s curves also indicate parabolic oxida- 
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tion after about 2 days, and he also finds moisture in the air to increase 
the rate of oxidation. The latter fact is somewhat surprising in view of 
the fact that no water is incorporated in the oxide. 

From the above it appears that the best way to store a residue pre- 
vious to analysis is in vacuum—specifically, the original vacuum in 
which the residue is dried after washing. Then when further work is 
to be done on the residue, it can be slowly exposed to air with the 
formation of the minimum film necessary to make it stable to air. The 
thickness of the magnetite film on the particles from such a treatment 
is of the order of 20 A, and is, no doubt, quite reproducible. A pro- 
cedure almost as good for most purposes would be to store it in air in a 
desiccator, in which case the film would increase by about 3 to 7A 
during the first 24 hours, and by about 7 to 15 A during the first 25 
days, depending upon the dryness of the air. The residues reported in 
this paper were stored in air in a desiccator, opened periodically to ad- 
mit others, for periods from a few hours to about a month. 


EFFECT OF A VARIATION IN TEMPERING TEMPERATURE 


Results from Table I on all normal aqueous iodide extractions from 
steels tempered 24 hours at temperatures from 700 to 1300°F are 
summarized in Table VIII. Aqueous iodide extraction was considered 
best because it gave the least total decomposition of carbide. In Table 
VIII the carbide composition is computed after correcting the man- 
ganese content for that combined with sulphur, using the sulphur re- 
covery factor of 0.80, as outlined in Table V and the discussion thereof. 
Other quantities are computed as described in Table V. 

With higher tempering temperature the carbide particles are larger 
and, therefore, less subject to decomposition. The results shown at the 
top of Table VIII indicate the capability of the aqueous iodide method 
under favorable circumstances. As the tempering temperature is low- 
ered, decomposition increases, particularly below 900 °F, the two types 
keeping pace with each other, for the most part. The extent of con- 
tamination of the residue also increases, and in a smooth manner. It is 
interesting to note that only in the case of a specimen tempered below 
about 800 °F does the total percentage of carbide decomposition exceed 
the sulphide decomposition, 20%, assuming, of course, that all sulphur 
in the residue is sulphidic. 

Some of the results from Table VIII are plotted against tempering 
temperature in Fig. 5. Total decomposition of carbide is the sum of the 
two types tabulated. Although some lack of consistency is evident, the 
trends are quite definite. As expected, carbon content, total carbide de- 
composition, and residue contamination all increase with lower tem- 
pering temperature, the change being more pronounced below, say, 
1000 °F. The maximum in the curve for manganese content is readily 
explainable as follows. As it precipitates during quench, the carbide has 
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a manganese-iron ratio approaching that in the original steel, which, in 
the present case, would correspond to about 0.8% manganese in the 
carbide. During tempering the carbide picks up manganese by diffu- 
sion, and the higher the temperature the more will be picked up in the 
24 hours, so long as the equilibrium value is not approached. At about 
1100 °F and higher the 24-hour period is sufficient for the equilibrium 
manganese content to be nearly reached and, accordingly, the values 
found in this range reflect the fact that the equilibrium values decrease 
with rising temperature. This has been verified in another investiga- 
tion, to be published. 

For the most part, the residues consist of carbide, sulphide and soot, 
and, to the extent that they do, we consider them free of contamination. 
Attempts to dry the residue by heating in air at 230 °F resulted only 
in a slight increase in weight due to oxidation, indicating the original 
moisture content to be nil. Residues from electrolytic extraction are 
generally found to contain a considerable percentage of silica or silicic 
acid resulting from oxidation and hydration of the silicon in the steel 
during extraction. The percentage of silica in the residue due to non 
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metallic inclusions in the steel is usually very small. Four of the resi 
dues, extracted by the normal aqueous iodide method from steel tem 
pered at 900 °F, were analyzed for silica and cadmium, and the content 
found to be nil in every case. This freedom from silica is particularly 
surprising in view of the fact that, in the final technique evolved, the 
residue is not washed with alkaline solution to remove silicic acid, as 
is the commonly accepted procedure. The absence of silica in our resi 
dues may be due to a low anodic operating potential accompanying the 
use of a high concentration of iodide anions, or to the essential freedom 
of our electrolyte from dissolved oxygen. In spite of these negative 
results, silica must be considered a possible contaminant with the use 
of some electrolytes, particularly the more acid ones or those with a low 
halide concentration. With a cupric catholyte, not used in the experi- 
ments reported here, a small percentage of copper was found in the 
residue. A major contaminant, and one that is unavoidable, is oxygen. 
A 20A film of magnetite on the residue from steel tempered at 800 °F, 
assuming the average particle size to be 0.06 », would amount to an 
oxygen impurity of 4%. Even for a residue from the steel tempered 
24 hours at 1300 °F, whose average particle size is about 0.4 » (giving 
an area of 2.0 & 10* centimeters square per gram), at 20 A film would 
contribute 0.6% of oxygen. It is probable that, after storage for a 
month, the total percentage of oxygen would be about twice these 
values. For the residues from steel tempered at 800 °F, as summarized 
in Table VIII, carbon, manganese and iron total 92.3% ; including 
sulphur, the sum is 92.8%. Of the remaining 7.2%, a large fraction is 
thus probably attributable to oxygen. The residues from steel tempered 
at 1300 °F total, with sulphur, 98.1%, and again it appears that oxygen 
is probably the major contaminant. 

In the oxidation of carbide during exposure to air and during storage 
the question arises as to what happens to the carbon. If carbon is lost 
from the residue a decrease in the carbon to iron ratio will accompany 
oxidation. Our ability to determine this is poor. In the first place, a 
large fraction, probably over 50%, of the oxidation occurs during ini 
tial exposure to air and before any analysis can be made. Secondly, a 
small variation in the carbon content is not discernible with certainty 
since the accuracy of this determination is not high. After three years 
storage in a desiccator, each of two residues from the steel tempered 24 
hours at 900 °F was found to have decreased in carbon to iron ratio 
by about 1%. This is, of course, within analytical error, but, if real, 
signifies a slight loss of carbon during oxidation. In any case, the carbon 
loss during a reasonable storage period is negligible, and, therefore, the 
relative proportions of carbon, iron, and manganese are not affected. 
As far as the usual chemical analysis is concerned, then, oxidation of a 
residue results only in an increase in oxygen content (contamination ) 
and a corresponding decrease in the percentage of each of the other 
constituent elements. 
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SUM MARY 


In studying the effect of a variation in extracting conditions it is 
desirable to employ a steel whose carbide particles are fine enough to 
undergo appreciable decomposition. Thus, the resulting differences in 
amount and composition of the residue are made greater and subject 
to more accurate evaluation. In the development work reported in this 
paper, repetitive extractions were carried out on a 0.45% carbon, 
0.80% manganese steel made martensitic and then tempered 24 hours 
at 900 °F ; residues were quantitatively recovered and chemically ana- 
lyzed. A simple but effective apparatus and technique were developed 
for the electrolytic extraction of carbide from carbon steel. 

An electrolyte consisting of an aqueous solution of cadmium iodide 
was found to give a minimum of decomposition. With the iodide solu- 
tion and with other conditions optimum, this constituting our so-called 
“normal” iodide method, only 6.9% of the fine carbide in the above de- 
scribed steel was decomposed. With bromide solution the decom- 
position was twice as much, and with chloride, three times as much. 
The Klinger and Koch citrate electrolyte gave about three and a half 
times the decomposition of the iodide, and 5% by weight HCl over 
eight times. Extraction in anhydrous alcoholic solution more than 
doubled the decomposition. The iodide was also quite insensitive to a 
large variation in current density. 

A hammering device was found to be very effective in preventing 
the accumulation of a carbide layer upon the anode during extraction. 
Failure to use this resulted in two and a half to five times the carbide 
decomposition, depending upon the electrolyte. The amount of im- 
purity in the residue was quite small. The chief source of contamination 
was oxidation subsequent to extraction, and this was minimized by an 
effective procedure in which the residue is exposed to air slowly, under 
controlled conditions. 

The iodide extraction method was tested on a series of specimens of 
the same steel, tempered over a range of temperature. The extent of 
carbide decomposition varied in a continuous manner, from nil for a 24 
hour tempering at 1300 °F to 25.2% for a 24 hour tempering at 700 °F. 
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_ Written Discussion: By L. J. E. Hofer, chief, Physical and Catalytic Chemistry 
Section, Branch of Coal-to-Oil Research, U.S. Bureau of Mines, Pittsburgh 
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This extensive study of the preparation of carbide extracts from carbon ste: 
is indeed welcome. Electrolytic extraction has in the past been mainly “rule of 
thumb,” and the effects of procedural variables on the results were largely w 
known. The data presented show that real confidence may be placed on the results, 
even when the carbides are in a high state of subdivision, if the indicated pr¢ 
cautions are taken. The reviewer suggests only that powder diffraction data on 
the extracts would improve the paper and would prove beyond doubt that extracts 
are truly iron carbides and not mixtures of iron carbide, free carbon, and iron. In 
specimens tempered at the low temperature ranges, it is quite possible that carbides 
other than cementite will be present. This in itself would be of interest. 

The paper opens several new fields of inquiry. Among these may be mentioned 
the concentration of alloying elements in the carbide phase. The authors already 
have obtained some provocative data showing the concentration of manganess 
in the carbide phase. The concentration during 24-hour tempering in a 0.45% 
C steel is about 8.1-fold at 1300°F and 3.1-fold at 800°F. This technique 
will also lead itself to the determination of various phases in the tempering 
sequence. Recently Okada ?* has published data on iron carbide extracts in whicl 
the x-iron carbide phase seems to be identified quite unambiguously by both 
powder diffraction analysis and Curie point. Such results could have been obtained 
only with difficulty without the concentrating effect of electrolytic extraction. 


Authors’ Reply 

We wish to thank Dr. Hofer for his kind remarks. With reference to diffrac 
tion measurements, we, of course, did subject the residues to X-ray and, in some 
cases, to electron diffraction. The resulting patterns showed: (a) the complete 
absence of metallic iron in all residues, and (b) the presence of cementite as th 
only carbide phase in specimens tempered at 700 °F and above. The carbide phases 
in the untempered specimens and those tempered at 210°F were not identified 

As regards the use of the extraction method, we have applied it to steels of 
different manganese content tempered at various times and temperatures. Meas 
urements performed on the residues have yielded an analysis of size distribution 
as a function of tempering conditions, the equilibrium distribution coefficient of 
manganese between cementite and ferrite as a function of temperature and man 
ganese content of cementite, and the Curie Point of cementite as a function of 
manganese content. These results are in process of publication 


* Okada, Minoru, “Some Fundamental Researches in Welding Metallurgy of Steel,"’ Depart 
ment of Welding Engineering, Osaka University, 1955 
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EFFECT OF MANGANESE ON THE CURIE POINT 
OF CEMENTITE 


By Eart C. RoBErTs 


Abstract 


By determining the curves showing the gradual loss of 
cementite ferromagnetism with temperature for three series 
of annealed steels, a generalized graph relating the Curie 
temperature of the cementite to the manganese content of 
the cementite has been drawn. The manganese content for 
the cementite was determined by chemical analysis of the 
extracted residue from the steels. It is shown that the per- 
cent manganese in the cementite of an annealed steel is a 
function of both the manganese and carbon percentages of 
that steel. Empirical equations are presented to show the 
relationship between the manganese content of the cementite 
(a) the manganese content of the steel, (b) the manganese 
content of the ferrite phase, (c) the Curie temperature of 
the cementite. (ASM International Classification: P1éd, 
2-10; ST, Mn) 


INCE Karsten (1)? first reported isolating a “carboniferous com- 
S pound” in 1824, investigations pointed towards a better under- 
standing of the nature and behavior of cementite in; ferrous materials 
are too numerous to mention, and good review articles are available 

2,3). Studies of the alloying of cementite with manganese seem to 
have started with Arnold and Read’s (4) investigation in which the 
carbides in manganese-bearing steels were extracted by electrolysis 
and analyzed chemically. Their conclusion was that the weight percent 
manganese in the cementite varied linearly with the weight percent 
manganese in the steel, the concentration ratio being about 5 to 1 for 
steels with manganese contents of less than 4%. Later work by Maurer 
and Hartmann (5) and more recently by Houdremont, Koch and 
Wiester (6) also indicated linear variations in the manganese percent- 
ages but suggested a 4:3 and 4:1, respectively, for the cementite man- 
ganese to steel manganese ratio. 

Jacobson and Westgren (7) indicated that manganese reacts with 
carbon to form MngC which is isomorphous with FesC and forms a 
continuous series of solid solutions with it. Yoshisaki’s recently re- 


The figures appearing in parentheses pertain to the references appended to this paper. 

\ paper presented before the Thirty-Ninth Annual Convention of the Society, 
held in Chicago, November 4-8, 1957. The author, Earl C. Roberts, is Associate 
Professor, Metallurgical Engineering, University of Washington, Seattle 5, 
Washington. Manuscript received October 16, 1956. 
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ported work (8) indicates that Arnold and Read’s suggested double 
compound (3FesC-MnsC) occurring in steels containing more than 4% 
manganese is questionable, and a continuous intermetallic solid solu- 
tion apparently is formed. This same conclusion was reached by Cheve- 
nard and Portevin (9) in 1925 from studies of approximately 4.5% 
carbon, manganese-bearing cast irons. 

Since P. Curie’s (10) determination of the variation in magnetic 
intensity of iron with increasing temperature, it has been discovered 
that cementite shows an analogous temperature dependence on change 
of magnetic intensity (11). The familiar A, of the iron-cementite 
equilibrium diagram, which is called the Curie temperature of cement- 
ite, has been determined from the magnetic intensity-temperature curve. 

A number of alloying elements and particularly carbide forming 
elements are known to replace iron in the cementite lattice (12) and 
to change the Curie temperature of the cementite. Until now this has 
been done for manganese-bearing cast irons (8,9) manganese steels 
transformed to pearlite and bainite (13) but apparently not for steels 
in the fully annealed or spheroidized condition. 


EXPERIMENTAL PROCEDURE 


One high purity iron-carbon alloy (14) and three series of steels 
of different carbon percentages were chosen as specimen sources. (See 
Table I.) Each series was relatively constant with respect to the man- 
ganese percentage and all steels had been especially prepared so as to 
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have a minimum residual alloy content. All analyses were made on 
chips from the bar stock used. A piece from each steel was machined 
to a cylindrical specimen 3 inches long with a 0.240 (+0.001) inch 
diameter to provide uniformity for magnetic testing. A small diameter 
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hole, 4 inch in depth, was drilled into one end of each specimen to 
allow the introduction of the (Pt-Pt-10% Rh) thermocouple used to 
determine the specimen temperature. 

If either the cementite is very fine or the steel is in a cold-worked 
condition, variations in the Curie temperature are found (15). In 
order to avoid difficulty from these effects and to achieve as close to 
an equilibrium state in the steels as possible, each specimen of steel, 
following machining and cleaning was sealed in an evacuated glass 
tube and annealed for 100 hours at 1200 °F. This is well within the 
time-temperature range used by Bain, Davenport and Waring (16) 
in their studies of the iron-manganese-carbon equilibrium diagram. 

Magnetic measurements were made on the steels using the magne- 
tometer of a combination magnetometer-dilatometer that has been pre- 
viously described (17). A constant applied field strength of 300 gausses 
was used. This rather low field strength was used, as greater sensitivity 
in Curie temperature determinations has been found with low field 
strengths than with high (18). 

Following these measurements the specimens were made the anodes 
in a modification (19) of a special double electrolytic cell containing 
a neutral anolyte solution (20). In all specimens except one, more than 
90% of the amount of cementite present in the steel (as calculated from 
the carbon percentage of the steel) was obtained by electrolysis. 


EXPERIMENTAL RESULTS AND DISCUSSION 

The summarizing plots of magnetic deflection versus temperature 
curves for the three series of steels and for the high purity iron-carbon 
alloy are shown in Figs. 1, 2, 3 and 4. The experimental points shown 
in the latter figure have not been included on the other graphs for the 
sake of clarity. Each curve represents the best average plot of the data 
obtained by first slowly heating (~5 °F /min.) the specimen to above 
the cementite transition and then slowly cooling back to room temper- 
ature. The data of Fig. 4 was taken primarily to establish a singular 
Curie temperature for high purity cementite. This is usually given as 
210 °C (410 °F). 

The method of Curie temperature selection used is shown in Fig. 1 
on the curve obtained for specimen 3M-1. This simply involved the 
location of an intersection between a line coincident with the main 
slope of the curve and a second line extrapolated back from the con- 
stant value reached when the ferromagnetic to paramagnetic conversion 
of the cementite is complete. 

Tested by application to the high purity cementite curve, this method 
gave a value of 406 °F (208°C). This temperature thus closely cor- 
responded to the quoted value and for the purposes of this investigation 
represented a more accurately located reference point than if the latter 
had been arbitrarily selected. 
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Fig. 1—Magnetometer Deflection Versus Temperature Plots for Steels Containing 
Approximately 0.3% Manganese 
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Fig. 2—-Magnetometer Deflection Versus Temperature Plots for Steels Containing 
Approximately 0.5% Manganese 


Fig. 5 is a plot showing the relationships between the determined 
Curie temperature of the cementite and the manganese content of thi 
carbide. Relatively little difference was found if the analyzed cementit« 
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Fig. 5—Change in Curie Temperature (F) with Increasing Weight Percentages of 
Manganese in the Cementite. 


manganese contents or the ratio of the weight percent manganese to 


total metal ion weight percentage in the cementite were plotted. This 
latter factor better represented the factors contributory to the mag- 
netic behavior, as the calculated carbon content of the cementite varied 
only slightly (Equation 1) for the range of manganese values in the 
specimens studied. 


Wt.% C in carbide = 6.680 + 0.0011 (Wt.% Mn in carbide) 
Equation 1 

Equation I applies for manganese contents between 0 and 50%, the 
latter being the composition point where more complex carbides may 
possibly enter the picture (3). 

The relationship between the Curie temperature in degrees Fahren- 
heit and the analyzed percent manganese in the cementite is given by 
Equation 2: 

Curie Temp. (°F) = 406 — 39.3 (Wt.% Mn in cementite ) 
Equation 2 

This simplified expression allows an approximate calculation if 
either one of the two variables is known. 

A possibly more fundamental relationship exists between the Curie 
temperature in degrees Kelvin and the ratio of the number of man- 
ganese atoms to the total number of metallic atoms per atom of carbon. 
This is shown in Fig, 6. 
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Fig. 6—Change in Curie Temperature (K) as a Function of the 
Atomic Percentages of Manganese and Carbon in the Cementite 


Of some practical importance is the relationship between the per- 
centages of manganese in the steel and manganese in the cementite. 
Although previously shown as a straight line (4,5,6), the data obtained 
in this investigation indicate that a curvilinear relationship is followed. 
\ very marked dependence on the percent carbon in the steel was also 
observed. The Mn (steel) /Mn (cementite) relationship obtained for 
the approximately 1% carbon steels and the corresponding Curie 
temperature/Mn (cementite) relationship are shown in Fig. 7. 

3y simple analysis it was found that, for the experimental results 
obtained in this work, the manganese percentage of the steel was re- 
lated to the manganese percentage of the cementite by a parabolic 
expression : 


% Mrrey = V% Mn(s)/k—A Equation 3a 


The value of A was determined graphically and k was easily seen to 
be a function of the carbon percentage of the steel. The empirical ex- 
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pression that best fitted the available data is given by Equation 3b. 
% Mire) = V% Mn(s)/0.0833% Ci.» — 1.56 Equation 3b 


All percentages used in these equations are weight percentages. 

A direct evaluation can be made by the use of the graph in Fig. 8. 
This graph has been drawn so as to cover only the limited data range 
available as a result of this research. Results from broader composi 
tion ranges will be necessary before its extension in two dimensions 
can be justified. 
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Table Il 
Calculated Cementite Manganese Percentages from Steel Manganese Percentages 


Manganese % Manganese 
n Cementite in Cementite 
Analyzed) (Calculated) 


1.60 
1.25 
1.25 


.68 
1.98 
2.25 
1.95 
6.95 
4.60 
5.16 
3.28 
3.20 


Table Ill 
Calculated Cementite Manganese Percentages from Ferrite Manganese Percentages 


% Manganese % Manganese 
Specimen % Manganese in Cementite in Cementite 
Number in Ferrite (Analyzed) Calculated 


0.119 1.60 
0.104 1.25 
0.074 1.25 


0.240 2.68 
0.239 1.98 
0.261 2.25 
0.186 1.95 


0.808 6.95 
0.536 4.60 
0.525 5.16 
0.466 3.28 
0.610 3.20 


NNN eee 
Aka Nw 


wWenrhinn NOenh ma 


WG me mm OO 
On 


Table II shows the results of the application of this equation to the 
experimental data. Although in one instance the application resulted 
in an error of about 18% for the calculated value as compared to the 
analytical result the overall error is only about 6%. It should be 
pointed out that the silicon percentage of the steel seemed quite im 
portant. In the two specimens for which the equation failed, the silicon 
percentage was either low or undetermined. Fortunately, in most of 
the specimens, the silicon percentages varied between 0.19 to 0.29% 
and therefore were practically within the normal range for steels ; e.g., 
0.20 to 0.35%. 

The obtaining of a reasonably satisfactory relationship between the 
cementite manganese and the total manganese of the steel suggested 
that an analogous expression might be obtained for the distribution of 
nanganese between the ferrite and cementite phases of the steel. 

Since a detailed record of the weights of the specimens before and 
after electrolysis and the weights of cementite obtained from them was 


kept, the ferrite manganese percentages were easily calculable. Such 
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percentages can be related to the cementite manganese percentages by 
Equation 4. 


% Mire) = V% Mn(f) /0.0556% Cos Equation 4 


Fig. 9 shows the graphic evaluation of this equation. Table III shows 
the calculated versus analyzed percentages of manganese in the cemen- 
tite assuming that the weight percent ferrite is known. 

The results given for the calculated percentages of manganese in 
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Fig. 9—Relationship Between Percent Manganese in the Ferrite and Per 
cent Manganese in the Cementite for Steels of Various Carbon Contents 


the carbide in Table III are not within the limits of accuracy of the 
similar data in Table II. This is to be anticipated as some error un- 
doubtedly enters in the calculation of the percent manganese in the 
ferrite. 

CONCLUSIONS 

1. A linear relationship exists between the Curie temperature and 
(a) the manganese content of the cementite, (b) the percent man- 
ganese over total metal ion percentage of the cementite in annealed 
steels. The Curie temperature decreases as the cementite manganese 
increases. 

2. The data indicate a relationship between the manganese percent- 
age in the cementite and (a) the manganese content of the steel, (b) 
the percent manganese in the ferrite phase. Empirical equations devel- 
oped from limited experimental data allow calculations to be made 
The results so obtained compare favorably with those obtained from 
chemical analysis. 
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DISCUSSION 


Written Discussion: By A. G. Molinder, chief metallurgist, Uddeholm Co., 
Munkfors Works. 

In the column “Analysis of Cementite” in Table I the total metal ion content 
%oMn + %Fe in no case reaches higher figures than 88%. Yet the author uses the 
analyzed manganese content as a measure of the manganese content of the carbide 
It might have been better to use the expression 


JoMia) 


—— - - — 0,067 
JoMray + FoF era u a) (1) 


JoMn«e) = 
where index (a) means analyzed metal ion content. 
In a Fe-Mn-C-diagram the composition points for the ferrite, the cementit 
and the total steel analysis must lie on a straight line. Thus 


ToC — FoCiny 
(%Mrnrey — JoMruxe)) * met C  — %Mni. (2) 


/O42) X (ft) 
where %Cw, YC and %Ci-) means carbon content of the steel, the ferrite 
(abt. 0.05%) and the cementite (abt. 6.67%) respectively. 

Equation IIIb and IV in the paper do not follow this relationship. 

It would be interesting to know if the author has looked for any other carbide 
than (Fe, Mn)sC in the steel investigated. The manganese contents of the cement 
ite in the specimens 8M-1, 8M-2, 8M-3 and 8M-4 are so much higher than those 
of the specimens 8M-5 and 8M-6 that it can be suspected that an other carbide 
than cementite may be present. 


Author’s Reply 

The author appreciates Mr. Molinder’s interest and careful resumé of this work 
In answer to his first remark, the equation submitted by Mr. Molinder is more 
accurate than that used by the author, but the additional correction factor is of 
relatively small significance for the major portion of the data. Admittedly this 
factor would become of increasing importance as the manganese content of the 
cementite increased, but in the range of compositions studied its use exerts littl 
if any, influence on the slope of the line in Fig. 5. 

Equations IIIa, IIIb and IV are empirical determinations which seem to fit 
data reasonably well. The author wonders whether the complex equation sug 
gested by Mr. Molinder might be carrying the mathematical analysis beyond the 
limits of experimental error—particularly for substances which are not pure 
Fe-Mn-C alloys. 

In answer to the discusser’s inquiry regarding the presence of other carbide 
phases, it can be reported that all the extracted residue from each of the steels was 
ferromagnetic at room temperature. This would indicate that other carbides, which 
should have developed under the conditions of heat treatment if they were stable 
phases, were either not present or were also ferromagnetic. The likelihood of the 
latter circumstance is very small. 
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MORPHOLOGICAL AND PHASE CHANGES 
DURING QUENCH-AGING OF 
FERRITE CONTAINING CARBON AND NITROGEN 


By G. LAGERBERG AND B. S. LEMEN?1 


Abstract 


The quench-aging of a Fe-C alloy (0.016% carbon), a 
Fe-N alloy (0.084% nitrogen), and two Fe-C-N alloys 
(0.021% carbon, 0.028% nitrogen and 0.023% carbon, 
0.011% nitrogen) was studied by means of light micros- 
copy, electron microscopy, and electron diffraction. The 
following two-stage reactions were found to occur: ferrite 
supersaturated with carbon—>e—carbide—cementite ; fer- 
rite supersaturated with nitrogen—a”’ —nitride—y’—ni- 
tride; ferrite supersaturated with both carbon and nitro- 
gen—>e—carbonitride—>cementite. At relatively low aging 
temperatures, only the first stage was observed; whereas 
both stages occurred at intermediate temperatures. At rela- 
tively high aging temperatures, the first stage is apparently 
omitted and the final products form directly from ferrite. 
The early stage of precipitation was found to involve the 
formation of films at ferritic subboundaries corresponding 
to a subgrain size of 10-4 to 10—* centimeters. These films 
may be due to segregation of solute atoms which migrate 
to the subboundaries. Rapidly localized thickening of these 
films and the eventual formation of platelets from the thick- 
ened portions was observed. The subboundary films disap- 
peared in favor of the platelets before the start of the second 
stage. In Fe-C-N alloys, a higher nitrogen content appar- 
ently results in both greater stability of the e-phase and a 
larger average particle size of the cementite phase. (ASM 
International Classification N7a; CN) 


INTRODUCTION 
Q' JENCH-AGING of mild steel is accompanied by marked changes 
in physical properties. These changes are now generally under- 
stood as being due to the decreasing solubilities of carbon and nitrogen 


This paper is part of a thesis submitted by G. Lagerberg in partial fulfillment of the degree 
f Master of Science in Metallurgy (August 1955) Massachusetts Institute of Technology 





\ paper presented before the Thirty-Ninth Annual Convention of the Society, 
held in Chicago, November 4-8, 1957. Of the authors, G. Lagerberg is associated 
vith the Research Dept., Stora Kopparbergs Bergslags Aktiebolag, Domnarvet, 
Sweden, and B. S. Lement is associated with the Research Staff, Division of 
Sponsored Research, Department of Metallurgy, Massachusetts Institute of Tech- 
nology, Cambridge, Massachusetts. Manuscript received February 18, 1957 
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in ferrite with decreasing temperature. The respective solubility curves 
have been determined by various investigators (1-5). On quenching 
ferrite, carbon and nitrogen are retained in supersaturated: solution. 
During subsequent aging, the solute atoms are rejected from the solu- 
tion in the form of carbides or nitrides. 

During recent years the reactions occurring during quench-aging 
have been studied by means of various techniques. On the basis of 
internal friction measurements, it was reported by Dijkstra (3) and 
by Wert (6,7) that carbon precipitated as cementite in a single stage 
at all temperatures whereas nitrogen precipitated in two stages forming 
a”—Fe,gN2 (8) and y’—Fe,N successively. Possible evidence of a 
two stage process during carbon precipitation was later reported by 
Krisement (9) who observed a heat effect below 218-230 °C (425- 
445 °F) in making a calorimetric study of the carbon solubility in 
ferrite. He attributed this effect to e-carbide formation mainly because 
Jack (10) demonstrated that this phase formed during the first stage 
of tempering of carbon martensite.? Tsou, Nutting, and Mentor (12) 
in an electron diffraction study of an ingot iron containing 0.025% 
carbon and 0.006% nitrogen found that «-carbide formed at 200 °C 
(390 °F) whereas cementite formed at 300°C (570°F) or higher. 

Wert (6) was able to fit his internal friction data on the kinetics of 
the early stage of precipitation of carbon and of nitrogen to a Johnson- 
Mehl type equation. According to Zener (13), one of the parameters 
in this equation should be a function of the shape of the precipitated 
particles. If diffusion controlled growth alone is involved, the time 
exponent should be 3/2 for spheres and 5/2 for plates. Assuming a 
negligible incubation time, Wert obtained values of the time exponent 
that indicated that carbide particles precipitate as spheres whereas 
nitride particles precipitate as plates. Radavich and Wert (14) claimed 
to have confirmed this in an electron microscopic study. On the other 
hand Tsou, Nutting, and Menter (12) found electron microscopic 
evidence of plate-like carbides formed on aging ingot iron. 

Not much is known about the nature of precipitates formed in ter 
nary Fe-C-N alloys. Wert (15) reported that carbon and nitrogen pre 
cipitated simultaneously in specimens having the same concentration 
of both carbon and nitrogen in solid solution (0.015%), the rate of 
precipitation being the same as that of the element which precipitates 
faster out of a binary alloy. This indicated that the precipitate formed 
as a carbonitride. Jack (16) observed that «-carbonitride formed on 
tempering carbon-nitrogen martensite and proposed that e-carbide and 
e-nitride are isomorphous. He also obtained some evidence (8) that 
the precipitate formed during the first stage of martensite tempering 


1 The figures appearing in parentheses pertain to the references appended to this paper. 
* e-carbide formed during tempering of carbon martensite has the approximate formula Fee «\ 
according to Lement (11). 
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was e-carbonitride if the carbon-nitrogen ratio exceeded 0.5 and 
”carbonitride if the ratio was less than 0.5. 

[he object of the present investigation was to obtain more definite 
information regarding the morphology and lattice structure of precipi- 
tates formed on quench-aging. The morphological changes occurring 
during quench-aging of Fe-C, Fe-N, and Fe-C-N alloys were followed 
by means of light and electron microscopy. Electron diffraction was 
employed for the identification of the precipitated phases. 


Experimental Procedure 
\ Fe-C alloy, a Fe-N alloy, and two ternary Fe-C-N alloys were 
prepared from a high purity iron made by the National Research Cor- 
poration. This iron contained 0.004% carbon, 0.0005% nitrogen, and 
013% oxygen, and was furnished in the form of a hot-rolled bar 
inch in diameter. Subsequent decarburizing, carburizing or nitrid- 
ing treatments were carried out on slabs %-inch thick and %-inch 
wide machined from the rolled bar and on %4-inch diameter cold- 


swaged bars. Table I gives information on the chemical composition 


Table I 


Chemical Composition and Grain Size 


%C IN Grain Size 
ASTM No. 
0.016 nil 1 
0.005 0.084 1 
0.021 0.028 3-4 
0.023 0.011 l 


and grain size of the four alloys made. In general, the alloy preparation 
and the subsequent aging treatments of separate specimens consisted 
of the following steps : 
(a) Anneal 20 minutes at 860 °C (1580 °F) in evacuated vycor 
tubes to obtain a uniform grain size. 
(b) Gas treatments : 
a) decarburizing—36 hours at 710°C (1310°F) in wet 
hydrogen 
b) carburizing—24 hours at 675 to 710°C (1245 to 
1310 °F) in hydrogen saturated with n-heptane at room 
temperature 
nitriding—48 hours at 580°C (1075 °F) in ammonia- 
hydrogen mixtures 
Homogenizing : 
a) after carburizing—20 hours at 720°C (1325°F) in 
evacuated vycor tu 
b) after nitriding—24 hours at 580°C (1075 °F) in nitro- 
gen 


1 
pes 
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c) after nitriding and carburizing—24 hours at 710°C 
(1310 °F) in nitrogen 
(d) Solution treatment—15 minutes at 715°C (1320°F) in 
nitrogen followed by quenching in 10% sodium hydroxide 
at about 0 °C. 
(e) Aging—90 to 472°C (195 to 880°F) range in oil or salt 
baths. 


The gas treatments used were selected on the basis of obtaining as 
uniform a concentration of the solute element as possible. Estimates 
of the times required were obtained from tables given by Darken and 
Gurry (17) for nonsteady-state diffusion in objects of various shapes 
In preparing the ternary alloys, the problems of how to introduce 
carbon without removing previously introduced nitrogen and vice versa 
were faced. The method finally adopted consisted of alternately nitrid 
ing and carburizing using successively shorter times, the final opera 
tion being carburizing. After carburizing treatments, about %4-inch 
was machined off the surface of the specimens in order to get rid of 
any cementite layer that might have formed. The specimens used for 
quench-aging were in the form of either '4-inch squares or rounds both 
%4-inch in thickness. 

For the metallographic preparation of the specimens, electrolytic 
polishing was employed using a solution of 19 parts glacial acetic acid 
and 1 part of perchloric acid. The current density was about 1 ampere 
per square centimeter and the time of polishing 20 to 30 seconds. The 
polishing usually produced a smooth surface with slight if any etching 
attack. The specimens were etched in 1% nital for about one minute 
and examined with a light microscope. All light micrographs were 
taken with slightly oblique illumination and the direction of the incident 
light is from top to bottom of the light micrographs presented. 

Replicas for electron microscopy were dry stripped from the etched 
specimens, rotary shadowed with chromium at an angle of 27 degrees 
and examined in an RCA model B electron microscope. Electron dif- 
fraction using the reflection method was carried out using a diffraction 
lens in place of the projector lens in the electron microsocope. The 
voltage employed was 60 kilovolts corresponding to a wavelength of 
0.049 A. The electron beam is reflected off the polished and etched 
specimen surface at a very low incident angle, which allows protruding 
particles such as carbides or nitrides to give a more intense diffraction 
pattern than the matrix. 


Experimental Results 


In analyzing the results, attempts were made to correlate the micro- 
structural changes observed during quench-aging with the reported 
kinetics of precipitation. Previous internal friction studies (3,6,7,15) 
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1—Identification of Phases Detected by Electron Diffraction Carried Out 


seem to supply sufficient data to enable reasonably good estimates of 


the times required for complete precipitation of carbon and nitrogen 
at various aging temperatures 

Fig. 1 is a chart illustrating the identification of phases in selected 
quench-aged specimens by electron diffraction in reflection. This was 
done by a comparison of the d-values and relative intensities obtained 
by electron diffraction with corresponding data obtained by x-ray dif- 
fraction. The latter information with respect to the e, a”, and y’ phases 
was taken from the work of Jack (10,19,20). Similar information by 
Jack on cementite (10) was used although not included in Fig. 1. 
Frequently, diffuse lines believed to be due to FesQ,4 (indicated by 
dotted vertical lines) and occasionally unidentified lines were encoun- 
tered in the electron diffraction pattern. The presence of a-iron lines 
was detected after aging treatments which resulted in precipitated par- 
ticles of a relatively small size. Presumably, as particles grow and pro- 
trude further out of the matrix after etching, the ferrite matrix makes 
ess of a contribution to the electron diffraction pattern. The approxi- 
mate relative intensities of the x-ray diffraction lines of the various 
phases taken from the work of Jack are not indicated in Fig. 1. 


[he Fe-C alloy (0.016% Carbon)—After quenching from 715 °C 
1320°F), the microstructure of the Fe-C alloy containing 0.016% 
irbon was found to consist of very slightly mottled ferritic grains as 
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Fig. 2—Microstructural Changes on Aging Fe-C Alloy Containing 0.016% Carbon 


enched from 715 °C (1320 

ight micrograph at X 1500. Aged 5 days at 90 °C (195 °F); (c) Electron micrograph 

at X 2500. Aged 5 days at 90 °C (195 °F); (d) Light micrograph at X 1500. Aged 
12 hours at 154 °C (310 °F). 


F). (a) Light micrograph at X 1500. As-quenched; (b) 


shown in Fig. 2a. However, examination in the electron microscope of 
a replica from this specimen failed to reveal any structural feature 
within the grains. The electron diffraction pattern of the same specimen 
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consisted of a set of fairly strong and spotty rings corresponding to 
a-iron. The spottiness is apparently due to the fact that only a few 
erains were irradiated. 

Aging at 90°C (195 °F)—According to previous investigations, 
complete precipitation would be expected to occur in about 16 hours. 
During the course of aging, the mottled structure of the quenched con- 
dition was found to coarsen. Distinct particles could be observed after 
about 24 hours. Fig. 2b shows densely spaced particles in a specimen 
aged for 5 days. The corresponding electron micrograph in Fig. 2c 
reveals irregularly shaped particles often elongated to give the appear- 
ince of films. The diffraction pattern of this specimen exhibited both 
the spotty a-iron rings, and a set of rings composed of a few very weak 
spots elongated circumferentially. The latter reflections were found to 
correspond to e-carbide. The weak elongated spots may be due to a 
preferred lattice orientation of the e-carbide particles with respect to the 
ferritic matrix. 

Aging at 154°C (305 °F )—Complete precipitation would be ex- 
pected to occur in about 2 hours. Examination with the light micro- 
scope revealed changes similar to those observed for aging at 90 °C 
(195 °F) although the rate of the process had increased considerably. 
After 30 minutes particles could be distinguished. The structure in 
Fig. 2d shows definite particles obtained on aging for 12 hours. The 
three grains in this micrograph appear to differ with respect to the size 
of the particles. This is believed to be due mainly to the anisotropy of 
the etching characteristics of ferrite (18) and probably also to the rela- 
tive orientations between elongated particles and the ferrite matrix. 
he diffraction pattern of the specimen aged for 30 minutes indicated 
the presence of e-carbide. After aging for 12 hours, a large number of 
somewhat spotty rings corresponding to cementite was observed. 

Aging at 205°C (400 °F )—Complete precipitation would be ex- 
pected to occur in about 20 minutes. After aging for 2 minutes, the 
mottled structure still prevailed although distinct particles could be 
bserved in some grains. Electron micrographs at 2 minutes, 15 min- 
utes, and 8 hours are shown in Figs. 3a,b,c, and d. After 2 minutes 
(Fig. 3a), films which appear discontinuous and nonuniform in thick 
ness have formed at what is believed to be subboundaries. Portions of 
these films give the impression that they represent a stage in the initial 
lormation of separate particles. After 15 minutes (Fig. 3b), definite 
particles appear. The films are still present but appear thinner and even 

ss continuous. Fig. 3c shows another area of the same specimen in 
vhich particles predominate. The apparent variation in the extent and 
nature of precipitation in different areas is believed to be due to the 
rientation effects previously mentioned. After aging for 8 hours (Fig. 
3d), plates aligned in specific directions were observed. This implies 
definite habit orientation relationships with the matrix. The diffraction 











148 TRANSACTIONS OF THE ASM 


Vol. 50 





d Sas . 

Fig. 3—Microstructural Changes on Aging of Fe-C Alloy Containing 0.016% Carbon 

Quenched from 715 °C (1320 °F). (a) Electron micrograph at « 25,006, Aged 2 minutes 

at 205 °C (400 °F); (b) Electron micrograph at x 25,000. Aged 15 minutes at 205 °C 

(400 °F); (c) Electron micrograph at « 25,000. Aged 15 minutes at 205 °C (400 °F); 
(d) Electron micrograph at < 25,000. Aged 8 hours at 205 °C (400 °F). 
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pattern obtained after aging for 15 minutes showed weak rings corre- 
sponding to «-carbide. After aging for 1 hour or longer, the diffraction 
rings observed corresponded to cementite. 
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Aging at 315 and 472 °C (600 and 880 °F )—Complete precipitation 
would be expected to occur in about 2 minutes at 315°C (600 °F) and 
in less time at 472°C (880°F). The structures obtained after aging 
at 315°C (600 °F) for 5 and for 30 minutes were found to be similar. 
As shown in Fig. 4a, the structure after the latter treatment consists of 
particles distributed uniformly within the grains. Fig. 4c shows plate- 
like particles formed after aging at 472 °C (880°F) for 5 minutes. In 
this case, a preferential growth at grain boundaries is evident. Electron 
micrographs of the precipitates formed on aging at 315 and 472°C 
(600 and 880 °F) revealed particles in the shape of plates (Figs. 4b 
and 4d). The latter figure shows carbide plates at a ferrite grain 
boundary. All of the diffraction patterns obtained after aging at 315 
and 472°C (600 and 880 °F) indicated the presence of cementite. 

The Fe-N alloy (0.084% nitrogen, 0.005% carbon)—The observa- 
tions of the as-quenched condition were similar in all respects ‘to the 
corresponding observations for the Fe-C alloy with the exception that 
occasionally small areas of martensite could be observed at the ierritic 
boundaries. In these cases, the nitrogen solubility in ferrite at the solu- 
tion temperature of 715 °C (1320 °F ) was probably exceeded to a slight 
extent. Under such conditions some austenite would form at ferritic 


boundaries and then transform to martensite on subsequent quench- 
ing. 


Aging at 90 °C (195 °F )—Complete precipitation of nitrogen would 


be expected to occur in about 10 hours. The structure obtained upon 
aging for 6 hours is shown in the light micrograph of Fig. 5a. No sig- 
nificant change in this condition was observed after aging for 24 hours. 
Electron micrographs for these times are shown in Figs. 5b and 5c 
respectively and exhibit discontinuous films of nonuniform thickness. 
At the longer aging time, portions of the films give the impression of 
plate-like particles to an increasing extent and films are less prevalent. 
By electron diffraction, no indication of the existence of a precipitate in 
these two specimens could be found. 

Aging at 154°C (310°F)—The precipitation was probably com- 
pleted after 1 hour at this temperature. After aging for 2 minutes the 
structure was coarsely mottled, and after 5 minutes short closely spaced 
plates characteristic of a” could be observed. Upon aging for 2 hours, 
the plates had increased somewhat in size and decreased in number. 
Regions adjacent to ferrite grain boundaries were often found to be free 
rom precipitates. 

Aging at 205°C (400 °F )—The electron micrographs in Figs. 6a 
ind 6b show the precipitates formed on aging for 5 minutes and 2 hours 
repectively. At the shorter time (Fig. 6a), plates of irregular shape 
vhich seem to be associated with subboundaries are present. No evi- 
dence of subboundaries was found at the longer time (Fig. 6b). This 
micrograph shows two sets of plates each of which appears to have a 
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Fig. 4—Microstructural Changes on Aging of Fe-C Alloy Containing 0.016% Carb 
Quenched from 715 °C (1320 °F). (a) Light micrograph at 1500. Aged 30 minutes a 
315 °C (600 °F); (b) Electron micrograph at « 25,000. Aged 30 minutes at 315 °¢ 
(600 °F); (c) Light micrograph at X 1500. Aged 5 minutes at : 


472°C (880 °F): (d 
Electron micrograph at X 25,000. Aged 5 minutes at 472 °C (880 °F) 


common orientation. One set seems to have formed at a small angl 
with the specimen surface. 
Aging at 260°C (500 °F)—According to Dijkstra’s results (3), 
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Fig. 6—Microstructural Changes on Aging of Fe-N Alloy Containing 9.084% Nitrogen 

Quenched from 715 °C (1320 °F). (a) ae micrograph at x 25,0 Aged 5 minutes 

at 205 °C (400 °F); (b) Electron micrograph at « 25,000. Aged 2 hours at 205 °¢ 

(400 °F); (c) Electron micrograph at X 25,000. Aged 5 minutes at 260°C (500 °F); 
(d) Electron micrograph at X 25,000. Aged 5 minutes at 260 °C (50 F 


that a few minutes is required to reach metastable equilibrium, whereas 
| hour is required to reach stable equilibrium. In agreement with 
Dijkstra’s findings, the structure after aging for 5 minutes, shown in 
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s. 7a and 6c, consisted of plates somewhat ionger than those 
served at lower temperatut ugh similar in shape and oriented 
1 maximum of three direct vithin a given grain. Regions adja 
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cent to grain boundaries were often free from plates (Fig. 7a). It was 
not possible to decide whether this is due to re-solution of a” accom- 
panying the initial formation of y’ at grain boundaries or to a-lower rate 
of nucleation of a” at these regions. Occasionally, however, some type 
of precipitate was found right at the grain boundaries (Fig. 6d). The 
substructure visible in the left grain of this electron micrograph was a 
rather infrequent feature. The diffraction pattern consisted of spotty 
rings, the strongest of which corresponded to a”. This confirms the 
x-ray results of Jack (8,19). After aging for 15 minutes, dark etching 
straight plates (V-shapes) were frequently found present in addition 
to the a” plates as shown in Fig. 7b. The electron diffraction pattern of 
this specimen exhibited rings corresponding to a” as well as to y’/— 
Fe,N (20). With increasing aging time, the y’ plates increased in size 
and number at the expense of a” plates. The a plates were still present 
after 2 hours (Fig. 7c), whereas only y’ plates could be observed after 
4 hours. 

Aging at 315°C (600° F)—Stable equilibrium would be expected 
to be established in less than 1 hour. After 15 minutes only y’ plates 
were found as shown in Fig. 7d. It would appear from this micrograph 
that the 7’ plates preferentially nucleate at grain boundaries and at non- 
metallic inclusions. All the strong rings of the diffraction pattern of this 
specimen were due to the y’ phase. The weak superlattice reflections of 


y reported by Jack (20) were not observed. 

The Fe-C-N Alloys—tin the as-quenched condition, the ferrites of 
the two ternary Fe-C-N alloys appeared similar to the ferrite of the 
binary alloys in the same condition. The changes observed during 
quench-aging were as follows: 


Fe-C-N alloy (0.021% Carbon, 0.028% Nitrogen) 


Aging at 90 and 154 °C (195 and 310 °F )—Complete precipitation 
of carbon and nitrogen would be expected to occur in about 16 hours 
at 90 °C and in about 1 hour at 154°C (310 °F). The morphological 
changes during aging at these temperatures were found to be similar to 
the corresponding changes in the binary alloys. Coarsening of the 
mottled structure and the eventual development of a finely dispersed 
precipitate was involved. With the light microscope, well defined par- 
ticles were observed after 15 hours at 154°C (310°F). Fig. 8a is an 
electron micrograph that shows the presence of films and possibly plate- 
like particles presumably associated with subboundaries after 24 hours 
at 90 °C (195 °F). A diffraction pattern of this specimen did not reveal 
the presence of any precipitate. However, patterns obtained after 4 
and 15 hours respectively at 154°C (310°F) both showed a set of 
weak but essentially continuous rings which were apparently due to 
e-carbonitride which is isomorphous with e-carbide. 

Aging at 205°C (400 °F )—Complete precipitation of carbon and 
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Fig. 9—Microstructural Changes on Aging Fe-C-N Alloy Containing 0.023% Carbon, 

0.011% Nitrogen Quenched from 715 °C (1320 °F). (a) Light micrograph at x 1500 

Aged 2 hours at 260 °C (500 °F); (b) Electron micrograph at « 25,000. Aged 2 hours 

at 260 *C (500 °F). 

hibited almost continuous rings corresponding to «-carbonitride. The 
rings became stronger and sharper with increase in aging time. Since 
there is probably a preferred habit orientation relationship between the 
precipitate and the ferrite matrix, the continuity of the rings may be 
due to the smaller ferritic grain size of this alloy (ASTM No. 3-4) as 
compared to the other alloys (ASTM. No. 1). The irradiation of more 
grains by the electron beam permits the precipitate phase to diffract in 
many more directions. 

Aging at 260°C (500 °F)—Complete precipitation would be ex- 
pected to occur in about 5 minutes. The precipitates obtained after aging 
for 5 minutes and 2 hours were similar and consisted of elongated par- 
ticles often located at subboundaries (Fig. 8b). The diffraction patterns 
strongly indicated the presence of e-carbonitride. 

Aging at 315°C (600 °F )—Complete precipitation of carbon and 
nitrogen should occur in 5 minutes. Fig. 8c shows the structure result- 
ing from aging for 15 minutes. Two types of precipitates are visible; 
small particles and large plates. After aging for 2 hours, the large plates 
decreased in number. Diffraction patterns of both specimens indicated 
that only cementite was present. 

Aging at 365 °C (690 °F )—After aging for 10 minutes, only small 
platelets were observed (Fig. 8d) similar in appearance to that in the 
Fe-C alloy given a corresponding aging treatment. The diffraction pat- 
tern of the Fe-C-N specimen indicated the presence of cementite. 
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Fe-C-N Alloy, 0.023% C, 0.011% N 

The morphology of the precipitates formed on aging this alloy was 
found to be similar to that described in the previous section. The only 
difference was that whereas both fairly large plates and small plate-like 
particles gradually developed during aging at 260°C (500 °F), only 
the small plate-like particles appeared on aging at 315°C (600°F). 
Figs. 9a and 9b show large plates and small plate-like particles after 
aging at 260°C (500 °F) for 2 hours. The large plates are often sur- 
rounded by an area devoid of precipitates. Electron diffraction revealed 
«-carbonitride to be present on aging at 154°C (310°F) for 15 hours 
and at 205 and 260°C (400 and 500°F) for 2 hours. At 315°C 
(600 °F) and higher, only cementite reflections were obtained. 


Discussion OF RESULTS 

As revealed by the electron miscroscope, a striking similarity exists 
with respect to the morphological changes associated with precipitation 
at low aging temperatures in the four alloys studied. Irrespective of 
whether carbon atoms or nitrogen atoms or both are present in super- 
saturated solution, the initial stage of precipitation seems to involve 
the migration of solute atoms to subboundaries at which films of an 
unknown character are formed.* The subgrains have a size of 10—° to 
10-* centimeters comparable to the size reported for mosaic blocks and 
differ from the substructure delineated by veining which is much 
coarser. The films may represent either a precipitate which lacks the 
ability to produce a diffraction pattern of detectable intensity or else an 
enrichment of solute atoms within solid solution without the actual 
formation of a new phase. The latter possibly may be due to Cottrell 
atmospheres at dislocations. The films appear discontinuous and can be 
observed to thicken almost from the beginning of aging. Eventually 
plate-like particles develop from the thickened portions of the films. 
This is accompanied by gradual disappearance of the unthickened por- 
tions, At low aging temperatures, remnants of the films may be present 
long after the precipitation reaction should be complete. It is likely that 
the transition from films to plate-like particles occurs at places where the 
habit plane of the precipitate cqincides with the subgrain interface. The 
platelet thus formed would be expected to follow its habit plane during 
subsequent growth and eventually depart from the subboundary. In 
view of the fact that films have been observed to be in the process of dis 
appearing, the growth of platelets may be to some extent dependent on 
the supply of solute atoms from the adjacent films. 

The analysis by Wert (6) of the difference in kinetics for precipita- 
tion of carbon and nitrogen is not supported by the present investi- 


Similar results have been obtained for the first stage of tempering of martensite by Lement, 
Averbach and Cohen (21). In this case a subboundary precipitate identified as e-carbide was 
med 
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gation. The precipitation reaction seems more complicated than just a 
growth of particles of definite geometrical shapes that is controlled by 
isotropic diffusion. Furthermore, the shape of carbides, nitrides, and 
carbonitrides seems to be plate-like almost from the beginning of pre- 
cipitation; whereas Wert concluded that carbides precipitate in the 
form of spheres and nitrides precipitate in the form of plates. 

During quench-aging of the Fe-C alloy below about 205 °C (400 °F), 
precipitation was found to occur in two stages: 


ferrite supersaturated with respect to carbon—.-carbide—cementite. 
However, e-carbide is present for definitely longer times than estimated 
for the complete carbon precipitation. This implies that the transition 
from ¢-carbide to cementite occurs after virtually all of the carbon in 
the supersaturated ferrite solution has precipitated out. The concentra- 
tions of carbon in ferrite in equilibrium with e-carbide and cementite 
respectively are both very low at these temperatures. This probably 
explains why a two stage process has generally not been observed in 
the precipitation curves obtained by internal friction measurements. 
The fact that no significant difference in the morphology between 
«-carbide and cementite was observed in the present investigation could 
mean that e-carbide transforms to cementite in situ. However, this 
mode of transition is not believed to happen during the tempering of 
martensite (21). 


When nitrogen is present in addition to carbon, the e~phase appar- 
ently becomes more stable. The electron diffraction results indicated 
that e-carbonitride was the only phase present in the two Fe-C-N alloys 
studied after aging at 260°C (500°F) for 2 hours even though it is 
estimated that complete precipitation of carbon and nitrogen should 
have occurred within 5 minutes.* After aging at 315°C (600°F) 
which was the next temperature used, cementite alone was observed to 
form. Thus a transition from e-carbonitride to cementite would be ex- 
pected to occur at some temperature in the range of 260 to 315 °C (500 
to 600 °F). Accordingly, the sequence of precipitation reactions in the 
Fe-C-N alloys is believed to be as follows: 
ferrite supersaturated with both carbon and nitrogen—e-carbonitride 
—cementite (carbonitride). 


The presence of large plates and small particles on aging the low 
nitrogen alloy at 260 °C (500 °F) (Figs. 9a and 9b) and the high nitro- 
gen alloy at 315°C (600°F) (Fig. 8c) suggests that two types of 
precipitate form simultaneously. However, electron diffraction indi- 
cated that only e-carbide was present in the former case, and that only 
cementite was present in the latter. The apparent discrepancy between 

« The stabilizing effect of nitrogen may explain why Tsou, Nutting and Menter (12) did not 


find cementite after aging their ingot iron. (0.026% carbon and 0.006% nitrogen) at 200 °( 
(390 °F). 
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the microscopic and diffraction evidence could be explajned in any of 
the following ways: 

(a) Precipitated particles form with the same lattice structure but 
possess different growth rates because of different nitrogen contents. 
' (b) The precipitated particles go through a stage during which 
they are coherent with the ferrite lattice. When some of the particles 
become large enough, they lose their coherency and grow more rapidly 

(c) For an unknown reason, only one type of precipitate produces 
a diffraction pattern of detectable intensity. 

The cementite formed on aging the low nitrogen Fe-C-N alloy at 
315°C (600°F), is similar in appearance to the cementite formed 
in the binary Fe-C alloy after a corresponding treatment. This similarity 
would imply that no appreciable amount of the nitrogen comes out of 
solution. This is supported by the fact that the solubility of nitrogen 
in ferrite at 315 °C (600 °F) (5) is about equal to the nitrogen content 
of the alloy (0.011% nitrogen). It is known that the effect of carbon 
on the nitrogen solubility is negligible at 250°C (480°F) (15) and 
this may also hold for 315°C (600°F). The large plates formed at 
315°C (600 °F) in the high nitrogen Fe-C-N alloy seem to represent 
the major amount of precipitate and it is likely that they make the 
principal contribution to the cementite diffraction pattern. Taking the 
nitrogen solubility of the ferrite to be about 0.011% at 315 °C (600 °F), 
the equivalent of 0.017% nitrogen should be contained in the cementite 
phase. Hence, the large plates are believed to be carbonitrides with the 
lattice structure of cementite. After aging the same alloy at 365 °C 
(690 °F), the cementite appeared similar to that formed in the binary 
Fe-C alloy after a corresponding aging treatment. In this case, a large 
part of the nitrogen apparently remains in solid solution due to the in- 
creased nitrogen solubility of the ferrite. 

[he observations on the precipitation in the binary Fe-N alloy con- 

rm the two stage process proposed by Dijkstra (3). The metastable 
phase is a” in accordance with Jack (8) and the sequence of precipita 
tion reactions are as follows: 


rrite supersaturated with nitrogen—a”-nitride—,’-nitride. Because 
{ their characteristic appearance, the metastable and stable nitrides can 
easily distinguished metallographically. The transition which ap- 


irently involves the nucleation and growth of y’ simultaneously with 
re-solution of a” appears to occur after comparatively short aging 
mes at teniperatures in the vicinity of 260°C (500°F). At lower 
temperatures, only a” was observed although y’ might form in speci- 
ens that are aged long enough. Although only y’ was observed at 


315 °C (600 °F), it is possible that a” may have existed for a short time 
uring the early stage of precipitation since the nitrogen content 
).085% ) of the binary Fe-N alloy appreciably exceeds the nitrogen 
lubility of the ferrite in equilibrium with a” (0.065%) (5). 
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CONCLUSIONS 

1. The initial stage of aging at relatively low temperatures in the 
Fe-C, Fe-N, and the two Fe-C-N alloys studied consists of the forma- 
tion of films of variable thickness at subboundaries in the ferritic matrix 
corresponding to a subgrain size of 10—* to 10° centimeters. On con- 
tinued aging, preferential thickening of the films was found to culminate 
in the formation of platelets of a metastable phase which apparently 
grow at the expense of the adjacent subboundary films. 

2. On aging each alloy at an intermediate temperature, a transition 
eventually occurs from the metastable to the stable precipitate which 
also takes the form of plates but larger in size. At relatively high aging 
temperatures, some evidence of direct formation of the stable precipitate 
was obtained. 

3. Depending on the type of supersaturation of the ferrite, the stages 
of aging are as follows: 


ferrite supersaturated with carbon—«-carbide—cementite ; 

ferrite supersaturated with nitrogen—a”-nitride—y’-nitride ; 

ferrite supersaturated with both carbon and nitrogen—e-carbonitride 
—cementite. 


4. In the Fe-C alloy, the transition of e-carbide to cementite occurs 
after virtually all the carbon in the supersaturated ferrite solution has 
precipitated out. 

5. Due apparently to increased nitrogen content, the e-phase that 
forms in the Fe-C-N alloys is more stable than in the Fe-C alloy. 

6. In the Fe-C-N alloys, the presence of nitrogen in cementite pro- 
motes the formation of relatively large plates. 
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DISCUSSION 

Written Discussion: By Dr. J. Nutting, Department of Metallurgy, Cambridge 
University, England. 

I should like to congratulate the authors upon a very interesting and timely 
investigation. Evidence in favor of a two-stage decomposition of carbon super 
saturated ferrites has also been obtained by Pitsch and Liicke® using internal 
friction techniques. This, together with the authors’ evidence, seems to establish 
beyond doubt the transformation supersaturated ferrite > 

e — carbide > cementite. 

I am not completely in agreement with the interpretation by the authors of their 
experimental evidence on the mode of formation of e — carbide and a” nitride. 
Mr. E. Smith, Mr. R. G. Baker and I have been following the precipitation of 
vanadium carbide and molybdenum carbide from alloy ferrites and we have found 


5 W. Pitsch and K. Liicke, Archiv fiir Eisenhiittenwesen, Vol. 27, 1956, p. 45 
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structures very similar to those found by the authors if we used plastic replicas, 
but by using direct carbon or direct carbon extraction replicas, we were able to 
detect plate-like precipitates earlier than with plastic replicas. It was, however, still 
impossible to follow the initial formation of these precipitates. Part of the diffi 
culty would appear to be that immediately prior to the formation of a new phase 
the etching characteristics of the matrix may be such that they do not indicate 
directly the nature of the impending phase changes. 

Although I agree with the authors’ views that prior to the formation of ¢ or a” 
phases zones of carbon or nitrogen enrichment occur analogous to the formation of 
G.P. [1] zones in Al — 4% copper alloys, I do not believe that we can see these 
by using etching and replica methods. In order to investigate this phenomenon 
further we shall have to resort to direct examination Of thin foils of the metal 
in high resolution electron microscopes. 


Authors’ Reply 

The authors wish to thank Dr. Nutting for pointing out that there is now 
internal friction evidence favoring a two-stage reaction during the aging of ferrite 
supersaturated with carbon. At the time the present investigation was started, the 
results of internal friction measurements appeared to support a single stage reac 
tion even though two types of carbide were reported to occur. 

In view of the observations made on the precipitation of alloy carbides from 
ferrite by Dr. Nutting and his associates, the significance of the films that the au 
thors found by their examination of plastic replicas is open to question. It would 
certainly be worthwhile to study quench-aging of ferrite containing C or N by 
both carbon replica techniques and direct examination of thin metal foils. 
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SOME RELATIONSHIPS BETWEEN TORSIONAL 
STRENGTH AND ELECTRON MICROSTRUCTURE 
IN A HIGH CARBON STEEL 


By S. T. Ross, R. P. Sernxka AnD W. E. Jominy 


, 
Abstract 


Austempered and quenched and tempered SAE 51100 
steel samples were tested to failure in torsion. All oil- 
quenched samples were tempered in the 400-550 °F range. 
Austempering was also done in this range. The torsional 
yield strength-hardness relationship was plotted for both 
austempered and quenched and tempered samples. Austem- 
pered data were linear over the whole hardness range in- 
vestigated (Rockwell C-53—C-60) and generally ductile 
fractures were exhibited. For quenched and tempered sam- 
ples, the plot was linear up to Rockwell C-57.5 above which 
there was much data scatter. Brittle fractures were noted for 
these specimens. 

Representative samples of each heat treatment were ex- 
amined with the electron microscope. Regions of weakness 
in the form of percarbide films and elongated cementite par- 
ticles in martensite needle boundaries were observed in those 
quenched and tempered samples which displayed erratic 
yield strength results. No such films or elongated particles 
were noted in austempered samples. Electron diffraction 
patterns of carbide particles were made from extraction 
replicas of samples representing both heat treatments. The 
Hagg type FezC and cementite were identified. (ASM Inter- 
national Classification Qla, 2-14, M21le; AY) 


PREFACE 

P: EVIOUS WORK by the authors (1)? has shown that percarbide 

films surrounding tempered martensite needles may be an assign- 
able cause of erratic fatigue and torsion test data in higher hardness 
ranges. Correlation was established between endurance limit and tor- 
sional yield strength properties when considered as functions of tem- 
pered hardness. Included in the work were plots of torsional yield 
strength versus hardness for six medium carbon, low alloy steels which 


Che figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Thirty-Ninth Annual Convention of the Society, 
held in Chicago, November 4-8, 1957. Of the authors, S. T. Ross is managing 
engineer, Metallurgical Research; R. P. Sernka is project engineer ; W. E. Jominy 
is chief metallurgist—Research, Chrysler Corporation, Detroit. Manuscript re- 
ceived April 15, 1957. 

163 








164 TRANSACTIONS OF THE ASM Vol. 50 






showed considerable scatter and low strength for samples tempered 
below about 500°F. This corresponds with the tempering range in 
which several authors have shown the presence of the iron percarbide 
identified as epsilon (2-4). Work reported by the ASTM Subcom- 
mittee on Electron Metallography (5) illustrates the electron micro- 
structure of the martensite resulting from tempering below 550 °F as 
well as that of isothermally obtained lower bainite. These structures re- 
semble each other closely. They differ mainly in that lower bainite 
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Fig. 1—Torsion Test Specimen Before Final Machining. 


needles are not surrounded by the percarbide films common to mar- 
tensite tempered for short periods of time in the same range of temper- 
ature. Therefore, it was considered possible that torsion test data could 
show less scatter for isothermally transformed samples as compared 
to samples quenched and tempered in the same heat treatment range. 

SAE 51100 steel was selected for this investigation. It has a low Ms 
temperature as is common with high carbon steels. Thus, a relatively 
wide range of temperature was available for austempering above the 
Ms and in the area where epsilon carbides have been shown to form 
both in lower bainite and in tempered martensite. 












SPECIMEN PREPARATION 


All samples were prepared from the same heat of SAE 51100 steel 
having the following chemical analysis: C-1.02, Mn-0.34, P-0.009, 
S-0.018, Si-0.28, Cr-1.00. Prior to machining, as-received 1-inch 
rounds were annealed for 1% hours at 1750 °F. Torsion test bars were 
roughed out to the dimensions shown in Fig. 1, with the exception that 
0.020 inch grind stock was left on the square sections. Their gage 
lengths were machined to a surface finish of 10-50 microinches. The 
bars were plated with 0.0005 inch of copper to prevent decarburization 
during subsequent heat treatment. Mild steel rollers were fastened to 
each end of the bars to enable them to be rotated during the subsequent 
oil quench. All specimens were austenitized at 1800 °F for 1 hour in a 
neutral atmosphere received from an endothermic gas cracker. Quench- 
ing of the samples to be tempered was done in agitated, room temper- 
ature oil, while the bar rotated about its longitudinal axis. All oil- 
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Table I 
Specimen Heat Treatment 















Austempering Tempering 
Specimen Temperature Time Temperature Time Avg. Hardness 
” °F Hours F Hours Rockwell ( 

1-3 \s-quenched 62.2 
ps $00 3% 57.7 
7-9 550 2 53.0 
10-12 500 3% 56.4 
13-15 550 2 573 
16-18 450 6% 58.6 
19-21 550 200 53.6 
22-24 450 6% 59.0 
25-27 As-Quenched 65.0 

& Cold Treat 
28-30 500 i8 57.2 
31-33 400 24 59.9 
34-36 400 24 59.2 
37-39 400 10 59.5 
40-42 600 1 55.4 
43-45 600 1% 55.9 
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Fig. 2—SAE 51100 Steel Isothermal Transformation Diagram—End of Bainite 
Transformation Line. 





quenched samples, with the exception of samples 1, 2 and 3, were 
cold-treated immediately at —105 °F for 30 minutes. Heat treatment 
details are given in Table I. 

It was desired to austemper for a time sufficient to allow complete 
decomposition to bainite at temperatures from 400°F up to about 
550 °F. The procedure of Davenport and Bain (6) was used to deter- 
mine the austempering time necessary to obtain these structures. Fig. 2 
isthe I-T plot of the end-of-bainite transformation for SAE 51100 steel 
obtained:experimentally. All of the oil-quenched specimens were tem- 
pered in this same temperature range. Some were tempered for times 
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equivalent to those required for austempering. The balance were tem 
pered to hardnesses equivalent to those obtained at austempering tem 
peratures. The copper plate was stripped from the samples aftet heat 
treatment. Finish grinding of the square sections was specified to result 
in true, flat and parallel surfaces. These square sections were gripped 
by the jaws of the torsion test machine. 


METALLOGRAPHIC PROCEDURES 


Specimens representative of each heat treatment were sectioned 
through their gage lengths, perpendicular to the longitudinal axes. This 
was done with an abrasive cut-off wheel, while the specimens were im- 
mersed in coolant. Metallographic mounting and polishing were fol- 
lowed by etching with 4% picric acid plus 0.1% zephiran chloride in 
ethyl alcohol. Final polishing and etching were repeated until disturbed 
metal layers resulting from prior metallographic preparation were re- 
moved. Formvar and parlodion replicas were dry-stripped and sup- 
ported on 200 mesh copper grids. Replicas were chromium-shadowed 
in vacuum at an incident angle of about 45 degrees. Electron micro- 
graphs were taken at an original magnification of 6900 and were 
enlarged to 30,000 for final printing. 


INTERPRETATION OF ELECTRON MICROGRAPHS 


Previous work by the authors (1), Teague and Ross (8) and the 
ASTM (5) have reported the electron microstructures of steel samples 
both austempered and quenched and tempered in the 400-550 °F range. 
Lower bainite obtained by austempering at 400-550 °F has been found 
to consist of ferrite needles containing fine, discrete carbide particles 
oriented at about 60 degrees to the needle axes by those mentioned 
above. This structure has been found in both plain carbon and common 
alloy constructional steels. The electron diffraction work of Austin and 
Schwartz (2) and the electron diffraction data of Fisher (9) have 
identified these carbides as either a percarbide or cementite, depending 
on the time and temperature of heat treatment. Tempered martensite 
has been shown to consist also of ferrite needles containing the same 
fine carbide particles, but with a somewhat lower degree of orientation 
with respect to needle axes. However, martensite needles have been 
found to be enveloped by a percarbide film after tempering for 1—3 
hours below about 550 °F (1,8). These films have not been found to 
be associated with lower bainite needles. Figs. 8, 10, 12 and 15 are 
representative electron micrographs of lower bainite found in the aus 
tempered samples. Figs. 7, 9, 11, 13, 14, 16, 17, and 18 are of structures 
typical of the tempered martensite samples. The arrows in Fig. 7, 11 
and 16 point out percarbide films and those in Figs. 9, 13 and 14 indi- 
cate films that have begun to dissolve with time and re-precipitate as 
cementite. Fig. 7 represents the structure of martensite tempered for 
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1 hour at 400°F, and was added for comparison purposes, since its 
percarbide films are complete and have not begun to dissolve. The 
interpretation of these structures agrees with those suggested in the 
references cited above. 
Torsion TESTING 

A 2000 inch-pound torsion test machine was used. Special jaws, de- 
scribed previously (1), engaged the square sections of the test bars. 
All bars were twisted to failure at a rate of 0.1 revolution per minute. 
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Fig. 3—Relationship Between Torsional Yield Strength and Hardness for SAE 
51100 Steel, Austempered and Quenched and Tempered Samples. 


Torsional yield strength was regarded as a function of the force in inch- 
pounds which resulted in 1.0 degree offset. The ultimate strength in 
psi was calculated using the formula for maximum shear stress: S = 
16M/zd* as published * by Timoshenko and Lessells (14). However, 
the method of Nadai (7) was employed in calculation of torsional yield 
strength values, since the formula 

S = 1/2rr* [6 (dm/dé) + 3M] 


takes into account the shape of the stress-strain (torque-twist) curve.** 
* Symbols in this formula have the following meaning: 
S is maximum shear stress in psi 
M is torque ai fracture in inch pounds 
d is test bar diameter in inches. 
Symbols in this formula have the following meanin 
S is shear stress in psi 
s test bar radius in inches 
# is the angle of twist in the test bar 
M is the torque in inch pounds. 
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Torsion test data and the resulting fracture types are given in Table 
II. Significantly, data from the three samples austempered in eac! 
manner display more consistency than do comparable data obtained 
from quenched and tempered samples. The AS column is the stress 
difference in 1000 psi between torsional yield and ultimate strength 
Fig. 3 is a plot of the torsional yield strength values and corresponding 
Rockwell C hardness readings obtained during this investigation. Each 





Fig. 4—Fracture Type A, SAE 51100 Steel Torsion Test Bar 
Fig. 5—Fracture Type C, SAE 51100 Steel Torsion Test Bar 
Fig. 6—Fracture Type B, SAE 51100 Steel Torsion Test Bar 


point is an average of the three sets of values resulting from tests of the 
three samples given each heat treatment. The data representing the 
austempered series of samples are linear in nature, without significantly 
great scatter in the hardness range investigated. However, the data 
obtained from the quenched and tempered samples show linear rela- 
tionship only to about Rockwell C-57.5, at 167,000 psi. At higher 
hardness values, these data are erratic. This scatter has been repre- 
sented by a dashed curve, bending in a downward direction. 

Three fracture types were noted. Type A was a typical shear fracture 
on planes perpendicular to specimen axes as shown in Fig. 4. Type C 
was a tensile failure along helical planes at 45 degrees to specimen axes 
as shown in Fig. 5. Fracture Type B was regarded as a combination 
shear and tensile failure. Bars exhibiting this type of failure shattered 
into many small pieces, some of which contained shiny shear surfaces 
parallel to the longitudinal specimen axes. As is shown in Fig. 6, the 
balance of these fracture surfaces are similar in appearance to the 
Type C tensile fracture surfaces. 
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ELEcTRON DIFFRACTION 


Samples 9, 15, 18, 24, 29, 36 and 45 were investigated by means of 
electron diffraction in order to corroborate identification of the carbide 
phases present. The specimens were sectioned and polished in the usual 
manner. Then, extraction replicas were prepared from them using the 
method of Fisher (9). Briefly, this technique involves polishing and 
etching as for standard electron metallography. The samples are then 
coated with parlodion films. A heavy re-etch is accomplished through 
the permeable films, dislodging some of the percarbide and cementite 
particles. Some of these dislodged particles remain with the parlodion 
films which are then dry-stripped from the samples. Thus, the carbides 
are removed from the surface of the sample, while maintained in their 
relative positions. Selected-area electron diffraction patterns were 
obtained from these replicas. Fig. 19 is a typical pattern, and Fig. 20 
is a corresponding electron micrograph of its extraction replica. Inter- 
planar spacings (d values) and Miller indices of the diffraction pat- 
terns are labelled. The diffraction results are presented in Table ITI. 

Good correlation has been found between the experimentally obtained 
patterns and the d,,,; values reported for the Hagg-type percarbide, 
















Table Ill 
Electron Diffraction Data 

Sample No. Heat Treatment Phase Identification 
9 Austemper—550° F.—2 Hrs. FesC and Hagg Fe:C 
15 & Temper—550° F.—2 Hrs. FesC and Hagg FesC 
15 & Temper—550° F.—2 Hrs. FesC and Hagg Fe2C 
29 & Temper—500° F.—18 Hrs. Hage FeeC, Trace FesC 
24 & Temper—450° F.—64 Hrs. Hagg FezC 
36 & Temper—400° F.—24 Hrs. FesC and Hagg FezC 
45 & Temper—600° F.—1% Hrs. FesC 
18 —450° F.—6% Hrs. Hagg FexC and FesC 








FesC, which is described as being orthorhombic (13). Although the 
presence of cementite, FegC, is a complicating factor in pattern analysis, 
correlation of relative intensities produced results considered to be re- 
liable. Existence of the Hagg form of percarbide is consistent with data 
published by Anderson (11) and Hofer and Cohn (10). These authors 
showed that hexagonal epsilon percarbide is unstable above about 
450 °F and that it will decompose to the more stable Hagg percarbide in 
the temperature range of our investigation. The effect of time at tem- 
perature and alloy content have not been evaluated fully for this 
phenomenon. 


DISCUSSION 


The torsion data as plotted in Fig. 3 show instability when considera- 
tion is given to the higher hardness range of the quenched and tempered 
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Fig. 7—SAE 51100 Steel, Oil-Quenched and Tempered at 400 °F. For 1 hour. Many fine 
percarbide particles and films in a matrix of supersaturated ferrite are seen. The films, 
outlining martensite needles, are noted by arrows. X 30,000. 


Fig. 8—SAE 51100 Steel, Austempered at 400 °F. For 24 hours. The lower bainite 
contains percarbide and cementite particles in a matrix of ferrite. No films are noted. 
xX 30,000. 
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Fig. 9—SAE 51100 Steel, Oil-Quenched and Tempered at 400 °F. For 24 hours. Begin 

ning of solution of some percarbide films and precipitation of cementite is noted by arrows 

The remaining structure consists of fine percarbide particles in a matrix of supersaturated 
ferrite. K 30,000 


Fig. 10—SAE 51100 Steel, Austempered at 450 °F. For 6% hours. A typical lower bainite 


structure containing percarbide and some cementite particles in a 


X 30,000 


matrix of ferrite 
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Fig. 11—SAE 51100 Steel, Oil-Quenched and Tempered at 450 °F. For 6% hours. The 
structure consists of fine percarbide particles, and some films, noted by arrows, in a 
matrix of supersaturated ferrite. Elongated cementite particles are also present. X 30,000 


Fig. 12—SAE 51100 Steel, Austempered at 500 °F. For 3% hours. Bainite needles, not 
outlined by films, and containing percarbide and cementite particles in a ferrite matrix 
are seen. X 30,000. 
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percarbide particles in a matrix of supersaturated ferrite are present. Elongated cementite 
particles at former martensite needle boundaries are noted by arrows. X 30,000. 


+ sa 

Fig. 14—SAE_ 51100 Steel, Oil-Quenched and Tempered at 500 °F. For 18 hours. The 

structure contains some Lag pane ny particles and Seneates cementite which is indicated 
¢ matrix is 


by arrows. supersaturated ferrite. X 30,000. 
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Fig. 1S—SAE 51100 Steel, “Austempered at 500 °F. For 2 hours. Bainite containing 
cementite and percarbide particles oriented at about 60 degrees to the needle axes is seen 
in a matrix of ferrite. X 30,000. 


_ 


Fig. 16—SAE 51100 Steel, Oil-Quenched and Tempered at 550 °F. For 2 hours. Although 
the pereeenes films have begun to be replaced by cementite, some still remain as indicated 


by the arrow. The remaining structure is percarbide and cementite particles in a matrix of 


supersaturated ferrite. X 30,000. 
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Fig. 17—SAE 51100 Steel, Oil-Quenched and Tempered at 550 °F. For 200 hours. A 
structure of cementite in saturated ferrite is seen. Coalescence of elongated cementite 
particles has occurred. x 30,000. 


Fig. 18—SAE 51100 Steel, Oil-Quenched und Tempered at 600 °F. For 134 hours 
Cementite particles in a matrix of saturated ferrite are seen. x 30,00) 
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Fig. 19—Electron Diffraction Pattern of SAE 51100 Steel, Austempered at 550 °F. For 
2 hours. Some dn,x,1 values and Miller indices are noted. 


series. This agrees with the work of Olleman, Wessel and Hull (12) 
on a high carbon tool steel, as well as with the work of the authors (1) 
on six medium carbon, low alloy steels. However, such behavior is not 
apparent when the series of austempered samples is considered. These 
data display linearity over the entire hardness range investigated. Fur- 
ther, Table II shows that the data obtained for each austempering tem- 
perature are more consistent, indicating much less tendency to scatter. 

Interpretation of the electron micrographs published in this paper 
indicate that there are two possible structural causes for torsion test 
data scatter of the quenched and tempered series of samples. The first 
is the presence of percarbide films around martensite needles tempered 
below 550 °F for relatively short periods (1 to 3 hours). The second 
is the presence of elongated cementite particles in the needle boundaries 
of the martensite tempered in the same range of temperature, but for 
longer times (3 to 24 hours). Each phenomenon results in regions of 
weakness through which failure can occur, in torsion, at lower-than- 
expected values. These low values occur even after long tempering 
times. Such phenomena are not associated with austempering in the 
same hardness range. With the exception of the percarbide films and 
elongated cementite particles, the electron microstructures of the two 
series of samples are markedly similar. 
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It is admitted that residual quenching stresses may also play a part 
in erratic data behavior. No determination was made of such stress, 
although it was considered that the longer tempering times used in this 
investigation should have decreased the amount of residual stress and 
thus resulted in less data scatter or brittleness. We observed no such 
decrease in the samples tempered for 24 hours, and even 200 hours. 

From Table II it can be seen that the stress difference (AS) be- 





Fig. 20—Electron Micrograph of Extraction Replica. Replica of SAE 51100 Steel, 
austenipered at 550 °F. For 2 hours. Black regions are carbides from which the pattern in 
Fig. 19 was made. 


tween torsional yield and ultimate strength is greatest for the austem- 
pered and higher temperature tempered samples. Correlation of these 
data with Fig. 3 suggests that samples exhibiting high AS values are 
most likely to be found on the linear portions of the curves. 

Consideration of the fracture types resulting from torsion testing 
also indicated that regions of weakness are present in samples quenched 
and tempered to high hardness values. Brittleness, as exemplified by 
tensile and shattering fractures, types B and C, occurred in all bars rep- 
resentative of data instability. Generally, the austempered bars broke 
with the more ductile type A fractures. When examined by electron 
microscopy, those same bars that failed in brittle fashion in regions of 
data instability, were found to contain films or elongated particles 
around tempered martensite needles. 
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CoNCLUSIONS 
The torsional yield strength versus hardness relationship for 
quenched and tempered SAE 51100 steel is linear up to about 
Rockwell C-57.5. Above this hardness the data reflect insta- 
bility. The same relationship is linear for austempered SAE 
51100 steel over the entire range of hardness studied from 
Rockwell C-53 to C-60. 


. When tested in torsion, austempered SAE 51100 steel fails 


with a ductile fracture at higher hardnesses than does quenched 
and tempered SAE 51100 steel. 

Percarbide films and elongated cementite particles result in 
regions of weakness which are possible causes of erratic torsion 
test data for quenched and tempered SAE 51100 steel. 


. Austempered SAE 51100 steel contains no percarbide films or 


other microstructural regions of weakness such as elongated 
cementite particles. 


. The percarbide which exists in the samples investigated has 


been identified as the orthorhombic Hagg-type FeeC. 


. Torsion test data show less scatter for SAE 51100 steel aus- 


tempered in the 400—550 °F range than for quenched and tem- 
pered SAE 51100 steel samples heat treated in the same range 
of temperature. 
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DISCUSSION 


Written Discussion: By D. J. Girardi and W. E. Littmann, The Timken Roller 
Bearing Co., Canton, Ohio. 

The authors are to be commended for this contribution of data on the fracture 
behavior of high carbon steel at various hardness levels. 

A study of the data given in Tables I and II suggests several questions. Was 
there any measurable degree of plastic strain for those samples having ultimate 
strengths identical with the “yield strengths,” for example the specimens num- 
bered 34 and 35 in Table II, or did they fracture before reaching one degree of 
plastic twist? 

It is interesting to see how the data of Tables I and II look plotted in a slightly 
different way, distinguishing between those quenched and tempered samples for 
which the authors’ AS = 0 and those showing measurable ductility as indicated 
by the value of AS. Where all three specimens having a given heat treatment 
showed AS>0, the average strengths were plotted in Fig. 21. Wherever one or 
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Fig. 21—Relationship of Yield Strength (1 Degree Offset) and Ultimate Strength to 
Hardness for Torsion Tests of 51100 Steel from the Authors’ Tables I and II. 





more of the specimens showed AS = 0, the points were plotted for each specimen 
to avoid averaging values for brittle and ductile specimens as indicated by the 
value of AS. It can be seen from Fig. 21 that the yield and ultimate strengths for 
all of the quenched and tempered samples which showed some ductility follows 
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Fig. 22—Relationship of Ultimate Strength and Hardness for Torsion Specimens of 
51100 Steel According to Emmons and from Fig. 21 
the same linear relationship of yield strength to hardness as the austempered 
samples despite the presence of carbide films present from the tempering treat- 
ments used. 

The ultimate strength data for the ductile samples indicate an abrupt loss of 
ductility above Rockwell C-59 for both austempered and quenched and tempered 
samples. Some torsion tests of 51100 steel by Emmons? may shed some light on 
the reason for this behavior. In Fig. 22 the ultimate shear stress at fracture cal- 
culated from the ultimate torques as reported in Emmons’ paper is plotted against 
hardness for each series of samples quenched from various austenitizing temper- 
atures. The curve representing the authors’ data for ductile samples from Fig. 21 
is included for comparison. It appears that the brittle fracture behavior at high 
hardness levels is due to some factor which increases in severity with austenitiz- 
ing temperature. Furthermore, the high ultimate strengths and ductility shown 
up to the maximum hardness of Rockwell C-66.5 for the samples quenched from 
1550 °F indicate that high carbon steel is not always brittle near its maximum 
hardness. 

The data compared in Fig. 22 thus indicate that the observed brittle fracture 
behavior found in the authors’ samples austenitized at 1800°F should not be 
present to the same degree at the lower austenitizing temperatures used in most 
applications of 51100 steel. 


Written Discussion: By B. S. Lement, Division of Sponsored Research, Massa- 
chusetts Institute of Technology, Department of Metallurgy, Cambridge, Mass. 


J. V. Emmons, “Some Physical Properties Of Hardened Tool Steel.’’ Proceedings. Ameri 


in Society for Testing Materials, Vol. 31, 1931, p. 47. 
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The authors are to be congratulated for establishing a correlation between the 
brittle behavior of SAE 51100 steel subjected to torsion and the occurrence of 
both carbide films and elongated particles at martensitic boundaries. The correla- 
tion of mechanical properties with microstructure is a difficult area of physical 
metallurgy and each advance in knowledge requires a great deal of painstaking 
work. This is particularly true when dealing with extremely fine particles which 
require the high resolution of an electron microscope in order to be observed. 

I wonder if, in addition to carbide shape and distribution, the authors have 
considered the possible effect of the matrix solid solution on the observed brittle 
behavior in torsion. Based on the work of Werner,* the-carbon content of the 
matrix of bainite formed isothermally at 400 °F in an iron-carbon alloy is prob 
ably less than 0.05% where it is necessary to temper | hour at 500-550 °F in order 
to deplete the carbon content of martensite in this alloy to the same level. Since 
the “torsional instability” attributable to the martensite structure in SAE 51100 
steel persists on tempering up to about 550 °F, it seems likely that for equal hard- 
ness levels above about Rockwell C-57.5 a bainite structure has the advantage of a 
lower matrix carbon content in addition to a better carbide distribution. 

The identification of the Hagg carbide by electron diffraction resurrects an old 
controversy. Although it seems indisputable that the Hagg carbide can form in 
synthetically prepared iron carbides, the bulk of x-ray and electron diffraction 
work carried out in the past has indicated that only epsilon carbide and cementite 
form during the tempering of iron-carbon martensite. This difference in behavior 
can be rationalized on the basis that the presence of the martensite solid solution 
alters the free energy relationships so that the kinetics of Hagg carbide formation 
during tempering become unfavorable. To make a positive identification of Hagg 
carbide as a product of tempering is very difficult because of the relatively small 
number of diffraction lines obtainable, the closeness of the d-values attributable 
to cementite, and the possible effects of fine particle size and lattice strain on line 
intensities. 

Assuming that the Hagg carbide does form a tempering as claimed by the 
authors, some clarification seems needed with respect to the sequence of carbide 
formation. The structure shown in Fig. 7 for a 1 hour temper at 400°F is de 
scribed as showing fine percarbide particles and films and is similar to structures 
previously shown by the authors to result by tempering at even lower temper- 
atures. The fine percarbide particles were also shown in Fig. 9 which corresponds 
to a 24 hour temper at 400 °F and found to exist after tempering at higher tem 
peratures. Since the fine percarbide particles formed after 24 hours at 400 °F were 
identified by electron diffraction as the Hagg carbide, does this mean that the 
Hagg carbide occurs after a 1 hour temper at 400 °F as well as after tempering 
at lower temperatures? Do the authors have any electron diffraction evidence of 
the transition of epsilon carbide to Hagg carbide? If both epsilon carbide and 
Hagg carbide occur during tempering, the similarity in their appearance based 
on the electron microstructures presented by the authors would imply that the 
transition occurs in situ rather than re-solution of epsilon concurrent with precipi- 
tation of Hagg carbide. 


* G. E. Werner, B. L. Averbach and Morris Cohen, “Matrix Phase in Lower Bainite and 
Tempered Martensite,” Transactions, American Institute of Mining and Metallurgical Engi 
neers, Vol. 206, p. 1484, Note: The estimates of carbon content of the matrix are based on t 
measured c/a ratios. However, it is possible for the matrix to have a body centered cubic are 
ture with the same lattice parameter as ferrite (2.866 + 0.003 A) and still contain an appre- 
ciable amount of carbon in solid solution (perhaps as much as 0.1%). 











1998 ELECTRON MICROSTRUCTURE OF CARBON STEEL 183 


Authors’ Reply 

The authors thank Doctors Girardi, Littman, and Lement for their comments 
and additions to our paper. In answer to Girardi and Littman, specimens which 
are reported as having identical yield and ultimate strengths broke while in the 
straight line portion of the torque-twist curve. No plastic deformation was noted. 

Girardi and Littman’s replot of the yield strength vs. hardness and ultimate 
strength vs. hardness data is interesting. We agree with the relationship which 
they established for ultimate strengths. The decrease in ultimate strength at hard- 
ness levels higher than Rockwell C-59.0 might be expected when considering 
fracture types which were obtained. The highest hardness austempered samples 
broke with the semi-brittle shattering effect whereas the remaining austempered 
samples displayed the ductile shear failure. Analysis of yield strength values on 
an individual sample basis as attempted by Girardi and Littman does not seem 
consistent with good practice. One would expect some of the individual quenched 
and tempered sample data to fall on the straight line established for the austem- 
pered samples. However, as pointed out by Fig. 21, the majority of the quenched 
and tempered samples do not display a linear relationship; only 8 of the 26 points 
representing these samples fall on the line. Fig. 21 clearly points out quenched 
and tempered data scatter and instability in the higher hardness range: The 
authors feel one could not expect much yield strength reliability for parts made 
from SAE 51100 steel and oil quenched and tempered to Rockwell C-57-60. 

The increase in ductility at higher hardness levels for parts austenitized at 
lower temperatures may be a function of the amount of carbon in solution as a 
result of the hardening treatment. As Emmons pointed out and, as we also noted, 
complete solution of spheroidal carbides does not take place until about 1800 °F 
for the times under consideration. We chose the austenitizing temperature of 
1800 °F to be certain that all the carbides were in solution before quenching. 

In reply to Dr. Lement’s discussion, the reported physical properties of SAE 
51100 steel were correlated only with carbide morphology and not with matrix 
condition. The authors recognize that the amount of carbon remaining in solution 
will influence strength and we agree with Lement that bainite produced by aus- 
tempering may have a matrix more conducive to ductile behavior at high hard- 
nesses than does tempered martensite, but this may be due to residual stresses in 
the martensite. 

Although epsilon carbide has been identified in pure iron carbon alloys, the 
effect of alloy content and time at temperature on carbide formation has not been 
thoroughly evaluated. Mr. J. Pomey * and Pomey and Coudray,** using thermo- 
magnetic techniques have reported the transition of epsilon carbide to Hagg 
carbide with increasing time at temperature for both tempered martensite and 
bainite. The Hagg carbides identified in our paper were found in samples tempered 
from 2 to 24 hours and we believe this is sufficient time to produce the more 
stable Hagg carbide. Pomey * has also shown that the presence of silicon and 
nickel in a 0.7% carbon steel will result in the initial formation of epsilon carbide 
during the bainitic transformation. With further time at temperature the epsilon 
was shown to transform to Hagg carbide. If nickel and silicon were absent or 
present in small amounts, Hagg carbide is the first to form, according to Pomey. 


*J. Pomey, “Carbide Formation During the Bainite Transformation in Steel,’’ Comptes 
rendus, June 14, 1954, p. 2318—20 

** J. Pomey and R. Coudray, “Carbide Formation During the Tempering of Martensite,” 
Comptes rendus, July 6, 1953, p. 62-64 


















































TRANSFORMATION STRUCTURES IN 
HYPOEUTECTOID ALLOY STEELS 


By W. C. HaGet anp M. N. Ruorr 


Abstract 
Detailed optical- and electron-microscopic observations 
were made of the morphological aspects of both isothermal 
and cooling transformations in laboratory Ni-Mo, Cr-Mo-V 
and Ni-Cr-Mo steels containing 0.3% carbon. Transforma- 
tion curves were obtained by varying isothermal-reaction 
temperatures from 1300 to 700°F (705 to 370°C) and 
cooling rates from 9 to 30,000 °F per hour ; resultant struc- 
tures are more continuous and intermixed in nature than 
existing classifications indicate. Although diffusion and 
interfacial-energy effects are paramount at high tempera- 
tures and slow cooling rates, strain energy and nucleation 
site effects dominate at lower temperatures and faster cool- 
ing rates. Globular alloy carbides precipitate at the edges of 
advancing proeutectoid-ferrite plates, and fine carbide rods 
precipitate within lower bainite needles in a multiplicity of 
directions suggestive of spontaneous shearing. (ASM Inter- 

national Classification: N8qg; Ay) 


INTRODUCTION 


TIS WELL KNOWN that the widely useful mechanical properties 

of tonnage and specialty steels—even after additional tempering, 
annealing or high temperature service—basically depend on the struc- 
tures resulting from commercially practicable cooling rates. As a 
consequence, the solid-state reactions occurring during austenite de- 
composition have received, and should receive, more attention than 
transformations in any other alloys of a single base metal. Although 
some of the fundamental principles and experimental facts reviewed by 
Mehl and Hagel (1)? to account for the formation of pearlite are ap- 
plicable to the formation of proeutectoid ferrite and bainite, Geisler 
(2) and Aaronson (3) have found that these latter reactions await a 
better understanding of morphology-controlling factors such as diffu- 
sion, interfacial energy, strain energy and nucleation site before any 
proposed mechanism can be regarded with confidence. 








1 The figures appearing in parentheses pertain to the references appended to this paper. 





A paper presented before the Thirty-Ninth Annua! Convention of the Society, 
held in Chicago, November 4-8, 1957. The authors, W. C. Hagel and M. N. Ruoff, 
are associated with Materials and Processes Laboratory, Large Steam Turbine- 
Generator Department, General Electric Co., Schenectady, New York. Manu 
script received April 15, 1957. 
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Direct evidence for certain effects of the aforementioned factors is 
obtainable if one employs the higher resolution and depth of focus of an 
electron microscope. Progress reports compiled by the ASTM (4,5,6) 
sought to establish suitable electron-microscopy techniques for iron- 
base alloys and to provide the standard electron microstructures of an 
isothermally transformed plain carbon eutectoid steel. Schrader and 
Wever (7) concluded that upper bainite growing in a 0.48% carbon- 
1.98% manganese steel consists of parallel feathers of ferrite sheathed 
by carbon-rich austenite which may eventually precipitate as cementite 
between the feathers; Hehemann and Troiano (8) have referrred to 
their electron micrographs as partial confirmation of the Hultgren 
mechanism (9) where a special kind of ferrite forms and enriches the 
surrounding austenite in carbon so that cementite appears at the 
austenite-ferrite interface. Coheur and Habraken (10) studied bainite 
with an electron microscope and observed that fine striations, appar- 
ently parallel to the octahedral planes of austenite, appear within lower 
bainite needles; the ASTM (5) interpreted these same striations as 
carbide platelets at a constant 55-degree angle to the major bainite 
needle axis. The reaction products which appear in end-quench harden- 
ability bars have been identified by Ross, Sernka and Jominy (11). 

Since the optical observations of Carpenter and Robertson (12) in 
1931, little new knowledge has been gained of cooling structures per se. 
Most investigators direct their attention solely on the more simple 
isothermal reactions and assume correlation with cooling behavior based 
on the requirement that high and low temperature transformations are 
either completely additive or completely independent. However, if the 
rate of transformation at any temperature depends upon the amount 
of transformation which has taken place at some higher temperature, 
isothermal transformation curves are inadequate for describing cooling 
behavior. To provide the correct heat treatment of five hypoeutectoid 
Ni-Mo, Cr-Mo-V and Ni-Cr-Mo deep-hardening steels, both isother- 
mal and cooling transformation curves were determined ; the hundreds 
of specimens gathered under such controlled conditions were subse- 
quently given a thorough optical and electron microscopic examina- 
tion to uncover the structural details needed for mechanistic inter- 
pretations. 


EXPERIMENTAL PROCEDURE 


Material 


Steel compositions are listed in Table I ; each value is the average of 
six wet-chemical or spectrographic analyses. All heats were melted 
under argon in an induction furnace, cast as 100-pound ingots, given a 
three-to-one forging reduction and homogenized by holding for 12 hours 


at 2000 °F (1095 °C). 
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Transformations 


Both the isothermal and cooling transformation techniques used here 
have long been standard procedure. Specimens measuring 0.12 X 
0.50 & 1.00 inches were machined from billet interiors for isothermal 
transformation. The 1% chromium-1% molybdenum-0.2% vanadium 
steel was austenitized in a graphite-muffle furnace by holding for 45 
minutes at 1750 °F (955°C), and the other four low vanadium steels 
were austenitized by holding for 45 minutes at 1600 °F (870°C). No 
banding, residual carbides, excessive decarburization or other inhomo- 
geneities were observed after these treatments. Resulting austenite 
grain sizes are also listed in Table I. Held within +5 °F at equilibrium 
temperatures of 700, 800, 900, 1000, 1100, 1200 and 1300°F (370, 











Table I 
Steel Compositions 
ASTM 
Designation Cc Ss P Mn ‘Si Ni Cr Mo V Al Grain Size 
2.6Ni-0.4Mo 0.30 0.021 <0.02 052 0.18 264 <0.05 037 — <0.015 5 
3.6Ni-0.5Mo 0.30 0.014 <0.02 041 0.28 364 <0.05 0.47 _ 0.058 6 
1Cr-1Mo-0.2V 0.26 0025 <0.02 0.72 0.29 O.11 1.01 1.04 0.23 <0.015 6 
2Ni-1.3Cr-0.5Mo 0.33 0.014 <0.02 0.52 O11 2.02 1.34 0.47 0.09 0.040 6 
0 0.024 <0.02 041 0.22 2.91 5 


3Ni-2Cr-0.7Mo 








1.98 0.69 . <0.015 





425, 480, 540, 595, 650 and 705°C), large commercial salt pots 
were used to prevent recalescence effects during specimen immersion. 
Isothermal reaction times were measured with a stop watch from the 
moment of insertion, and reactions were terminated at suitable loga- 
rithmic intervals by quenching in salt brine. 

Cooling transformations were performed in a Leitz dilatometer using 
2.0-inch long & 0.141-inch diameter cylindrical specimens. Heating rate 
to the above austenitizing temperatures was 54°F per hour; the con- 
tinuous cooling rates were 9, 18, 54, 108, 216, 910, 3,000 and 30,000 °F 
per hour. Sufficiently fast cooling rates could not be developed with this 
apparatus to determine M, and M, temperatures directly. However, 
formulae for calculating B,, Br, M, and M,; temperatures have been 
derived by Steven and Haynes (13) ; since calculated B, and By tem- 
peratures do compare favorably with experiment, the same type of cal- 
culations for M, and M, temperatures should be equally valid. All 
dilation curves were recorded on photographic film, and cooling trans- 
formation start and stop temperatures were measured at observed 
inflection points with an accuracy of +10°F. 

To provide approximate Ae, and Aes; temperatures, as-tempered 
specimens were heated for 60 hours at 50-degree intervals from 1100 
to 1500 °F (595 to 815 °C) ; specimen hardnesses after quenching give 
an indication of austenitizing characteristics as shown in Fig. 1. Above 
the Ae,, hardness increases as austenite (or martensite on cooling) 
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Fig. 1—Steel Hardnesses on Quenching from a Series of Temperatures after Holding 
for 60 Hours. 


forms; above the Aes, hardness decreases as austenite grain growth 
occurs. Both Ni-Mo steels have the lowest Ae; and Ae; temperatures 
and the 1% chromium-1%molybdenum-0.2% vanadium steel has the 
highest ; further additions of nickel in the Ni-Cr-Mo steels again de- 
press these temperatures. 


Structures 


Isothermal and dilatometer specimens were mounted in cold-setting 
plastic and sectioned to expose their 0.12 « 0.50-inch and 0.141-inch 
cross sections respectively. Water cooling was employed in all cutting, 
grinding and polishing operations to avoid tempering. Smooth surfaces 
were obtained mechanically by using a Carnauba-wax wheel for inter- 
mediate polishing and Gamel cloth with fine alumina for final polishing. 
Specimens were etched with 2% Nital for both optical and electron 
microscopy ; at least two etching times were used to evaluate the effect 
of etch depth on microstructural appearance. Isothermal specimens 
were studied in detail at 1500 diameters with an oil-immersion optical 
objective and at 2000 to 60,000 diameters with a Philips 100 KV elec- 
tron microscope to establish time for 1% transformation and to follow 
further morphological changes until complete impingement. After cool- 
ing to room temperature, all dilatometer specimens were examined both 
optically and with the electron microscope. 

For the latter instrument, lightly etched specimens were strip-cleaned 
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five times with a 3% parlodion film. Negative replicas of the metal 
surfaces were then taken by direct stripping of a 1% parlodion film. 
Vacuum shadowing with chromium at an angle of 20 degrees was gen- 
erally satisfactory, although a lower angle best delineates fine particles 
and a higher angle the ferrite subboundaries. By application of the 
extraction-replica technique (14), fine particles of interest were re- 
moved for further size distribution observations and for transmission 
electron diffraction. 






EXPERIMENTAL RESULTS 
Transformations © 


Isothermal start (1% ) and cooling transformation curves for the five 
hypoeutectoid alloy steels are plotted in Figs. 2 to 6. No isothermal stop 
curves were plotted, because these points were frequently difficult to 
distinguish and have little useful value to justify an intensive search. 
Most high temperature reactions would become stabilized at about 80% 
completion after a week’s time (6 < 10° seconds). Approximate Ae; 
and Aes temperatures taken from Fig. 1 and calculated B,, Br, M, and 
M; temperatures are added to the ordinate of each graph. Alloy varia- 
tions were so chosen as to cause decreasing calculated B, temperatures. 
Although isothermal transformations occurred at only 100-degree in- 
tervals and cooling transformations took place over a range of cooling 
rates, hardenability increased within this group of steels to give a com- 
plete morphological sequence for all time-temperature conditions of 
austenite decomposition. 

Using the method of Grange and Kiefer (15) for predicting the start 
of cooling transformations from isothermal start curves, one can cal- 
culate the dotted lines shown in Figs. 2 to 6. Agreement with experiment 
is good at the maximum experimental B, temperatures measured on us- 
ing a cooling rate of 910 °F per hour ; predicted curves for faster rates 
lie either above or below experimental curves, and predicted curves 
for slower rates are always high. The cross-hatched zone in Fig. 2 rep- 
resents the range between surface and 0.25-radius cooling rates, as 
found experimentally by Timo and Goldhoff (16), on air cooling a 45- 
inch diameter cylinder ; the cooling rates used in this investigation are 
depicted as interrupted lines in Fig. 3. Since some preferred orienta- 
tions remained in the specimens from the original forging reduction, 
x-ray patterns of retained austenite were too spotty for a quantitative 
determination. However, dilatometer-curve and microstructural ex- 
aminations showed that the maximum amount of retained austenite 
also appeared in each steel after cooling at about 910 °F per hour. In 
sequence from the 2.6% nickel-0.4% molybdenum steel to the 3.0% 
nickel-2.0% chromium-0.7% molybdenum steel, these maxima in 
retained-austenite content were approximately 0, 5, 10, 15 and 25%. 
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Fig. 2—Isothermal and Cooling Transformation Curves for 2.6Ni-0.4Mo Steel 
Austenitized at 1600 °F (870 °C). Cross-hatched zone shows range of cooling 
rates measured on air cooling a 45-inch diameter cylinder. 
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Fig. 3—Isothermal and Cooling Transformation Curves for 3.6Ni-0.5Mo Steel 
Austenitized at 1600 °F (870 °C). Interrupted lines show experimental cooling 
rates employed. 
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Fig. 4—Isothermal and Cooling Transformation Cc urves for 1.0Cr-1.0Mo-0.2V 
Steel Austenitized at 1750 °F (955 °C). 
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Fig. 5—Isothermal and Cooling Transformation Curves ' 2.0Ni-1.3Cr-0.5Mo 
Steel Austenitized at 1600 °F (870 °C 
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Fig. 6—Isothermal and Cooling Transformation Curves for 3.0Ni-2.0Cr-0.7Mo 
Steel Austenitized at 1600 °F (870 °C). 


Structures 


Examples of representative isothermal and cooling transformation 
structures are shown in Figs. 7 to 25. All electron micrographs are 
mounted so that shadowing direction is from the upper-right corner ; 
apparent craters are to be interpreted as elevations on the etched metal 
surface. Fortunately, the presence of the carbide-forming elements, 
chromium, molybdenum and vanadium, promotes substructure reveal- 
ing carbide precipitation at all temperatures. 

The isothermal reaction just above the Ae, temperature for each steel 
is the formation of rounded carbide-containing ferrite crystals extend- 
ing from and along austenite grain boundaries (Fig. 7). With in- 
creasing time an occasional idiomorph appears, and the existing ferrite 
thickens and contains an alloy carbide dispersion reminiscent of well 
spheroidized pearlite. 

From the Ae, to ferrite knee temperatures, portions of the advanc- 
ing ferrite crystals become angular to the extent that arms protrude 
and engulf pools of austenite (Fig. 8); concurrently, alloy carbides 
nucleate and grow at austenite-ferrite interfaces depending on available 
diffusion short circuits. No carbide-free ferrite was observed even after 
very short isothermal transformation times; with further growth, one 
could see the carbide traces of consumed austenite pools. Carbide con- 
tent in proeutectoid ferrite roughly increased in sequence from the 2.6% 








192 TRANSACTIONS OF THE ASM Vol. 50 





Fig. 7—3.6Ni-0.5Mo Steel Isothermally Transformed for 5.5 « 10* Seconds at 1300 °F 
(705 °C). Rounded carbide-containing ferrite crystals appear above the Ae: temperature 
0 


x 8000. 
Fig. 8—3.0Ni-2.0Cr-0.7Mo Steel Isothermally Transformed for 1.0 x 10* Seconds at 
1200 °F (650 °C). Below the Aci, angular ferrite arms engulf austenite pools; formation 
f of (Fe, Cr)aMosCe occurs at austenite-ferrite interface. « 8000. 

Fig. 9—2.6Ni-0.4Mo Steel Isothermally Transformed for 2.0 x 10® Seconds at 1100 °F 
(595 °C). Above the bainite-shelf temperature, austenite-ferrite interfaces become more 
linear and assume an orientation relationship. x 8000. 

Fig. 10—3.6 Ni-0.5Mo Steel Isothermally Transformed for 5.0 « 10% Seconds at 1000 °F 
(540 °C). Clean bainite initially forms, cnt eogeitee later precipitate behind the interface 

. x . 
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Fig. 11—2Ni-1.3Cr-0.5Mo Steel Isothermally Transformed for 1.0 X 10* Seconds at 
900 °F (480 °C). Optical micrograph shows gross features of clean-bainite morphology, 
including “apparent” growth across grain boundaries. < 1000. 


Fig. 12—3.0Ni-2.0Cr-0.7Mo Steel Isothermally Transformed for 5.5 X 10 Seconds at 
800 °F (425 °C). Higher alloy content promotes clean-bainite formation at lower tempera- 
tures. X 8000. 


Fig. 13—2.6Ni-0.4Mo Steel Isothermally Transformed for 30 Seconds at 900 °F 
(480 °C). Here one sees the typical advancement of upper bainite feathers and ensuing 
formation of carbides at ferrite-ferrite interfaces. X 8000. 
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nickel-0.4% molybdenum to the 3.0% nickel-2.0% chromium-0.7% 
molydenum steel. The 3.0% nickel-2.0% chromium-0.7% molybdenum 
specimen whose structure is shown in Fig. 8 was electrolytically di- 
gested, and the remaining residue gave a strong x-ray diffraction pat- 
tern for face-centered cubic Mo3C, of lattice parameter a, = 10.56 A. 
These alloy carbides are probably (Fe, Cr) 2: MoeCg, since a, = 10.64 A 
for pure CrosCg (17) and a, =10.52A for pure Fee;MooC, (18). 
Nonlamellar pearlite appeared only in the 2.6% nickel-0.4% molyb- 
denum steel after long time isothermal holding. 

From the ferrite knee to bainite-shelf temperatures, proeutectoid fer- 
rite assumes an orientation relationship which gives the conventional 
pseudomorphic crystal structure of allotropic transformations. As seen 
in Fig. 9, the austenite-ferrite interfaces become more linear and lie 
fairly parallel to octahedral austenite planes. A convenient orientation 
guide is the experimental fact (2) that martensite needles form parallel 
to octahedral austenite planes in steels containing from 0 to 0.4% car 
bon. Although austenite-ferrite interfaces frequently appear to be dark 
etching under an optical microscope, higher magnifications disclose 
that there is a beveled region extending back about 2000 A from the 
interface. Interface-nucleated alloy carbides were observed in the pro 
eutectoid ferrite to a lesser degree as temperature decreased. 

Along the upper level of the bainite shelf, clean bainite plates soon 
form (Figs. 10, 11 and 12) ; after an indeterminant incubation period, 
a few carbides precipitate at scattered nucleation sites well behind the 
advancing interface. The names of X constituent or probainitic ferrite 
have long been applied to this structure, but such a distinction of degree 
from the general bainite reaction seems unnecessary. Use of the 
extraction-replica technique makes it possible to distinguish carbides 
from small slivers of transformed or retained austenite. The apparent 
carbon-rich sheath of austenite first noted by Schrader and Wever (7) 
could well be an etching artifact ; further etching of the same specimen 
seen in Fig. 10 disclosed martensitic structure up to the edge of each 
interface. No sheaths are observable in the deeper etched specimens 
of Figs. 12 and 13; no carbides were found at austenite-ferrite inter- 
faces at temperatures below the bainite shelf. Clean bainite plates fre 
quently give the impression that they grow across austenite grain 
boundaries ; as shown in Fig. 11, a plate may touch a boundary at or 
across from its point of origin and finish its development in an adjacent 
grain if the respective octahedral planes are so matched. Sometimes 
only a low angle boundary shift within the ferrite (Fig..12) is all that 
is needed to affect continuation. The interphase interfaces of clean 
bainite are more irregular than those of other higher or lower tempera 
ture structures. 

At lower temperatures, the familiar morphology of upper bainite is 
evident at austenite grain boundaries (Fig. 13). Advancing feathers of 
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Fig. 14—2.6Ni-0.4Mo Steel Isothermally Transformed for 30 Seconds at 800 °F (425 °C). 
Sheaves of ov bainite are connected by ferrite-ferrite interfaces; aoe are oriented 
ees to direction of major bainite needle axis. X 8000. 

Fig. 15—2. 6Ne. 0. astre Steel Isothermally Transformed for 30 Seconds at 700 °F (370 °C). 
No carbides are visible within distorted low tem mperature bainite. X 8000. 

Fig. 16—1.0Cr-1.0Mo-0.2V Steel Cooled at Rate of 54 °F per hour. Electron micrograph 
shows carbide lamellae forming at tip of proeutectoid- -ferrite plate. x 8000. 

is Fig. 17—1.0Cr-1.0Mo-0.2V Steel Cooled at Rate of 216 °F per hour. Less proeutectoid 

: ferrite is present and the remaining omteeee transforms to Widmanstatten pearlite. 

x 0. 
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Fig. 18—3.6Ni-0.5Mo Steel Cooled at Rate of 910 °F per hour. Clean bainite appears 
and some pearlite forms in untransformed austenite. x 8000. 


19—1.0Cr-1.0Mo-0.2V Steel Cooled at Rate of 3000 °F per hour. Upper bainite 
containing ferrite-nucleated carbides appears at grain boundaries. K 8000. 


Fig. 20—1.0Cr-1.0Mo-0.2V Steel Cooled at Rate of 30,000 °F per hour. Bainite needles 
in martensitic matrix show cross-striated carbides. x 8000. 
20. Carbide rods are oriented 0, 


Fig. 21—Extraction Replica of Surface Seen in Fig, P 
60 and 120 degrees with main direction of bainite needle. x 20,000. 


oo) 
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ferrite extend along octahedral planes of austenite, and carbides can be 
observed a finite distance behind the junction of two ferrite feathers 
and a sliver of austenite. With time the aligned carbides grow by car- 
bon diffusion through the ferrite until they become spherical, but, in 
disagreement with the Hultgren mechanism, no carbide growth was 
found to occur by the direct consumption of retained austenite. 

In lower bainite, groupings of intragranular needles known as sheaves 
(19) can be observed initially. The sides of these connected needles 
somewhat resemble a stress catenary, and within them are carbides 
oriented at an angle of about 60 degrees to their lengthwise direction 
(Fig. 14). Isothermal transformation just above the M, temperatures 
provides acicular dark-etching bainite much like tempered martensite 
in appearance. At high magnifications, one can see a carbide dispersion 
exhibiting one, three, four and possibly more striation directions on 
each bainite needle surface with decreasing temperature. Eventually 
the needles become so distorted internally that no discrete carbide par- 
ticles are observable ( Fig. 15). The austenite (or martensite on quench- 
ing) located adjacent to bainite needles at all temperatures appears to 
be essentially undisturbed, partially indicating, along with the high 
number of striation directions, that most of the deformation accom- 
panying bainite formation occurs in the ferrite. 

Formation of carbide-containing massive ferrite at high temperatures 
and nonlamellar pearlite at lower temperatures results from using cool- 
ing rates slow enough to pass through the ferrite nose. On cooling, the 
rate of growth of proeutectoid ferrite apparently decreases with time 
until carbide nuclei grow into austenite from the austenite-ferrite inter- 
face and promote the continuation of fast growing pearlite (Fig. 16). 
With faster cooling rates, less proeutectoid ferrite appears, and the re- 
maining austenite transforms to Widmanstatten pearlite at a higher 
temperature. The carbide-ferrite orientation relationship of Fig. 17 sug- 
gests carbide nucleation on the octahedral planes of austenite ; orienta- 
tion adjustments within the slower forming ferrite would then be 
accomplished by the observed subboundary formation. When cooling 
rates intersect the maximum B, hump, clean bainite first appears, and 
some of the remaining austenite transforms to lamellar pearlite (Fig. 
18). At faster cooling rates, the low temperature transformation pro- 
vides upper bainite in which the carbides are aligned along ferrite- 
ferrite interfaces (Fig. 19). Still faster cooling rates produce multi- 
striated bainite needles in a martensitic matrix whenever the steel’s M, 
temperature exceeds its By temperature (Fig. 20). 

Fig. 21 shows an extraction replica taken from the same specimen 
used for Fig. 20. The carbides are distinctly rodlike in appearance, and, 
with this cooling rate, they are oriented 0, 60 and 120 degrees to the 
major bainite-needle axis. Note also the fine spheres or discs present 
in the adjacent martensite which may result from tempering during 
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5 at 





Fig. 22—Extraction Replicas of 3.0Ni-2.0Cr-0.7Mo Steel Cooled at Rate of 30,000 °F 
per hour. Carbide rods are oriented in a multiplicity of directions on transformation at 
lower temperatures. X 20,000. 
Fig. 23—Brine-Quenched 1.0Cr-1.0Mo-0.2V Steel. Carbide-free martensite showing sub 
boundary structure was obtained. « 8000. 
Fig. 24—Specimen Seen in Fig. 23 Tempered for 1 Hour at 400 °F (205 °C). Numerous 
carbide spheres or disks appear in tempered-martensite needles. & 20,000. 
Fig. 25—Extraction Replica of Surface Seen in Fig. 24. Separated particles are definitely 
not like rods present in Figs. 21 and 22. X 20,000. 
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further cooling. In the 3.0% nickel-2.0% chromium-0.7% molybdenum 
steel possessing higher hardenability so that a lower temperature trans- 
formation occurs at the same fast cooling rate (30,000 °F per hour) 
given the 1.0% chromium-1.0% molybdenum-0.2% vanadium steel, 
extraction replication shows rods carefully lifted from their actual posi- 
tions and oriented in five or more directions (Fig. 22). This indicates 
that precipitation occurred on dodecahedral, or even higher order, 
planes of the ferrite ; slip in ferrite is known to take place along {110}, 
{112}, {123} planes in the <111> directions. 

Similarity of the size-distribution of rods extracted from lower bainite 
to the “straws” mentioned by Aborn (20) as forming during the 
quench-tempering of low carbon martensites caused the authors to in- 
vestigate further the carbides produced during low temperature tem- 
pering. To insure the formation of pure martensite, a thin specimen of 
the 1.0% chromium-1.0% molybdenum-0.2% vanadium steel was 
rapidly quenched in brine, and the resulting structure seen in Fig. 23 
shows subboundaries resulting from intricate and varying transforma- 
tion stresses and the presence of no carbides whatsoever. Tempering of 
this specimen for 1 hour at 400°F (205°C) precipitated numerous 
carbide spheres or disks (Figs. 24 and 25) of much finer size distri- 
bution than the lower bainite rods seen on previous extraction replicas. 
Transmission electron diffraction patterns of the particles extracted 
from lower bainite and tempered martensite all have five characteristic 
lines which can be best indexed as orthorhombic MsC. Within the 
errors of this technique, the identification of M3C is not conclusive, but 
the data do show that neither face-centered cubic Mo3C, nor hexagonal 
epsilon carbides are present. 


SUMMARY AND CONCLUSIONS 


The isothermal and cooling transformation curves for these alloy 
steels show an upper knee for proeutectoid ferrite, a region of very slow 
reaction and a lower knee for bainite. Structurally, however, there are 
many similarities which existing classifications obscure. At high tem- 
peratures, the dominating morphology-controlling factors are diffusion 
and interfacial energy ; at low temperatures, strain engery and nuclea- 
tion site dominate. At any intermediate temperature, all these factors 
may be present, and the observed structure depends on their relative 
influence. In hypoeutectoid plain carbon, nickel or manganese steels 
that contain no carbide-forming elements, there is a single upper knee 
below which no pearlite appears and bainite forms only after long time 
isothermal holding. Addition of carbide-forming elements will retard 
the upper knee by requiring alloy-carbide precipitation at advancing 
austenite-ferrite interfaces and accelerate the lower knee by promoting 
stress-relieving carbide precipitation at ferrite-ferrite interfaces and 
slip traces within the strained ferrite. The same reasoning applies to 
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cooling transformations with the exception that Widmanstatten pearlite 
forms on slow cooling, possibly as the result of carbide nuclei growing 
into untransformed austenite when proeutectoid-ferrite growth de 
creases. 

As a result of the foregoing experimental work, a number of conclu- 
sions may be drawn: 


1. The formulae derived by Steven and Haynes for calculating 
B, and By temperatures and the method of Grange and Kiefer 
for predicting the start of cooling transformations from isother- 
mal start curves provide fair agreement with independent ex- 
periments. ' 

2. Concurrently with proeutectoid-ferrite growth in steels con- 
taining appreciable amounts of carbide-forming elements, globu 
lar alloy carbides precipitate at advancing austenite-ferrite 
interfaces. 

3. There is no positive evidence for the existence of carbon dif- 
fusion gradients or retained austenite sheaths adjacent to ferrite 
plates and bainite needles. 

4. After a short incubation period, globular carbides precipitate 
at scattered nucleation sites behind advancing clean bainite inter- 
faces. 

5. Aligned carbides precipitate in upper bainite a finite dis- 
tance behind the junction of two ferrite feathers and a sliver of 
austenite. 

6. Extraction replication of the carbide rods in lower bainite 
shows that they are oriented in a multiplicity of directions, indi- 
cating considerable shearing during the transformation. 

7. Carbide spheres or discs of a finer size distribution than 
lower bainite rods initially appear on tempering martensite. 
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DISCUSSION 


Written Discussion: By E. P. Klier, Syracuse University, Research Institute, 
Syracuse, N. Y. 

Some twelve years ago we reported metallographic evidence of carbon diffusion 
gradients adjacent to ferrite-bainite structures in plain carbon steeis.? The photo- 
micrograph in Fig. 26, we believe, can be interpreted in no other way. Carbon 
diffusion gradients can be developed just as strikingly in high carbon steels as we 
have reported elsewhere.** 

More recently we have been determining the cooling transformation diagrams 
and hardenability of certain relatively deep hardening steels. Limited results of 
our cooling transformation studies on 4340 steel are presented in Fig. 27. 

In Fig. 27 the CT diagrams for a given 4340 steel are presented after austenitiz- 
ing at 1550 and 1500 °F. For practical purposes the CT diagrams are equivalent. 
Further the hardenability curves obtained from the CT specimens are closely 


_*E, P. Klier and Taylor Lyman, Transactions, American Institute of Mechanical Engineers 
Vol. 158, 1944, p. 394/419 
‘- hoo Transactions, American Institute of Mechanical Engineers, Vol. 162, 1945, 
86 5. 
*E. P, Klier and Volker Weiss, Transactions, American Institute of Mechanical Engineers, 
Vol. 203, 1955, p. 707/709. 
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Fig. 26—0.36% Carbon Steel Quenched From 1100 to 570 °C (2010 to 1060 °F), Held 
for 1 Second and Quenched to Room Temperature. Etched in dilute Picral. Arrows 
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indicate diffusion gradients. * =~ 5000 
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Fig. es Transformation Diagrams for 4340 Steel 

Heat No. 1, After Austenitizing at 1500 and 1550 °F. The 

hardenability curve was determined from the dilatation speci- 
mens for the elapsed time to cool to 200 °C (390 °F). 


related. However, if the hardenability of the steel for the two austenitizing tem- 
peratures is determined with a 2.5 x 8-inch specimen® the hardenability curves 
are as given in Fig. 28. Clearly there is indicated a severe reduction in harden- 


SE. P. Klier, Volker Weiss and George Sachs, Transactions, American Institute of Mechani- 
cal Engineers, 1957, in press. 
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Heat No, 1, Austenitized as Indicated. Hardenability bar = 
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ibility by this test for the lower austenitizing temperature and this is in contrast 
to the trends predicted by the CT diagrams. We have previously stated our belief 
critical range affects the hardenability of a 
340 steel * and two experiments were conducted to confirm this effect. 


that the rate of cooling through th 
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Fig. 30—Hardness Traverses of Quenched Rounds of 4340 Steel Heat No 
1, Austenitized at 1500 °F and Quenched as Indicated 
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Fig. 31—Jominy Distance for 

Re=50 After the Indicated 

Austenitizing Treatments ~ 

Hardenability bar=2.5 inch 

round X 8 inches. Stabilized 

specimens were furnace cooled to 
1350 °F and quenched. 


The first experiment consisted in comparing the hardenability of the 4340 steel 
on direct quenching from 1500 °F with that measured for austenitizing at 1500 °F 
followed by furnace cooling to 1350 °F and end-quenching from the latter tem 
perature. The results are presented in Fig. 29, where it is evident that the stepped 
treatment has markedly increased the end-quench hardenability. 

The hardenability of the 4340 steel following austenitizing and directly quenc! 
ing from 1500 °F in the large end-quench specimen was low. The CT. diagrams 
indicated, however, that a moderate reduction in the cooling rate should lead t 
increased hardenability. To explore this possibility two sets of cylindrical harden 
ability specimens were austenitized at 1500 °F ; the first was water-quenched whil: 
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the second was oil-quenched. The data are presented in Fig. 30. It is, indeed, in- 
teresting that the oil-quenched specimens possess greater hardenability than do 
those water-quenched. The reduction in hardenability is due to the formation of 
ferrite in the water-quenched rounds 

The effect described above is dependent on the austenitizing temperature and 
for a 4340 steel this dependence is given in Fig. 31. These data clearly indicate 
that the hardenability behavior of a steel is an extremely complex phenomenon 
and that caution must be exercised in predicting hardenability from CT diagrams. 


Written Discussion: By F. E. Werner, Metallurgy Department, Westinghouse 
Research Laboratories, Pittsburgh 

From the data given in Fig. 1, it appears that at the temperatures taken to be 
Ae, there is a considerable quantity of residual carbides still out of solution. The 
hardness level shown corresponds to only about 0.15% carbon in solution * com 
pared to approximately 0.30% in the steels as a whole. (Closer estimates are not 
possible since the nitrogen contents are not reported.) The authors report that 
at the final austenitizing temperature there were no residual carbides present; 
thus, the as-quenched hardness versus temperature curve must take a sharp rise 
between the apparent plateau in Fig. 1 and 1600°F (1750°F for the 1 Cr-1 Mo 
0.2 V). The effect of the solution of carbides would greatly outweigh any small 
contribution of grain size to the hardness. Actually, the writer would be surprised 
if the grain size changes appreciably while many residual carbides are present. 
In this connection, have the authors made grain size measurements to verify 
their statement that an increase in grain size decreases the as-quenched hardness? 


Authors’ Reply 

Subsequent to these discussions, the authors re-examined the specimens used 
and the data gathered during this investigation. No residual, undissolved carbides 
could be found in electron microstructures of the 1 Cr-1 Mo-0.2 V steel austeni 
tized for 45 minutes at 1750°F and of the other four low vanadium steels 
austenitized for 45 minutes at 1600 °F. Furthermore, electrolytic digestion (using 
10% HCl in alcohol) of similarly austenitized specimens quenched in brine and 

liquid air yielded no carbide residues 
In Table II are presented data which should provide further clarification. Carbon 
leterminations of each steel were reconfirmed in a micro-combustion apparatus, 
and nitrogen analyses were performed colorimetrically in accord with the micro 
Kjeldahl technique. The empirical relationship of Nehrenberg, Payson and Lillys,° 
i.e., log Rockwell C hardness = 2.182 + 0.469 (log C) +.0.108 (log C)* + 0.164 
(log N) + 0.025 (log N)* where C and N are the respective carbon and nitrogen 
contents in weight percent, was used to calculate the maximum hardness which 
can be attained in fully martensitic steels free from residual carbides and nitrides 
Hardness measurements (Rockwell C) were made of water quenched specimens 
held for 60 hours at 1450 °F and of additional brine and liquid-air quenched speci 
nens held for two hours at 1450 and 1900 °F and for their normal austenitizing 
treatments. A hardness correlation of the latter group of specimens with calculated 

values is within experimental error. 
Originally, a holding time of 60 hours was used for all data shown in Fig. 1 
\. E. Nehrenberg, Peter Payson and Peter Lillys, “Effect of Carbon and Nitrogen on the 
ttainable Hardness of Martensitic Steels,’ Transactions, American Society for Metals, 


47, 1955, p. 785 
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Table I! 
Calculated and Measured Quenched Hardness 
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Rockw ell Cc Hardness 


Interstitial Quenched Quenched in Brine 
Weight Percent Calculated in and Liquid Air 
Maximum Water 
Hardness 60 hrs @ 2hrs @ Normal 2 hrs 
Designation Carbon Nitrogen 1450°F 1450°F Austenitizing 19 

Mo 0.30 0.007 53.6 41.0 53.5 53.2 49 
Mo 0.30 0.007 53.6 39.0 53.0 52.8 
0.2 V 0.26 0.006 50.4 32.7 46.2 49.5 
Cr-0.5 Mo 0.33 0.007 55.4 39.8 56.0 53.0 
Cr-0.7 Mo 0.26 0.005 50.0 42.0 50.2 50.5 














to provide the best approximation of the Ae: ; actually, only about two hours are 
required to determine the Aes. Although the usual precautions were taken, some 
high temperature decarburization of the small specimens used to obtain 60-hour 
data points may have occurred ; however, larger specimens held for shorter hold 
ing times have shown that the Aes temperatures plotted in Figs. 2 to 6 are still 
valid. Quenched hardness decreases above the Ae:, and the only structural change 
to be detected is an increase in grain size, e.g., the ASTM grain size of specimens 
held for two hours at 1900 °F is 2-3. Similar changes were noticed during a study 
of austenitizing characteristics of modified 12-chromium alloys.” 

Although slow-etching, structureless regions were frequently observed to out 
line ferrite plates and bainite needles, further deep etching would reveal lower 
bainite or martensite adjacent to or, at the most, 400 A from the interface. It is 
possible that earlier electron-microscopic observations of a carbon-rich sheath, 
approximately 5000 A wide, were made on specimens where the effect of etch 
depth and/or shadowing angle on microstructural appearance had been incom 
pletely evaluated. Those regions behind an advancing interface which may be 
carbides, slivers of martensite or retained austenite are also subject to misinterpre 
tation. Use of extraction replicas disclosed that they are principally carbides, but 
an occasional stripping of two-phase regions would yield no extracted particles 
and thusly indicated the presence of martensite or austenite. 

The metallographic evidence which Dr. Klier presents is not incontestable; 
it would be of interest to learn whether the 5000 A “diffusion gradients” observed 
are reproducible when examined at higher magnifications. On reviewing the refer 
ences Dr. Klier mentions, one notes that his interpretation is based on measur: 
ments of the tetragonality of martensite after quenching from an isothermal 
transformation temperature. For a steel containing 3% chromium and 0.38% 
carbon, c/a values of 1.019 to 1.022 are reported* which, according to Honda 
and Nishiyama,’ correspond to a carbon content of 0.5 to 0.6%. More recent data 
show that these c/a values correspond only to a carbon content of 0.42 to 0.49% 
and are not indicative of a significant carbon enrichment. The other 1% chromium 
0.4% molybdenum and 1% chromium steels, for which tetragonal splits are re 
ported,® respectively contain 0.42% and 0.44% carbon. An attempt by Hehemann 


7™W. C. Hagel and E. F. Becht, “Structural Stability of Modified 12-Chrom:um Alloys. 

Transactions, American Society of ‘Mechanical Engineers, Vol. 78, 1956, p. 1439, 
8 E. P. Klier and T. Lyman, “The Bainite Reaction in Hypoeu tectoid Steels,”’ Transaction 
American Institute of Mining and Metallurgical Engineers, FOL 158, 1944, p. 394. 
Honda and Z. Nishiyama, “The Nature of the Tetragonal and Cubic Martensites 

Science Reports, Sendai, Vol. 21, 1932, p. 299. 

°F. E. Werner, B. L. Averbach and Cohen, ““The Tempering of Iron-Carbon Martensite 
Ceyctaiin " Transactions, American Society for Metals, Vol. 49, 1957, p. 823. 
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wnd Troiano ™ to detect tetragonal splits under similar conditions was unsuccessful. 
Since hardenability refers to a performance characteristic of a steel, i.e., its 
ability to be hardened in certain sizes under certain cooling conditions, the latter 
portion of Dr. Klier’s discussion lies beyond the scope of this investigation. How 
ever, some of his results may be confusing to the reader and require further inter 
pretation. It has long been recognized that hardenability increases with increasing 
carbon content, alloy-element content (with the exception of cobalt), austenite 
grain size and austenite homogeneity ; such factors as smaller section size and the 
increased cooling power of a quenching medium can promote deeper hardening 
$2.3 in a steel of given hardenability, but they do not change hardenability. It does not 
seem likely that a decreased cooling rate through the critical range would change 
hardenability, except by providing increased austenite homogeneity. Dr. Klier’s 
Fig. 6 simply shows that hardenability increases with increasing austenitizing 
temperature (or austenite grain size) and with an interrupted hold at 1350 °F 
or increased austenite homogeneity). His concept of increasing hardenability 
f by decreasing cooling rate delusively results from comparing cooling media rather 
than the true cooling histories of the specimens whose hardness traverses are 
: plotted in Fig. 5. Although the average cooling rate of water is more rapid than 
oil, the duration of a water-vapor envelope may have allowed a sufficiently slow 
cooling rate for the low hardness specimen to form proeutectoid ferrite within an 
intermediate temperature range 
IR. F. Hehemann and A. R. Troiano, Authors’ Reply to Discussion of “Stabilization of the 
' 


Bainite Reaction,” Transactions, Ameri Institute of Mining and Metallurgical Engineers, 
Vol. 203, 1955, p. 707. 








SOME ASPECTS OF THE MORPHOLOGY AND 
CHEMISTRY OF LEAD IN LEADED HIGH 
SULPHUR STEELS 


By J. W. Tuurman, E. J. PALtiwopa anp E. J. DuwWELt 


Abstract 


An experimental ingot of leaded high sulphur steel has 
been examined, with the aid of microradiography, in both 
the as-cast and hot-rolled conditions. It appears that vir- 
tually all the lead can be revealed by a microradiographic 
technique. The processes of solidification cause the lead to 
become entrapped in the same inter-dendritic regions in 
which manganese sulphide (and other non metallics) form. 
Thus, lead and manganese sulphide remain in close physical 
association in the steel. It follows that the distribution of lead 
is very similar to that of sulphur and other segregating ele- 
ments. The distribution and size of lead particles is a func- 
tion of the time required for solidification in relation to the 
settling rate of lead globules as defined by Stokes’ Law. 
Rolling extends the sulphide inclusions into the familiar 
lenticular shape and the associated lead typically appears as 
sheaths or “tails” at each end of the elongated nonmetallic. 
Lead not associated with an inclusion is extended into a thin 
stringer. In the absence of reliable evidence of chemical com- 
bination, it is concluded that most, if not all, of the lead is 
present in the elemental form. (ASM International Classi- 
fication N12c, M23n; Ay, Pb) 


INTRODUCTION 


T HAS BEEN known for some twenty years that the machinability 

of steels may be significantly improved by the addition of small 
amounts of lead (1,2).! It is generally recognized that lead and iron 
are immiscible in both the liquid and solid states and it is to be ex- 
pected that the lead added will be present as fine particles of the elemen- 
tal metal. The lead appears to have but slight effect on mechanical 
properties. The enhanced machinability conferred by the lead is thought 
to be a result of internal lubrication which reduces friction at the 
tool/chip interface (3). It is evident that the desired improvement in 


1 The figures appearing in parertheses pertain to the references appended to this paper. 


A paper presented before the Thirty-Ninth Annual Convention of the meaty. 
held in Chicago, November 4-8, 1957. Of the authors, J. W. Thurman and E. 
Paliwoda are associated with the Jones & Laughlin Steel Corporation, Pittsburgh: 
and E. J. Duwell is associated with Minnesota Mining and Manufacturing Com 
pany. Manuscript received May 8, 1957. 
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machining quality is dependent on the dispersion of lead throughout the 
steel and on its mode of occurrence. Methods for the study of mor- 
phology are therefore of importance. 

Little has been published on the microdispersion and mode of occur- 
rence of lead in steel (4,5,6,7). This probably reflects the difficulty of 
obtaining useful data with the methods available. Various tests, includ- 
ing exudation or “sweat” tests, printing methods, and standard metal- 
lographic procedures, have been used to assure favorable lead distribu- 
tion, however, none of these tests are altogether satisfactory. Sample 
preparation for metallographic study is exceptionally difficult because 
of the fine dispersion of the lead constituent and its extreme softness. 
Standard etching procedures have failed to delineate a lead constituent 
satisfactorily. Recourse may be had to converting the lead to salts whose 
distinctive color may be recognized by observation under polarized 
light. These include the iodide, (8,9) dichromate, chromate, (2) and 
“dithizonate.” (10) Of these, the last is the most satisfactory, but they 
all suffer from the disadvantage that the lead constituent is converted 
into a reaction product which (with the possible exception of the 
“dithizonate”) conveys a false impression of the size and shape of the 
particle. Also extremely fine particles or stringers in a rolled product 
may not be resolvable. 

The failure of standard metallographic techniques to reveal lead 
suggested to early workers that the lead was present in a submicro- 
scopic state. Later work (6,7) indicated that at least some of the lead 
could be accounted for by particles which could be resolved at moderate 
magnifications. Nead, Sims, and Harder (11) using a micro sweat test, 
reported that a portion of the lead was associated with sulfide inclusions 
in high sulphur steels. 


MICRORADIOGRAPHY 


In some other work, unexplained variations in the machinability of 
leaded high sulphur steels were encountered. These were thought to 
be due to differences in lead dispersion. Attempts to obtain data by 
existing metallographic methods which would correlate satisfactorily 
with machinability tests met with only indifferent success. Conse- 
quently, these methods were supplemented with microradiography as 
suggested for studies of this sort by Clark and Gross (12) and others. 
The present paper describes the microradiographic technique employed 
and its application to the examination of an experimental commercial 
sized ingot of Type “A” steel both in the as-cast condition and after 
various amounts of reduction by hot rolling. 

Radiography is a process of photographically recording the variations 
in intensity of an x-ray beam caused by differential absorption on pas- 
sage through a nonhomogeneous object. Highly absorbing regions 
within the object thus appear as ‘‘shadows” on a photographic plate. 
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Fig. 1—Flat Plate Camera Mounted for X-Ray Exposure. 


If a high resolution emulsion is used so that details on a microscopic 
scale can be resolved by subsequent magnification of the image, the 
process is called microradiography. Microdispersion of lead and the 
appearance of manganese sulphide inclusions, which are of interest in 
the present work, can be clearly revealed in this way. 

Since the image obtained is produced by structural details in three 
dimensions, it is necessary to restrict the thickness of the sample to a 
few times the average dimensions of the constituents to be observed in 
order to eliminate confusion from overlapping. Thickness is also limited 
by the requirement of a convenient exposure time. For steel, it has been 
found that foils 0.0035 inch in thickness permit most inclusions to be 
readily distinguished from their surroundings and the exposure time 
with the radiation used is in the neighborhood of one half hour. Such 
foils may be prepared by mounting a flat sample in a magnetic chuck 
and carefully grinding to the proper thickness with a narrow soft wheel. 
They may be polished but this is not necessary since light grinding 
marks do not seriously hamper interpretation. 
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a b 


Fig. 2—Microradiographs of Hot-Rolled Type “A” Steel. x 100. (a) Cr KaRadiation. 


(b) Co Ka Radiation. 


It is important to maintain close contact between the thin sample and 
the emulsion in order to obtain maximum resolution. This has been done 
by the use of a simple flat plate camera which was conveniently mounted 
in a Debye-Scherrer powder camera as illustrated in Fig. 1. Diffraction 
can occur if a crystallite within the sample is in proper orientation, how- 
ever, diffraction and absorption effects can be readily distinguished, in 
cases of doubt, by slight rotation of the sample. 

Magnification attainable is limited by the grain of the photographic 
emulsion. With the use of Kodak 649-0 spectroscopic plates, processed 
in D-19 developer, magnifications considerably in excess of the 100, 
selected as standard here, could be obtained without undue graininess. 
Negatives were magnified with a standard metallograph, using trans- 
mitted light. Contact prints were made from the metallographic plates. 
Since these prints are from a third photographic process, they corre- 
spond in appearance to the original radiographic image. 

The decrease in intensity of an x-ray beam on passing through matter 
is exponentially related to the distance traversed and to the mass ab- 
sorption coefficient of the substance. The absorption coefficient increases 
rapidly with wave length until a sharp discontinuity is reached at an 
“absorption edge” where the coefficient abruptly decreases and then 
starts again to rise slowly. This is the longest wave length which excites 
the K, L, or M spectra of the irradiated element. The wave length of 
the absorption edge is unique for each element, and this fact, in theory, 
permits the unequivocal identification of a segregated element. Thus, 
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Fig. 3—Photomicrographs of Same Area as Fig. 2. (a) Etched in Potassium Dichromate 
Acetic Acid. Polarized Light. x 1000. (b) Same Field as (a) Lightly Repolished Ur 
etched X 1000. 


in the present work, comparison of microradiographs prepared wit! 
Co Kaand Cr Ka radiation permits positive identification of manganese 
sulphide inclusions. Since the wave length of the Co radiation is on 
the short wave length side of the K absorption edge of manganese, this 
element is an effective absorber. Manganese sulphide inclusions there- 
fore appear lighter than the steel matrix. With chromium radiation th: 
reverse is true and manganese sulphide appears dark. 

The mass absorption coefficient increases rapidly with atomic num 
ber. Lead is therefore highly absorbing and particles of lead or a lead 
compound appear nearly white using either of the above radiations 

These effects are illustrated in Fig. 2 which represents the sam 
area of a hot-rolled Type “A” steel photographed with chromium Ka 
and Co Ka radiation. The latter renders manganese sulphide with a den 
sity about midway between that of the steel matrix and lead. Thus 
detail is somewhat more easily perceived when cobalt rather than chr: 
mium radiation is used. For this reason, Co Ka radiation was employed 
in all of the microradiographs prepared in the examination reported 
here. 

It will be observed, in Fig. 2 that the lead is almost exclusively pres 
ent as sheaths or “tails” at each end of the elongated manganese su! 


phide inclusions. On the basis of rough calculations it can be concluded 


with some confidence that virtually all the lead present is resolved b) 
microradiography. Fig. 3 presents photomicrographs at higher magni 
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fication, of the same field represented by the microradiographs. Etching 
with a dichromate solution indicates that the dark appearing material 
at the ends of the sulphide inclusions is a lead containing constituent. 
\Il efforts, in this work, to detect lead compounds by x-ray and electron 
diffraction methods have failed and it is therefore likely that this dark 
material is metallic lead. It is probable that ordinary metallographic 
techniques are at present incapable of developing a faithful reproduction 
of its true appearance. 


EXAMINATION OF AN As-Cast INGoT oF Type “A” STEEL 
The methods just described were applied to a detailed examination 
of an experimental ingot of Type “A”’ steel in the as-cast condition and 
after various amounts of reduction by hot rolling. The analysis of the 
heat was as follows: 
G Mn P 3 Pb 
0.08 0.98 0.046 0.300 0.17 


Low carbon ferromanganese was added in the furnace and ladle addi- 
tions consisted of ferrophosphorus and flowers of sulphur. The lead 
addition of 6.1 pounds per ton was made to the mold in the usual way in 
the form of 99.8% pure lead shot, finer than 20 mesh. The experimental 
ingot was poured in a warm, clean, unpainted, 24 x 24 inch big end 
down mold with hot top. Ingot weight was 10,400 pounds. Details of 
the method of adding the lead as well as a discussion of the segregating 
tendencies of lead and sulphur have been published (13). Results of 
chemical analyses for lead and sulphur are summarized in the sketch of 
Fig. 4, 

Fig. 4 also depicts the method of sampling the ingot for radiographic 
examination. Foils, perpendicular to the vertical axis, were prepared 
at each of the locations indicated by squares. Samples were so cut that a 
surface immediately adjacent to the foil was prepared for metallographic 
examination. Structures representative of those observed are presented 
in Figs. 5 through 9 in which the microradiograph and the photomicro- 
graph of the companion surface are displayed side by side at the same 
magnification. 

One of the more striking features of the micrographs is the extremely 
fine size of the inclusions in those portions of the ingot which have 
cooled rapidly. This was apparent in varying degrees in all samples from 
near the surface of the ingot and all the samples from the extreme 
bottom. Fig. 5 which is from the outside surface at the top of the ingot, 
is representative. It will be observed that the inclusions delineate a struc- 
ture by having become entrapped in interdendritic fillings. This appears 
to represent the junction between the “chill zone” and the “columnar 
zone’. The dendritic character of the distribution is much less pro- 
nounced in the accompanying photomicrograph. 
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Fig. 4—-Sketch of the Type A Ingot Studied 


As the interior of the ingot is approached the inclusions become 
larger and the crystallites which they outline are likewise larger and 
equiaxed. Fig. 6, which is taken midway between edge and center from 
the middle part of the ingot, is representative. It will be observed that 
the lead constituent is confined to the same areas as the manganes« 
sulphide. For the most part the lead particles are globular. They appeat 
to be mainly in physical contact with the sulphides, although occasional! 
ones are seen to exist independently. Within the interdendritic regions 
the distribution appears to be quite random. This is more clearly evident 
when the spatial arrangement of the inclusions is observed by stereo 
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Fig. 5—Sections Near Outside Surface at Top of Ingot (Sample ET 
graph Co Ka ] (b) Photomicrograph X 100. 
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scopic examination. This may be done by making two exposures with 
the x-ray beam at equal but opposite angles to the normal. The resulting 
images are then superimposed, either with an instrument or, after some 
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practice, with the unaided eye. Such a stereoscopic pair is illustrated i; 
Fig. 7. 

It is not within the subject matter of this report to examine the na 
ture of the sulphide inclusions. It was somewhat surprising to note 
however, that they are not predominately of a globular nature, but 
appear more typically to be elongated or vermiform. The shape assumed 


Fig. 7—-Stereoscopic Pair of Microradiographs Taken From the Center Portion of the 
Middle of the Ingot (Sample CM) Co KaRadiation Original Magnification x 100 


by sulphide inclusions is probably related to differences in plasticity at 
the time of solidification. The last metal to freeze in the interdendritix 
spaces is, obviously, a very complex system. Among the factors influ 
encing the shape and distribution of sulphides are such things as de 
partures from stoichiometric proportions, presence of foreign solutes, 
and traces of a ternary (or higher) eutectic. The intersection of a plane 
with the irregular shapes observed is roughly circular. Thus metal! 
lographic examination of a polished surface conveys the false impres 
sion that the inclusions are almost entirely globular. The apparent two 
phase nature of nearly all the sulphide inclusions is of interest. It would 
be natural to ascribe this to concentration gradients of manganese and 
presence of oxides, however, it is difficult to account for the observed 
photographic density in this way. 

A typical variation in inclusion nature from inside to outside of the 
ingot is illustrated in Fig. 8 which represents sections from the edge, 
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middle, and center of the ingot at a distance of nine inches from the 
bottom surface. Comparison of the microradiographs with the photo- 
micrographs demonstrates that the dark material in the latter is largely 
lead. (Distinction between lead and “‘oxysulphides” is not clearcut by 
metallography in ordinary illumination ). 

The interpretation of the micrographs appears to be rather straight- 
forward. The lead shot added to the ingot is quickly reduced to a very 
small particle size by the action of the gun, agitation of the molten metal, 
and rapid melting. Since lead and iron are virtually immiscible in both 
the solid and liquid states, a 2-phase system is quickly established in 
which the second phase is initially very finely dispersed. The liquid 
lead droplets would tend to settle out at a rate defined by Stokes’ Law. 
During the settling period, however, there is evidently a tendency 
toward agglomeration since large particles of lead are invariably found 
in the bottom portions of the ingot which are discarded. Thus Stoke’s 
Law tends to maintain the required dispersion since larger particles 
are rapidly lost through sinking. The settling is hindered first by tur- 
bulence and convection currents in the molten metal and later by the 
onset of solidification. In the zones at the surface of the ingot, solidifica- 
tion is almost immediate and small lead particles are forced into inter 
dendritic areas before the tendency to agglomerate has increased size 
greatly. A similar mechanism causes fine sulphides to precipitate in the 
same regions. Chemical studies indicated that the lead content at the 
surface was moderately high and rather uniform. In areas which are 
molten for a longer time one finds larger particles as a result of ag- 
glomeration while settling and, at the same time, a lower lead content 
Thus the size of particle and the amount of lead retained is a function 
of the time required for solidification in relation to the settling rate. This 
mechanism would account for the observed lower efficiencies of lead 
additions with increasing carbon content (13). It was noted that the 
lowest lead contents were in the center of the ingot near the bottom. It is 
just this region which would remain molten longest in big end down 
mold practice. Similar considerations explain the rather large particle 
size with higher lead contents near the top of the ingot. This region 
just under the hot top is molten for a relatively long time, permitting 
settling and agglomeration. However, solidification is well advanced 
somewhat lower in the ingot and high lead contents are entrapped. 
Examination of samples from the bottom surface of the ingot indicate 
that, in spite of the fine dispersion shown, a chill zone does not form in 
the center portions since lead was found down to the actual surface. 
Lead additions are not started immediately at the beginning of the pour 
and thus rapid freezing must not occur until the mold is partially filled 
and some lead has had an opportunity to settle out. In this way large 
particles are occasionally found associated with an otherwise fine dis- 
persion. 
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If the lead and sulphur contents are plotted over areas of interest in 
the ingot, the two plots are almost exactly parallel. This might be inter- 
preted as evidence for the formation of lead sulphide or of mutual solu- 
bility at elevated temperature with subsequent precipitation. Thermo- 
dynamic reasoning, however, suggests that neither of these is probable. 
Considerable effort has been expended in an attempt to detect the 
preserice of lead compounds by means of x-ray and electron diffrac- 
tion. Only lead and manganese sulphide have been found so far and 
it seems safe to conclude that the lead present is largely, if not entirely, 
elemental lead. This implies that lead and manganese sulphide, although 
segregating by different mechanisms, are forced into the same areas as 
a result of the fact that both are trapped in the last metal to solidify in 
interdendritic spaces. It is possible that the surface energies are such 
that the lead wets manganese sulphide forming in the “mushy” inter- 
dendritic material. In any event, it appears that the close association of 
the two is due to purely mechanical influences and, to this extent at 
least, is fortuitous. 


EXAMINATION OF Bars RoL_Lep From INGoT oF Type “A” STEEL 


Bars, 3% X 4 inch were cut from each of twelve locations repre- 
sented by micrographs and these were hot-rolled. Foils and metal- 
lographic samples were taken after 50%, 75%, 90%, and 98% reduc- 
tions. A typical sequence of structures is illustrated in Fig. 9. It will 
be noted that as rolling proceeds the manganese sulphide inclusions 
gradually assume the lenticular shape which is characteristic of hot- 
rolled high sulphur steels. The shape of the resulting inclusions is deter- 
mined by their malleability at steel rolling temperatures which, in turn, 
is probably related to the degree of oxidation of the steel. It has been 
shown (15,16) that best machinability is obtained with globular sul- 
phides rather than elongated stringers. Also best properties are obtained 
in the case of leaded steels when the lead is present as relatively massive 
particles, along with globular sulphides, rather than thin stringers or 
extremely fine particles. It will be observed in Fig. 9 that as rolling 
progresses the position of the lead particles is changed and that they 
eventually assume the form of sheaths at the ends of the elongated sul- 
phide inclusions. This condition is typical of leaded high sulphur steels. 
The effect appears to be mechanical. At steel rolling temperatures the 
lead is molten and the liquid metal in contact with the nonmetallic in- 
clusion is forced by rolling stresses to each end of the less plastic sul- 
phide by a sort of extrusion process. This effect is shown more clearly 
by the higher magnification photomicrographs of Fig. 10. (It will be 
recognized that not all regions which appear bright under polarized 
light are lead particles and that observation in color is necessary to dis- 
tinguish the lead. ) 

Occasionally, a sulphide inclusion completely enveloped with lead 











Fig. 9—Influence of Hot Rolling on Lead and Sulphide Inclusions. (a, c, e and g 
Microradiographs Co KaxX 100. (b, d, f, and h) Photomicrographs. (a and b) As-cast 
(c and d) 50% Reduction. (e and f) 75% Reduction. (g and h) 90% Reduction. 
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Fig. 10-—(a and b) As-Cast. Ordinary light and polarized light. (c and d) Reduced 90 
By Hot Rolling Ordinary light and polarized light. x 500. Etchant: Dithiz 
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Fig. 11—Microradiographs of Low Sulphur Leaded Steel Co KaRadiation. « 100 
(a) Longitudinal section. (b) Cross section. 


is observed. Apparently this is caused by variation in the relative 
amounts of lead and sulphide present as one inclusion. It will be evident 
that there is an interrelationship between the masses of the inclusion 
constituents during solidification and subsequent hot working. In gen 
eral, sulphide inclusions which are severely elongated and broken up 
during rolling exhibit fine “tails”. Conversely, oval type sulphides retain 
relatively massive lead particles as sheaths. Examples of the types of in 
clusion just described are given in another publication (16). 

As may be observed in the microradiographs of the as-cast ingot, 
there are occasional lead particles which are not associated with sul- 
phide inclusions. During hot working these particles are severely elon 
gated and appear ultimately as very fine stringers of lead. An example 
of this may be seen in Fig. 9. Fig. 11 represents typical lead inclusions 
in a rolled low sulphur steel. Although the ratio of the amount of lead 
to nonmetallic material is much greater in this case there is still a tend 
ency for the lead to be associated with nonmetallics. 

It has been reported that, aside from a slight grain refining effect, the 
influence of lead on the normal mechanical properties of rolled leaded 
steels is negligible. However, since the lead is extended during rolling 
into the form of either stringers of lead or sheaths associated with non 
metallics, it might be anticipated that a measureable difference would 
be found between properties as determined longitudinally and trans 
versely to the rolling direction. 
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SUMMARY 


Microradiography is a useful tool for the investigation of the mor- 
phology of leaded steels and, especially when used in combination with 
ase metallographic me thods, i is capable of producing information. 

The distribution of lead in the as-cast ingot closely follows that of 
ther segregating elements, particularly sulphur. This is a result of 
mechanical processes occurring during freezing which force lead and 
nonmetallic inclusions into the same interdendritic areas. 

No evidence of lead compounds has been obtained by x-ray or elec- 
tron diffraction methods. It is therefore concluded that the lead is pres- 
ent largely, if not entirely, in the elemental form. The close association 
of lead with manganese sulphide apparently is not a result of chemical 
reaction or mutual solubility at elevated temperature. 

[he distribution of lead and the size of lead particles is a function 
of the time required for solidification in relation to settling rate of lead 
particles. 

Rolling elongates the manganese sulphide inclusions and at the same 
time forces the associated lead particles to each end of the inclusion 
where they exhibit the typical appearance of lead sheaths or “tails.” 
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DISCUSSION 


Written Discussion: By Francis W. Boulger, Chief, Divisicn of Ferrous Metal 
lurgy, Battelle Memorial Institute, Columbus, Ohio. 

The authors have carried out an outstanding study on a very interesting and 
difficult subject. It is gratifying to my associates that they confirm the findings 


of Gerds and Melton that lead exists as envelopes and tails attached to the sulphid 
inclusions. Although one expects insoluble impurities to be concentrated in inter- 
dendritic areas during freezing it is helpful to have both radiographic and metal 
lographic evidence supporting this view. The authors should be complimented on 
the high quality of their microradiographs. We have used similar techniques in 
studies on aluminum alloys containing lead and bismuth and recognize the diffi 
culties they must have encountered in their work. 

The authors’ statement that x-ray and electron diffraction studies support the 
opinion that lead exists in steel in the elemental state is particularly important 
Others have deduced this from thermodynamic data but there seems to be no 
prior experimental work on this subject. 

The reader is apt to be impressed by the large number of lead-coated particles 
visible in the microradiographs of Figs. 5 and 11. Have the authors attempted 
to determine, by point counting techniques, the spacing and average size of th 
particles? It is possible to estimate the thickness of the lead films on sulphides by 
comparing the apparent volumes of the particles with the known lead contents of 
the samples. 

In connection with the authors’ statement immediately preceding the summary 
it may be pertinent to mention that I have found significant di#ferences in machin 
ing properties among specimens oriented differently in plates of resulphurized 
steel. Probably this is also true of plates made from leaded steels. Cn the othe: 
hand, the effects of lead on directional variations in tensile properties may be unim 
portant. Inclusions do not kave much effect on strength and transverse ductility 
probably depends more on rolling practice than on inclusion content. 
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Written Discussion: By Frank W. Luerssen, Chief Research Engineer, Inland 
Steel Company, Research and Development, East Chicago, Indiana. 

First, let me congratulate the authors on a thought-provoking manuscript. This 
paper adds knowledge to the technology of leaded steels which should certainly 
aid in improvements in their manufacture. 

A matter which I feel is in need of discussion and clarification is that of possible 
solubility of lead in liquid iron. The authors’ statement, “It is generally recognized 
that lead and iron are immissible in both the liquid and solid states”, cannot be 
proven by direct data. It seems to me that the authors have shown data which are 
jificult to interpret as representing anything other than solidification from a solu- 
tion of lead in liquid iron. 

Let us first examine the statements and data of the authors and then inspect 
some unpublished data on leaded steels. The authors observe that lead particles 
are closely associated with manganese sulfide inclusions in their ingot samples. 


One would expect to find close association of lead, sulphur and manganese in steel 


were they all rejected from common solution in iron during the solidification 
process. The fact that elemental lead rather than a lead compound is found asso 
iated with MnS in the inclusions can be explained by the relatively stronger 
association of manganese and sulphur in the prior impure liquid 

The authors found on chemical examination of a 10,400-pound high sulphur 
leaded ingot that the patterns of lead and sulphur segregation were identical or 
nearly so. A large volume of data accumulated on semi-killed ingots of high 
sulphur leaded steel at Inland show the same trend. Although the authors do not 
state this directly, I suspect that in their data as in ours, very strong segregation 
patterns are apparent. The “V” and “inverted V” segregates are as clearly identi 
fied by lead analysis and lead printing in a split ingot as by sulphur printing. Very 
important in this discussion is that a large upright cone of negative lead segrega- 
tion exists close to the bottom these ingots whereas, the ingots are strongly 
positively segregated toward the top. For instance, at the 80% ingot height, of 10 
drillings from edge to edge on the center face of a split ingot the lead analyses 
ranged from 0.191% lead to 0.273% lead with the lowest concentration at the 
edge. In contrast, at the 15% ingot height, of 10 drillings from edge to edge the 
lead analyses ranged from 0.24( lead to 0.14% lead with the higher concentra- 
tions close to the edge and the lower concentrations at the center. These segre 
gation data strongly indicate the presence of solubility in the liquid lead-iron 
system. 

Recently, A. Peters of the Metallurgical Department of Inland Steel Company 
experimented with lead additions to a rimmed ingot. This was a 22.5 « 24.5-inch 
ingot which was allowed to rim for 13 minutes to a 4-inch rim thickness. Again, 
the segregation of lead and sulphur were alike. The average lead in the rim zone 
was 0.145% lead while that of the core was 0.254% lead. Moreover, the profile 
of lead concentration, edge to center, had the same shape as that for sulphur. 
One would certainly expect an extremely low lead concentration in the rim zone 
if lead were present as a fine dispersion due to washing by the strong currents 
set up by the rimming action. On the contrary, one finds appreciable lead in the 
rim of the ingot 

The data presented here are, in the opinion of the discusser, adequate evidence 
for solubility of lead in liquid iron. Furthermore, the solubility limit should be i: 
excess of the 0.145% lead of the rim zone, and may be as much as several time 
that great. 
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Authors’ Reply 

The authors wish to thank the discussers for their interest in this work and for 
their thoughtful comments. 

It is true, as Mr. Luerrson suggests, that the immiscibility of lead and iron has 
not been proved by direct data ; indeed, thermodynamically, complete immiscibility 
probably does not exist in any system. It was recognized that the segregation ob- 
served could be explained either on the basis of limited solubility or by means of 
the mechanism proposed. It is believed, however, that the observations presented 
are more logically interpreted in terms of virtually complete immiscibility for the 
following reasons : If lead is being precipitated from solution it would be expected 
that the observed range of particle size would be similar to that occurring in other 
systems displaying liquid solubility ; for example, graphite in cast iron, or man- 
ganese sulfide in steel. On the contrary, lead particles are observed to range from 
a very small microscopic size to quite large macroscopic globules, occurring in 
the bottom of the ingot which must be discarded for this reason. It is difficult to 
account for such agglomeration, obviously occurring in the liquid, except on the 
basis of negligible solubility. Moreover, if the solubility were anything like 0.145%, 
it would be expected that almost all of the lead in the “chill zone”, which is essen 
tially a quenched material, should be in the form of a uniform and extremely fine 
—possibly submicroscopic—precipitate. This is not observed. An attempt to estab- 
lish definitely whether or not there is more than negligible solubility of lead in iron 
should be a rewarding field of study. 

The authors are gratified to learn that their work confirms similar work carried 
out by Mr. Boulger and his associates. Some efforts were made to employ point 
counting techniques but the attempt was abandoned since it was felt that the results 
were not quantitatively significant. An attempt to estimate the thickness of the 
lead films on sulfides would probably entail an almost prohibitive amount of work 
to be statistically reliable. Even then the results would be of doubtful significance 
because of the relatively wide variation of structure among the inclusions. It was 
interesting to learn of Mr. Boulger’s work on variation of machinability charac- 
teristics as influenced by orientation. Little appears to have been published on this 
We are in complete agreement with the comment that normal inclusions, per se, 
have only a minor influence on mechanical properties. 








THE DISTRIBUTION OF RESIDUAL STRESSES 
IN CARBURIZED CASES 
AND THEIR ORIGIN 


By D. P. Koistrnen 


Abstract 


The residual stress distributions in carburized cases on 
SAE 8620, 1118, 1018, and 5140 steels were studied using 
a precision x-ray diffraction technique. Maximum residual 
compression is shown to occur at 50 to 60% of the total 
case depth. The residual stress distributions through the 
carburized cases were correlated with the crystalline phase 
compositions as determined by x-ray diffraction studies and 
with the carbon distribution. It is shown that the experi- 
mental data support the theory that the origin of the com- 
pressive stress in the case lies in the sequence in which 
transformations occur in the case and in the core. The intro- 
duction of carbon delays the martensite transformation in 
the case until after the core has transformed. The subse- 
quent transformation and accompanying growth of the case 
is opposed by the previously transformed core, resulting in 
compressive stresses in the case and tensile stresses in the 
core. The magnitude of the compressive stress in the case 
is governed by the extent of transformation to martensite. 
(ASM International Classification Q25h, N8, J28; CN, 
AY) 


INTRODUCTION 
HE PRACTICE of carburizing the surfaces of steel parts has 
been utilized for some time to obtain extremely hard, long wearing 
surfaces on easily fabricated low carbon steels and on low alloy steels 
where the combination of surface hardness and high strength and 
toughness in the core prove to be valuable under certain types of 
applied stresses. 

In addition, it has come to be increasingly recognized that as a val- 
uable by-product to these case-hardening treatments, residual com- 
pressive stresses will generally be found in the hardened surface layers. 
Since the benefit to be derived from these residual compressive stresses 
in fatigue applications depends on the exact magnitude and depth dis- 
tribution of the stress, it was thought worthwhile to study the stress 
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distribution in carburized cases using the precision x-ray diffractior 
method for hardened steel which has recently become available. 

Furthermore, the stress distribution through the carburized case 
was correlated with the carbon distribution as determined chemically 
and with the crystalline phase composition as determined by an ac- 
curate x-ray diffraction method. A widely held theory of the origin of 
these residual stresses is that “the hardened case is in compression 
resulting from its greater tendency to expand during the hardening 
transformation, and from the resistance of the core to this expansion 
... (1)*. It is assumed, in this theory, that the case has a greater tend- 
ency to expand during the hardening transformation due to its higher 
carbon content. Thus, the point of maximum compression should be 
at or near the point of maximum carbon content, that is, the surface. 
The studies reported here, however, show that the point of maximum 
compression is at 50-60% of the total case depth. Furthermore, it can 
be shown that there is probably relatively little variation with carbon 
of the expansion during the martensite transformation. For example, 
on the basis of the lattice parameters of austenite and tetragonal mar- 
tensite corrected, from thermal expansion data, to the M, temperature, 
Houdremont and Krisement (2) have calculated the relative change in 
volume A\v/v during the martensite transformation as a function of 
carbon content. They found that Av/v varied from 2.78 at 0.4% car- 
bon to 2.91 at 1.0% carbon and back to 2.86 at 1.4% carbon. In view 
of the possible inaccuracies in some of the assumptions which were 
made, Houdremont and Krisement concluded that the small variation 
in Av/v with carbon may not be real and that “It is quite possible 
that at the martensite temperature, v/v is constant, independent of 
the % carbon”. 

The evidence in the present paper supports a different theory which 
ascribes the development of the compressive stresses in the hardened 
case to the sequence of the transformations of the austenite to the 
various products that form in different portions of the case and core. 
In this theory, the introduction of carbon in the surface layers has the 
primary effect of lowering the martensite start (M,) temperature of 
the case and thus delaying the transformation of the case austenite 
to a lower temperature and correspondingly later time than the trans- 
formation of the austenite in the core. Thus, as the core transforms into 
either isothermal transformation products or low carbon martensites, 
the accompanying growth of the core is accommodated by plastic de- 
formation of the austenite case. During the subsequent transformation 
of the case to martensite, the accompanying growth of the case is op- 
posed by the previously transformed core, resulting in compressive 
stresses in the case and tensile stresses in the core. 


1 The figures appearing in parentheses pertain to the references appended to this paper. 
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EXPERIMENTAL TECHNIQUES 

[he residual stresses reported here were determined using the x-ray 
technique proposed by Christenson and Rowland (3) with minor modi- 
fications. The accuracy of this technique as applied in our laboratory 
has been checked by showing correlation with mechanical dissection 
techniques and the reproducibility has been found to be +5000 psi (4). 
When necessary, corrections calculated by elastic theory have been 
made for stress relief due to parting the specimen from a larger sec- 
tion and for stress changes due to removal of stressed surface layers. 

The crystalline phase compositions of the samples studied in this 
work were determined by the integrated x-ray diffraction line intensity 
technique proposed by Averbach and Cohen (5) and modified by 
K. E. Beu (6). Recent evaluations of this technique have shown that 
the reproducibility is better than +1 volume % and that the accuracy 
is almost within the reproducibility limits (7). 

Metal removal for studies with depth was accomplished by electro- 
lytic polishing. Hundreds of quantitative determinations of residual 
stresses and phase composition have been made on sieel surfaces pre- 
pared by electropolishing and no anomalous results ascribable to the 
electropolishing have been observed. 

Where reported, the carbon content was determined by chemical 
analyses of chips machined from bars from the same steel stock, heat 
treated simultaneously with the specimens to be used for x-ray diffrac- 
tion measurements. Each carbon content reported is the average carbon 
content of the finite layer of chips removed and hence this value is 
plotted at the mid-point of the layer. 

Most of the samples examined were 0.250-inch thick with a case of 
approximately 0.040-inch on both sides. The SAE 8620 steel speci- 
men was 0.500-inch thick with a 0.050-inch case on both surfaces. As 
will be shown later, these section sizes are small enough that there are 
no large thermal gradients in the temperature range that transforma- 
tions occur, while being thick enough to provide sufficient core thick- 
ness to support the compressive stresses in the cases. 


EXPERIMENTAL RESULTS 


One specimen studied was an SAE 8620 steel block, 154 inches by 
15@ inches by % inch carburized at 1680 °F for 7% hours in an atmos- 
phere of 125 cu.ft./hr. of Rx gas enriched with 0.8 cu.ft./hr. of natural 
gas (0.85—0.95% carbon potential) to a total case depth of 0.045 
inches—0.055 inches. The block was quenched from the carburizing 
temperature into S-7 oil at 110 °F and then tempered at 300°F for 
¥% hour. A beam specimen, 2 inch by 1% inch by 0.100 inch was then 
parted from the center section of one 154 inch by 15¢ inch faces of 
the block. The parting stress relief was determined by x-ray diffraction 
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measurements before and after parting and by means of an SR-4 gage 
glued to the center of the beam specimen during parting. The parting 
stress relief as determined by these two methods was the same. 
Measurements of the residual stress and the phase composition were 
made on the surface and after electropolishing to prescribed depths. 
The residual stresses were then corrected for the parting stress relief 
and for the stress in the removed layers. Results of these studies are 
given in Fig. 1. No undissolved carbides were observed in this specimen 
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and thus the phase composition is presented in terms of volume % 
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Fig. 1—Residual Stress and Retained Austenite Distributions 
Through a Carburized Case on SAE 8620 Steel. 


retained austenite. Except for the first 0.002 inches, the retained aus- 
tenite content of the case decreases in a smooth curve to the nominal 
case depth (0.050 inches) and then becomes constant in the core. The 
surface was decarburized to a depth of 0.002 inches as indicated by 
the decreased retained austenite content and by the narrower mar- 
tensite x-ray diffraction lines in the patterns obtained in this region. 
This decarburized layer is detectable by electron metallography as 
shown in a paper by Rouze and Grube (8). Since this specimen was 
heat treated in a batch type gas carburizing furnace, this decarburiza- 
tion presumably occurred in the time interval between the breaking of 
the furnace atmosphere and the quenching of the specimen. 

When the residual stress distribution through the carburized case is 
plotted on the same graph as the amount of retained austenite, a close 
correlation between the two sets of data is observed. Between the 
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surface and approximately 0.030 inches, the amount of retained aus- 
tenite completely controls the residual stress distribution. That is, the 
creater the extent of transformation to martensite, the greater the 
compressive stress. Maximum compression occurs at 0.030 to 0.035 
inches and below this point the stress rises rapidly toward tension. At 
the point of maximum compression (approximately 60% of the total 
case depth) the carbon content must be 0.5% or less. This can be de- 
duced from the carbon versus depth relationships in Figs. 3 and 4. Even 
without the results of Houdremont and Krisement, it does not seem 
reasonable that the addition of 0.3% carbon to the core carbon content 
of 0.2% would cause sufficient change in the expansion during trans- 
formation to generate large compressive stresses. Thus the carbon 
expansion theory for the generation of the compressive stresses fails 
to give a reasonable explanation for maximum compression occurring 
so deep in the case. 

Examination of the data on the carburized SAE 8620, however, gives 
support to the theory that the stress is the result of the sequence of 
the transformation. It is possible to make an accurate estimate of the 
M, temperature of the steel at any depth in the carburized case from 
the amount of retained austenite measured at that depth. This is ac- 
complished by using a general equation for the extent of transforma- 
tion of austenite to martensite as a function of the difference between 
the M, temperature and the ultimate quenching temperature (Tq) re- 
cently discussed by Koistinen and Marburger (9). This equation is, 


V = et * wos ~ Te), Equation | 
where V is the volume fraction retained austenite. This equation has 
been shown to hold for plain carbon and low alloy steels which have 
been water-quenched. When this equation is applied to oil quenched 
specimens, the slightly greater amount of austenite retained after oil 
quenching results in the M, temperatures calculated from this equation 
being too low by about 30 °F. Since this is a consistent error, however, 
differences between M, temperatures should remain highly significant. 
The M, temperatures calculated from the retained austenite as a 
function of depth for the carburized case on the SAE 8620 steel are 
shown by Curve A in Fig. 2. As can be seen, the difference of 0.3% 
carbon between the core carbon content and the carbon content at the 
point of maximum compression (approximately 0.030 inch) results in 
a change in M, temperature of approximately 130°F. Superimposed 
on the M, temperature versus depth curve are shown experimental 
cooling curve data for the quenching of SAE 9420 steel into S-7 oil at 
120 °F as reported by Weinman, Thomson, and Boegehold (10). The 
data have been replotted as temperature versus depth curves at various 
times after the beginning of the quench. The cooling curve data were 
obtained on a l-inch diameter cylinder which, according to French 
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(11), should correspond to a 0.67-inch thick plate. Since the SAE 
8620 steel plate was %4-inch thick, the cooling curve data probably 
represents a more severe (in terms of temperature gradients during 
cooling) situation than existed during the quenching of the SAE 8620 
steel. It is apparent from these data that the core reached its M, temper- 
ature well before the major portion of the case started to transform and 
at the instant that the point of maximum compression (0.030 inch) 
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reached its M, temperature, the adjacent area in the core was at least 
100 °F below its M, temperature and hence (according to the equation 
for extent of transformation) at least 50% transformed. It, therefore, 
seems that transformations occur through the case in the proper se- 
quence to generate the compressive stresses observed. 

Of additional interest in this specimen is the distribution of stress 
in the decarburized surface layer. As the amount of retained austenite 
decreases from 0.002 inch to the surface, a stress distribution is found 
that is very similar, except for the depth scale factor, to the distribution 
inward between 0.002 inch and the case-core boundary. That large 
compressive stresses are found in the decarburized surface layer is 
additional evidence that it is unlikely that the compression is due to a 
greater tendency of the case to expand during the hardening trans- 
formation because of its higher carbon content. 

In view of the interesting results obtained on this sample it was de- 
cided to enlarge the study to a series of other steels. Samples of various 
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fraction Peak Sharpness Through a Carburized Case on SAE 1118 Steel 


steels used in industrial applicatious were carburized in an industrial 
continuous four-zone furnace supplied with 1000 cu.ft./hr. Rx gas 
enriched with 75 cu.ft./hr. natural gas and 75 cu.ft./hr. ammonia and 
quenched in 130 °F S-7 oil from 1525 °F. The carburizing potential of 
the atmosphere in this furnace was extremely high and most samples 
showed surface layers of iron carbide (FesC) indicating that the carbon 
potential of the atmosphere was in excess of the limit of solid solubility 
of carbon in the austenite. The nitrogen content of the cases studied 
dropped smoothly from about 0.25% at the surface to about 0.05% 
at the case-core boundary. Since the amount of nitrogen was small 
compared to the amount of carbon, in the following discussions the 
influence of the nitrogen has been considered only as supplementary 
to the effects due to the carbon. The specimens were tempered at 
300°F for % hour. 

The results obtained on a specimen of SAE 1118 carburized as de- 
scribed above are shown in Fig. 3. This graph shows four curves 
corresponding to the four different types of information obtained on 
this single carburized case. The curves on this graph should be each 
associated with the appropriate scale factors on the ordinate. As before, 
retained austenite and residual stress distribution are plotted as func- 
tions of depth. Also plotted as functions of depth are the carbon content 
us determined from chemical analyses, and a curve labelled “Peak 
Sharpness”. A brief explanation of this last curve is in order. As a 
consequence of obtaining accurate intensity distributions across the 











234 TRANSACTIONS OF THE ASM Vol. 50 


x-ray diffraction lines used for the determination of residual stresses, 
it is possible to calculate a number which is inversely proportional to 
the width of the diffraction line; that is, this number is large when 
the peak is narrow and is very small where the peak is broad. In 
general, the diffraction lines of tempered martensite are broad while 
the diffraction lines of ferrite are narrow and thus, the measurement 
of “Peak Sharpness” yields information as to the phases present and 
the transformations which have occurred. 

In this specimen of SAE 1118 steel (Fig. 3) no surface effects were 
observed and hence the retained austenite content drops off in a smooth 
curve from 45% at the surface to approximately 3% in the core. As 
before, in the region between the surface and approximately 60% of 
the case core depth, the magnitude of the compressive stress is deter 
mined by the amount of retained austenite. Comparison of the carbon 
content and residual stress curves shows that the point of maximum 
compression corresponds to the point where the carbon content has 
decreased to 0.5%. Below this depth the stress rises rapidly towards 
tension and seems to correlate well with the curve labelled “Peak 
Sharpness”. Since the diffraction peak begins to get sharper in the 
same region that the carbon content drops below 0.5%, it can be as 
sumed that the increasingly sharp diffraction peak in this region reflects 
the presence of increasing amounts of isothermal transformation prod- 
ucts (ferrite, pearlite, and bainite) and martensite formed at high tem 
perature and tempered during the quench. Hence, the increasing peak 
sharpness indicates qualitatively the relative extent of transformation 
to martensite or isothermal transformation products. Maximum com 
pression occurs at the point of most complete transformation to mar- 
tensite; at greater depths the amount of martensite is restricted by 
prior transformation to isothermal products and closer to the surface 
the amount of martensite is restricted by incomplete transformation of 
the austenite. Since there is also a growth associated with the iso- 
thermal transformation, the fact that transformation from austenite to 
martensite results in compressive stresses must be due to the sequence 
of the transformation. That is, since the martensite in the case forms 
at a lower temperature and a later time than the isothermal transforma- 
tion products in the core the associated growth is opposed by the 
already transformed core. 

This theory of the formation of the compressive residual stresses is 
further confirmed in the results given in Fig. 4. These data were ob- 
tained in studies on SAE 1018 steel, carburized simultaneously with 
the sample given in Fig. 3. Four sets of data are présented in Fig. 4 
for this carburized case. The complete control which the extent of 
transformation to martensite exercises over the amount of compressive 
stress is shown at several points in this sample. Because of the high 
carburizing potential of this furnace a surface layer consisting of 19% 
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Fig. 4—Residual Stress, Retained Austenite, Carbon Content, and X-Ray Dif 
traction Peak Sharpness Through a Carburized Case on SAE 1018 Steel. 


iron-carbide (FesC), 16% retained austenite, and the remainder mar- 
tensite was detected. The iron carbide actually exists as a discontinuous 
surface film as shown in the paper by Rouze and Grube (8). The 
percentage phase composition reported here is actually a weighted 
average over the finite layer penetrated by the x-ray beam. Thus, in 
the surface layer the total amount of martensite formed is low com- 
pared to other regions in the case and correspondingly a tensile stress 
(+29,000 psi) was detected. For the next 0.006 inch the retained 
austenite content is reasonably constant indicating a saturated carbon 
content at the carburizing temperature, and correspondingly, the stress 
in this region is a constant. Below this depth the retained austenite 
drops off and correspondingly the stress becomes more compressive as 
more martensite is formed. As before, maximum compression is ob- 
tained at the point where the carbon content is approximately 0.5%. 
[n the region below the point of maximum compression the diffraction 
peak becomes sharper as more isothermal transformation products 
occur and correspondingly the stress gets less compressive. The re- 
sidual stress curve crosses the zero line at the case-core boundary as 
defined by the amount of retained austenite becoming zero (indicating 
complete transformation to isothermal products). 

A further significance of the “Peak Sharpness” curve is illustrated 
in Fig. 5. A correlation between the x-ray diffraction peak sharpness 
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Fig. 6—Residual Stress and Retained Austenite Distributions 
Through a Carburized Case on SAE 5140 Steel. 


and the Rockwell C hardness was obtained for this sample of carbu 
rized SAE 1018 steel. The Rockwell C hardness data was obtained by 
conversion of diamond pyramid hardness measured with a Bergsman 
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Microhardness Tester using a 100-gram load. These data are part of a 
larger study on the microstructure and hardness of various carburized 
cases being reported by Rouze and Grube (8). It can be seen that the 
peak sharpness curve is almost an exact inverse of the Rockwell C 
hardness curve. The large scatter in the hardness in the core is due to 
the large grain size of the isothermal transformation products in the 
core. 

The results obtained on a specimen of higher core-carbon content 
carburized simultaneously with the SAE 1118 and SAE 1018 steels 
are shown in Fig. 6. Though fewer data are available on this specimen 
of carburized SAE 5140 steel, some general conclusions may still be 
made. Microhardness measurements and electron metallographic ex- 
amination of this specimen established that it was through-hardened 
with a martensitic structure in both case and core (8). As in the other 
samples, however, the residual stress shows maximum compression 
at approximately 50% of the case depth. Since both the case and the 
core are martensitic, the compressive stress must result entirely from 
the time sequence of the martensite transformations. Application of 
Equation 1 relating the % retained austenite at room temperature to 
the M, temperature shows that the M, at the point of maximum com- 
pression is more than 200 °F lower than the M, temperature at the 
case-core boundary (see Curve B in Fig. 2). Hence, assuming that 
there are no greater temperature gradients with depth than are shown 
in Fig. 2, the martensite transformations at the case-core boundary 
occurred well before the beginning of the transformations at the point 
of maximum compression. 


CoNCLUSIONS 


Some general conclusions may be drawn from these studies : 

1. The magnitude and distribution of the compressive stress at every 
depth in a carburized case is determined by the extent of the trans- 
formation to martensite and the sequence in which these transforma- 
tions occur. 

2. Maximum compression occurs at 50 to 60% of the total case 
depth. In low carbon core samples studied this corresponds very closely 
to the point at which the carbon content drops below 0.5%. 

3. The reversal in the sign of the residual stress from compression 
in the case to tension in the core occurs at or very near the case-core 
boundary. 

+. Proceeding outward through the case from the case-core boundary 
to the point of maximum compression, the stress becomes more com- 
pressive due to sequence of the transformations to isothermal trans- 
formation products or to martensite. 

5. Proceeding outward through the case from the point of maximum 
compression to the surface, the magnitude of the compressive stress 
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decreases as the amount of martensite is restricted by incomplete trans- 
formation of the austenite. 

6. On some carburized specimens thin surface films may ocetir in 
which there are wide variations in phase compositions and corre- 
spondingly wide variations in residual stress. 
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DISCUSSION 


Written Discussion: By J. E. Campbell, Battelle Memorial Institute, Columbus, 
Ohio. 
We wish to congratulate Mr. Koistinen and his associates for making an im- 
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Fig. 8—Residual Stress and Retained Austenite Distribu- 
tions Through a Carburized Case on SAE 8620 Steel 


measurement of strains resulting from successive boring and grinding operations 
on thin disks cut from heat treated bars. This was a modification of the procedure 
often referred to as the Sach’s method. The x-ray diffraction technique is much 
less time consuming and permits a more complete survey of the stresses neat 
the surface than the Sach’s method. The explanation given by Mr. Koistinen 
for the compressive stresses in a carburized case was also advanced in the above 
reference, and we were gratified to learn that the current work led to the same 
explanation. 

The results of the study reported in Mr. Koistinen’s paper show the relation 
ships that exist between carbon contents in the case, hardness, retained austenite, 
residual stress, M, temperature, temperatures in the case at a given instant during 
quenching, and peak sharpness for carburized steels of several compositions. From 
the data given, we can employ these relationships to estimate the carbon content 
curve for the 8620 steel in Fig. 1 as shown in Fig. 8. The retained austenite is 
shown to be about 124% at the surface which corresponds to the retained aus 
tenite at 0.014 inch below the surface. This corresponds to a carbon content of 
about 0.72% which, in turn, should correspond to the carbon content at the surface 
as shown by the arrows in Fig. 8. If this is true, the small amount of decarburiza 
tion required to give high stress gradients could not be detected metal!ographically, 
and the x-ray diffraction method appears to be a practical method for determii 
ing its presence. Furthermore, if the retained austenite is at a maximum value at 
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the surface, decarburization or carbides which produce high stress gradients nea 


the surface have been avoided in the heat treatment. 

In addition to the method used by the author, M, temperatures can be calcu 
lated from the compositions of the various layers in the case (ASM Handbook, 
1948, p. 611) if the carbon contents are known. With these data, curves similar 
to A and B in Fig. 2 can be determined 

Discussion of the above relationships could be carried much farther than this 
However, with information from recent studies on carburizing becoming avail 
understand what is desired in a car 


able, we are in a much better position t 


burized case for maximum service performance 





THE EFFECT OF PER CENT TEMPERED 
MARTENSITE ON ENDURANCE LIMIT 


By F. Borrx, R. D. CHAPMAN AND W. E. JomIny 


Abstract 


The effect of microstructure on the endurance limit of 
the following steels has been investigated: SAE 1340, 4042, 
4340, 5140 and 80B40. Using different quenching media 
and by changing the cross section of the quenched bars, 
various amounts of martensite were produced by continuous 
cooling. 

A relationship appears to exist between the amount of 
martensite obtained in the “as-quenched” condition and the 
endurance limit of low alloy steels. This correlation is based 
on steels with carbon content in the range of 0.39-0.45% 
and about the same tempered hardness (Rockwell C-36), 
but with different hardenabilities. 

This relationship shows that the endurance limit drops 
with the presence of small percentages of nonmartensitic 
products. As the per cent of martensite decreases below 
85%, the endurance limit is not as sensitive to microstruc- 
ture. 

The results indicate also that the endurance limits of the 
above steels as determined in tests with R. R. Moore ma- 
chines were nearly the same for a given amount of martens- 
ite when tempered to a given hardness irrespective of their 
hardenability. (ASM International Classification: Q7a, 
N8p, 3-21; CN, AY) 


INTRODUCTION 


HE CORRELATION of microstructure with the mechanical 

properties of steel was object of extensive investigation in the 
past. A survey of work in this vast field shows an absence of a sys- 
tematic study that would focus attention to the martensite content with 
respect to its influence on the fatigue properties of steel. 

In the early twenties, Moore and Kommers (1)! were among the 
first to recognize qualitatively the influence of quenching and temper- 
ing temperature and the time of tempering upon the fatigue limit.of 
steel. More than a decade later, Cazaud and Persoz (2) elaborated 


1 The figures appearing in parentheses pertain to the references appended to this paper 


A paper presented before the Thirty-Ninth Annual Convention of the Society, 
held in Chicago, November 4-8, 1957. Of the authors, F. Borik is Research Metal 
lurgist, R. D. Chapman is Managing Engineer—Metallurgical Research, and W 
E. Jominy is Chief Metallurgist—Metallurgical Research, of the Chrysler Cor- 
poration, Detroit. Manuscript received May 3, 1957. 
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on the conclusions of Moore in their classical work on fatigue in which 
they correlated the fatigue properties with the heat treatment of about 
forty different steels. According to their investigation, the ratio of 
endurance limit and the rupture strength {/R varied with the micro- 
structure. The ratio for steels with fully ferritic or tempered marten 
sitic microstructures was around 0.60, with austenitic or pearlitic micro- 
structures 0.40. The ratio was found to vary with carbon content in 
mixed microstructures of pearlite and ferrite, decreasing from 0.63 
to 0.38 with increase in carbon content. For steels with untempered 
martensite, the ratio varied from 0.23 to 0.47 depending upon the 
severity of quench, being lower for more drastic quenches. Although 
they concluded that this ratio assumed intermediate values for mixed 
microstructures, being between those of the individual microconstit- 
uents, no attempt was made to correlate the structures and their mix- 
ture with the absolute values of the endurance limits. 

More recently, Hollomon and his co-workers (3) studied the effect 
of microstructure on operties of NE 8735 and SAE 
3135. They produced microstructures of tempered martensite (mar- 


mechanical 


tensite being obtained on continuous cooling) and microstructures 
wrevalently pearlitic (plus ferrite) and bainitic by isothermal trans- 
ormation and in correlating them with the fatigue properties, they 
generally concluded: (a) that the endurance limit of steels having the 
same tensile strength depended upon structure, through the effect of 
structure on the yield strength and (b) that steels having a tempered 
martensitic structure had fatigue properties superior to those of steels 
with other structures for a given tensile strength. In general, this 
vice between fully martensitic and 
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Table I 





4340 80B40* 


0.43 0.42 
0.76 0.98 
- 0.018 
- 0.026 
0.28 0.30 
1.65 0.35 
0.82 0.31 
0.25 0.13 


-o 
wl low 
nN 


Manganese 
Phosphorous 
Sulfur 
Silicon 
Nickel 
Chromium 
Molybdenum 
Copper 
Round Dia. 
(inches) 


= 


Pd 


nN 


1% 2 2 








*This steel contained No. 79 Grainal (4 Ibs. per ton) of the following composition: 25% Va, 
10% Al, 15% Ti, and 0.20% B 


of upper bainite plus martensite obtained during isothermal trans- 
formation followed by an oil quench. The points represented 1%, 
5%, 10%, 20% and 50% upper bainite, 5% ferrite and 5% pearlite 
(+8% ferrite). According to the authors’ conclusions, the fatigue 
properties of SAE 4340 steel were lowered somewhat by the presence 
of 50% upper bainite or 5% pearlite (plus 8% ferrite) but were not 
significantly affected by the smaller percentages of upper transforma- 
tion products. Hodge and Lankford expressed belief that the results 
obtained in terms of transformation products formed isothermall) 
could be applied to the mixed microstructures ordinarily obtained upon 
continuous cooling. 

According to the history of this study, it seemed that the question 
about the influence of relative amounts of tempered martensite versus 
tempered mixed structures was not resolved to satisfaction. Most in- 
vestigators implied their preference for tempered martensitic micro- 
structure to structures with predominantly transformed structure in 
fatigue applications. In order to support, disprove or supplement their 
findings, it was felt that results on more than one or two steels would 
render basis for more specific conclusions. 

It was, therefore, the purpose of our investigation to determine the 
endurance limit of five low alloy steels quenched to varying percentages 
of martensite obtained on continuous cooling as opposed to those ob- 
tained by isothermal transformation. The continuous cooling method 
was chosen because of its general industrial practicability. 


MATERIAL AND HEAT TREATMENT 


Five hot-rolled steels were used for the specimen preparation, namely 
SAE 1340, 4042, 4340, 5140 and 80B40. The check analyses of their 
composition and the sizes of the rounds are recorded in Table I. The 
rounds, 3 to 4 feet long, were normalized at 1650 °F in a neutral atmos- 
phere. The time of normalizing in hours at heat was numerically equal 
to the cross sectional size in inches. The SAE 80B40 was normalized 
at 1600 °F for 3 hours. 
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of the fatigue specimens which were later to be machined from the heat 
treated bars. It was found very difficult to obtain an exact predeter 
mined per cent of martensite. This required many trials since duplica 
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tion of quenching is known to give somewhat erratic results. After the 
first three steels (SAE 4042, 5140 and 80B40) had been run indicating 
felt that 


he nature of the martensite versus endurance limit curve, we 
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Table II 
Selected As-Quenched 
Selected Size Hardness 
Steel Series Quench (inches) Rockwell C % Martensite 
4042 A Pagoda Quench at 27 56.2 100 
Room Temperature 
B Still Oil Quench at .50 54.3 95 
Room Temp. 
Cc Still Oil Quench at .68 52.3 85-90 
Room Temp. 
D Pagoda Quench at 95 45.6 70 
Room Temperature 
E Pagoda Quench at 1.18 39.2 35 
Room Temperature 
5140 F Pagoda Quench at .26 56.6 99.5 
Room Temperature 
G Still Liq. Tallow 42 55.0 97 
at A 
H Same as above 55 46.0 60-65 
I Same as above 65 39.0 20 
**80B40 J Pagoda Quench at 27 59.0 100 
Room Temperature 
K Still Liq. Tallow 63 57.5 90 
at 200°F. 
L Still Water Quench 2.00 56.5 85 
at Room Temp. 
M Still Oil Quench at 2.00 48.0 50-55 
Room Temperature 
N Same as above 3.00 38.5 25 
4340 P Hot Air in 5 cu. ft. 1.00 43.7 40 
insulated container 
1340 Q Pagoda Quench at .28 59.5 100 
Room Temperature 
R Still Oil Quench at 1.25 37.2 25 
Room Temperature 














**] and K series were austenitized for 1 hour, L and M for 3 hours and N for 4 hours at 1525 °F. 
J] series were stress relieved after quenching at 550 °F for 1 hour to avoid cracking. The 3 inch 
dia. size of the N series was done by shrink fitting a 44 inch thick sleeve of SAE 1020 steel around 
a 2-inch diamete: bar. 
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Table Ill 
Average 
Hardne Tempered Tempered 
As Que 1 Hr. at Hardness 
Steel Series Rockwell ¢ deg. F.) Rockwell ( 
4042 4 56.2 960 36.4 
B 54.3 950 36.3 
( 52.3 945 35.6 
D 45 815 35.0 
E 39 655 33.0 
5140 F 5¢ 910 37.0 
G 55.0 928 35.0 
H 16.0 865 34.0 
I 39.0 775 34.5 
80B40 J 59.0 960 36.5 
K $7.5 945 36.5 
I 56.5 940 36 5 
M 18.0 880 36.5 
N 38.5 750 36.3 
$340 O 58.0 1060 34.5 
P 43 920 36.7 
1340 O 5‘ 850 39.1 
R 4 710 35.4 
jem | i 
i bmi a 
ae } ! 
Mix 
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Fig. 6—Fatigue Bar Grour After Heat Treatment 


an approximate predetermined percentage was sufficiently satisfactory 
to indicate whether other steels fit on this curve. Of course, after 
quenching, the amount of martensite formed was carefully determined 
For these reasons the series of SAE 1340 and 4340 were heat treated 
to a hardness that could still be tempered to Rockwell C—36 and the 
per cent of martensite was determined secondarily. The selected sizes 
and the quenching media along with the “as-quenched” hardness and 
percentage of martensite are shown in Table II. 


TEMPERING OF SELECTED SIZES 


On the basis of results in Table II, six bars for each series were 
riven the predetermined heat treat- 


’ 


achined to the selected sizes and 
ment. They were tempered at successively higher temperatures, water 
juenched, and their hardness measured after every tempering step 
intil the desirable hardness level was reached (Rockwell C—36). The 
tempering temperatures for each series and the average tempered 
iardness are listed in Table III 
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Fig. 7—S-N Curves of SAE 5140 Specimens with Various Amounts of 
Martensite, and Tempered to Rockwell C-36 
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Fig. 8—Endurance Limit Versus Per Cent “‘As-Quenched” Martensite in 
Specimens Tempered to Rockwell C-36. 


PREPARATION OF THE FATIGUE TEST SPECIMENS 
About 12 to 15 samples were prepared for each series and processed 
according to the selected schedule as indicated in Tables II and III. 
Each series had 3 pilot samples that were successively cut up and re- 
checked for hardness and microstructure after each heat treating step. 
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\fter the heat treatment, the samples were machined and carefull) 
ground to R. R. Moore fatigue specimens (Fig. 6). They were super 
finished to the surface roughness specification of 0-2 microinches, in 
spected and their minimum diameter measured on the optical com- 
parator. 
TESTING OF THE FATIGUE Bars 

The fatigue bars were tested in R. R. Moore fatigue testing machines 
(10,000 rpm type). After completion of each test, the fractures of the 
samples were ground off and the tempered hardness rechecked. The 
run-out specimens with over 100 million cycles were cut in half and 


Table IV 
Endurance Test Data 
Endurance Limit % Martensite 
Steel Series (psi) As-quenched’ 
SAE 4042 A 92,000 100 
B 87,000 95 
G 79,000 85 
D 80,000 70 
E 71,000 35 
SAE 5140 F 91,000 99.5 
G 86,000 97 
82,000 60-65 
I 80,000 20 
a AISI TS-80B40 J 88,000 100 
K 85,000 90 
L 81,000 85 
M 79,000 55 
N 74,000 25 
SAE 4340 OF 86,500 100 
P 75,000 40 
SAE 1340 r@) 93,000 100 
R 72,000 25 
*Data taken from Garwood, Zurburg and Ex: 7 
their hardness checked similarly.* The results of the fatigue tests of 


each steel were used to plot the S-N curves. A typical family of S-N 
curves for SAE 5140 steel is illustrated in Fig. 7. The endurance limits 
of the series with their respective amounts of “as-quenched” martensite 
are shown in Table IV, and graphically represented in Fig. 8 


DISCUSSION OF RESULTS 


Results of all the testing are illustrated in Fig. 8 and show the rela- 
tionship of endurance limit versus per cent martensite obtained on 
ontinuous cooling and tempering to a common hardness of Rockwell 


C-36. The data are represented as a band since there is a certain 
mount of scatter in the data points. Nevertheless, from this curve it 
can be seen that a few percentages of nonmartensitic products cause 

Foaah values are those reported in 7 In any series of fatigue bars the hardness 


V ation was +0.5 Rockwell C. 
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a rather rapid drop in the endurance limit. Below 85% martensite, 
there appears to be little change in endurance limit as the curve flattens 
out. 

For several years now metallurgists have been discussing the effect 
of the percentage of martensite at various positions in the quenched 
section sizes of parts. Some feel that we should have 90% martensite 
at the % radius for parts used in bending or in torsion; others used 
the figure of 80% martensite at the 34 radius. From the data in Fig. 8, 
it appears that the 90% figure may be a more realistic one inasmuch 
as the higher endurance limit would be obtained with this per cent of 
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Fig. 9—Endurance Limit of Specimens Tempered 
to Various Hardness. 


martensite. Further, from our data, it appears that it would not make 
very much difference whether the figure of 80% or 50% were used, 
since there is little drop in the endurance limit between 80% and 50% 
martensite. 

It was surprising to find from this investigation that a small per cent 
of nonmartensitic products adversely effected the endurance limit. For 
this reason the advantage of having 100% martensite at the surface of 
a part subject to fatigue stresses is clearly apparent. 

An effort was made to correlate our data with that of Hodge and 
Lankford (5), who had studied the effect of microstructure obtained 
by isothermal transformation. Unfortunately, no correlation could be 
found. However, on further studying the work of the authors, who 
had tempered their bars to Rockwell C-34, some discrepancies seem 
to exist. With a hardness of Rockwell C-34 their endurance limit, using 
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a figure of 50% of the ultimate strength as a criterion, should be ap- 
sroximately 80,000 psi. Their data show an endurance limit of 72,000 
nsi, which seems low for the hardness of Rockwell C-34. However, our 
data on 100% tempered martensite are supported by findings of Gar- 
wood and his co-workers (7). They presented a correlation of the 
endurance limit of six low alloy steels with the tempered hardness 
(Fig. 9). The endurance limit values at Rockwell C-36 fall between 
88,000 and 93,000 psi which range conforms very well with the result 
s determined in this investigatior 

We recognize that more steels and more hardness ranges should be 
investigated to further study this important behavior of quenched and 
tempered steels. Perhaps a more precise method for measuring the per 
ent martensite in the as-quenched condition may be worked out. The 
electron microscope covers so small a field that it is not effective in 
determining the percentage of martensite. Our method of taking the 
average of the careful determinations of four qualified metallographers 
seems as satisfactory as present methods permit. 


SUMMARY 
\ relationship was found to exist between the percent of martensite 
formed on quenching and tempering to Rockwell C-36 and the endur- 
ance limit. It is further shown that a small percentage of nonmartensitic 
structure has a deleterious effect on the fatigue strength of the steels 
; tested. Below 85% martensite the endurance limit is effected very little 
: by microstructure. 





In the application of hardenability to design, some specifications re- 
quire 90% martensite at the 34 radius. In less stringent specifications 
80% martensite is required and in still less, 50% martensite is required. 
Provided that 100% martensite is obtained at and just below the sur- 
face there appears to be little difference between the 50% and 80% 
martensite requirement at the 3% radius. The 90% martensite would 
give a higher endurance value at this point. 

[f the surface is less than 100% martensite the endurance limit drops 
off rather sharply to the 95% value and less sharply to the 85% value. 
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DISCUSSION 


Written Discussion: By J. M. Hodge, Chief Research Engineer— Alloy Steels, 
United States Steel Corporation, Monroeville, Pa. 

The results reported in this paper are in a field of real importance to the users 
of heat treated alloy steels, and the authors are to be congratulated on the well 
conceived and extensive research job that they have done. 

The authors have mentioned in discussing their results, the paper published 
by Dr. W. T. Lankford and myself, reporting the results of studies of the effects 
of nonmartensitic products on the mechanical properties of tempered martensite 
which were carried out as a joint effort by a number of laboratories under the 
sponsorship of the Chrysler Standardization Committee. The authors state that 
they were unable to find any correlation between their results and the results re- 
ported in this paper and that a number of apparent discrepancies seemed to exist 
I would like to point out that the results of the two investigations do have much in 
common and to discuss briefly some of the factors that may be involved in the 
discrepancies which were noted. 

The first of these factors, which has also been mentioned by other discussors, 
is the fact that, in neither of these studies, were there enough specimens to permit 
a statistical evaluation of the results. There is, therefore, necessarily some un 
certainty about the quantitative results of both studies. 

The principal difference between the approach of the authors, and that of the 
work reported by us lies in the use of controlled continuous cooling to establish 
the microstructures in the first instance and of partial isothermal transformation 
in the work which we reported. We believe that, for a single steel of a given 
hardenability, the two methods would give similar answers. Our work was on a 
4340 steel and, if the 4340 results are isolated from those of the other steels in the 
authors studies, it will be seen that the answers obtained in the two investigations 
are similar. At 40% martensite, the authors show a decrease in endurance limit 
of about 12% and in our studies, a decrease of 13% was found when the micro 
structure was 50% martensite. Our studies, however, showed that the effect of the 
nonmartensitic products varied with the nature of the product, with 5% of 
pearlite, being about as effective as 50% of bainite in lowering the enduranc: 
limit. Thus, steels of lower ‘hardenability, in which the nonmartensitic products 
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were pearlitic or were formed at transformation temperatures higher than that 


yainite, might exhibit lower endurance limits for a given microstructure in 
terms of percentage of martensite. This could explain the apparent larger effect 
of small percentage of nonmartensitic products that was found for some of the 
steels investigated by the authors as compared to the rather minor effect found 
by us 

In regard to the rather large discrepancy between the endurance limit for the 
4340 steel with a fully tempered martensitic structure which we investigated and 
that of the 4340 steel investigated by the authors, we can only comment that there 

» obviously a number of factors other than gross microstructure which can 
markedly affect the endurance limits of quenched and tempered alloy steels. We 
do not believe, however, that this discrepancy is, in itself, significant in regard to 
the effects of nonmartensitic products on endurance limit which was the subject 
being investigated in both studies. 

Written Discussion: By T. J. Dolan and G. M. Sinclair, Department of The- 
oretical and Applied Mechanics, University of Illinois, Urbana, Illinois. 

In general, the trends of the data and the results contained in this paper are in 
good agreement with the conclusions drawn by the writers as presented in a 
previous ASTM paper.* The authors have obtained more detailed information 
in terms of the influence of per cent of martensite on fatigue strength. In our 
earlier work, the exact percentages of martensite were not determined, but the 
same trends were observed. That is, tempered martensitic structures definitely had 
some superiority in fatigue when all specimens were tempered to the same hard- 
ness level 


One point of especial interest emy ized by the authors is that a very small 
percentage of nonmartensitic decomposition products had a relatively large effect 
lowering fatigue limit ; additional higher percentages of nonmartensitic products 


had relatively little effect. In our studies, four different steels were given a 
ariety of heat treatments and all specimens tempered back to the same hardness 
bout 100 Rockwell B (a considerably lower hardness level than that utilized 
he present paper). However, even at this low hardness level, small amounts 


1 proeutectoid ferrite in a matrix of tempered martensite lowered the static 
| fatigue properties. Thus randomly dispersed islands of the weaker constituent 
j proved to be significant in affecting the fatigue limit. Larger amounts, as repre 
ented by a pearlitic type of structure, were not particularly effective in ft 
lowering of the fatigue limit. 
T+ 





should also be pointed out that there was a large change in the V-notch 
Charpy impact transition temperature when the microstructure was less than 


tempered martensite. That is, the tempered martensitic structures had good 
pact properties as represented by low transition temperatures compared with 
e values obtained when other decomposition products were allowed to form 
is also of interest to point out that in our previous work sets of notched 
lens were tested to determine whether the fatigue strength reduction caused 
he presence of a stress raiser was significantly different for tempered mar 
nsitic structures as compared with those having other decomposition product 





Lis 
sent. In general, it was found that the martensitic type structures exhibited 
M. Sinclair and T. J. Dolan, “Some | t f Austenitic Grain Size and Metallurgical 

m the Mechanical Properties of St Py edings, American Society for Test 
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higher fatigue strength for notched specimens as well as for the unnotched or 
“par” values. 

In appraising the effects of heat treatment, however, data of the type shown in 
Fig. 9 of the paper should be re-emphasized. They indicate that for practical 
application, small changes in the final hardness of the part are as effective in 
producing a change in the fatigue limit as is the presence of small amounts of a 
nonmartensitic product in an otherwise completely martensitic structure. Further- 
more, since it is practically impossible to produce a component of a machine with- 
out having some abrupt changes in section such as holes, fillets, keyways, ete . (or 
in many instances, such parts will contain rough-machined, as-forged, or partially 
decarburized surfaces) all of which produce a much greater harmful effect on 
the fatigue limit of the finished component than does a slight change in the metal- 
lographic constituents of the metal. In other words, a small percentage of non- 
martensitic constituents may produce a 10 or 15% lowering of the endurance limit, 
whereas a sharper fillet (or a small amount of decarburization on the surface) 
can readily produce a 50% lowering of the endurance limit. Thus, the final geom- 
etry, method of surface processing, and the final surface chemistry in the finished 
product, may often prove to be more important than the selection of an alloy or 
heat treatment in an attempt to produce 100% martensite. 

One criticism that might be offered of the present paper (and also of the 
writers’ previous work) is the lack of sufficient specimens to attempt to evaluate 
statistically the most probable value of endurance limit and the reliability of the 
data obtained. Since data of the type shown in Fig. 7 are inherently statistical in 
nature, wide variations in the actual experimental data would be obtained if tests 
were repeated with new groups of samples. In recent years, a good deal more em- 
phasis has been placed upon testing larger groups of samples as representative 
of the population to enable a determination of the mean fatigue limit and the con 
fidence limits on this value. The significance of differences measured between 
individual groups can only be appraised on the basis of statistical methods. 


Authors’ Reply 

The authors would like to thank Mr. Hodge for his very valuable remarks con- 
cerning this paper. His assertion that results of his study of the SAE 4340 steel 
and our work are principally in agreement is very interesting. 

Because our endurance limit values were so much higher than those of Hodge’s, 
we thought comparison between the two was hazardous. However, we think it 
is very interesting that in spite of the large difference, the percentage drop, as 
calculated by Hodge, is comparable between our 40% martensite value and their 
50% martensite value. As Mr. Hodge states, and with which we agree, other 
factors than gross microstructure can markedly affect endurance limits. 

The authors wish to express their thanks to Messrs. Dolan and Sinclair for 
their excellent comments on this paper. It was gratifying to learn that our data 
on the microstructural effect upon the endurance limit were supported by the 
findings of their study showing an analogous behavior when steels were tempered 
to a different hardness level. Also, we were very interested in their mention of a 
similar trend for tempered martensitic series having better impact properties than 
those containing transformed microstructures. 

As to the judgment of the degree in which the microstructure influences the 
endurance limit, we agree that there are other factors governing the fatigue be 
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havior of quenched and tempered steel parts. However, the purpose of our investi 
gation was to resolve the effect of microstructure. We intended merely to qualify 
the choice of an alloy or heat treatment more quantitatively than it was done in 
the past by saying a given microstructure is “better”, “worse” or “makes no dif- 
ference” under repeated stresses. We agree with Professor Dolan’s discussion 
that the nature of the fatigue data is such that it requires statistical treatment. 
Such a procedure calls for a large number of samples. Our inability to comply 
with the statistical approach stems from the difficulty in the preparation of the 
fatigue specimens. In many instances the cross-sectional sizes of the heat treated 


blanks were large in diameter and in order to machine a fatigue bar from the 
center of such blanks, careful grinding in a coolant was required to penetrate the 
hard skin to the machinable core. To prepare large quantities of such fatigue 
specimens would be time consuming and costly 


We would like to encourage other investigators to make further tests of the 
effect of microstructure, particularly in the high hardness range, and feel that 
the subject is of sufficient importance to justify additional studies. We would, 
however, like to caution those who do this that great care must be exercised to 
btain the correct percentage of transformed products in each fatigue specimen. 
We have found that quenching must be most carefully controlled and that very 
small factors in quenching can vitiate the microstructural condition. It would be 
unfortunate to make a great many samples for statistical analysis but to have 
crostructural differences in these samples 














THE MACHINABILITY OF TYPE A 
LEADED STEELS 


By E. J. Patrwopa 


Abstract 


The machining uniformity of Type A leaded steels ap- 
pears to be subject to the same chemical composition vari- 
ables which affect the machinability of nonleaded open- 
hearth free cutting steel. As in the case of €-1213 steels, oval 
sulphide inclusions are favorable to the machinability of 
Type A steels with stringer-like sulphides being less effec- 
tive. Lead inclusion mass appears to be dependent on sul- 
phide inclusion nature with fine lead tails being associated 
with fine stringer-like sulphides. The somewhat greater 
machinability index range of Type A material as compared 
to regular screw stock may, in part, be due to a size effect 
of the inclusions present with both massive lead tails and oval 
sulphides being favorable to machining quality (lower tool- 
chip friction). 

Decreased carbon, silicon and manganese or increased 
sulphur and lead contents are beneficial to the cutting qual- 
ity of Type A steels. The machinability advantages of phos- 
phorus and nitrogen cannot be evaluated by means of the 
turning rate test employed. (ASM International Classifica- 
tion G17k, 1-10; CN, Pb) 












INTRODUCTION 


HE ADDITION OF lead to steel results in low tool-chip fric- 

tion which permits the use of fast machining rates and favors the 
formation of superior as-machined finishes. (1,2)! Since lead and iron 
appear to be mutually insoluble in both the liquid and solid states, lead 
is added to the mold in such a manner as to minimize its segregation 
(3). The rate and timing of the addition coupled with control of the 
teeming temperature are utilized to produce steels with a satisfactory 
distribution of lead. Exudation tests, x-ray fluorescence analysis and 
chemical analysis checks are employed as controls for discarding por- 
tions of the product containing either low or excessively high lead 
contents. 


1 The figures appearing in parentheses pertain to the references appended to this paper. 
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Despite these controls, it has been shown that there are subtle micro- 
scopic differences in lead or lead compound particles in high sulphur 
steels (4). The relative mass of the lead particles is affected by rate of 
solidification of the parent ingot, association or lack of association with 
other nonmetallics, and the malleability of the sulphides. Attempts were 
made to establish whether machining variability of leaded high sulphur 
steels is related to sulphide and lead inclusion nature and whether 
factors pertinent to the machinability of regular screw stock would also 
be operative in the leaded high sulphur grades. 


MACHINABILITY TESTING 


Experience has shown that rate of machining or tool life and as- 
machined finish are the major considerations in the production of pre- 
mium screw steels. Other factors, such as chip character, are usually 
of secondary consideration. The measurement of rate of cutting in the 
laboratory studies consisted of turning 2 cubic inches of metal at pro- 
gressively increased speeds, usually 10 surface feet per minute incre- 
ments. With cutting conditions constant at 4¢ inch depth of cut and a 
0.003 inch feed, the highest turning speed possible without exceeding 
a prescribed wear of the relatively soft cutting tool is termed the ma- 
chinability index. Details of the testing procedure have been described 
previously (5). 

The test endpoint is determined by projecting a 50-diameter image of 
the tool tip on the screen of an optical comparator (Fig. 1). Extensions 
of the relatively unaffected edges of the tool tip are used to gage the 
amount of wear with 4¢ inch being considered the test endpoint. The 
machinability index is expressed in surface feet per minute calculated 
on the basis of the machined bar diameter. It should be recognized that 
the machinability indices are obtained with a relatively soft cutting tool 
and that these cutting rates are appreciably below those normally em- 
ployed in commercial machining. 

The principal disadvantage of the pilot machinability test is that, as 
is true of any turning rate test, no information is obtained as to chip 
character, surface finish or dimensional accuracy. Thus, an accurate 
evaluation of the contributions of phosphorus and nitrogen to machin- 
ibility is not possible since their effects lie largely in the area of these 


tactors. 


EXPERIMENTAL RESULTS 
\ series of 1 to 1% inch cold drawn rounds representing several 
production sources were obtained from commercial and experimental 
leaded ingots. Table I contains the chemical composition and machin- 
ability indices for the Type A steels involved. Metallographic exami- 
nations were made on the steels and Fig. 2 illustrates the observed 
relationship between machinability rating and sulphide inclusion na- 
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Fig. 1—Method of Determining Tool Wear. Following each turning test, a magnified 

image (X 50) of the cutting tool is projected on the screen of an optical comparator. Ex 

tensions of the relatively unaffected edges of the test tool are employed to gage tool tip 

wear. The highest speed of turning 2 cubic inches of metal that produces a 1/16-inch or 
less tool tip wear is termed the machinability index 


ture. It can be noted that, as in the case of regular screw steels, oval 
sulphides are favorable to machining quality, while stringer-like sul- 
phides appear to be less effective in promoting cutting quality. The 
addition of lead does not appear to alter sulphide inclusion nature 
noticeably, since the inclusion character of the Type A steels is similar 
to that observed in C-1213 material. 

The variation in machinability indices, shown in Table I, is some 
what greater than that encountered in steels such as C-1213 or B-1113. 
Since all Type A steels, whether from commercial or experimental in- 
gots, were subjected to sweat tests and exhibited satisfactory lead 
dispersion, differences in the macroscopic distribution of lead were be 
lieved to be of minor significance. Attention was directed to lead dis- 
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Table I 
Chemical Composition and Machinability Indices 
Machin- 
Soluble ability 

No c Mn P S Si Pb N Index 
1 0.11 1.36 0.060 0.302 0.020 0.28 0.006 90 
2 0.09 0.98 0.059 0.318 0.009 0.26 0.007 150 
3 0.07 0.91 0.050 0.293 0.006 0.21 0.007 180 
4 0.08 1.08 0.061 0.237 0.014 0.19 0.007 130 
5 0.08 1.11 0.064 0.254 0.011 0.22 0.008 130 
6 0.10 1.23 0.051 0.293 0.015 0.23 0.008 110 
7 0.07 0.95 0.059 0.301 0.004 0.18 0.008 180 
~ 0.10 0.98 0.063 0.337 0.002 0.18 0.008 150 
9 0.09 0.81 0.058 0.332 0.014 0.17 0.008 170 
10 0.08 1.06 0.054 0.313 0.005 0.17 0.008 140 
11 0.09 1.05 0.059 0.336 0.010 0.24 0.008 170 
12 0.08 1.04 0.055 0.315 0.006 0.25 0.008 150 
13 0.09 0.97 0.063 0.282 0.010 0.26 0.003 160 
14 0.11 0.98 0.070 0.292 0.009 0.30 0.004 160 
15 0.09 1.00 0.067 0.310 0.009 0.31 0.005 160 
16 0.10 1.14 0.056 0.308 0.010 0.24 0.007 140 
17 0.09 0.84 0.048 0.294 0.020 0.25 0.007 140 
18 0.06 0.90 0.062 0.282 0.011 0.24 0.004 180 
19 0.09 1.03 0.065 0.225 0.002 0.21 0.004 150 
20 0.09 1.05 0.052 0.225 0.006 0.20 0.005 160 
21 0.08 0.85 0.046 0.259 0.006 0.20 0.006 160 
22 0.08 0.88 0.051 0.285 0.006 0.15 0.006 140 
23 0.08 0.86 0.046 0.256 0.014 0.20 0.004 150 
24 0.08 0.85 0.050 0.270 0.012 0.18 0.004 160 
25 0.09 1.03 0.043 0.190 0.013 0.13 0.005 130 
26 0.09 1.04 0.053 0.232 0.007 0.14 0.005 130 
27 0.08 1.04 0.044 0.189 0.011 0.21 0.005 130 
28 0.07 1.02 0.045 0.192 0.013 0.13 0.005 130 
29 0.07 0.97 0.052 0.255 0.013 0.13 0.006 160 
30 0.07 0.96 0.050 0.250 0.018 0.18 0.003 160 
31 0.07 0.97 0.052 0.255 0.009 0.13 0.006 160 
32 0.08 0.97 0.050 0.255 0.011 0.19 


persion on a microscopic scale as a factor contributing to the machining 
differences. 

In order to investigate the microdispersion of lead in steel, various 
suggested etchants (6-8) were employed with indifferent success. Sub- 
sequently, microradiography was employed to establish the distribution 
of the lead or lead compound particles which would be visible at one or 
two hundred magnifications. The procedure involved has been described 
in other work (4). Briefly, the absorption of the x-rays by a 0.0035 
inch thick foil is recorded photographically on fine grain spectroscopic 
plates. The negative is enlarged and a “shadow” of the structure is 
obtained. Cobalt K a radiation which falls at the K absorption edge of 
manganese was employed to obtain microradiographs of both sulphide 
(manganese ) and lead inclusion character. By virtue of the enlargement 
and printing process, the microradiographs shown exhibit lead as the 
white areas and sulphides as the areas of intermediate density. The 
microradiographs represent the inclusion characteristics of the steels at 
a depth of 4g inch into the bar which corresponds to the metal in con- 
tact with the tool during machinability testing. 

Microradiographs of a number of steels tested are included in Fig. 3. 
It can be observed that virtually all of the visible lead or lead compound 
particles are associated with sulphide inclusions. Although the exist- 
ence of lead compounds is not precluded by work to date, only elemental 
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—Machining Quality of Type A Steels As Influenced by Sulphide Inclusion Nature 
(X 100). (a) Machinability index 180; (b) Machinability index 130; (c) Machinability 
index 90. In Type A steels, oval sulphides are favorable to machining quality. Either the 
mass of the oval sulphides, as suggested by Merchant (12) and Van Vlack (11), or 
composition differences associated with such inclusions promote tool-chip lubrication 
thereby improving cutting quality. 
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Cc 

Fig. 3—Inclusion Characteristics Versus the Machinability of Type A Steels (x 1 
(a) Machinability index 180; (b) Machinability index 130; (c) ifechinability index 90 
Ihe interdependence of lead and sulphide inclusion mass may be responsible for the 
somewhat wider machinability rating ranges within leaded grades as compared to regular 
high sulphur screw steels. If the size effect suggested by Merchant (12) is operative, the 

mplementary action of lead and le inclusion size may be the reason for the 
larger machinability index range of leaded screw steel grades. Although lead inclusion size 
s probably independent of its composition, the size effect is not regarded as conclusive 
lue to the possible effects of lead segregation within acceptable sweat test specifications 
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lead has been identified consistently by electron and x-ray diffraction 
(4). For purposes of clarity, the lead-containing particle will be termed 
elemental lead. Lead occurs as sheaths, tails or envelopes on many of 
the sulphide inclusions present. In addition to the relationship between 
machining quality and sulphide inclusion nature illustrated in Fig. 3, 
there appears to be a correlation between lead particle size and sulphide 
inclusion nature. Massive oval sulphides exhibit massive lead sheaths 
while elongated stringer-like sulphides, particularly those which appear 
to have broken up during rolling, show correspondingly fine lead tails. 
Details of the effect of hot working on lead dispersion have been de- 
scribed in detail by Thurman, et al (4). 

Since the effectiveness of sulphide inclusion nature in promoting 
machining quality appears to be similar in both regular and leaded high 
sulphur steels, multiple correlation analysis was employed in an effort 
to establish whether the same composition variables are operative in 
both instances. It was possible to ascribe 73% of the machining variance 
of Type A steels to differences in chemical composition. The relation- 
ship obtained is expressed as follows: 


Machinability Index = 265 — 600 (%C) — 1300 (%Si) 
— 100 (%Mn) + 100 (%S) + 100 (%Pb) 


DISCUSSION OF RESULTS 


Two factors, the mutual insolubility of lead and iron as well as the 
mass interdependence of the inclusions present, should permit at least a 
qualitative comparison of chemical composition effects in regular and 
leaded high sulphur steels. Past work indicates that composition effects 
on machinability vary depending on the steelmaking practice employed. 
(9-11). Consequently, it is not surprising that the data for Type A 
steel differ somewhat from observations made on Bessemer grades. On 
the other hand, present results appear to be in agreement with com- 
position effects observed in C-1213 steels despite the difference in 
phosphorus and nitrogen levels of the two grades involved. 


Sulphur and Lead 


The nature of the sulphide inclusions present in free-cutting steels 
exerts a marked effect on machining quality while minor variations in 
the amount of sulphur present at these levels appear to be a secondary 
factor. A similar effect may exist for lead in that the microdispersion 
of the element may overshadow minor differences in the amount pres- 
ent. The influence of a 0.01% increase in lead was found to be + 1 index 
point for Type A steels. 

A somewhat greater machinability index range for the leaded screw 
steel as compared to high sulphur grades may stem from the inter- 
dependence of sulphide and lead inclusion mass. The difference in the 
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nass of inclusions was suggested as the reason for the relationship be- 
tween machining quality and sulphide inclusion nature. (11,12) Sul- 
phide inclusion composition, however, may be equally important. Lead 
particle size is probably independent of its composition ; hence, if the 
size effect is significant, the machinability advantages of massive oval 
sulphides may be complemented by the presence of relatively massive 
lead tails. Conversely, fine stringer-like sulphides with correspondingly 
fine lead tails would be less effective in promoting machinability. The 























jc O 
170 7 a S | 
| 
5 
- 150 Type A Steels 
> 130 
= . 
2 nan 
o a 
e110 >: © 
= | 
vu a | 
= : 
90 . C-1213 Steels (9 
} 
70 . 
i e Fin : 
0 0.0 0.02 0.03 0.04 
% Silicon 
Fig. 4—A Comparison of the Influence of Silicon Content on the 
Cutting Quality of Type A and C-1213 Steels. Decreased silicon is 
Type A steels, as in the nonleaded C-1213 grade, is beneficial t 
machining quality. Lower silicon contents in the subject grad 
favor the formation of the more effective oval type sulphides wit! 
corresponding massive lead tails 


size effect, however, cannot be considered conclusive since variations 
macroscopic distribution of lead (acceptable sweat tests) may be 
important. 
[In open-hearth regular and leaded stock, the effects of a 0.01% in- 
rease in sulphur are 11% and 1 index point respectively. 


Silicon 

lhe effect of an 0.01% decrease in silicon in Type A steels was found 
be + l3as compared to + 18 index points in regular C-1213 material 
hig. 4). These data appear to be in fairly good agreement, particularly 
view of the slightly higher manganese content of the leaded stock. 
Increased silicon favors the formation of elongated stringer-like sul- 
hides in both grades and affects lead microdispersion in Type A steels 
hrough its effect on the sulphides. It should be noted that the total 
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silicon values employed include both the elemental form and silicon 
combined as silicates. Results of regular high sulphur steel investiga- 
tions indicate that occasional screw steels can exhibit high total silicon 
contents with oval sulphide inclusions and correspondingly excellent 
machining quality (9,10). Similar exceptions to the effect of silicon 
have recently been observed in Type A steels and it is presumed that 
the element can be present in screw steels in a form which does not 
materially affect machining quality. 


Carbon 


The effect of carbon appeared to be similar in both Type A and 
C-1213 steels (Fig. 5). In both instances, decreased carbon appears to 
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Fig. 5—The Influence of Carbon Content on the Machining Quality 

of C-1213 and Type A Steels. In the graph, the machinability indices 

of the Type A and C-1213 steels are corrected for variations in 

chemical composition exclusive of carbon contents. It can be noted 

that the effect of carbon in the two grades is similar despite dif- 
ferences in nitrogen and phosphorus levels. 


be beneficial, being rated at 81% and 6 index points per 0.01% carbon 
for the regular and leaded grade respectively. The role of carbon ap- 
pears to be similar to that of silicon in that lower carbon contents appear 
to favor the formation of the more effective oval sulphides with cor- 
respondingly more massive lead sheaths or tails. 


Manganese 


Decreased manganese in Type A steels is mildly beneficial and its 
effect was rated at 1 index point per 0.01%. Due to the fairly wide 
range of manganese contents present, its over-all effect is pronounced 
in terms of machining variations in the Type A steels. 
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Phosphorus and Nitrogen 


Phosphorus and nitrogen are, to some extent, complementary in 
contributing to the work embrittlement of steel (13). The elements 
are added to screw steels to promote a more favorable cutting action 
with its inherent advantages to finish, chip characteristics and dimen- 
sional accuracy. It should be emphasized that single point turning tests 
do not accurately define the benefits derived from these elements, and 
results may actually be misleading when applied to a complete evalua- 
tion of machinability. It is likely that the level of phosphorus and nitro- 
gen desired in any screw steel grade is a function of the tool-chip fric- 


tion as well as the types of machining operations to which the steel is 


subjected. 


SUM MARY 


The effects of chemical composition variations on the machinability 
of leaded high sulphur steels parallel the effects of the elements in 
regular screw stock. Oval sulphides favor the machining quality of 
leaded steels while stringer-like nonmetallics appear to be less effective. 
The bulk of lead in the subject steels occurs as envelopes or sheaths 
associated with the sulphides. The mass of the lead tails is, to some 
extent, dependent on sulphide malleability. The machinability rating 
variations within Type A steels may be due to a size effect, with both 
fine stringer-like sulphides and corresponding fine lead tails being un- 
favorable. Due to the interdependence of sulphide and lead particle 
size, however, the size effect of inclusions is not considered to be con- 
clusive. 

Decreased carbon and silicon favor the formation of oval sulphide 
inclusions with correspondingly massive lead tails and are beneficial to 
the cutting quality of Type A stock. This is consistent with published 
results on open hearth C-1213 steels. Machinability is favored by lower 
manganese contents. Exclusive of inclusion variation, lead and sulphur 
appear to have a similar beneficial effect of about + 1 index point per 
01% increase of the element. Phosphorus and nitrogen, within the 
limits of this work, do not appear to influence the quality of Type A 


steels. 
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DISCUSSION 


Written Discussion: By Francis W. Boulger, Chief Division of Ferrous Metal 
lurgy, Battelle Memorial Institute, Columbus, Ohio. 

Mr. Paliwoda is to be congratulated on this concise and valuable contribution 
to the literature on the machinability of free-cutting steels. He is one of the few 
investigators in this field who makes use of multiple correlation analyses, a power 
ful tool for determining the effect of composition on machining practices. We too 
find this procedure particularly helpful. 

The results of studies on free-cutting steels in our laboratories are in good 
agreement with those presented in this paper. The work by Melton and Gerds 
mentioned by the author was done in connection with a study on similar steels 
That study also showed that lead occurs as a coating around the sulphides. Ther« 
is little doubt that differences in the size and shape of sulphide inclusions account 
for most of the variations in machining properties of steels of closely similar 
composition. Larger sulphide inclusions are associated with better machinability in 
both leaded and non-leaded free-cutting steels. The effects of the various elements 
on the machinability ratings based on soft cutting tools seem to be in fairly good 
quantitative agreement with their effects on ratings based on constant-pressure 
lathe tests. 

Written Discussion: By G. Dementis, Research and Development Department 
Inland Steel Company, East Chicago, Indiana. 

The preceding article was reviewed with a great deal of interest in view of th 
semi-proprietory position of the Inland Steel Company in connection with leaded 
steels. This interest dates back to the original development of leaded steels which 
was a joint effort of the Inland Steel Company and Battelle Institute. 

When the methodology and results reported in this article are compared t 
those reported in other technical articles and those encountered in our investiga 
tions, some areas of difference are noted. 
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. assess machinability, the author uses a tool wear test utilizing a degraded 
Our own experimental work, which has been confirmed by the work of 
Bryden? and others, would indicate problems arising from a technique such as 
this. Tool failure patterns appear to be of two distinct classes. Failure patterns 
in the steels of higher chemical hardness show a relatively constant rate of tool 
ear as machining progresses. In the case of steels of lower hardness, test tools 
would fail catastrophically through a galling or welding type of failure. In other 
words, tool wear and tool life are not very closely related, especially when compar- 
ing steels of varying hardness. In an effort to eliminate potential errors introduced 
from differences in tool materials, an attempt to use a standard closer to actual 
production tools (18-4—1 tool material) is used in all our research. 
It is especially interesting to notice the results of applying correlation techniques 
» the assessment of the effect of chemistry on the “machinability index’. A sim 
ilar equation developed independently some time ago by E. S. Madrzyk of Inland 
is as follows: 
Cutting Speed in ft/min. = 267 — 1400 (%C) +93 (%Mn) +77 (%S) 
(60 Min. Tool Life) +77 (%Pb) — 527 (%P) — 7078 (%N) 


This equation points out what we believe to be the important influence of phos 
phorous and nitrogen on machinability. Silicon is not considered as a variable in 
this equation because of its stability in our current steelmaking practices. 

As pointed out in the preceding article, a rather substantial amount of unex 
plained variance still remains when computed and experimental values are com 
pared. Unfortunately, this use of linear regression techniques as a method of 
predicting machinability is open to question. The Inland machinability equation 
was finally discarded because of the feeling that the mathematical conditions for 
linear regressions do not appear to be adequately met. These conditions call for 
both linear relationships and independence of the variables. Generally neither of 
these two conditions are present. For example, the manganese level tends to be a 
function of the sulphur level. But perhaps more seriously, tool life is not a linear 











function of elements such as sulphur and lead. It is reasonably certain that the 
relationships of both lead * and sulphur *, to machinability are more nearly para 
bolic. The relationship of other chemical elements to machinability also appear to 
be parabolic in nature.® This fact would negate the linear regression method of 
prediction used. It would appear at the present time that it is necessary to use 
more involved mathematical approaches to be able to adequately predict machin 
ability from the chemistry of the material 


Author’s Reply 


lhe author is indebted to Messrs. Boulger and Dementis for their interesting 


iscussions of this paper. The similarity of results obtained by the machinability 


t reported in this work and by the constant pressure lathe test developed at 
Battelle is noteworthy since there are basic differences in the manner of testing 


7H. L. Bryden, “Comparative Machinabilit f Bl113-C1213-C1120 HR-C1120 CD and 
19 Steels,” Transactions, American S t f Mechanical Engineers, Vol. 79, May 
, p. 915-919 . 


J. Nead, C. Sims, and O. Harder, “Properties of Some Free Machining Lead Bearing 
St els,” Metals and Alloys, Vol. 10, March 1 p. 68-73, 109-114 ; 
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Explained,” Jron dae, Vol 67, No. 20, Ma ] 51, p. 90-95 
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The hazards of broad interpretation of accelerated turning rate tests, even those 
carried out on automatic screw machines, are aptly demonstrated by Bryden’s 
work and by the turning rate equation presented by Mr. Dementis. The influence 
of hardness level on the manner of tool failure such as that cited was first ob- 
served in our laboratory some twenty five years ago during extensive accelerated 
machinability tests on a 4-spindle automatic screw machine. Accelerated machin 
ability tests proved to be a satisfactory measure of Bessemer steel performance in 
commercial operations but failed as gages of machining quality when low phos- 
phorus open hearth screw steels were included in the comparison. Under such 
conditions, the test ratings for C-1120 and even C-1020 were comparable to those 
for premium Bessemer screw steels, whereas actual companion production runs 
in consumer plants markedly favored the Bessemer material. This and other sub- 
sequent observations led originally to the use of fixed tool wear indices for open- 
hearth grades as opposed to complete tool failure for Bessemer material and 
finally to the restriction of accelerated machinability test comparisons to screw 
steel grades containing similar hardness or shear strength levels. In view of the 
many facets of machinability, such restricted machinability test comparisons are 
followed by consumer trials whenever possible. The present machinability tes 
procedure as a reflection of screw steel performance in commercial plants was 
illustrated in a prior publication on C-1213 steels. In the present work, despite 
differences in phosphorus, nitrogen and lead contents, it was found that carbon 
and silicon exert a similar influence on machining quality and sulphide inclusion 
nature of Type A and C-1213 steels. These findings with respect to sulphide in- 
clusion nature are in good agreement with other recent machinability works on free 
cutting steels and suggest that the primary shortcoming of accelerated machin- 
ability tests is usually the broad interpretation to which such results are subjected. 

The possibility of more complex relationships between machining quality and 
individual elements is an important point. References were cited by Mr. Dementis 
to illustrate that the influence of sulphur and lead are more nearly parabolic. In 
these same references, however, it can be noted that in the sulphur range from 0.19 
to 0.34% and in the lead range from 0.13 to 0.31% (compositions representing 
present data) the relationships are reasonably linear and no serious errors should 
arise from the use of linear regression analysis. In the original treatment of the 
data presented, the possibility of curvilinear relationships was of concern since 
such a relationship was observed for a composition variable in a study of another 
leaded grade. As a result, early work consisted of graphical multiple correlation 
and after a series of successive approximations it was found that linear relation- 
ships could be employed. 
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THE POWDER METALLURGY OF 
ZIRCONIUM-URANIUM ALLOYS 


3y Herpert S. KALIsH 


Abstract 

An investigation was made of methods for fabricating 
zirconium-uranium alloys by powder metallurgy techniques. 
Both uranium and zirconium powders were made by the 
hydride process. It was found that the best materials could 
be obtained by making mixtures of —325 mesh uranium 
powder and —325 mesh zirconium hydride powder and 
compacting at 50 tsi. The compacts were vacuum sintered. 
In the case of the alloys rich in zirconium, high density was 
readily obtained even sintered well below the melting point, 
whereas alloys in the range of 40% and more uranium re- 
quired sintering very close to the melting point to obtain 
high density. It was found that the zirconium-uranium sys- 
tem was particularly amenable to powder metallurgy and 


sities of better than 97% of theoretical were obtained for all 
compositions. The alloys also had reasonable ductility and 
high strength. A peak in strength was found at 80 w/o 
uranium. A correlation is made between microstructure and 
some of the physical properties obtained. (ASM Interna- 
tional Classification: H general; Zr, U) 


INTRODUCTION 
HE USE OF powder metallurgy fabrication techniques for form- 
ing uranium (1)* and zirconium (2) has been reported. Both of 
these metals are of interest for nuclear reactor use, and information 
on the alloys between zirconium and uranium is also of interest in the 
nuclear materials field. 

The development of powder metallurgy techniques as a zirconium 
fabrication method has been presented in a number of previous articles 
(2,3,4). It was shown in these papers that the use of zirconium hydride 
for compacting and sintering was superior in all respects to the use of 
‘irconium powder, i.e., zirconium powder which had been made by 
vacuum decomposition of zirconium hydride powder. For this investi- 
gation, therefore, it was decided to use zirconium hydride powder ex- 





rhe figures appearing in parentheses pertain to the references appended to this paper 
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Table | 
Particle-size Distribution, Density, Apparent Density and Gas Analysis of 
Zirconium Hydride and Zirconium Powder Made from Crystal Bar 





, Zirconium Zirconium powder from 
Particle size, hydride vacuum decomposition 
microns powder of hydride 
0-1 10.2 1.5 
1- 2 10.4 2.8 
2-3 13.5 2.0 
3-4 19.2 4.3 
45 8.3 3.8 
5—- 6 5.0 5.4 
6- 8 5.4 6.6 
8-10 1.8 5.5 
10-12 1.1 5.3 
12-14 1.3 5.6 
14-16 1.5 5.5 
16-20 1.8 8.0 
20-30 7.7 15.4 
30-44 10.5 19.4 
>44 2.3 8.9 
Photelometric average 
size, micron 10.3 20.0 
Particle density, g/cm? 5.72 6.59 
Apparent density, g/cm?* 2.2 2.0 
Oxygen content, percent 0.2 0.3 
Nitrogen content, percent 0.01 0.01 








clusively. The methods of making uranium powder by the hydride 
process have been reported by Hausner and Zambrow (1). The meth- 
ods used in this investigation for making the powders, mixing, com- 
pacting and sintering, are described under “Experimental Procedure” 

The investigation of the powder metallurgy of zirconium-uranium 
alloys entailed a determination of whether it would be feasible to make 
all compositions across the phase diagram by powder metallurgy meth- 
ods, the optimum fabricating conditions and the properties of the 
powder metallurgy material. 


EXPERIMENTAL PROCEDURE 

Zirconium crystal bar, i.e., zirconium made by the iodide process, 
was hydrided for 20 hours at 800°C (1470°F) and furnace-cooled 
in a flow of 12 cfh of purified hydrogen. The massive zirconium hydride 
was hand pulverized in a steel mortar and pestle until it was fine enough 
to pass through a 325 mesh screen. The grinding operation was done 
in air. The average particle size, particle size distribution, particle 
density and gas content of zirconium hydride powder as used in this 
investigation and zirconium powder made from the vacuum decomposi- 
tion of the hydride is shown in Table I. 

Uranium powder was produced by hydriding massive uranium 
wafers for 3 hours at 225 °C (435 °F) in purified hydrogen followed 
by vacuum decomposition of the hydride, in the same furnace tube, for 
about 1 hour at 440 °C (825 °F). The actual time of hydriding and de 
composition depends upon the size of the charge. For this work 200 
grams of wafers, cut into halves or quarters from discs about 2 inches 








mes 
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in diameter and % inch thick, were used as the charge. Hydriding of 
larger charges takes somewhat longer, e.g., 5% hours for a 600-gram 
charge. Vacuum decomposition was carried on until the pressure in the 
system was reduced to 35 microns of mercury. This decomposition re- 
quired 1 hour for the 200-gram charge and a slightly longer time for 
the larger charges. The loosely sintered cake thus obtained was hand 
pulverized in a steel mortar and pestle contained in an argon drybox 
until the powder was fine enough to pass through a 325 mesh screen. 
The pyrophoric properties of uranium and uranium hydride powder 
makes it difficult to obtain particle size analysis. Even though the 
uranium powder is ground to —325 mesh particles, it is composed of 
very fine particles as were originally formed as UHs. Any larger par- 
ticles are, in reality, agglomerates of particles mostly smaller than one 
micron (1). 

All subsequent operations were done in an argon atmosphere, includ- 
ing the loading of the furnace tube. The proper charges of uranium and 
zirconium hydride powders were weighed out and tumble-mixed in 
glass bottles for 2 hours. It has been found that a satisfactory mixture 
is obtained for all compositions with this mixing procedure. 

A charge of the proper amount of powder mixture to obtain the de- 
sired compact size was weighed out and placed in a rectangular, single- 
action, come-apart die. Compacts were pressed to a size of 3K 4X &% 
inch at 50 tsi. The compacts were placed in a graphite boat, which was 
covered; and the boat was put into a sillimanite furnace tube. These 
furnace tubes have glass-to-sillimanite seals. A ground glass joint with 
a stopcock attached was used to close off the furnace tube so that the 
tube could be carried to the furnace without exposure of the charge to 
air. The furnace was evacuated to a pressure of about 2 « 10~-5 milli- 
meters of mercury, and the charge heated to the sintering temperature 
in 2 to 3 hours. Decomposition of the hydride during the heating cycle 
caused the pressure to increase to about 1 millimeter. The pressure 
again began to decrease at about 1000 °C (1830°F) until! a pressure 
of 2 10-5 millimeters was reached at the sintering temperature. 
Sintering temperatures of 1120, 1170, 1210, 1260, 1320 and 1370 °C 
(2050, 2140, 2210, 2300, 2410, 2500 °F) for 10 hours and 1170 and 
1320 °C (2140 and 2410 °F) for 3 hours were used in this investigation. 

The samples of all compositions as removed from the furnace after 
being sintered have extremely bright metallic surfaces. The high 
uranium content samples will begin to tarnish, however, after a few 
days of exposure to the air. 


THE Use oF URANIUM OR URANIUM HypbRIDE POWDER 


It was considered possible that uranium hydride powder might be 
superior to uranium powder for the preparation of these alloys, analo- 
gous to the superiority of zirconium hydride powder over zirconium. 





274 TRANSACTIONS OF THE ASM Vol. 50 





Fig. 1—20 Weight % Uranium-Zirconium Alloy Made from a Mixture of —325 Mesh 

Zirconium Hydride and —325 Mesh Uranium or Uranium Hydride Powders Compacted 

at 75 tsi and Sintered 10 Hours at 1260 °C (2300 °F) in High Vacuum, a. Uranium 

powder used in the mixture. b. Uranium hydride powder used in the mixture. (Note 
white areas indicative of zones high in oxygen.) 


Investigations were made to determine the feasibility of using uranium 
hydride powder. 

It was found that, after the powder mixtures were made in the inert 
atmosphere drybox, compositions containing up to 20 weight % ura- 
nium could be safely handled in the air in the powder condition for 
short periods of time. 

Compacts of 10 and 20 weight % uranium powder in zirconium 
hydride powder, or uranium hydride powder in zirconium hydride 
powder, were made in the following way: the powders were weighed 
out and tumble-mixed, and charges for pressing weighed out in the 
argon drybox. The powder charges were placed in the die in air, leveled 
and pressed. Immediately after being pressed, the compacts were re- 
turned to an argon atmosphere until they were loaded into the boat 
and furnace tube. This loading operation was done in air. It was found 
that such a treatment was as good as the previously outlined method of 
complete argon handling (essential for uranium contents higher than 
20 weight % uranium) when uranium powder was used. Loading in 
air, however, was found detrimental when uranium hydride powder 
was used. The data are shown in Table II. These data show that full 
density is attained in both cases, but that the hardness was higher wher: 
UHs powder was used, indicating oxygen pick-up. This was further 
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Table Il 

Comparison of Properties of Sintered Zirconium-Uranium Alloys Made from 

~325 Mesh Zirconium Hydride Powder and —325 Mesh Uranium or Uranium 
Hydride Powder. Powder Mixtures Were Compacted at 75 Tsi and 

Sintered 10 Hours at 1260 °C (2300 °F) 


Density 


Uranium Content, U Powder Hardness, 
Weight % Type Rockwell B g/cm 
0 ~- 100.7 6.54 
10 U 104.8 6.98 
10 UHs 106.4 6.98 
20 U 105.3 7.49 
20 UH: 107.3 7.47 


verified by the microstructure, as shown in Fig. 1. The white areas 
of Fig. 1b are typical of the use of oxidized uranium powder in these 
mixtures. 

Since powder mixtures of high uranium content must be handled 
entirely in an argon atmosphere, an investigation was carried out to 
determine if the UH3 powders can be used under these conditions, i.e., 
where processing is carried out entirely in an argon atmosphere. The 
results of this investigation are summarized in Table III. These data 
show that better sintered density can be attained when uranium powder 
is used. 

The inferiority of the uranium hydride powder in regard to sintered 
density for this process can be attributed to the tremendous shrinkage 
which must occur during sintering. A comparison of the pressed density 
of zirconium hydride-uranium compacts made from either UHs or 
uranium powder is shown in Fig. 2. The pressed density of the com- 


Table Ill 
Comparison of Sintered Zirconium-Uranium Alloys Made from —325 Mesh 
Uranium Hydride or Uranium Powders Mixed With —325 Mesh Zirconium 
Hydride Powder Compacted at 50 Tsi and Vacuum Sintered for 10 Hours 





mposition, Sintering sintere i Density, g/cm* 

Weight % Temp., °C Powder type 

Uranium U UH; U 
10 1170 6.93 6.92 8 
10 1260 6.96 6.94 9 
20 1170 7.45 7.45 8. 
20 1260 7.45 7.48 9 
30 1170 8.01 7.99 & 
30 1260 8.08 8.02 9 
40) 1170 8.67 8.60 s 
40 1260 8.73 8.64 
50 1170 51 941 8.3 
50 1260 9.60 9.47 9 
60 1170 10.53 10.43 & 
60 1260 10.59 10.53 9.2 
70 1170 11.97 11.85 9.37 15.87 
70 1260 12.04 11.97 9.60 16.30 
80 1170 13.63 13.41 9.53 17.33 
80 1260 13.63 13.71 10.27 17.67 

15.37 


0 1170 15.91 
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pacts high in uranium hydride powder is indeed low relative to that of 
compacts made from uranium powder. The net result of this is that 
unusually high shrinkage must take place during sintering, if full 
density is to be attained. In Fig. 3, it is clear that the shrinkage which 
occurs during sintering of zirconium hydride-uranium powder com 
pacts is little affected by composition. The slight decrease in shrinkage 
which occurs at about 50% uranium is due to the fact that these alloys 
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Fig. 2—The Pressed Density of Zirconium Com 
pacts Made from Mixtures of —325 Mesh Powders 
Pressed at 50 tsi. 


do not densify completely at this temperature. The increase in shrink- 
age at higher uranium compositions simply reflects a slightly lower 
relative pressed density which occurs with increasing uranium content. 
This point will be discussed more fully in Section IV (A) on den- 
sification. 

The shrinkage of zirconium hydride-uranium hydride compacts dur- 
ing sintering shows a tremendous increase with increasing uranium 
hydride content. So severe is this effect that cracks frequently develop 
during the sintering of these high uranium compacts. The linear shrink- 
age is approximately the same in all directions. Thus, the shrinkage of 
16 to 18% linear represents a volume shrinkage of about 40 to 45%. 
This can be attributed to two factors : 
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the large volume change which occurs when UH; decomposes 
uranium, and (b) the extreme fineness of the UH; powder. 

The true density of UH; is 10.9 grams per cubic centimeter com- 
pared to 19.05 grams per cubic centimeter for uranium. Calculation 
reveals that if one had pure UH; and decomposed it to pure uranium, 

ne must get a volume shrinkage of 43%. This, then, could account for 
lmost all the shrinkage, eliminating the second factor entirely and 
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even eliminating normal shrinkage of a powder compact to the sintered 

product. Apparently, some lower hydride or a combination of hydrides 
3 is present, rather than UH;. Even so, the shrinkage of this uranium 
e hydride powder, as made, is too great to permit proper sintering. It 
rs should be questioned, then, as to why the use of zirconium hydride does 
" not give rise to the same trouble. The answer is that if solid ZrHe, the 
* highest hydride of zirconium, is made, it will shrink only 14% in vol- 
ume upon decomposing to pure zirconium. 

In addition to the unfavorable high shrinkage when uranium hydride 
powder is used, it was found that homogenization was much delayed 
” ver that occurring with uranium powder. This would necessitate 
¥ longer sintering times or higher sintering temperatures to attain re- 
sults similar to those obtained with the use of uranium powder. It was 
lecided, therefore, that zirconium-uranium alloys should be made from 


: powder mixtures of zirconium hydride and uranium. 
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Fig. 4—The Effect of Sintering Temperature on the 

Sintered Density of Zirconium-Uranium Alloys. Samples 

compacted at 50 tsi from mixtures of —325 mesh zirconium 

hydride and —325 mesh uranium powders and sintered for 
10 hours in high vacuum. 


DISCUSSION OF RESULTS 


The properties of the zirconium-uranium alloys can be expected to 
depend upon the following five factors: 


. Density of the sintered compact. 
. Degree of homogenization of the alloys. 
. Oxygen and nitrogen pick-up during processing. 
. Grain size. 
Phase changes. 


The above five factors can be controlled to some extent by processing 
variables, but one cannot optimize all of these factors simultaneously. 
In the discussion below, the role these factors play in the properties of 
these alloys will be described. 


Densification of the Sintered Compact 


The mechanism of densification during sintering of a pure metal 
depends largely upon the self-diffusion of the metal. In a binary allo) 
system, it depends upon the self-diffusion of both metals and the inter 
diffusion of the two metals, as well as upon the phase changes which 
occur at the sintering temperature. 
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The zirconium-uranium p! 

ntinuous solid solution of 

ly-centered cubic, exists across the system at temperatures 
C ¢1580°F) and up to the solidus line. This is a mo 

ndition for sintering. It ears further that the diffusion 

nium in uranium, or vice i, is so rapid that no liquid pha 

hen powder mixtures of these metals are sintered well al 

elting point of pure uraniu 

The density of alloys up to 40% uranium as a function 


perature is shown in Fig. 4. It is apparent that as the ur 
1 


nt increases, a higher sintering temperature is requir 
ll density. This is brought out further in Fig. 5. A sinteri 
hours has been selected standard for this work because 


ngest sintering time thought practicable. Shorter sintering time neces- 
4 . 


tates higher temperatures to attain the same amount of 
n and density. The use 
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Fig. 6—90 Weight % Uranium-Zirconium Alloy Which Melted During Vacuum Sinter 

ing for 10 Hours at 1260 °C (2300 °F). Compact pressed at 50 tsi from a mixture of 

—325 mesh zirconium hydride and uranium hydride powders. (a)—Cross section of 

melted compact. X 30. (b)—Upper region of the above compact. X 250. (c)—Lower 
region of the melted compact. x 250 


needed for the 10-hour sintering results in excessive oxygen pick-up in 
the case of the zirconium-rich alloys, and would result in melting in 
the case of the uranium-rich alloys since those of 80% uranium and 
more must be sintered close to the melting point. 

When considerable melting occurs in the compacts, the result is 
generally a separation of the alloy into layers, even though the cooling 
is quite rapid. This is shown nicely in Fig. 6 where the complete 
metallographic difference is apparent in the top and bottom of the 
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sample. Analysis reveals that the upper portion of the sample is 15.3 
weight % zirconium and the lower portion is 6.98 weight % zir- 
conium. Assuming a pure binary system, one finds that at 1260 °C 
(2300 °F), a 10% zirconium alloy, according to the phase diagram, 
should have solid of the composition 15% zirconium and liquid* of 
about 5% zirconium. This fulfills the analysis nicely and indicates 
that the solid present, which was richer in zirconium and hence of 
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Fig. 7—Isotherms Showing the Effect of Uranium 
Content on_ the Densification of Zirconium 
Uranium Alloys Sintered 10 Hours at Various 
Temperatures. For mpacts pressed at 50 tsi from 


mixtures of 325 mesh zirconium hydride and 
325 mesh uranium powders. 


lower density, floated to the top of the liquid. Subsequent freezing of 
the alloy did not permit homogenization to take place. If these alloys 
are to be made by a melting technique, the danger is always present 
that with freezing of insufficient rapidity, there will be a separation 
of the constituents. When very little melting occurred, i.e., just above 
the solidus, there may have been some slight distortion in the compact 
shape, but there was no such separation into layers. 

In order to clarify the effect of composition on the sintered density 
of these alloys, Fig. 7 was drawn. Up to 80% uranium the trend is 
quite normal in that the alloys of intermediate composition have the 
lowest density relative to ideal at any given sintering temperature. At 
80%, however, there is a strange occurrence in that the alloys above 
this composition do not sinter to high densities unless they are sintered 
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Fig. 8—The Effect of Composition on the Pressed 
Density of Zirconium Hydride-Uranium Mixtures 
Compacted at 50 tsi from —325 Mesh Powders 


very close to the melting point. Thus, the wide spread between the 
1120 and 1170 °C (2050 and 2140 °F) isotherms at 90% uranium be- 
comes tremendous at 95%. At 1170 °C (2140 °F), this alloy, viz., 95%, 


will melt and at 1120°C (2050 °F), it will hardly sinter. In order to 
sinter this alloy, then, it is necessary to use a temperature of 1150°C 
(2100 °F), which is just below the solidus line. This has been done, 
and densities approaching theoretical have been obtained. 








Table IV 
The Densities of Zirconium-Uranium Alloys Made by 
Powder Metallurgy and Made by Melting 
Densities, g/cm? 
Theoretical . 

Weight mixture (low Melted and rolled, Powder Metallurgy 
Percent hafnium) normal hafnium Normal hafnium Low 
Uranium (calculated) (2-3% hafnium) 2—3% hafnium) hafniun 


0 6.50 6.54 6.59 6.51 
i 5 6.64 
3 : 6.63 
4 " 6.76 
6.79 
6.98 
7.24 
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In Fig. 7, the basis of the percent of theoretical density shown was 
the mixture density of the two metals. Calculated mixture densities 
an generally be used only as a preliminary guide. Ordinarily, in a 
hinary system, phases will be formed which have a different density 
from that calculated from a simple mixture. The data from this investi- 
gation, as shown in Table IV, however, indicate that the calculated 
mixture density is very close to the true density. 

From Fig. 7 one can determine the optimum sintering temperature 
for any zirconium-uranium composition. In addition, one can ascertain 
the density which will occur at sintering temperatures lower than 
optimum. For higher compacting pressures or more favorable compact 
shape, i.e., lower wall area to pressing area ratio, the isothermal lines 
would move upward. A lower compacting pressure or less favorable 
compact shape would displace the isothermal lines downward. 

In Fig. 8 is shown the relative pressed density of zirconium hydride- 
uranium powder compacts. It is clear from this curve that as the ura- 
nium composition increases, the relative pressed density decreases 
appreciably. The decrease in density due to the increase in uranium con- 
tent can be explained by the extremely fine particle size of the uranium 
powder compared to that of zirconium hydride powder, as discussed 
under “Experimental Procedure”, i.e., the finer the average particle 
size of any given metal powder, the lower will be the pressed density 
of the powder compact. Even so, it is surprising and indeed fortunate to 
find that the green strength of uranium-rich compacts is very good. 

Zirconium hydride powder presses to unusually high relative pressed 
densities for a brittle powder, but it does not have good green strength. 
This matter has been discussed in detail by Kalish, et al (6). Uranium 
or uranium-rich powder compacts, on the other hand, have excellent 
green strength but low relative pressed density (1). 


Homogenization and Structure 


All the uranium-zirconium compositions homogenized relatively 
rapidly. As the uranium content is increased from 0 to 30 weight % 
uranium, homogenization time increases; but, even at 30 weight %, a 
homogenized alloy is obtained in about 1 hour at 1300 °C (2370°F). 
In general, the microstructure of the alloys shown in Fig. 9 corre- 
sponds to the latest versions of the zirconium-uranium phase diagram 

ig. 10); and, in fact, certain observations that were made in this 
owder metallurgy study aided in the determination of the diagram (5). 

The microstructures indicate a two-phase region across the diagram, 
ulthough a single-phase 8-region has been reported at about 50 weight 

zirconium. Transformation to this single phase is known to be very 
luggish, if it exists, so that it is not unusual to find two phases present 

every composition in the microstructures shown in Fig. 9. The phase 
liagram (5) shows two eutectoids : one at about 94 weight % uranium, 





TRANSACTIONS OF THE ASM 


| 


\} © 


Fig. 9—The Microstructure of Zirconium-Uranium Alloys Made by Powder Metallurgy 
Methods. Compacts pressed at 50 tsi from a mixture of —325 mesh zirconium hydride and 
7 


325 mesh uranium powders and sintered 10 hours at 1370 °C (2 *) in vacuum 
x 250. (a) 10 Weight % Uranium; (b) 20 Weight % Uranium; (c) 30 Weight % 


Uranium; (d) 40 eight % Uranium; (ce) 50 Weight % Uranium; (f) 60 Weight % 
Uranium. 
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Fig. 9 (Continued)—The Microstructure of Zirconium-Uranium Alloys Made by Powder 

Metallurgy Methods. Compacts pressed at 50 tsi from a mixture of —325 mesh zirconium 

hydride and —325 mesh uranium powders and sintered 10 hours at 1370 °C (2500 °F) 
in vacuum. X 250. (g) 70 Weight % Uranium; (h) 80 Weight % Uranium 
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Fig. 10—The System Zirconium-Uranium. 


r> beat 'C (1265 °F), and the other at about 60 weight % uranium, at 

°C (1130 °F). According to the diagram, the eutectoid of y; de- 
cr ate to a + y2, subsequently decomposes at 610 °C in the eutec- 
toid reaction of y2 to a+ 8 (or a+). The microstructure as shown 
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Fig. 11—The Microstructure of Zirconium-Uranium Alloys. Compacts pressed at 50 tsi 

from a mixture of —325 mesh zirconium hydride and uranium powders and sintered 10 

hours in high vacuum. (a) 90 Weight % Uranium—Sintered at 1170 °C (2140 °F) 

xX 250; (b) 95 Weight % Uranium—Sintered at 1120 °C (2050 °F). & 250; (c) Same 
as (a) X 1000; (d) Same as (b) x 1000. 
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g. 12—The Grain Size of Zirconium- Ur: 
40 °F) in High Vacuum. Compacts pressed at 50 tsi from a mixture of —325 
mium hydride and uranium powders. Polarized light. X 250. (a) 10 Weight & 

ranium; (b) 20 Weight % Uranium; ( 30 Weight % Uranium; (d) 40 Weight % 

ranium; (e) 50 Weight % Uranium; (f) 60 Weight % Uranium; (g) 70 Weight % 

Uranium; (h) 80 Weight % Uranium; (i) 90 Weight @ Uranium. 
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Fig. 12 (Continued)—The Grain Size of Zirconium-Uranium Alloys Sintered 10 Hours 
at 1170 °C (2140 °F) in High Vacuum. Compacts pressed 50 tsi from a mixture of —325 


mesh zirconium hydride and uranium powders. Polarized light. x 250. (g) 70 Weight % 
Uranium; (h) 80 Weight Uranium; (i) 90 Weight % Uranium. 


in Fig. 11, however, indicates that the eutectoid structure persists 
even though x-ray analysis indicates that the two phases present are 
a-uranium and ¢ (a-zirconium). The other eutectoid is shown in the 
phase diagtam at 60 weight % uranium, whereas, from the micro- 
structures in Fig. 9, one would place it in the vicinity of 20 weight % 
uranium. The reason for this discrepancy in the location of the second 
eutectoid composition is not clear. 


Grain Size 
The grain size of the zirconium-uranium alloys can be shown nicely 
in polarized light at any composition, as indicated in Fig. 12. The 
grain size of the 10 and 20 percent uranium alloys is of the order of 
100 microns, and the grain size of the uranium-rich alloys up to 90% 
uranium is about 15:microns. Longer sintering times or higher sinter 
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ng temperatures than the 10 hours at 1170°C (2140 °F), shown in 
ig. 12, result in very little increase in grain size. 


Properties of the Alloys 


[he sintered alloys were evaluated for the following properties in 
dition to density: electrical resistivity, hardness, ductility, and ulti- 
ate tensile strength. The electrical resistivity and hardness are shown 
s a function of composition in Fig. 13 for samples sintered at 1120 °C 
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Fig. 13 rT f Zirconium-Uranium Alloys Sintered 
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2050°F). Since densification was not complete, the data shown in 
Fig. 13 are not the optimum obtainable for the alloys. The optimum 
properties are shown in Fig. 14. It is immediately apparent that the 
trends in regard to composition are the same and that any intermediate 
sintering temperature would show similar trends. 
A comparison of Fig. 13 and 14 reveals that as the alloys approac! 
he optimum, the hardness increases and the resistivity decreases for 
given composition. This is simply a function of the pore removal 
densification. The specific effect of sintering temperature on the 
ectrical resistivity is very complex and varies for each individual 
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Fig. 14—Properties of Zirconium-Uranium Alloys Made Under 
Optimum Sintering Conditions. Compacts pressed at 50 ts 
from a mixture of —325 mesh zirconium hydride and —325 
mesh uranium powders sintered in high vacuum for 10 hours 
as following: 0 Weight % Uranium—1170 °C (2140 °F), 10 
to 70 Weight % Uranium inc.—1320°C (2410°F), 89 
Weight % Uranium—1260 °C (2300°F), 90 Weight 
Uranium—1170 °C (2140 °F), 95 Weight % Uranium 
1120 °C (2050 °F). 


composition. In general, however, it can be stated that the following 
occurs at any composition : 
1. Densification decreases the electrical resistivity and increases 
the hardness. 
2. Alloying of any type tends to increase the resistivity and to 
increase the hardness. 
The pick-up of gaseous impurities tends to increase the re 
sistivity and to increase the hardness. 


Thus, the optimum sintering condition can generally be determined by 
the minimum hardness and resistivity commensurate with the maxi 
mum density. 

Having established the optimum sintering condition, one can exam 
ine the properties of the various alloys (as shown in Fig. 14). Although 
density was thoroughly discussed earlier, it is interesting to note the 
two places where deviation from the theoretical density occurs. 
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Table V 
Properties of Zirconium-Uranium Alloys Made by Powder Metallurgy Methods 
from Mixtures of —325 Mesh Zirconium Hydride and Uranium Powders 
Compacted at 50 Tsi and Sintered 10 Hours in Vacuum at Optimum Temperatures 


Cold Re- 
duction to 
first sign 
( position, Sintering ter Hardness, of edge 
Weight % Temp., °C ensity Rockwell cracking Resistivity 
Uranium (Optimum) g A percent Microhm-cm 


0 1170 ».51 55.5 61.1 
10 1320 9 63.5 87.1 
20 1320 ] 65.0 d 112.4 
30 1320 64.7 d 145.0 
40 1320 32 63.0 7 167.0 
50 1320 62.2 37 160.3 
60 1320 72 k 141.4 
70 1320 2 , : 98.9 
80 1280 3.71 69.7 
90 1170 9 45.9 
95 1150 ».81 46.2 


The continuous increase and then the decrease in resistivity can 
best be accounted for by the presence of the intermediate 6-phase. 


\lthough x-ray diffraction did not reveal this phase at the high 


uranium compositions, it was in strong evidence at compositions from 
10 to 60 weight % uranium. 

3ased upon the assumption of the existence of the 8-phase, it would 
be expected to have high resistance relative to the two-component, 
solid solutions ; and this would account for the peak in the resistivity 
curve at the intermediate compositions. 

The hardness curve in Fig. 14 reveals considerable information 


f 


about the properties of these alloys. The increase up to 20% reflects 
the eutectoid which has been quite definitely identified. The decrease 
the intermediate compositions shows that the 8-phase is relatively 
soft, compared to the eutectoid at 20 weight % uranium, as well as 
that at the high uranium compositions. 
Table V shows the optimum sintering temperature for each com- 
osition and the properties of the as-sintered samples. The alloys are 


Table VI 
Properties of Zirconium-Uranium Alloys Made from Mixtures of —325 Mesh 
Zirconium Hydride and Uranium Powders Compacted at 50 Tsi and Sintered 
10 Hours at 1120 °C (2950 °F) in Vacuum 

Ultimate 

mposition, Sintered Hardness Tensile 
Neight % Density, ockwe Resistivity, Strength 

ranium g/cm? \ Microhm-cm psi 


0 6.47 59.3 61.3 54,000 
10 6.88 62.7 83.8 89,000 
7.40 63.3 109.1 96,000 
7.96 62.7 154.5 66,000 
40 8.64 60.4 171.4 73,000 
50 9.47 60.3 169.2 83,000 
10.46 62.3 150.7 89,000 
70 82 68.3 102.9 116,000 
52 69.1 72.9 120,000 

5.66 66.3 48.9 

4d 55.6 46.2 
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all relatively ductile and can be cold worked to a considerable degree. 
It is interesting to note that in the zirconium-rich region, the alloys 
have a decrease in ductility along with an increase in hardness because 
of the eutectoid. The 8-phase is quite ductile, and the uranium-rich 
alloys have good ductility. 

The tensile strength data shown in Table VI were determined on 
ordinary rectangular cross sectional specimens having no reduced gage 
length section. The samples were tested in the condition in which they 
were removed from the furnace, with no machining. Of course, they 
broke in the grips. These data are extremely conservative, then; and 
it can be expected that the tensile strength and elongation would be 
higher, if actual standard tensile bars were used. In addition, these 
specimens were made at something less than the optimum condition 
(compare densities with those of Table V) so that samples sintered 
at the optimum temperature would have even better tensile properties. 
The two maxima in tensile strengths at 20 and 80% uranium again 
are evidence for the eutectoid at the zirconium-rich end and the eutec- 
toid at the uranium-rich end of this binary system. 


CoNCLUSIONS 

1. Zirconium-uranium alloys, in apparently all compositions, can 
be made homogeneous and of relatively high density by powder 
metallurgical methods. 

2. For best properties by the powder metallurgy approach, these 
alloys should be made from —325 mesh zirconium hydride 
and —325 mesh uranium powder mixtures. 

3. Zirconium-uranium alloys of all the compositions investigated 
in this study have high tensile strength and ductility. 

4. All these alloys can be machined and hot or cold worked. 

5. All the zirconium-uranium alloys studied in this investigation 
and made by powder metallurgical methods are fine-grained. 
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DISCUSSION 


Written Discussion: By Henry H. Hausner, Vice President, Nuclear Engineer- 
ing Division, Penn-Texas Corporation, New York City. 

Herbert Kalish is to be congratulated on the fine job he has done on zirconium- 
uranium alloys prepared by powder metallurgy. 

In his paper he emphasized that “better sintered density can be attained when 
uranium powder is used”, instead of uranium hydride. This, however, is not quite 
correct for specimens with up to 20% uranium in the alloy. Up to this percentage 
the density of the alloy is practically identical whether uranium metal or UHs is 
used, as Kalish himself has shown in Table III; on account of the relatively small 
percentage of the uranium component there is also very little difference in 
shrinkage. 

According to my own experience, there is, however, another difference in the 
alloys made from uranium powder and uranium hydride powder, respectively. 
The specimens prepared from the hydride show small cracks which are probably 
lue to the complicated reactions going on during sintering of mixtures made from 
both of the hydrides. At an already low sintering temperature (approximately 
200°C) (390 °F) UHs decomposes ; however, the decomposition at this tempera 
ture does not contribute to shrinkage because the main component, ZrHa, is still 
present in its original form and the decomposition of UHs results in the formation 

f uniformly distributed voids in the compact. Whether the highly reactive H: 
from the decomposition of UHs reacts at this temperature with ZrH: is not known 
as yet. During the sintering interval between 300-600 °C (570-1110 °F), uranium 
bonds to the probably still stable ZrH». Above this temperature, however, He is re- 
leased during decomposition of the ZrHz and although the reaction rate between 
uranium and hydrogen at this temperature is rather small, a certain formation of 
UHs will occur. The void formation at low temperature and formation of UH; 
with its larger volume at elevated temperature, however, results in the formation 
t stresses and cracks which are highly undesirable. 
Written Discussion: By J. J. Kearns and D. A. Harp, Westinghouse Electric 
Corporation, Bettis Atomic Power Division, Pittsburgh. 
This paper is certainly a detailed and thorough study of the powder metallurgy 
f an alloy system of great interest to the nuclear reactor industry. It represents 
1 significant contribution. 

The author has attributed the presence of two phases in the 50 and 60 weight % 

iranium alloys to sluggish transformation. In light of the results of a recent study 
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on the effect of oxygen on U-Zr alloys,” the second phase is undoubtedly oxyger 

stabilized alpha zirconium. In our work, alpha zirconium has been observed t 

exist up to at least 900°C (1650°F) in 50 and 60 weight % uranium-alloys con 
taining less than 1000 ppm Os. These alloys prepared by the powder metallurgy 
process contain at least 1000 ppm since the zirconium hydride itself contains 2000 
ppm. 

A more recent U-Zr phase diagram has been published for which the stability 
and existence range of the intermediate epsilon phase have been established.’ In 
the new diagram, the composition of the eutectoid at the zirconium side of the dia- 
gram is shifted to higher zirconium content. This fact supports the authors inter 
pretation of certain microstructures which did not agree with the earlier phase 
diagram. 


Written Discussion: By Arthur A. Bauer, W. Chubb, and F. A. Rough, Battelle 
Memorial Institute, Columbus, Ohio. 

The data presented in this paper represent one of the significant pioneering con- 
tributions in the field of uranium-alloy powder metallurgy. The discussion pr¢ 
sented below is concerned primarily with interpretation of the system and is based 
upon increased knowledge of the system acquired as the result of fairly recent 
investigations. It is intended primarily as an addendum to the data presented. 
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Fig. 15—Zirconium-Uranium Constitutional Dia- 
gram. 

The hardness curve presented by Mr. Kalish shows hardness peaks occurring 
in the vicinity of 20 and 80 weight % uranium. Qualitatively similar behavior 
is obtained on cast and wrought alloys when furnace cooled from the gamma-phase 
region. It should be realized that hardness is not static in these alloys and hardness 
curves apply for only a single condition of heat treatment. Marked variations 
from the curves shown can be obtained by changing the cooling rate. 


* H. A. Saller, F. A. Rough and A. A. Bauer, “The Effect of Oxygen on Zirconium-Uranium 
Epsilon-Phase Alloys,’ Second Nuclear Engineering and Science Conference 1957. 
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The hardness peaks are interpreted in this paper as resulting from eutectoid 
decomposition at or near the two compositions given above. However, the phase 
liagram, as recently determined * for this system and shown in Fig. 15, shows 
that eutectoids, or more exactly, eutectoid and monotectoid decompositions occur 
at about 40 and 92 weight % uranium, respectively. 

The hardness peaks observed are, consequently, primarily a product of disper- 
sion hardening. In uranium-rich alloys, this dispersion consists of alpha-uranium 
und epsilon and in zirconium-rich alloys of alpha-zirconium and epsilon. The much 





ay 10 20 3 4( 50g) 60 70 80 90 100 
: onium, ‘a/o—> 
Fig. 16—Tentative Zirconium-Uranium pavers Ternary 
Section at 650 °C (1200 
finer dispersion in the uranium-rich alloys is responsible for the comparatively 
high hardness exhibited by these alloys. As concluded by Mr. Kalish, the inter- 
mediate epsilon phase, when transformed by furnace cooling, is soft and ductile. 

The structure exhibited by the 20 weight % uranium alloy, and interpreted by 
the author as a eutectoid structure, is produced as a consequence of the acicular 
nature of alpha zirconium precipitated from the beta-zirconium solid solution on 
furnace cooling. This acicular nature is well illustrated by the structures shown 
for the 10, 20, and 30 weight % uranium alloys. Variations in relative amount of 
alpha zirconium formed and in the temperature at which precipitation occurs with 
increasing uranium content are responsible for the number and size of alpha- 
zirconium plates nucleated and grown. 

Mr. Kalish also reports that two-phase structures are observed across the 
system in spite of the existence of the intermediate single-phase region and inter- 
prets this as resulting from sluggish and incomplete transformation of the gamma 

iranium-beta zirconium solid solution to the intermediate phase. In reality, this 
lecomposition is known to occur quite rapidly.‘ The two-phase structures are 


*H. A. Saller, F. A. Rough, and A. A. Bauer, “The Effect of Oxygen on Zirconium-Uranium 
Epsilon Phase Alloys,” Second Nuclear Engineering and Science Conference, Preprint No. 
-NESC- 20, March 11-14, 1957. 
J. Kearns, “Transformation Kinetics of Uranium-Zirconium Alloys Containing 50 and 
¢ 19% Uranium,” Presented at Second World Metallurgical Conference, American Institute of 
Mining and Metallurgical Engineers, November 5, 1957. 
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instead a product of oxygen and nitrogen contamination of the alloys rather than 
partial transformation.’ The effect of oxygen, and nitrogen which act similarly, 
on the constitution of these alloys is illustrated by the partial uranium-zirconium 
oxygen ternary diagram shown in Fig. 16. The phase relationships shown at the 
temperature of 650 °C are similar to those observed at lower temperatures except 
that the beta-zirconium phase decomposes to the intermediate epsilon phase. 
At higher temperatures, the beta-zirconium limits in the binary uranium-zirconium 
system expand; however, the phase is still extremely limited as to oxygen solu- 
bility, and small amounts of oxygen produce alpha zirconium in alloys of all 
composition. In this connection, it should be noted that the maximum oxygen 
solubility at 660 °C (1220 °F) in beta zirconium is only between 500 and 600 ppm 
Based on knowledge of the effect of oxygen on the constitution of these alloys 
oxygen in excess of 1500 ppm is probably present in the alloys of intermediate 
composition prepared for the studies reported here. 

Therefore, the second phase appearing in the 50 weight % alloys is a direct 
consequence of the oxygen present. Similarly, the massive light colored particles 
appearing in the alloys of high uranium composition are alpha zirconium pre- 
cipitated during the high temperature sintering anneal. 

The tensile values reported are similar to those exhibited by cast and wrought 
alloys. The fairly constant values of elongation measured with changes in uranium 
content are unusual, however. Much higher elongations for the terminal metals 
and alloys and lower values for the intermediate compositions are generally ob- 
served with cast and wrought alloys. The low elongations reported here, for 
zirconium in particular, may result from oxygen pickup during preparation. The 
reason for the higher values observed at intermediate compositions are less easily 
explained unless the particular heat treatments accompanying sintering are 
responsible. 


Author’s Reply 


I should like to thank Dr. Hausner for his interesting comments. It is true that 
up to about 20% uranium the use of uranium hydride would be perfectly accept- 
able, aside from the tendency of the fine UHs particles to oxidize. Even at higher 
uranium compositions, the uranium hydride yields densities almost as good as 
uranium powder. It is primarily the large linear shrinkage which I consider ob 
jectionable. This large difference in linear shrinkage has been quite definitely 
shown. In applications where such shrinkage is not objectionable, the use of 
uranium hydride can very definitely be considered. 

I think the possible reactions between ZrHs and UHs are quite clear. The UH; 
begins to decompose at 200 to 300°C (390 to 570 °F), but it decomposes rapidly 
only at 400 to 500°C (750 to 930°F). At this temperature, the zirconium is 
quite saturated with hydrogen and therefore the hydrogen coming from the UH; 
will have no effect on the zirconium hydride. Decomposition of the UHs is quite 
complete by the time the temperature reaches 600 °C where significant decompo- 
sition of zirconium hydride begins. The hydrogen coming from the zirconium 
hydride cannot react with the uranium metal at 600°C (1110°F) and particu 
larly at 800 to 900 °C where hydrogen is emitted rapidly because the decomposition 
pressure of UHs at this temperature would be tremendous. Uranium would not 
pick up hydrogen even under a high hydrogen pressure at 800 to 900°C (1470 
to 1650 °F )—it certainly cannot react when the hydrogen is present at a partial 
pressure of 1/760 of an atmosphere. 
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| want to thank Messrs. Kearns and Harp for their comments which further 
ify the reason for the presence of the second phase in the 50 and 60 weight % 


clar 
uranium-zirconium alloys. 

Their comments in comparing the microstructures to the more recent uranium- 
zirconium phase diagram are also appreciated. 

The discussion of Bauer, Chubb and Rough is very helpful and adds a great deal 
to this paper. 

The more recent version of the zirconium-uranium phase diagram as presented 
by Bauer, et al, is actually in better agreement with the information found in the 
work on the powder metallurgy of zirconium-uranium alloys. The eutectoids in 
his diagram are much closer to those that one would place as a result of examina- 
tion of the structures of the powder metallurgy specimens. 

While it is true that the hardness peaks shown might be considered primarily 
the result of dispersion hardening, it is indeed the eutectoid and monotectoid de- 
ompositions which create the condition for the dispersion hardening. 

I appreciate the comments on the transformation kinetics of the epsilon phase. 
\t the time that this paper was written, there was considerable question about 
vhether this phase even existed and certainly no knowledge about the transforma- 
tion kinetics or the effect of oxygen and nitrogen. 

[he conclusion and supporting zirconium-uranium-oxygen ternary phase dia- 
gram by Bauer, et al, that the reason for retention of two phases in the vicinity 
of 50 weight % uranium-zirconium is a direct consequence of oxygen is well taken. 

In regard to the tensile values reported, it was encouraging to hear that they are 
similar to those exhibited by cast and wrought alloys. The discrepancy in elonga- 
tion for the data shown in this paper compared to that found in cast and wrought 
materials can be explained by the type and condition of the specimens. The fact 
that the tensile specimens were ordinary rectangular bars tested in the as-sintered 
condition and which invariably broke in the grips is good reason to expect lower 
elongation values for the relatively ductile material such as pure zirconium or 
zirconium low in uranium. This is undoubtedly one factor and the oxygen content 
is another factor in creating lower elongation values. The elongation data as an 
indication of ductility is roughly backed up in the paper by comparing the elonga- 
tion of Table VI with the cold reduction to first sign of edge cracking, as shown 

Table V. Since this indicates considerable ductility in these alloys at the inter- 

diate compositions, the only plausible explanation for the better ductility than 
is generally observed with the cast and wrought alloys is the particular heat treat- 
nent in furnace cooling from the sintering temperature, as suggested by Bauer, 


et al 





A HOT-HARDNESS SURVEY OF THE 
ZIRCONIUM-URANIUM SYSTEM 


By W. Cuuss, G. T. MUEHLENKAMP, AND A. D. ScHWoPE 


Abstract 


A complete hardness survey of the zirconium-uranium 
system has been made at temperatures from room temper- 
ature to 900°C (1650°F). The composition of maximum 
hardness increases from 40 atomic % zirconium at room 
temperature to 60 atomic % zirconium at 600 °C (1110 °F). 
At 700 °C (1290 °F ), the hardness data indicated the pres- 
ence of the beta uranium phase in alloys containing 95 and 
200 atomic % uranium. This phase was found to be un- 
usually hard. At 900°C (1650°F), maximum hardness of 
the gamma zirconium-uranium solid solution was found to 
occur at about 50 atomic %. (ASM International Classi- 
fication Q29p, M24b; Zr, U) 


INTRODUCTION 


IRCONIUM has been mentioned many times as a structural 

material for thermal reactors, and it has been reported that 
zirconium was used in the STR (the reactor of the submarine, Nauti- 
lus) (1).? Recently, it was announced that the design of the nation’s 
first nuclear power station at Shippingport, Pennsylvania, calls for 
a seed core containing zirconium-uranium alloy plates clad with Zir- 
caloy (2). The design of a prototype boiling-water reactor power plant 
also calls for a fuel element of either uranium diluted with zirconium 
and clad with Zircaloy or just uranium clad with Zircaloy (3). 

In connection with this type of interest in zirconium-uranium alloys 
for the production of power, it was thought desirable to survey the 
entire system with respect to mechanical properties. Such a survey 
might disclose an alloy of optimum properties and it might disclose 
compositions to be avoided. While hardness measurements are neces 
sarily crude and cannot be interpreted in terms of ductility, they are 
quite adequate as a measure of relative strength. In a survey program 


1 The figures appearing in parentheses pertain to the references appended to this paper. 


This work was performed under AEC Contract W-7405-eng-92. 


A paper presented before the Thirty-Ninth Annual Convention of the Society, 
held in Chicago, November 4-8, 1957. Of the authors, W. Chubb is associated 
with Battelle Memorial Institute, Columbus, Ohio; G. T. Muehlenkamp and A. D 
Schwope, formerly with Battelle, are now associated with General Electric, ANP 
Division, Cincinnati, Ohio; and the Clevite Research Center, Cleveland, Ohio, 
respectively. Manuscript received December 7, 1956. 
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of this type, hardness measurements at elevated temperatures can be 
extremely valuable as a guide for design and fabrication. A sharp drop 
in hardness with increasing temperature often indicates the upper limit 
of usefulness of a particular alloy. A certain hardness level, say 10 to 
30 DPH, may indicate the maximum hardness level at which alloys 
mav be hot-rolled with the available equipment. Another hardness 
level, say 2 DPH, may designate the hardness-temperature relation 
for forging. Obviously, such data, even though crude, are far better 
than no data when handling alloys for the first time. Such data are 
readily obtained by means of hardness measurements; the first tests 
perhaps being made on small castings and later more refined measure- 
ments being made on wrought materials. The ease with which a com- 
plete hardness survey of an alloy system can be made gives hardness 
measurements a distinct advantage over other methods of mechanical- 
property measurement. 


APPARATUS 


Hardness at elevated temperatures were determined in apparatus 
designed to handle easily oxidized metals in a vacuum at temperatures 
up to 1000 °C (1830°F) (4). A diagram showing the essential fea- 
tures of the machine appears in Fig. 1. The diagram shows an elevation 
view of a cross section of the machine. The vacuum and accessory port 
is on the extreme left ; the specimen-positioner-rod assembly is on the 
right; a dead-weight loading system occupies the upper half; and the 
movable pedestal is shown in the lower center. The center of the draw- 
ing shows an annular, wire-wound resistance furnace and surrounding 
radiation shields. The outer walls are water-cooled and vacuum tight. 
Rubber O-rings and gaskets at each joint allow the machine to be 
opened for repairs or to change specimens. 

\ll parts of the machine exposed to elevated temperatures are made 
of stainless steel or ceramic ; the remainder are made of brass or other 
conventional materials. The pedestal is ceramic and contains the con- 
trol thermocouple. It is rigidly supported by a stainless steel block, 
a stainless steel bellows, and a heavy steel screw. Furnace temperature 
is maintained by a voltage control system regulated by the control 
thermocouple. The sapphire-tipped indenter is heated to essentially the 
same temperature as the specimen. The sapphire has a Vickers pyramid 
up. 

In operation, the chamber is evacuated to an absolute pressure of 
less than 5 microns of mercury, and the specimen resting on the ped- 
estal is heated to some temperature as determined by the control ther- 
mocouple. The specimen is moved into place under the indenter column 
by means of the positioner rod, which is then retracted from the fur- 
nace. The pedestal is raised until the specimen contacts the indenter 
and raises the indenter column off a microswitch. The indenter column, 
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Fig. 1—Vacuum Hot-Hardness Machine 


which weighs approximately 1 kilogram, is allowed to remain in con 
tact with the specimen for approximately 10 seconds. The pedestal is 
then lowered and the process is repeated. Friction between the stain 
less steel indenter column and the brass guides is equivalent to less 
than 10 grams. 


MATERIALS 


The zirconium used in preparing the alloys mentioned in this report 
was Foote Mineral Company, Grade 1, iodide zirconium. Some alloys 
were prepared with “Derby” uranium; others were prepared with 
“Fernald” uranium. Some alloys were prepared by arc melting ; others 
were prepared by induction melting. The results do not show any 
consistent effects or trends attributed to these differences in prepa 
ration. 

All alloys were reduced to 4%-inch sheet by rolling in the gamma 
range at temperatures between 700 and 930 °C (1290 and 1705 °F) 
Prior to testing, all alloys were heated for 24 hours at 575°C 
(1065 °F). 


st 


RESULTs OF EXPERIMENT 


The results of the hardness tests are shown in Table I. The results 
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for each composition and selected temperatures have been averaged 
and plotted as Fig. 2. Isotherms are shown for hardnesses at room 
temperature, 300, 500, 600, 700, 800, and 900 °C (570, 930, 1110, 1290. 
1470 and 1650 °F). Appropriate phase relationships have been indi- 
cated for certain curves. 

The room temperature curve shows a maximum hardness at ap 
proximately 60 atomic % (80 weight % ) uranium. As the temperature 
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Fig. 2—-Hardness Isotherms in the Zirconium-Uranium 
ystem. 


is increased, this peak shows a tendency to shift to a lower percentage 
uranium alloy. It is also interesting to note that the hardness of the 
pure metals falls off much more rapidly with increasing temperature 
than does the hardness of the intermediate alloys. 

The curve at 600 °C (1110°F) is complicated by the appearance of 
the gamma phase in the zirconium-rich alloys. This also occurs in a 
temperature range where the hardness of all zirconium-uranium alloys 
changes very rapidly with changes in temperature. The result is a 
series of erratic points. A pronounced maximum occurs at the approxi 
mate location of the delta phase field, however. 

The curve at 700°C (1290°F) shows the effect of the occurrencé 
of the hard and intractable beta-uranium structure. The curves at 


700, 800, and 900 °C (1290, 1470 and 1650 °F) show the effect of the 
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eradual appearance of the gamma phase at the expense of the low 
temperature structures with increasing temperature. At 650°C 
1200 °F ), the hardest and most stable gamma alloy occurs at approxi- 
mately 35 atomic % (60 weight % ) uranium. At higher temperatures, 
this peak shows a tendency to shift to a higher percentage uranium 


alloy. 

Fig. 3 shows part of the uranium-zirconium phase diagram (5,6) 
Superimposed upon this diagram are averages of the hardness values 
shown in Table I. It is interesting to note that the gamma plus gamma 
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Fig. 3—Hardness-Temperature Relationships in the Zirconium 
Uranium System. Hardness in a. 


prime phase field shows lower hardness than gamma of the same 
composition at a higher temperature. Between 650 and 760°C (1200 
and 1400 °F), the beta-uranium structure is by far the hardest of all 
zirconium-uranium alloys. Alloys containing beta uranium undoubt- 
edly are more difficult to roll than other compositions in this system. 


CONCLUSIONS 
l. A hardness survey of the zirconium-uranium system shows a 
maximum hardness at room temperature at about 60 atomic % (80 
weight %) uranium. With increasing temperatures up to 600°C 
(1110°F), this maximum tends to shift toward 30 atomic % (50 
weight % ) uranium. Between 500 and 600°C (930 and 1110 °F) this 
maximum corresponds to the approximate location of the delta phase 


field. 
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2. The beta uranium phase is much harder than any other zirconium 
uranium alloy in the temperature range from 650 to 760°C (1200 to 
1400 °F). 


3. Maximum hardness of the gamma zirconium-uranium solid solu 
tion at 650 °C (1200 °F) occurs at about 36 atomic % (60 weight % ) 
uranium. With increasing temperature up to 900°C (1650 °F), this 
maximum tends to shift toward 50 atomic % (75 weight %) uranium 
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TRANSFORMATION KINETICS OF 
ZIRCONIUM-URANIUM ALLOYS 


By D. L. Doverass, L. L. Marsn, Jr., AND G. K. MANNING 


Abstract 

The transformation kinetics of zirconium alloys contain- 
ing 8.85, 11.1, 14.3, and 20.7 weight % uranium have been 
determined by metallography and x-ray diffraction. The 
effect of increasing uranium content in the alloys was to 
retard alpha zirconium precipitation and to accelerate the 
precipitation of epsilon, an intermediate phase. 

Direct quenching of the 8.85, 11.1, and 14.3 weight % 
alloys resulted in the formation of alpha prime, a martensitic 
alpha-zirconium structure. Some epsilon prime (super- 
saturated epsilon) was observed in all the alloys; however, 
the 20.7 weight % alloy was essentially 100% epsilon prime 
in the quenched condition. 

An unusual structure, tentatively called bainitic alpha, 
was observed in several of the 8.85 and 11.1 weight % alloys 
which were isothermally transformed at 550°C (1020 °F) 
or lower. 

The data are presented in the form of T-T-T curves. 
(ASM International Classification: N6, N7; Zr, U) 


[ NTRODUCTION 

IG. 1 shows the zirconium-uranium phase diagram as determined 
by Saller and Rough (1).' The high temperature body-centered 
cubic zirconium phase (beta) is isomorphous with the high tempera- 
ture uranium phase (gamma). The eutectoid composition, containing 
+4 weight % uranium, decomposes to alpha zirconium, a hexagonal 
close-packed zirconium containing less than 1 weight % uranium in 
solid solution, and to epsilon, an intermediate phase of unknown crystal 
structure and questionable composition limits. Some investigators (2) 
index the structure as hexagonal with a,=8.71 and c,—9.19A, 
whereas others (3) index the phase as cubic with a, = 10.69 A. Present 

composition limits extend from 43 to 58 weight % uranium. 
Oxygen stabilizes alpha zirconium (4) and has the effect of raising 
the beta/beta plus alpha transus in the zirconium-oxygen system from 


1 The figures appearing in parentheses pertain to the references to this paper 
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held in Chicago, November 4-8, 1957. Of the authors, D. L. Douglass is Principal 
Metallurgist, L. L. Marsh, Jr. is Assistant Chief, and G. K. Manning is Chief, 
Metallurgical Engineering Division, Battelle Memorial Institute, Columbus, Ohio. 
Manuscript received April 19, 1957 


305 








306 TRANSACTIONS OF THE ASM Vol. 50 


865 °C (1590 °F ) for pure zirconium to 1940 °C (3525 °F) at 2 weight 
% oxygen. Consequently, the purity of the zirconium used in fabricat 
ing the alloys markedly affects the transus temperature. This probably 
accounts for some of the anomalous results reported by early inves- 


tigators. 


EXPERIMENTAL PROCEDURES 
Alloy Preparation 


Westinghouse Grade 1 crystal bar zirconium and center-cut biscuit 
uranium were double arc-melted in vacuum in water-cooled copper 
crucibles. The ingots were broken down by forging at 800 °C (1470 °F) 
and by rolling to %4-inch diameter rods at 750°C (1380°F). The 
chemical analyses of the alloys are listed in Table I. 


Heat Treatment 


Heat treatments were performed in two manners. Isothermal- 
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Fig. 1—Zirconium-Uranium Constitutional Diagram 











Table I 

Chemical Analyses of Alloys 
Uranium, Oxygen, Hydrogen, Carbon 
weight % weight weight weight 

Nominal Actual % Q% Y 


7 8.85 0.0219 0.0025 0.11 
10 11.1 0.0196 0.0029 0.16 
15 14.3 0.0396 0.0038 0.13 
20 20.7 0.0232 0.0033 0.28 
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transformation specimens were *4,-inch diameter cylinders, 44-inch 
high, and were individually sealed in 44-inch diameter Type 304 stain- 
less steel tubing. The ends of the capsules were crimped shut and then 
welded. The capsules were attached to Nichrome wire and suspended in 
a salt bath at 950 °C (1740 °F) for 1 hour. This temperature was suffi- 
cient to insure that the alloys were single phase (beta) at the end of 
the solution treatment. The capsules were then quenched into an inter- 
mediate salt bath maintained at the desired temperature, held for a 
given time, and water quenched to room temperature. Studies of direct 
quenching specimens were made by sealing samples in Vycor tubes in 
vacuum, solution treating, and quenching by immediately smashing the 
capsule in ice water. 


M, Determination 


A gas-quenching technique similar to that used by Greninger (5) 
was used to detect the thermal “arrest” associated with the martensitic 
transformation of alpha zirconium. A small specimen, 4 & % X 0.040 
inch, was attached to a plunger by means of a spot-welded thermo- 
couple. The plunger was actuated through a Wilson seal in the top of 
a vacuum chamber. The specimen was solution treated in a small fur- 
nace in the vacuum chamber and was then raised by the plunger into a 
blast of precooled helium (—77 °C). The time-temperature curve was 
recorded on a Sanborn high speed recorder. The break in the curve 
(modified thermal arrest) was taken as the M, point. 


Metallography 


Samples were mounted in Bakelite, ground through a 600-grit sili- 
con carbide wheel, polished with Biue Diamond abrasive on a Forstman 
cloth, and etched with a solution of 30-ml HNOs, 30-ml lactic acid, 
and 6 drops HF. 


X-Ray Diffraction 

Diffraction patterns were made with a 57.3-millimeter Debye camera 
on a rotating sliver, 0.025 inch in diameter, tapered to a fine point. The 
slivers were etched from bars 14 g-inch square with a solution consisting 
of 15-milliliter lactic acid, 20-milliliter HNOs, and 10-milliliter HF. 
Filtered radiation was used with an iron target on all samples but three. 
Manganese radiation was used on three samples in order to separate 
some questionable lines in the back-reflection area. 

High temperature diffraction patterns were made in a vacuum 
camera on a thin sliver sample. The sample was solution treated in the 
camera, cooled to the desired transformation temperature by reducing 
the current to the furnace, and subjected to the x-ray beam. Cooling 
from the solution treating temperature of 1000 to 500°C (1830 to 
930 °F) required about 30 seconds. 
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RESULTS AND DISCUSSION 


The time-temperature-transformation diagrams for the four alloys 
were shown in Figs. 2 through 5. The curves were drawn on the basis 
of metallographic examination correlated with x-ray diffraction results 
Interpretation of the microstructures was complicated by the presence 
of phases which formed during the final quench rather than during the 
isothermal treatment, i.e., alpha prime and epsilon prime. Enrichment 
of the beta phase during isothermal precipitation of alpha caused addi- 
tional difficulties in interpreting the final microstructure. 


Isothermal Precipitation of Alpha 

Transformation of beta to alpha proceeded rapidly at high tempera 
tures, initiating within | minute for all alloys. The “knee”’ of the curves 
occurred between the beta/beta + alpha transus and the eutectoid 
temperature for all alloys, decreasing from about 700°C (1290 °F 
for the 8.85 weight % alloy to about 620°C (1150°F) for the 20,7 
weight % alloy. Increasing uranium content retarded the initiation of 
the reaction from 10 seconds for the 8.85 weight % alloy to about 60 
seconds for the 20.7 weight % alloy at the knee. The curves extended 
below the eutectoid temperature until intersection occurred with either 
the M,, B, (bainite-start temperature), or the E’, (start of epsilon 
prime transformation). Below the eutectoid temperature, increasing 
uranium content was even more effective in retarding alpha precipi 
tation. Transformation started at 400 °C (750 °F) within 100 minutes 
in the 14.3 weight % alloy, but did not start in 10,000 minutes in the 
20.7 weight % alloy at the same temperature. 

The alpha precipitate was coarser the higher the transformation 
temperature. Furthermore, the alpha precipitate appeared to coalesce 
and coarsen when the specimens were held isothermally for extended 
periods of time. These two effects are illustrated for the 8.85 weight % 
alloy in Figs. 6 through 9. All microstructures are at a magnification 
of < 1000; thus, direct size comparison may be made. 

Alpha which formed at 650°C during 120 minutes was barely 
resolvable at * 1000. However, considerable coalescence occurred dur 
ing a transformation period of 1400 minutes as shown in Fig. 6. Short 
time structures obtained at 700 °C (1290 °F) correspond to those ob 
tained by long treatments at 650 °C (1200 °F) as seen in Figs. 7 and 
8, representing transformation times of 60 and 6200 minutes, respec 
tively, for the 8.85 weight % alloy. The structure obtained at 750 °C 
(1380 °F) for a transformation period of 5800 minutes, Fig. 9, con 
sisted of a very coarse precipitate of alpha in a matrix of epsilon prim« 
The epsilon prime formed during the final quench from 750 °( 
(1380 °F) and is indicative of beta enrichment during alpha precipita 
tion. 
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Diagram for a  Zirconium-20.7 


Weight % Uranium Alloy. 


Transformation of the 11.1 weight % alloy produced similar struc- 
tures as observed in the 8.85 weight % alloy. Precipitation of alpha 
appeared to be complete within 1400 minutes, but additional time re- 
sulted in considerable coarsening of the alpha phase. 


The 14.3 weight % alloy transformed similarly to the 11.1 weight % : 
alloy at 650°C (1200°F). However, at 750°C (1380°F), the 14.3 e. 
weight % alloy precipitated alpha initially as a grain boundary net- 
work with a small amount appearing within the grains as individual E 


platelets. The 8.85 and 11.1 weight % alloys showed a Widmanstatten 
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Fig. 6—8.85 Weight % Uranium Alloy Isothermally Transformed 1400 Minutes at 
50 °C (1200 °F). 
Fig. 7—8.85 Weight % Alloy Isothermally Transformed 60 Minutes at 700 °C (1290 °F), 
Fig. 8—8.85 Weight % Alloy Isothermally Transformed 6200 Minutes at 700 °C 
(1290 °F) 





Fig. 9—8.85 Weight % Alloy Isothermally Transformed 5800 Minutes at 750 °( 


(1380 °F) 
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Fig. 10—14.3 Weight % Alloy Isothermally Transformed 5 Minutes at 
(1380 °F) 

Fig. 11—14.3 Weight % Alloy Isothermally Transformed 5800 Minutes. at 750 °( 
(1380 °F) 


precipitation of alpha. Once again, the matrix of the alloys was epsilon 
prime as determined by x-ray diffraction results. Micrographs of this 
alloy are shown in Figs. 10 and 11 for transformation times of 5 and 
5800 minutes, respectively. Considerable alpha was present after 5 min- 
utes at temperature. It appeared that little further nucleation had oc 
curred by 5800 minutes, but agglomeration had taken place after about 
1000 minutes. 

Precipitation of alpha in the 20.7 weight % alloy at 650 °C (1200 °F) 
proceeded as a combination Widmanstatten precipitation and as a grain 
boundary precipitation. Samples held at temperature for 120 and 6200 
minutes are shown in Figs. 12 and 13. The amount of alpha appeared 
constant, but coalescence had occurred. 

It may be conluded from the type of precipitate which dominated 
the microstructures that alpha precipitation generally occurred by a 
Widmanstatten mechanism, i.e., a simple cooperative gliding of a group 
of atoms. In other words, a group of atoms in the body-centered cubic 
parent phase undergoes a slight shearing action and becomes a plane 
of the hexagonal close-packed precipitate. The shape of the particles, 
thin platelets, is the shape of lowest strain energy. However, opposi 
tion to the formation of platelet particles results from the surface 
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20.7 Weight % Alloy Isothermally Transformed 120 Minutes 
(1200 °F). 


20.7 Weight % Alloy Isothermally Transformed 6200 Minutes at 650 *¢ 
F). 


(1200 * 


energy which is a minimum for a spherical shape. Thus, the final shape 
is dependent upon the mode of diffusion, the strain energy, and the 
surface energy. According to the observed structures, cooperative 
translation seems to dominate over bulk diffusion, minimum strain 
energy dominates at short times of transformation, and the minimum 
surface energy dominates for long holding times. 


Alpha Prime and Bainitic Alpha Transformations 


Alloys containing 8.85, 11.1, and 14.3 weight % uranium transform 
to a martensitic alpha during a direct quench from the beta region to 
room temperature. This behavior has been noted by others also (6). 
\Ipha prime is a distorted, supersaturated, close-packed hexagonal 
alpha zirconium. Temperatures for the start of alpha prime formation, 
M,, as determined by the modified thermal arrest are 8.85 weight % 
uranium—430 + 10°C, 11.1 weight % uranium—370 + 10°C, and 
14.3 weight % uranium—325 + 10°C. No alpha prime was observed 
in the 20.7 weight % alloy with the quenching conditions employed in 
this investigation, although it has been reported by Chubb and co- 
workers. 

X-ray diffraction patterns of alpha prime showed a diffuse pattern 
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14—8.85 Weight % Uranium Alloy Water-Quenched from 1000 °C (1830 °F). 
Fig. 15—11.1 Weight % 


Fig. 16—14.3 Weight % 


Uranium Alloy Water-Quenched from 1000 °C (1830 °F) 
% Uranium Alloy Water-Quenched from 1000 °C (1830 °F) 


Fig. 17—20.7 Weight % Uranium Alloy Water-Quenched from 950 °C (1740 °F). 
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Fig. 18—8.85 Weight % Uranium Alloy Isothermally Transformed 2 Minutes at 350 
(660 °F) and Water-Quenched. 

Fig. 19—8.85 Weight % Uranium Alloy Isothermally Transformed 2 Minutes at 400 
(750 °F) and Water-Quenched. 


of alpha with considerable line broadening. The diffuseness of the 
lines prevented a determination of the lattice-cell constants as a function 
of uranium content. It is believed, however, that the alpha prime had 
the uranium content of the beta phase from which it formed. Traces of 
epsilon prime were detected in samples quenched from 1000 °C 
(1830°F). More rapid cooling would have suppressed formation of 
this phase as reported in Reference 6. 

The nature of the epsilon-prime phase is controversial. It appears to 
form very rapidly and could nucleate either athermally or isothermally. 
The curves for the start of epsilon-prime transformation are drawn so 
that they approach the M, curves and intersect the ordinate, 0.1 minute. 

The degree of supersaturation believed to exist in alpha prime would 
seemingly involve a hardening reaction due to the formation of mar- 
tensite. Little hardening was observed and may be explained by the 
lack of coherency between alpha prime and the parent beta phase. The 
observed hardening may be traced to oxygen contamination of the 
alpha zirconium. Microstructures of the quenched alloys are shown in 
Figs. 14 through 17. Alpha prime is the dominant phase for alloys 
containing up to 14.3 weight % uranium. The 20.7 weight % alloy 
was essentially 100% epsilon prime. An interrupted quench to tem- 











316 TRANSACTIONS OF THE ASM Vol. 50 





20® et at 21 Beak bd Se SS 


Fig. 20—8.85 Weight % Uranium Alloy Isothermally Transformed 1560 Minutes at 
400 °C (750 °F). 


Fig. 21—8.85 Weight % Uranium Alloy Isothermally Transformed 5500 Minutes at 
350 °C (660 °F). 


peratures below the M, temperature resulted in smaller alpha-prime 
needles which appeared to have variable etching characteristics. Ex- 
amples are shown in Figs. 18 and 19 for holding times of 2 minutes at 
350 and 400 °C for an 8.85 weight % alloy. Fig. 18 is an example of 
the coarser structure and less dark-etching constituent due to a greater 
fraction of alpha prime formed by the quench to 350 °C (660 °F) than 
by a quench to 400°C (750°F). Fig. 19 shows more dark-etching 
alpha prime, the dark needles being formed during the final quench to 
room temperature. 

The effect of long times on the alloy at these temperatures was to 
either temper the alpha prime that formed during the initial quench ; to 
isothermally transform the retained beta; or to have no effect on the 
beta, in which case additional alpha prime formed during the final 
quench. Examples of the structural changes incurred by “tempering” 
of the alpha prime or by additional isothermal transformation (forma- 
tion of bainitic alpha) may be seen in Figs. 20 through 22. The nature 
of the additional transformation is not definitely discernible on the basis 
of present data; however, a phase has been observed which has some 
characteristics of lower bainite found in steels. This structure, Fig. 22, 
shows large lenticular particles of alpha with a precipitate within the 
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Fig. 22—8.85 Weight % Uranium Alloy Isothermally Transformed 6200 Minutes at 
450 °C (840 °F), Illustrating Bainitic Alpha (Lenticular Phase). 

Fig. 23—14.3 Weight % Uranium Alloy Isothermally Transformed 10 Minutes at 350 °C 

(660 °F) a’ Formed by the Initial Quench to 350 *C (660 °F). This reaction was im- 
mediately followed by the transformation of the remaining fe’. 


lenses, It is thought that the angular precipitate within the alpha par- 
ticles is epsilon and was nucleated from the alpha phase. The bainitic 
type structure was also observed in a 11.1 weight % alloy transformed 
at 400 °C (750 °F). 

The highest uranium content alloy to form alpha prime was the 
14.3 weight % alloy. However, an appreciable amount of epsilon prime 
was formed along with the alpha prime as shown in Fig. 23. The epsilon 


prime is the equiaxed, light-etching phase. 


Isothermal Precipitation of Epsilon 


Alpha forms prior to epsilon in all four alloys investigated. Conse- 
quently, epsilon forms from a beta which is enriched in uranium. The 
precipitation of epsilon was restricted to a rather narrow temperature 
range for times of less than 6000 minutes. X-ray diffraction results 
showed that epsilon prime was formed at temperatures below 450 to 
500°C (840 to 930°F), depending upon the alloy content. High 
temperature x-ray work showed that equilibrium epsilon formed at 
500 °C (930°F) for a 20.7 weight % alloy within 2 hours. However, 
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other samples which had been held for intermediate times at 500 °C 

930 °F) and then quenched to room temperature gave a strong epsi- 
lon prime diffraction pattern. This means that some beta transformed 
to equilibrium alpha plus epsilon at temperature and that the remaining 
untransformed beta formed epsilon prime during the final quench. 
Thus, epsilon prime either nucleates athermally from the highly en- 
riched beta, or very rapid isothermal transformation of the enriched 
beta-to-epsilon prime may take place. Additional experiments with 
varied cooling rates are needed in order to see if the ratio of beta 
epsilon prime is constant. If the ratio were constant, it could be con- 
cluded that epsilon prime formed athermally. 

Precipitation of epsilon initiated within 6 to 10 minutes in the tem- 
perature range of about 550 to 595°C (1020 to 1100°F) for a 20.7 
weight % alloy. However, for times of less than 6 minutes, alpha pre- 
cipitated first, and epsilon prime formed during the final quench. See 
Fig. 24. The dark phase, alpha, precipitated in a Widmanstatten pat- 
tern within the prior beta grains. The remaining beta transformed to a 
fine grain structure of epsilon prime (light etching phase). At a lower 
temperature, 500°C (930°F), alpha precipitated first, followed by 
epsilon. Transformation for 140 minutes for a 20.7 weight % alloy 
resulted in alpha precipitation (Fig. 25), whereupon the final quench 
formed the fine grain epsilon prime. A holding time of 1080 minutes 

Fig. 26) caused considerable alpha formation and equilibrium epsilon 
is determined by x-ray diffraction 

No epsilon or alpha were observed in the 20.7 weight % alloy at 
350 °C (660°F) within 5800 minutes. Fig. 27 shows this alloy which 
is essentially 100% epsilon prime. A very small amount of alpha formed 
during the quench from 950 to 350°C (1740 to 660°F). The fine 


+ Rea 


3 grain structure of epsilon prime etched differentially. Some grains 

? yppeared mottled, whereas others etched clearly. Additional work is 
necessary to discern the nature of this behavior. 

; CONCLUSIONS 

The following conclusions may be drawn from this investigation. 

% (a) Alpha precipitation is strongly retarded by increased amounts 

i uranium, particularly at temperatures in the range of 350 to 500 °C 

. 660 to 930 °F). 

: (b) Alpha prime (martensitic alpha) is formed during a direct 

= uench from the beta region to room temperature in alloys containing 
up to 14.3 weight % uranium. No alpha prime was observed in the 

‘ 20.7 weight % alloy. 

fs c) A supersaturated epsilon was formed by direct quenching from 

. he beta region. The transformation appears to be nucleated very 

# rapidly under isothermal conditions or may possibly nucleate ather 


yall. 
aily. 
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(d) Bainitic alpha formed in alloys containing 8.85 and 11.1 weight 
% uranium during isothermal transformation below 550 °C (1020 °F 


(e) Equilibrium epsilon formed isothermally at temperatures below 
the eutectoid after alpha precipitation had occurred. 
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DISCUSSION 

Written Discussion: By J. J. Kearns, Westinghouse Electric Corp., Bettis 
Atomic Power Division, Pittsburgh. 

Along with the TTT diagrams which give a complete picture of the transforma- 
tion kinetics, the authors also show some very interesting photomicrographs. Of 
particular interest to the writer are the several photomicrographs which reveal 
the subcell or domain structure of the epsilon prime phase. The domain size is 
large enough to be easily resolved at X1000. Such large domain size is striking 
since the data indicate that in certain cases these domains formed in the exceed 
ingly short time period during the quench from the isothermal transformation 
temperature. Also, the temperature of formation must have been as low as 300 to 
400 °C (570 to 750°F). Such characteristics are quite different from those as 
sociated with domain formation in a 50 weight % uranium alloy with which the 
writer is familiar.* Domains form in this alloy by nucleation and growth of epsilon 
particles. However, domains of resolvable size form in a short time (several 
seconds) only when samples are quenched directly from the Beta (or Gamma) 
region to temperatures above 500°C (930°F). At lower temperatures or when 


2J. J. Kearns, “The Transformation Kinetics of Uranium-Zirconium Alloys Containing 
50 and 60 weight % Uranium”, WAPD-T-417, American Institute of Mining and Metallurgica! 
Engineers Fall Meeting, 1957. 
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umples are quenched to room temperature and reheated, development of re 
lvable domains requires much longer periods of time. This low temperature be 
ior is believed to result from a very high ratio of nucleation to growth rate 
psilon particles apparently form but are submicroscopic. Coalescence and growth 
resolvable domains occur only after lengthy periods of heating. At 500 °¢ 
(930 °F), for example, it requires about 2 months. 
I would like to know if the authors feel that the domains revealed in their 
‘tomicrographs have the same origin as those formed in the 50 weight % 
iranium alloy, and if so, if uranium content is responsible for the different kinetics. 


Authors’ Reply 

Mr. Kearns has pointed out a very interesting piece of data in his zirconium-50 
veight % uranium alloy with regards to the long periods of time required to 
btain resolvable domains of epsilon. Before answering the question posed by 
Mr. Kearns the authors would like to make some additional comments on the 
psilon phase. 

Che phase has been the center of controversy for some time. It was originally 

ught that the phase was a metastable one and should not appear on the phase 
liagram. Later work by Bauer, et al., (2) showed that zirconium and uranium 


powders held for long times below the temperature at which beta was a stable 


hase formed epsilon, and that it was therefore an equilibrium phase. The crystal 
structure of the phase has been uncertain until recently. Mueller* has indexed 


the phase as hexagonal, AIlB. (c32) structure, with a c/a ratio of about 0.6. The 


range of homogeneity extends from about Zr.U to about Zr.U 
[he mechanism by which this phase forms from the beta phase is still unre 
ilved. Furthermore, in zirconium-rich alloys (>80%), both equilibrium epsilon 


ind epsilon prime were formed during the transformation of beta at subcritical 
emperatures. The epsilon prime, epsilon supersaturated with zirconium, is ob 
viously a transition structure between beta and epsilon. Decomposition of epsilon 


prime proceeded by the rejection of equilibrium alpha until equilibrium epsilon 


existed. 


\ transition lattice is to be expected when a marked difference exists between 
rent phase and the equilibrium phase, or when complicated atomic movements 
ire required for transformation. Certainly, the two equilibrium phases, beta and 


psilon, whose structures are body-centered cubic and hexagonal (c/a = 0.6). 


spectively, fulfill this criterion. An orientation relationship exists between the 
o equilibrium phases, but it was not possible to determine the orientation relation 
etween beta and the transition phase because the beta was not retained by 
uenching in this composition range, and high temperature x-ray cameras were 
inavailable. 
our work, it was observed that epsilon prime formed very rapidly, during a 
irect quench, but that equilibrium epsilon could also be formed first at temper 
itures above the e’,. The domain sizes encountered were always of the same order 
{ magnitude regardless of the time or temperature of isothermal transformation 
m these observations we concluded that the phase formed by some mechanism 
her than by nucleation and growth involving the deposition of individual atoms 
the latter had been true, a size effect would have been detected as a function of 


M. Mueller, private communicatior 
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time. The rapid formation precluded the diffusion of zirconium out of the lattice 
and resulted in supersaturation of epsilon with zirconium. 

The apparent speed and diffusionless nature of the reaction suggest the possibil 
ity of the so-called “massive” transformation.” © ° The criteria of a massive trans 
formation are rapid rates of formation, intermediate to martensitic and nucleation- 
growth reactions; the same composition as the parent phase; noncoherency; and 
a disregard for prior parent grain boundaries, i.e., noncoherent interface movement 
involving the consumption of neighboring grains. Although the latter was not 
definitely discernible, the other criteria were noted. 

It appears that the alloy Mr. Kearns described formed equilibrium epsilon by 
a nucleation and growth process, and that the author’s alloys formed a super 
saturated epsilon by some process intermediate *to martensitic and nucleation 
growth processes, in addition to isothermal formation of epsilon by normal nuclea 
tion and growth. 

The reason for this difference in alloys of different uranium content is uncertain 
It appears that a critical composition range is required to form supersaturated 
epsilon, and that alloys both richer or poorer in uranium than this critical com 
position range formed equilibrium epsilon by nucleation and growth 

A complete answer to Mr. Kearn’s question would require a detailed knowledg 
of the mechanism of transformation. Inasmuch as this system is not readily 
amenable to fundamental study it is difficult te disentangle the many simultaneous 
reactions and to discern the mechanism by which epsilon forms 


4A. J. Phillips, “The Alpha-Beta Transformation in Brass,”” Transactions, American Institute 
of ones and Metallurgical Engineers, Vol. 89, 1930, p. 196 
B. Greninger, Transactions, American Institute of Minin g and Metallurgical Engineers, 
Vol ‘3 1939, p. 204. 
*D. Hull and R. D. Garwood, “The Diffusionless Transformation of Metastable Beta 
Brass,”’ Paper from The Mechanism of Phase Transformations in Metals, Institute of Metals, 
London, 1956, p. 219. 











TRANSFORMATION KINETICS AND MECHANICAL 
PROPERTIES OF Zr-Ti AND Zr-Sn ALLOYS 


By R. F. Domacata, D. W. Levinson ANnp D. J. McPHERSON 


Abstract 

Three Zr-Ti and three Zr-Sn alloys based on sponge zir 
conium were prepared by arc melting and forging. Trans- 
formation kinetics of these alloys were investigated. The 
decomposition B —a occurred so rapidly it was not possible 
to construct TTT curves. The Zr-Ti compositions, proto- 
types of aand B isomorphous alloys, demonstrated a general 
lack of response to heat treatment. Significant improve 
ments in impact strength and optimum conditions for other 
mechanical properties were developed by finish-forging 5 
and 15% titanium alloys in the a + B field. A correlation be- 
tween hardness and tensile strength was observed. 

The peritectoid prototype alloys, sirconium-4, 7.5 and 
11% tin, were subjected to several heat treatments designed 
to establish their response characteristics. The 4% tin com- 
position showed promise as a potentially weldable material ; 
however none of the alloys qualify as “heat treatable” alloys. 
(ASM International Classification: N6, N7, Q general, Zr, 
Ti, Sn) 


[INTRODUCTION 


HIS PAPER presents a portion of the result of a program (1,2)? 

designed to systematically study the kinetics of transformation and 
related mechanical properties of prototype Zr-X binary alloys. The ob 
ject of this program was to provide a sound basis for a scientific ap 
proach to the realization of optimum properties in binary zirconium 
ulloys. Alloys of Zr-Mo (eutectoid), Zr-Sn (peritectoid) and Zr-Ti 
(a and 8 isomorphous ) were prepared and studied. The data herein are 
confined to the Zr-Sn and Zr-Ti prototype alloys. The eutectoid type al- 
loys have been discussed previously (3). 


MATERIALS AND PROCEDURES 
Sponge zirconium (Hf-free) in the form of —% inch + 40 mesh 
ingots. The arc-melted hardness of a 


11 


pieces was used to prepare 
Che figures appearing in parentheses pertain to the references appended to this paper 


A paper presented before the Thirty-Ninth Annual Convention of the Society, 

eld in Chicago, November 4-8, 1957. Of the authors, R. F. Domagala is Research 
Metallurgist, D. W. Levinson is Supervisor, Nonferrous Section, and D. J. Mc 
Pherson is Assistant Manager, Metals Research Department, Armour Research 
Foundation of Illinois Institute of Technology, Chicago. Manuscript received 
anuary 10, 1957. 
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Table I 
Summary of Chemical Analyses 


Analysis 


Material % 0 YN H % C % Fe @ZTi fs 
Zr (as-received) 0.13* 0.02 49 ppm 0.023 0.042 
Zr (melted and forged) 0.12 0.02 65 
Zr—S Ti* 5.0 
Zr—15 Ti* 0.15 160 15.0 
Zr—35 Ti* 35.5 
Zr—4 Sn* 0.14 96 39 
Zr—7.5 Sn* 0.01 7? 
Zr—11 Sn* 0.13 11.1 





*Analysis on 100-gram arc-melted ingot 
*Analysis on doubly melted and forged rod 


small button of this zirconium was found to he VPN 168. An analysis 
of this material is included in Table I. 

Alloy ingots were prepared by a double melting technique. First, 
three 5-pound ingots of each alloy composition were arc-melted in a 
nonconsumable electrode arc furnace. Charges for these melts were 
weighed out in 300-gram lots. They were fed into a water-cooied 
copper melting chamber, a little at a time. by a hopper and feed mecha 
nism which formed an integral part of the furnace assembly. After melt 
ing, the ingots were ground to remove any surface defects. A subsequent 
forging operation was performed to convert the ingots into 1-inch 
diameter rods. The forged rods were centerless ground to eliminate 
all surface contamination. The bars were then threaded and tapped to 
permit joining and remelting of each composition into a single ingot by 
the consumable electrode melting technique. 

Open anvils were employed for all forging operations, specimens 
being preheated in an electric furnace. The open anvil technique was 
necessary because of the volume of scale which formed during forging 
This scale caused serious surface defects in the pieces when a final 
swage-forge operation was attempted. The furnace temperatures em- 
ployed curing forging ranged from 1095 °C (2000 °F) to a maximum 
of 1235 °C (2250°F). 

After the second melting operation, the large ingot of each composi- 
tion was forged to 1-inch diameter. The rod was then cut into calculated 
lengths to produce, on subsequent forging. an equal number of tensile 2 
and impact blanks and a sufficient number of transformation study i 

? 
i 





specimens. For the TTT investigation, rods were forged to 34-inch 
diameter and ground to *,-inch; for tensile bars a 54-inch diameter 
rod was formed ; for impact specimens the stock was forged to 54-inch 


square. ; 

Attempts to establish TTT charts principally utilized resistometri : 
techniques. It has been demonstrated for titanium and zirconium bas: 
alloys (3,4,5) that the decomposition of the beta phase is associated % 


with a significant change in resistivity. It was also shown that a TT 
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diagram can be constructed by carefully following these changes in a 
plot of resistivity versus annealing time for specimens isothermally 
uenched from the beta field. Such evaluation of resistivity data must 
be verified initially by metallographic checks. 

Tensile and impact blanks were heat treated after transformation 
kinetics were investigated. Treatments included various quenches from 
the beta field as well as isothermal quench and quench and reheat an 
neals. One tensile and one impact bar of each alloy were always treated 
together ; never more than one such set was treated at a time. Speci 
mens were handled in one of three ways: 

1. For short time isothermal quench anneals the test blanks were 
attached to titanium rods by means of molybdenum wire and 
“beta-ized” in a Globar furnace under a dynamic helium at- 
mosphere for 30 minutes. The samples were then isothermally 
quenched into a deoxidized lead bath or second furnace (de 
pending upon the temperature) and annealed for the desired 
time followed by water quenching. 

e 2. For long time isothermal anneals the entire treatment includ- 
; ing the “beta-izing’’ was conducted with the specimens in 
i evacuated Vycor or Quartz bulbs. The beta treating time was 
increased to 45 minutes and a water quench at the conclusion 
Ps of the anneal was standard. 

Quench and reheat treatments were made by “beta-izing”’ bare 


a 


specimens in a helium atmosphere as in No. 1 above. After 
4 water quenching from the beta field, the blanks were sealed 
in evacuated bulbs, annealed and water-quenched. 


Standard 44-inch shoulder type tensile and “V” notch Charpy im 
pact specimens were machined from heat treated blanks, 5¢-inch round 


and 5g-inch square, respectively. 

The metallographic techniques employed in the program were stand- 
ard. Button heads of tested tensile bars were rough polished down to 
0000 grit silicon carbide paper. The samples were then electropolished. 
\ solution containing 59% methyl alcohol, 35% butyl cellusolve and 
6% perchloric acid was used. Current densities of ~1 ampere per 
square inch were maintained for 30 seconds. Finally, the samples were 
etched with a solution of ~10 — 20% HNOs and 10 — 20% HF in 


glycerine. 


ves aN aes laa 


RESULTS AND DISCUSSION 


Pure zirconium, as well as many dilute zirconium alloys, may trans 
iorm on quenching from the high temperature beta phase (b.c.c.) to 
the low temperature alpha phase (h.c.p.) with extreme rapidity. In zir- 
onium alloys, when a needle-like martensitic configuration occurs, the 
term alpha-prime (a’) is used to describe the transformation structure 
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Table I! 
Mechanical Property Data for Sponge Zirconium 
Reduction Impact 
UTS Elongation in Area Strength VPN 
Treatment (psi) % % (ft-Ibs) (20 Kg 
1025 °C WQ 109,000 13 40 11.5 282 
1025 °C AC 100,000 17 41 3.5 204 
1025 °C FC 74,000 12 21 4.5 161 
1025 °C WQ 
900 °C-60 minutes WQ 101,000 14 36 6.0 230 
1025 °C 
900 °C-60 minutes WQ 84,800 18 48 12.5 216 
1025 °C WQ 
750 °C-1000 minutes WQ 73,700 17 32 9.0 172 
1025 °C 
750 °C-1000 minutes WQ 79,400 - . 35 — 186 
Forged at 900 °C from 
%-% inch 


900 °C-60 minutes — >AC 79,400 16 40 2.0 199 








With increasing alloy content in certain zirconium systems, the high 
temperature beta phase may finally be retained on quenching from 
above the B/a + 8 boundary. When such retained beta structures are 
subsequently reheated or transformed by step-quenching below the 
8/a-+ B boundary, equilibrium phases are formed which may be alpha 
or alpha plus another phase (compound and/or beta). 

In view of the impurity content of all sponge zirconium and its pos- 
sible influence on mechanical properties, a heat treatment versus prop- 
erty study for unalloyed sponge was made. Tensile and impact proper 
ties were obtained for material processed in an identical manner to the 
alloy ingots so a better comparison could be made. 

The sponge zirconium ingot was prepared by melting in the non- 
consumable electrode furnace. The absence of alloying agents precluded 
the necessity for double melting and the ingot was, therefore, forged 
directly to rods for tensile and impact blanks. 

Gas analysis of the forged rod is included in Table I. Mechanical 
property data for the sponge zirconium ingot are shown in Table II. 
Some variation in tensile properties, impact strength and hardness was 
observed ; however, a generally ductile condition was preserved regard- 
less of treatment. The 900°C (1650°F) level at which some of the 
specimens were treated lies in the a+ £ field for sponge zirconium 
The a-—>8 transformation temperature for pure zirconium is ~865 °C 
(1590°F). A metallographic study of slices of the forged rods which 
were annealed at temperatures between 700 and 1025°C (1290 and 
1877 °F) showed the transformation “range” to extend from ~800 to 
~975 °C (1470 to 1787 °F). The microstructural appearance of the 
specimens varied from a martensitic (a’) type structure to a coarse 
alpha configuration, depending on the annealing treatment. The a’ 
structure provided the strongest condition. 


Zirconium-Titanium Alloys 


Titanium and zirconium form a complete series of a as well as 8 
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5% Titanium 950 °C (1740 °F) WQ. A completely 
transformed beta structure (a’). 250 
Fig. 2—Zr—5% Ti. 950°C (1740°F) 800°C (1470 °F), 
1000 min. WQ. After a long hold at 800 °C, the alpha particles 
have grown in size. The matrix is a’. X 250. 


solid solutions (6). A narrow a + £ field drops from the transformation 
temperature of zirconium (865 °C) to a minimum of ~535 °C at 35% 
titanium. With sponge base alloys, this nominally narrow a + 8 field 
was somewhat broadened, especially at low (5%) titanium levels. In 
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Table Ill 
Mechanical Property Data for Zr-5% Ti Alloy 
Reduction Impact 
UTS Elongation in Area Strength VPN 
Treatment (psi) (%) (%) (ft-lbs) 20 Kg 

950°C WQ 97,500 15 41 10.0 225 

950°C AC 83,900 23 42 3.5 193 

950°C FC 76,700 8 12 3.0 184 
950°C 

800°C-—5 minutes WQ 94,100 18 28 14.0 216 
950°C 

800°C-—180 minutes WQ 88,400 24 50 10.0 225 
950°C WQ 

800°C-—180 minutes WQ 92,000 10 37 10.0 209 
950°C 

800°C-—1000 minutes WQ 86,000 24 47 12.0 218 
950°C 

700°C-—-5 minutes WQ 88,700 21 46 11.0 243 
950°C 

700°C-—180 minutes WQ 85,000 15 29 12.0 220 
9 

700°C-—2500 minutes WQ 82,500 21 35 10.0 197 
950°C 

650°C-—1000 minutes WQ 80,700 22 43 13.0 197 
950°C 

650°C-1000 minutes WQ 93,700 15 40 9.0 213 
950°C 

600°C-—5 minutes WQ 88,500 19 38 13.0 226 
950°C 

600°C-—180 minutes WQ 88,700 18 43 12.0 225 
950°C 

500°C-5 minutes WQ 89,200 17 34 14.0 236 
950°C 

500°C-—180 minutes WQ 86,000 18 31 14.0 243 
950°C 

500°C-—1000 minutes WQ 81,800 24 28 14.0 195 

Forged at 800°C (a * 8) 
from %-% inch 
800°C-60 minutes AC 
600°C-—180 minutes WQ 90,400 22 49 19.5* 204 

21.5 


20.5 209 








*Three impact bars tested 


the present work, alloys containing 5, 15 and 35% titanium were pre 
pared and tested. Analytical data are shown in Table I. 

Resistivity experiments were conducted but failed to yield data 
which could be used to consttuct a TTT chart. The as-quenched (from 
8) resistivity was the same as the resistivity of bars isothermally 
quenched into the a or a + 8 field and held for times up to one week 
Specimens undoubtedly transformed during the isothermal quench and 
remained essentially unaffected with time (6). Metallographic evalua- 
tion of slices from the treated resistivity rods showed that the structures 
were essentially a’, coarsened to various extents depending upon the 
temperature and time of isothermal annealing. The shortest tempering 
treatment was always 0.2 minutes; the transformation B—a occurs in 
less than this time and must be followed with dynamic techniques 
Although the usual transformation curves were not established, a me 
chanical property versus heat treatment study was pursued and the 
results are shown in Tables III, [V and V. 

The as-quenched strength and hardness of the 5% titanium alloy 
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Table IV 
Mechanical Property Data for Zr-15% Ti Alloy 


Reduction Impact 
UTS Elongation in Area Strength VPN 
Treatment psi %) %) ft-lbs) 20 Kg) 


50°C WQ 155,000 2 0 284 
50°C AC 127,000 s 256 
950°C FC 113,000 ( 255 
950°C OO 150,000 2 ‘ 273 
950°C 
5 minutes WQ 135,000 


180 minutes WQ 113.000 


00°C-—1000 minutes WQ 117.400 
50°C 
590°C-—5 minutes WQ 140,000 
950°C 
500°C-180 minutes WQ 139,000 
50°C WQ 
180 minutes WQ 134,000 


1000 minutes WQ 117,000 
>~wQ 
500°C-1000 minutes WQ 000 
950°C 
500°C-—10,000 minutes WQ 3.000 
950°C WQ 
500°C-—10,000 minutes WQ 000 
Forged at 650°C (a B) 
from %& lg in 
650°C-60 minutes A¢ 
500°C-180 minutes WQ 2,000 





a a a Sn Os 
| 


160F 
| 


15OF 


140 


1000 psi 
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4 





a ee 1 as | ae ee L 
0 260 280 300 320 340 
VPN (20 kg) 


tween Hardness and Strength f 


Zr-Ti Alloys 








330 TRANSACTIONS OF THE ASM Vol. 50 


Table V 
Mechanical Property Data for Zr-35% Ti Alloy 


Reduction Impact 


UTS Elongation in Area Strength VPN 
Treatment (psi) (%) %) ft-lbs) (20 Kg 
950°C WQ 148,000 3 2 5.5 300 
950°C AC 158,500 1 ) 3.5 31 
950°C FC 128,000 6 12 1.5 282 
950°C OO 155,000 1 1 3.0 314 
950°C 
500°C-S minutes WQ 152,000 1 3 4.0 315 
950 
500°C-—180 minutes WQ 155,000 1 2 3.0 314 
950°C 
500°C-1000 minutes WQ 133,000 2 | 2.5 283 
950°C 
500°C-—10,000 minutes WQ 134,000 3 5 2.5 289 
950°C Wi 
500°C-—10,000 minutes WQ 152,000 2 1 5.0 308 
950°C 
400°C-—5 minutes WQ 153,000 i 2 3.5 334 
950°C WQ 
400°C-5 minutes WQ 148,000 2 1 3.0 309 
950°C 
400°C-—180 minutes WQ 154,000 1 0 3.5 331 
950°C 
400°C-—1000 minutes WQ 134,000 5 2 2.5 283 
950°C WQ 


400°C-1000 minutes WQ 159,000 0 0 3.5 319 





were slightly higher than those of any of the other specimens. The 
impact strength and tensile ductilities were correspondingly lower in 
the as-quenched condition. Furnace or air cooling provided no signifi 
cant improvement in mechanical properties. Specimens water quenched 
from the beta field and subsequently reheated were stronger and less 
ductile than equivalent isothermally quenched and heat treated speci- 
mens. 

The variation in properties can be attributed to structure. Fig. | 
shows the water-quenched structure of this alloy, which is completely 
martensitic a’. On quenching to and holding at 800°C (1470°F), 
a forms and grows; Fig. 2 shows a 5% titanium alloy after 1000 
minutes at 800 °C (1470°F). 

“Transformation” anneals conducted at 700, 650, 600 and 500 °C 
(1290, 1200, 1110 and 930°F) influenced the mechanical properties 
only slightly. As expected, the longer the annealing time at any level, 
the more ductile the specimen. 

The most beneficial treatment of the 5% titanium alloy was the one 
shown last in Table III. The tensile and impact blanks which had been 
forged to 5¢-inch (rounds and squares) were reheated to 800°C 
(a+ B) and forged to %-inch stock. The bars were then subjected to 
a heat treatment consisting of 1 hour at 800 °C (1470°F) and 3 hours 
at 600 °C (1110 °F). This treatment provided the best compromise of 
tensile strength and ductility. It also yielded a low hardness and the 
highest impact strength. 

The tensile, impact and hardness data for the 15% titanium alloy 
are shown in Table IV. There was a general lack of ductility in tensile 
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Fig. 4—Partial Diagram Zirconium-Tin System (7). 


bars water-quenched from the beta and subsequently reheated. The 
various cooling rates from beta did not provide any improvement in 
properties. As with the 5% titanium composition, forging from 5¢ to 
¥,-inch in the a+ 8B field yielded the best compromise in properties. 
\gain, the highest impact strength was developed by this treatment. 

Increases in ductility and decreases in hardness and tensile strength 
were also experienced with this alloy isothermally annealed below the 
a + B/a boundary. Significant variations in strength and ductility were 
found according to the length of holding. While the as-quenched speci 
men had 155,000 psi tensile strength and only 2% elongation, annealing 
at 500 and 600°C (930 and 1110°F) for various lengths of time 
caused a gradual softening and decrease in strength. After 1000 min- 
utes at 600 °C (1110°F) the ultimate tensile strength fell to 117,000 
psi, while the tensile elongation increased to 14%. The changes in im- 
pact strength were slight ; an increase from 5 to 8 ft-lbs were observed. 

The Zr-35% Ti displayed the same trends as the other two titanium 
compositions. Insignificant property changes (Table V) were experi- 
enced when the specimens were held at 400 or 500 °C (750 or 930 °F) 
for as long as 3 hours. When the time was increased to 1000 minutes 
(1634 hours), however, a drop in tensile strength to 133,000 psi from 
the water-quenched value of 148,000 psi was noted. Slight changes in 
tensile ductility and hardness were also observed, however, usable duc 
tility was not developed in this composition by any heat treatment. A 
reasonably good correlation between hardness and tensile strength 
seems to exist for Zr-Ti alloys and is shown in Fig. 3. 
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Fig. 5—Zr—4% Sn. 1025 °C (1878 °F) WQ. This alloy has 
completely transformed on quenching from the beta field. x 250. 


Fig. 6—Zr—4% Sn. Forged from % to % inch at 975 °C 
(1787 °F) (a + B). 975 °C—60 min-AC + 700 °C (1290 °F) 
30 minutes, WQ. An all a structure. x 250 


Zirconium-Tin Alloys 
Phase relationships in the zirconium-rich region of this system are 
shown in Fig. 4. This diagram is based on iodide-base alloys (7). No 
definitive boundary placement study was carried out with sponge-base 
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alloys. A cursory survey of the B/a+ 8 and a+ £/a lines using only 
the 4% tin alloy showed a broadening of the a+ 8 region (to both 
higher and lower temperatures ). 

In the work with these peritectoid prototype alloys, three composi- 
tions, nominally 4, 7.5 and 11% tin were employed. Analyses are in- 
cluded in Table I. 

An attempt was made to establish transformation curves for the 
Zr-Sn alloys. While the resistivity of specimens isothermally quenched 
from the beta field increased with increasing tin content, no major 
changes in resistivity were encountered in any alloy regardless of the 
isothermal “transformation” temperature or length of holding time. 
The shortest transformation anneal conducted was 1 minute. In some 
cases a very slight downward trend in resistivity was noted at short 
times (up to 10 minutes), followed by a rise to the original value. Such 
variations were never great, amounting to only about 2% and were 
considered to be of no significance toward the construction of a TTT 
chart. Metallography of slices of the heat treated rods was carried out 
concurrently. The lack of change in electrical properties was in part 
corroborated by the appearance of structures. In each alloy, trans- 
formation of beta seemed to have occurred with extreme rapidity. Con- 
figurations of a’ and/or a were always observed. 

It seems that the transformation from beta to alpha in these alloys 
proceeds by the same mechanisms operative in the Zr-Ti composi- 
tions. It can only be concluded that whatever the mechanism, the trans- 
formation occurs very rapidly and the techniques employed were not 
sensitive enough to provide data for the construction of a TTT chart. 

The intermediate phase Zr,Sn, an equilibrium component of all 
three alloys at some temperatures, could never be positively identified 
in the microstructures, although it must have precipitated during many 
of the treatments employed. The inability to identify ZrsSn stemmed 
from the presence of rather large quantities of a peppery impurity phase 
in the alloys. This impurity phase is by no means unknown in zirconium 
and zirconium-rich alloys ; it seemed more prevalent in the 4 and 7.5% 
tin alloys than in the 11% tin composition. Its appearance, however, 
somewhat resembled that of equilibrium Zr,Sn as observed in the origi- 
nal phase diagram determination. Assuming Zr,Sn did precipitate but 
could not be metallographically identified because of the peppery phase, 
the absence of resistivity changes becomes difficult to explain. The only 
apparent conclusions are that the Zr4Sn did not precipitate in any of 
the treatments, or that the quantity of ZrgSn present was not great 
enough to influence the specimen’s resistivity. An alternative, which is 
exceedingly unlikely but should not be overlooked, is that Zr,Sn pre- 
cipitates on any quenching operation, in which case neither resistivity 
nor microstructural changes would be anticipated. 

In view of the negative results of the transformation kinetics study, 











334 TRANSACTIONS OF THE ASM Vol. 50 





Table VI 
Mechanical Property Data for Zr-4% Sn Alloy 
Reduction Impact 
UTS Elongation in Area Strength VPN 
Treatment (psi) (%) (%) (ft-Ibs) (20 Kg 

1025°C WQ 142,000 13 33 75 203 

1025°C AC 104,000 16 39 —_ 

1025°C FC 90,800 15 29 3.5 191 
1025°C 

925°C-5 minutes WQ 120,000 17 44 6.5 197 
1025°C 

925°C-—30 minutes WQ 104,500 19 46 8.5 204 
1025°C Wi 

925°C-30 minutes WQ 113,500 16 47 8.0 202 
1025°C 

850°C-—30 minutes WQ 93,500 ae 38 7.0 205 
1025°C WQ 

850°C-—30 minutes WQ 108,000 14 33 8.5 207 
1025°C 

800°C-—1000 minutes WQ 94,300 18 40 8.0 191 
1025°C 

700°C-—5 minutes WQ 122,000 17 37 11.5 207 
1025°C 

700°C-30 minutes WQ 110,000 18 42 10.5 208 
1025°C 

600°C-—1000 minutes WQ 103,000 17 37 7.0 211 
1025°C 

500°C-5 minutes WQ 123,000 15 42 7.5 205 
1025°C 

500°C-30 minutes WQ 128,000 12 29 10.0 199 
1025°C WQ 

500°C-30 minutes WQ 137,000 12 39 9.0 207 
1025°C 

§00°C-1000 minutes WQ 101,000 17 40 9.5 194 
1025°C WQ 

500°C-1000 minutes WQ 133,500 12 34 9.0 215 

Forged at 975°C (a * 8) 
from %-\% inch 
975°C-60 minutes AC 
700°C-—30 minutes WQ 98,600 17 45 8.0 203 








heat treatment of tensile and impact blanks was aimed at bringing out 
the property differences which might result from “tempering” during 
the isothermal holds. The mechanical properties of these alloys are 
given in Tables VI, VII, and VIII. 

The mechanical property data for the 4% tin composition are shown 
in Table VI. The tensile strengths for the quench and reheat treatments 
are slightly higher than the strengths for isothermally quenched speci 
mens. Although these modest variations exist, there is essentially littl 
difference between the properties developed by any heat treatment 
Forging tensile and impact blanks in the a + £ field from 54 to %-inch 
offered no change in mechanical properties. The general retention of 
ductility and small hardness variation makes this alloy attractive as a 
weldable material if not as a heat treatable alloy. 

Two typical microstructures are shown in Figs. 5 and 6. 

The Zr-7.5% Sn specimens subjected to quench and reheat treat 
ments were invariably stronger and harder than isothermally quenc! 
treated specimens. The data are given in Table VII. Fig. 7 is a typical 
microstructure for this alloy. 

The mechanical property data for the Zr-11% Sn composition aré 








ur 
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Table VII 
Mechanical Property Data for Zr-7.5% Sn Alloy 
Reduction Impact 
Elongation in Area Strengt 
Treatment D (% (%) ft-lbs 
1125°C WO 156.000 4 9 6.0 
11259C AC 124,000 10 23 4.0 
1125°C FC 114,000 10 18 4.0 
1125°C 
1000°C-5 minutes WQ 135,000 12 30 3.0 79 
1125°C 
1000°C-—30 minutes WQ 156,500 2 1 3.0 294 
1125°C WQ 
1000°C-30 minutes WQ 146,000 10 30 7.5 317 
1125°C 
950°C-5 minutes WQ 137,000 3 0 2.0 300 
1125°C 
950°C-180 minutes WQ 120,000 19 22 4.0 304 
1125°C 
900°C-30 minutes WQ 124,000 7 9 5.0 267 
| 1125°C 
: 850°C-5 minutes WQ 114,000 13 19 3.0 242 
1125°C 
850°C-180 minutes WQ 117,000 14 21 6.0 253 
1125°C 
800°C-30 minutes WQ 114,000 16 35 6.5 272 
1125°C 
700°C-5 minutes WQ 135,000 11 21 7.0 293 
1125°C WQ 
700°C-5 minutes WQ 166,000 9 28 6.0 343 
1125°C 
700°C-30 minutes WQ 123,000 16 38 7.5 275 
1125°C 
700°C-—1000 minutes WQ 116,000 15 29 4.0 246 
1125°C WQ 
700°C-1000 minutes WQ 155,000 7 19 45 325 
1125°C 
600°C-—30 minutes WQ 119,000 14 29 5 89 
1125°C 
500°C-5 minutes WQ 119,000 13 24 5.5 305 
25°C 
500°C-1000 minutes WO 124,000 12 17 4.0 270 
Table VIII 
Mechanical Property Data for Zr- 11% Sn Alloy 
Reduction Imy{ 
Elongation in Area Str VPN 
Treatment D (% (% 20 Kg 
1250°C WQ 142,000 13 22 327 
1250°C AC 150,000 7 15 321 
p 1250°C FC 113,500 1 0 286 
1250°C 
1100°C-30 minutes WQ 138,000 i1 24 2.5 332 
1250°C 
1050°C-5 minutes WQ 136.000 12 22 3.0 304 
1250°C 
1050°C-180 minutes WQ 136,000 11 23 2.5 309 
1250°C ‘ 
950°C-5 minutes WQ 131.000 13 31 2.5 301 
1250°C 
950°C-30 minutes WQ 132.000 7 1 40 289 
1250°C 
»50°C-180 minutes WQ 125,000 11 17 2.5 282 
1250°C 
800°C-5 minutes WQ 132,000 5 5 3.0 301 
1250°C 
800°C-180 minutes WQ 121.000 2 3 15 282 
1250°C 
600°C-5 minutes WQ 139,000 6 5 4.0 303 
1250°C 
600°C-180 minutes WQ 140,000 8 9 3.5 304 
1250°C 


500°C-30 minutes WQ 142,000 9 il 
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Fig. 7—Zr—7.5% Sn. 1125 °C-500 °C, 1000 minutes, WQ 
An intimate a + ZrsSn structure. x 250. 

Fig. 8—Zr—11% Sn. 1250 °C-1100 °C, 30 minutes, WQ. This 

specimen was quenched into the 8 + ZrsSn field. Large a or a’ 

needles have formed. They must result from the final quench. 


shown in Table VIII. This alloy provided the smallest range of prop- 
erties among the three tin-bearing compositions. 

Regardless of the treatment conducted in the 8 + Zr,Sn field, iden- 
tical properties were observed and the structure shown in Fig. 8 is 
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typical of those observed for this condition. A rather unusual trans- 
formation structure is present. Positive interpretation of this structure 
is difficult. It would seem that on quenching from beta into the B + 
Zr,Sn field, something occurs which permits the formation of rather 
large alpha areas on the final quench. It is possible that a precipitation 
of small particles of Zr4Sn nucleates alpha. Alternatively, it may be that 
the step-quench technique effectively slows the cooling rate so that the 
alpha particles may grow in size. 


SUM MARY 


Transformation kinetics and response to heat treatment of Zr-Ti and 
Zr-Sn binary alloys were investigated. The results of this study may 
be itemized as follows: 


1. No TTT diagram could be constructed for alloys containing 5, 
15 and 35% titanium. The 8 a transformation occurs rapidly, 
probably by a martensitic mechanism (6). 


2. Isothermal quench and quench and reheat annealing treat- 
ments performed on mechanical test blanks of the three Zr-Ti 
alloys always resulted in a change from as-quenched proper- 
ties to a weaker, more ductile condition. Appreciable ductilities 
were developed in the 5 and 15% titanium alloys. A significant 
improvement in the impact strengths of these two compositions 
was found for bars finish-forged in the a + 8 field. A hardness- 
tensile strength correlation for these three alloys was estab- 
lished. 


3. No TTT curves could be constructed for the Zr-Sn peritectoid 
prototype alloys. The decomposition of 8 into a seemed to 
proceed as rapidly as in the Zr-Ti alloys. 

4. The 4% tin alloy exhibited a very small range of hardness but 

a measurable variance in tensile properties. This composition 

holds some promise for certain applications despite (or be- 

cause of) its lack of heat treatability. 


a | 


The 7.5% tin alloy exhibited the widest range of properties 
of the Zr-Sn alloys. The smallest array of mechanical proper- 
ties was shown by the 11% tin composition. 
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DISCUSSION 


Written Discussion: By A. H. Roberson, United States Department of the In 
terior, Bureau of Mines, Region 1, Albany, Oregon. 

The authors have presented some interesting data on the mechanical properties 
of titanium-zirconium alloys which supplement and extend earlier results devel- 
oped by the Bureau of Mines.’ 

The fact that some of the Bureau alloys which were water quenched or furnace 
cooled from 950°C (1740°F) exhibited lower ultimate strengths and greater 
elongation may have been due to the sheath-forging of all specimens. 

The data presented today was derived from specimens that had been forged in 
air at 1095 to 1235 °C (2000 to 2255 °F). 

It has been our experience that a 35 weight % titanium alloy, (50 a/o) has high 
affinity for oxygen and nitrogen. It would appear that the high temperature ex- 
posure to air may have resulted in more than a surface contamination, which 
could not be removed by grinding. 

The heat treat schedule outlined on page 3 of the paper includes protection in 
a dynamic helium atmosphere. It is suggested that unless the helium had been 
purified the alloys might gather any residual oxygen or nitrogen from the gas 
As a result, some hardening may have taken place. 


Authors’ Reply 


Admittedly, no oxygen or nitrogen analyses were run for the Zr-35% Ti alloy 
No contamination was suspected for the following reasons: 


(a) No alpha case was observed metallographically on any of the tensile 
test specimens or any of the resistivity specimens. 

(b) If some surface contamination did occur during heat treatment, it 
should have been removed during machining inasmuch as the %-inch 
round bars were machined to %-inch at the test section. 


2 E. T. Hayes, A. H. Roberson and O. G. Paasche, “Zirconium-Titanium System Constitutior 
Diagram and Properties,” U. S. Bureau of Mines Report of Investigation 4826, November 195! 
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1958 
(c) The lower ductility and increased strength for the 35% Ti composition 
follows the pattern which is expected of the Zr-Ti alloys. 
(d) Analysis of the Zr-15% Ti alloy showed no oxygen contamination 
6 
| by the discussors was not immediately available to 


Although the reference cite« 
the authors, the work of Hayes, Roberson and Paasche is cited in the book, 
Metallurgy of Zirconium, by B. Lustman and F. Kerze (p. 514). The mechanical 


property data presented therein are in fairly good agreement with the results of 


this work. 








SOLUBILITY OF CARBON IN THORIUM 


By Rosert MICKELSON AND DAvip PETERSON 


Abstract 

The solubility of carbon in thorium has been investigated 
and the limit of solubility has been determined at four tem- 
peratures. Thorium-carbon samples, containing from 0.025 
to 1.23 weight percent carbon, were prepared by arc melting 
sponge thorium with high purity graphite. X-ray data, hard- 
ness readings, and metallographic examinations of heat 
treated specimens were combined to obtain the following 
solubility limits: room temperature—0.35% carbon, 800 °C 
—0.43% carbon, 1918 °C—0.57% carbon, and 1215 °C— 
0.91% carbon. (ASM International Classification N12 p; 
Th, C.) 


INTRODUCTION 


ARBON has been found to be the most effective alloying element 

in changing and improving the mechanical properties of thorium 

metal. Peterson (1)! reports that additions of carbon to thorium in 

crease the hardness and tensile strength without seriously reducing duc- 

tility. The investigation of the solubility of carbon in thorium was 

undertaken to provide basic information of value in understanding the 
effect of carbon on the physical properties of thorium. 

The thorium-carbon system has been investigated by Chiotti (2), 
who reports that thorium monocarbide is the stable phase in equilibrium 
with thorium at room temperature. Thorium and thorium monocarbide 
are reported to be completely soluble in the liquid and solid states at 
elevated temperatures. The exact limits of the solubility of carbon in 
thorium were not extensively investigated. Saller (3) investigated the 
solubility of carbon in thorium and found considerable variation be- 
tween the results of x-ray diffraction and metallographic examination. 
His conclusion was that the metallographic results were more accurate. 


EXPERIMENTAL 
Preparation of Samples 
The thorium-carbon samples used in this investigation were pre 
pared by arc melting in a water-cooled copper cruciple. The crucible 


1 The figures appearing in parentheses pertain to the references appended to this paper 
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Fig. 1—Lattice Constants of Thorium-Carbon Samples with 
Various Heat Treatments. 


was evacuated to less than 0.1 micron and filled with purified helium. 
A piece of zirconium metal was then melted to remove any oxygen or 
nitrogen still present in the furnace. The samples, which weighed about 
100 grams, were prepared by melting Ames sponge thorium and dis- 
solving high purity graphite in the molten metal. Each sample was 
turned and remelted three times to insure homogeneity. 

The thorium sponge and the thorium-carbon samples were chemi- 
cally analyzed for carbon and nitrogen. The thorium sponge contained 
0.026 weight percent carbon and 0.026 weight percent nitrogen. The 
average nitrogen content of the seventeen samples was 0.032 weight 
percent. The thorium sponge and five thorium-carbon samples were 
spectrographically analyzed for eleven different impurities. 


Heat Treatment 


Samples used to determine the room temperature solubility limit 
were heated in a quartz tube evacuated to less than 0.02 micron. The 
samples were held at 900 °C (1650 °F) for 6 hours and cooled to room 
temperature over a period of 5 days. 

A molybdenum tube resistance furnace was adapted to quench sam- 
ples into molten Wood’s metal placed on the furnace base directly be- 
neath the cylindrical heater. The heating was done under a vacuum of 
0.4 micron or lower. The samples were supported on a thorium disk 

















342 TRANSACTIONS OF THE ASM Vol. 50 


Solubility Limit, Weight % Carbon 
0.22 045 0.70 0.98 1.28 1.61 
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Fig. 2—Solubility of Carbon in Thorium of Various 


Temperatures. 


which was allowed to fall into the quenching vessel with the samples. 
Since heating and quenching were done under vacuum and the samples 
were in contact only with thorium, the chances for contamination of the 
samples were reduced. The samples were held at temperature for 30 
minutes or more before quenching. The Wood’s metal was maintained 


at 80-100 °C (175-210 °F). 


X-ray Study 

Lattice parameter determinations were made on a North American 
Phillips back-reflection camera which has a diameter of 12 centimeters. 
Samples containing less than 0.1 weight percent carbon were hot-rolled 
to 4g inch sheet and shaped to the circumference of the camera before 
undergoing heat treatment. Samples containing more than 0.1% carbon 
were too brittle to roll and blocks 4¢ inch thick and 4% inch wide were 
used in the x-ray camera. In every instance, before the sample was ex- 
posed it was vigorously pickled in dilute nitric acid which contained 
a small amount of hydrofluoric acid. This pickling was performed to 
remove the surface metal which might have become contaminated dur- 
ing heat treatment. 

Thorium oxide lines appeared on most of the x-ray photographs. 
These lines were more sharply defined than the thorium lines and, con- 
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Fig. 3—Thorium-Carbon Samples. Nitric acid etch. X500. (a)—0.30% carbon 
Slow-cooled. (b)—0.408% carbon. Slow-cooled. (c)—0.350% carbon. Quenched from 
800 °C. (d)—0.736% carbon. Quenched from 800 °C 


sequently, they could be measured with greater accuracy. Thus, thorium 
oxide was used as an internal standard to eliminate systematic errors 
in the determination of the lattice constant. If the thorium oxide lines 
indicated that there was an appreciable error in a given film, this error 
was eliminated by a graphical extrapolation against sin? 6. 

The samples of thorium containing more than 0.5% carbon were 
very coarse-grained, particularly when quenched from the higher tem- 
peratures. As a result, the x-ray diffraction patterns were very spotty 
and the accuracy of film measurement was poor. Since massive sam- 
ples were used, there was no way of eliminating this difficulty. 

A maximum random error in the measurement of the lattice constant 
was calculated from a reasonable assumed error in measuring the film. 
\ larger assumed error was used for samples containing more than 
0.5% carbon because of the spotty lines from these samples. The sys- 
tematic error in many of the determinations was less than this maximum 
random error and, in these cases, no correction was made. 
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Fig. 4—Thorium-Carbon Samples. Nitric acid etch. 500. (a)—0.408% carbon 


Quenched from 1018 °C. (b)—0.736% carbon. Quenched from 1018 °C. (c)—0.736% 
carbon. Quenched from 1215 °C. (d)—0.959% carbon. Quenched from 1215 °C. 


Metallographic Examination 


The samples for metallographic examination were ground on 320, 
400, 500, and 600 grit paper. They were polished with Linde B on 
Microcloth. Etching was used to improve the contrast between thorium 
monocarbide and thorium. The presence of thorium carbide could usu 
ally be detected before etching, but the improved contrast made the 
pictures clearer. The etching solution was 2 molar nitric acid, 0.02 
molar hydrofluoric acid, and 0.005 molar thorium nitrate. The etching 
solution was applied by swabbing for ten to thirty seconds. 


RESULTS AND DISCUSSION 


The spectroscopic analyses of the thorium metal used in preparing 
the samples and of a number of the samples are given in Table I. Most 
of these results are an upper limit since the actual content was below 
the limit of measurement of the methods used. The chemical analyses of 
the thorium-carbon samples for nitrogen and carbon are presented in 
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Table I 
Spectroscopic Analysis of Thorium-Carbon Samples 


Impurity Content ppm 





Sample = smi 


Number Be Al Ca Mg Si Fe Mn B Cd Zn Zr 
Sponge <20 <25 <50 <20 <50 40 <20 0.75 <0.2 110 <110 
, 20 <25 <SO <SO <SO 35 <20 <03 03 <10 <100 
2 <20 <25 <50 <50 <50 30 <20 <0.3 <0.2 <10 <100 
; <20 <25 <50 <20 <50 105 <20 0.45 2.1 12 <100 
5 <20 <25 <50 <20 <50 35 <20 <0.3 0.3 <10 <100 
6 <20 <25 <50 <20 <50 45 <20 <0.3 <0.2 <10 <100 

Table Il 


Analysis and Hardness of Thorium-Carbon Samples 


‘Rockwell A Hardness 











Nitrogen Carbon Content Heated Quenched Quenched Quenched 
Sample Content, Weight Atomic at from from from 
Number ppm Percent Percent 900 °C 800 °C 1018 °C 1215 ¢ 
and slow 
cooled 
1 471 0.025 0.47 23 - 24 25 
2 344 0.054 1.03 = 27 90 5 
; 344 0.026 0.49 26 - 28 
4 203 0.035 0.67 
5 482 0.042 0.81 ~ - 29 
6 241 0.104 1.98 38 36 
7 301 0.132 ».49 - 5 
~ 1,015 0.163 3.06 38 44 48.5 50 
9 332 0.208 3.87 41.5 _ 48.5 
10 293 0.239 4.44 44 ~ 52 54 
il 253 0.300 5.50 46 49 51 
12 224 0.350 6.36 50 54 55.5 
13 143 0.408 7.37 . ; 60 
14 215 0.556 9.82 53 _ 62.5 
15 178 0.736 12.59 55 58.5 64 
16 168 0.959 15.78 57.5 60 64 
17 182 1.228 19.40 - 66.5 
Table Ill 
Lattice Constants of Thorium-Carbon Samples 
Carbon ___ Lattice Parameter, Angstroms 
Sample Content, Heated at Quenched Quenched Quenched 
Number Weight 900 °C and from from from 
Percent Slow-Cooled 800 °C 1018 %¢ 1215°C 
1 0.025 5.0871 5.0877 5.0920 5.0900 
2 0.054 5.0886 5.0922 
3 0.026 5.0871 5.0875 5.0867 
4 0.035 5.0873 5.0926 5.0905 
5 0.042 5.0859 an 
6 0.104 5.0953 5.0958 
7 0.132 5.0964 = 5.1064 5.1075 
8 0.163 5.0966 5.1033 5.1107 
9 0.208 5.1004 = 
10 0.239 5.1020 — 5.1203 5.1183 
11 0.300 5.1058 5.1140 5.1196 - 
12 0.350 5.1077 5.1211 §.1272 5.1216 
13 0.408 5.1077 5.1305 5.1356 5.1325 
14 0.556 5.1092 5.1270 5.1380 5.1433 
iS 0.736 5.1250 5.1425 5.1532 
16 0.959 5.1077 5.1243 5.1447 5.1613 
17 - 5.1436 5.1572 


1.228 


Table II. The oxygen content of these samples was not determined but 
must have been above the solubility limit since thorium oxide was ob- 
served in the microstructures of all these samples. The thorium oxide 
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content was probably between 1 and 2%. In graphing the results of this 
investigation, the error in the carbon analysis was assumed to be 5% 
of the absolute value of the carbon content. 

The solid solubility limits of carbon in thorium were established 
from the x-ray data and confirmed by microscopic examination. The 
observed lattice constants of the samples after various heat treatments 
are reported in Table III and are plotted in Fig. 1 against the carbon 
content. The solubility limit at each temperature was taken as the car- 
bon content above which there was no further increase in lattice con- 
stant. The experimental error is indicated by horizontal and vertical 
lines through each point. 

The solid solubility limits of carbon in thorium are shown in Fig, 2 
as a function of temperature. 

The solubility limits established by x-ray methods were checked by 
microscopic examination. Thorium carbide could be identified as small 
particles which tend toward a square form. The thorium oxide particles 
were much larger and darker in color. 

Figs. 3 and 4 show samples above and below the solubility limit at 
each temperature. These pictures show the precipitation of thorium 
carbide in samples above the solubility limits. 

An anomalous effect was observed in samples which contained less 
than 0.35% carbon and hence were not saturated with carbon. These 
quenched samples showed an increase in lattice constant over the slow- 
cooled samples of the same carbon content, and, up to 1000°C 
(1830 °F ), the higher quenching temperatures resulted in an increased 
lattice constant. A similar effect was observed in the increased hardness 
of unsaturated samples quenched from various temperatures. The most 
likely explanation is that the samples were saturated with nitrogen at 
room temperature and heating to higher temperatures caused more 
thorium nitride to dissolve in the thorium. Thorium nitride has been 
reported by Chiotti (2) to be appreciably soluble in thorium at elevated 
temperatures. 

CoNCLUSIONS 


The solubility of carbon in thorium was established as 0.35% at room 
temperature, 0.43% at 800°C, 0.57% at 1018°C, and 0.91% at 
1215 °C. Increasing the carbon content causes an increase in the hard- 
ness of thorium by solid solution hardening. An impurity in these 
samples, believed to be nitrogen, caused an increased lattice constant 
and hardness of quenched alloys below the carbon solubility limit. 
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DISCUSSION 


Written Discussion: By W. C. Lilliendahl, advisory engineer, Metals Research, 
Westinghouse Electric Corporation, Bloomfield, New Jersey. 

A determination of the solubility of carbon in thorium is of metallurgical sig 
nificance because this is one of the few impurities which in small amounts produce 
lattice hardening by interstitial solution. 

The authors of this paper have presented extensive data to support their con- 
clusions. The actual solubilities are determined from the expansion of lattice pa 
rameters and the range of solubilities determined metallographically by the ap 
pearance of a carbide phase. 

There are a few points which suggest that the results are indicative of a three 
component system probably thorium, thorium carbide and thorium nitride 

Chiotti,? has identified two carbides of thorium and also shown that nitrogen 
dissolves in thorium metal and that the solubility increases with increasing tem 
perature. This fact has been recognized by the authors. 

Referring to Table II of the text the nitrogen content of the samples varies from 
143 to 1015 ppm with an average nitrogen content of 320 ppm. As 600 ppm nitro- 
gen corresponds to approximately 1 atomic % and the contribution to lattice ex- 
pansion is of the same order of magnitude as carbon it would appear that its 
effect would be significant. The authors do not clarify this point in their article 

It would also seem that if a third component were not present the plateaus 
shown in Fig. 1 of the text would emanate from a single rising curve instead of 
three separate branches as shown in the drawing. 

Regarding the metallographic studies on the rejection of a carbide phase at 
grain boundaries, Lagerberg and Joseffson,’ in similar studies on the influence 
of grain boundaries on the solubility of nitrogen in alpha iron report an increase 
in solubility with decreasing g1 size. It would be of interest to know if the 
authors have noted such a dependence in the case of thorium. 





a1) 


Authors’ Reply 
The comments of Dr. Lilliendahl regarding the effect of nitrogen on the ob 
served lattice constants are quite valid. The samples were prepared from th 
purest thorium which was available for this investigation. Although the nitro 
gen content was significant, it was fairly constant in most of the samples. It would 
be quite interesting to determine whether the increase in hardness and lattice 
onstant for quenched thorium samples below the carbon solubility limit was due 


to the nitrogen content of the samples. This seems to be a reasonable explanation 
but it certainly has not been proven 

The effect of grain size on the solubility of carbon in thorium was not investi 
gated by the authors because of the difficulty in controlling the grain size of 
thorium-carbon samples. The arc-melted structure had a large grain size which 
ould not be decreased by cold working due to the lack of ductility in samples 
mtaining more than 0.1 weight percent carbon. 

The authors wish to thank Dr. Lilliendahl for his kind and constructive 
omments. 

2 P. Chiotti, ““Thorium-Carbon Syster Atomic Energy Commission Report No. AECD-3072, 

*G. Lagerberg and A. Joseffson, “Influence of Grain Boundaries on the Behavior of Carbon 


and Nitrogen in Alpha Iron,’’ Acta Metallurgica, Vol. 3, 1955, p. 236. 











THORIUM-ZIRCONIUM AND THORIUM-HAFNIUM 
ALLOY SYSTEMS 


By E. D. Grsson, B. A. Loomis AnpD O. N. CARLSON 


Abstract 


The thorium-zirconium and thorium-hafnium systems 
have been studied by electrical resistance, thermal, micro- 
scopic and x-ray methods and phase diagrams have been 
proposed for each. The thorium-zirconium system was in- 
vestigated extensively by high-temperature x-ray methods. 

The thorium-zirconium system exhibits a minimum in the 
solidus at 1350 °C (2460 °F) and 25 weight % zirconium, 
a monotectoid reaction at 910 °C (1670°F) and 25 weight 
% zirconium, and a eutectoid reaction at 650 °C (1200 °F) 
and 69 weight % zirconium. There is a small solid immis- 
cibility loop above the 910°C horizontal extending from 
25 to 37 weight % zirconium. 

The proposed thorium-hafnium system consists of a 
eutectic, a eutectoid and an inverse peritectic reaction. The 
eutectic reaction occurs at 1450°C (2640°F) and 25,7 
weight % hafnium, the eutectoid reaction at 1295°C 
(2360 °F) and 8.9 weight % hafnium, and the inverse peri- 
tectic reaction at about 1600°C (2910°F) and 96 weight 
% hafnium. At room temperature the maximum solubility 
of hafnium in a thorium is 4.9 weight % while there is little 
if any solubility of thorium in a hafnium. (ASM Inter- 
national Classification: M24b; Th, Zr, Hf) 


INTRODUCTION 


ECENT STUDIES of thorium and its alloys have been promoted 

because of the possibility of using this metal in nuclear reactors. 

The work herein reported is the result of such an investigation per- 

formed as part of a program on the study of the alloying behavior of 
thorium in combination with other reactor materials. 

The initial studies on the thorium-zirconium system were performed 
by Carlson (1)! in 1950 at which time a tentative diagram was pro- 
posed. This proposed diagram, shown in Fig. 1, was based primarily 
upon microscopic evidence and thermal data. The present investiga- 
tion was undertaken to clarify the uncertain regions and to propose 
a complete phase diagram for the thorium-zirconium system. 


1 The figures appearing in parentheses pertain to the references appended to this paper. 





The authors, E. D. Gibson, B. A. Loomis and O. N. Carlson, are associated 
with the Institute for Atomic Research and Department of Chemistry, Iowa State 
College, Ames, Iowa. Manuscript received April 8, 1957. 
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Fig. 1—Tentative Thorium-Zirconium Phase Diagram Proposed 
by Carlson in 1950. 

Because of the well known similarity between zirconium and haf- 
nium, the authors also undertook the investigation of the thorium- 
hafnium system. This was done in order to ascertain whether or not 
this system was analogous to that of thorium-zirconium as might be 
expected from a comparison of the properties of zirconium and hafnium 
summarized in Table I. 





Table I 


Some Physical Properties of Thorium, Hafnium and Zirconium 
Property Thorium Hafnium Zirconium 
\llotropy FCC to BCC HCP to BCC HCP to BC(¢ 
t 1400 % reported (2,3, at 854°C 
4) from 1310°C 
to 1950°C 
Atomic Radii* 1.79A 1.60A 1.61A 
Melting Point 1700 % 2130 °C 1845 °( 
Lattice Constants 
Room Temperature 2=5.08 A a=3.197 A a=3.232 A 
Form c=5.057 A c=5.147 A 
-_ - Temperature a=4.11 2=3.61 A 
‘orm 


* Calculations from the lattice constants of room temperature phase 
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EXPERIMENTAL METHODS 


Alloys were prepared by arc melting and the phase reactions oc- 
curring in these allovs were investigated by electrical resistance meas- 
urements, differential cooling curves, x-ray diffraction studies, and 
microscopic examination. In the thorium-zirconium investigation con- 
siderable emphasis was placed upon high temperature x-ray methods. 


Materials 


The alloys used in this investigation were prepared from thorium 
sponge, crystal bar hafnium and crystal ‘bar zirconium. The thorium 
sponge was prepared by the bomb reduction of ThF, with calcium and 
is generally referred to as Ames thorium (5). The crystal bar hafnium 
was prepared by the Foote Mineral Company from hafnium sponge 
which was prepared by the authors (6). The zirconium was Grade A 
crystal bar obtained from Westinghouse Corporation. An analysis of 
these materials is given in Table IT. 








Table Il 
Chemical Purity of Thorium, Hafnium 
and Zirconium Used in Alloy Preparation 





Metal Weight % Impurity 
os Oo N Al Si Fe Be Zr Hf 
Thorium 0.037 0.012 0.015 0.009 0.009 0.014 0.003 trace 
Hafnium 0.03 - 0.009 trace trace 0.01 trace 0.01 Major 


Zirconium 0.01 0.02 0.001 0.003 0.003 0.02 = Major 0.004 








Alloy Preparation 


Alloys were prepared by arc melting weighed amounts of the desired 
metals into 50 to 100 grams buttons. Melting was carried out under an 
atmosphere of purified helium in a water-cooled copper crucible em- 
ploying a tungsten electrode. Since the weight change as a result of 
melting was small, the nominal composition was close to that as deter- 
mined by chemical analysis. Alloys of thirty-five different compositions 
were prepared for use in the study of the thorium-hafnium system, 
and the thorium content of each was determined by chemical analysis. 
An equal number of thorium-zirconium alloys were also prepared for 
further investigation of this system and chemically analyzed for the 
thorium and zirconium present. 


Electrical Resistance Measurements 


Electrical resistance versus temperature data were obtained by the 
use of a continuously recording apparatus designed and constructed by 
Chiotti (7). The alloy specimen was formed into a rod which was 
clamped between two electrodes and heated by passing a high current 
through it. The potential developed between two probes which made 
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contact with the specimen was recorded directly, as resistance, on a 
Brown Electronik potentiometer. The temperature of the sample was 
determined at frequent intervals by sighting with an optical pyrometer 
on a small hole drilled in the specimen. Resistance was then plotted 
graphically as a function of temperature. 


Thermal Analysis 

Cooling curves were obtained by means of a differential thermo 
couple circuit with one thermocouple junction in the alloy specimen 
and the other in a neutral body. The specimen temperature and the 
temperature difference between the two bodies were recorded simul- 
taneously on a Brown Electronik X-X potentiometer. In studying the 
relatively low temperature transitions in the thorium-zirconium system, 

hromel-alumel thermocouples were used, but in the thorium-hafnium 
system, tungsten-niobium thermocouples were employed. 

The solidus curves of both systems were determined by observing 
the temperature at which melting first occurred in a bar or rod of the 
alloy. This temperature was measured by sighting with an optical pyro- 
meter on a small hole drilled in the bar and observing continuously 
during heating until liquid first appeared in the hole. The alloy was 
heated by passing a high current through the bar while the bar was 
clamped between two water-cooled electrodes. 


Heat Treatment and Microscopic Examination 


In the study of the thorium-zirconium system all quenches were 
-arried out from temperatures below 1100°C (2010°F). The speci 
mens to be heat treated were annealed in an evacuated quartz tube in a 
resistance furnace, helium was admitted to the system and then the 
samples were immersed in water. However, in the thorium-hafnium 
system a large number of samples were quenched from temperatures 
above 1200°C (2190°F). The thorium-hafnium samples were sup- 
ported on a beryllia disk inside a tantalum tube furnace and maintained 
at the desired temperature for 3 to 5 hours. A jet of helium gas which 
ad been cooled by liquid nitrogen was impinged on the sample thus 
reducing very rapid cooling rates. Where slow cooling of the speci- 
men was desired the same furnace was employed for annealing and the 
ower to the furnace was gradually decreased. 

Samples for microscopic examination were ground on silicon car- 
ide papers of successively decreasing grit size, and polished on a 
\licrocloth-covered wheel using a water suspension of Linde A abra- 
sive. With alloys containing greater than 30% hafnium * the addition 
f a drop or two of hydrofluoric acid to the abrasive greatly reduced 
the polishing time and aided in removal of scratches and films. 

Several different etchants were used in the investigation of these 





*All compositions refer to weight percentages. 
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alloys. For examining thorium-hafnium alloys, the thorium-rich alloys 
were etched electrolytically in a solution containing 100 parts formic 
acid, 2 parts of hydrochloric acid and 1 part hydriodic acid. The sam- 
ples were etched for 8 seconds in this solution at a current density of 
0.152 amperes per square centimeter and 12 volts. Hafnium-rich alloys 
were etched by swabbing the specimen with a solution containing 6 parts 
glycerine, 2 parts HNO; and 1 part HF. 

Thorium-zirconium alloys were etched electrolytically in a solution 
containing 125 ml HNOs, 0.5 ml HF and 3 gm Th( NOs), diluted 
to 1 liter with H2O. 


X-ray Investigations 

X-ray data constitute a significant part of this investigation and 
serve as much of the basis for the diagrams proposed for these systems. 
The solubility limits at room temperature were determined in the con- 
ventional manner by measuring lattice constants as a function of alloy 
composition. The lattice constants were determined from powder pat 
terns taken on a back-reflection precision camera. The powder samples 
used were annealed filings taken from carefully annealed and slowly 
cooled alloys. 

High temperature x-ray studies were carried out by use of an x-ray 
camera designed by Chiotti (8). It is specifically designed to replace 
the regular room temperature specimen holder on the North American 
Philips high angle goniometer. The alloy specimen with dimensions 
1X ¥% X%¢@ inch was cut from the massive alloy and positioned in a 
groove of similar dimensions in the surface of a tantalum bar. The 
specimen and tantalum bar were surrounded by a tantalum tube furnace 
and enclosed within an evacuated chamber. 

In the thorium-hafnium investigation the specimen temperature 
was measured by means of an optical pyrometer sighted on a small hole 
in the bar just below the specimen. However, in the thorium-zirconium 
alloy studies which involved a maximum temperature of only 1000 °C 
a Pt/Pt-10% Rh thermocouple was spot welded to a thin tantalum 
sheet which was in turn spot welded to the specimen. A standardiza 
tion of the temperature measurement was made with a pure silver 
specimen in the x-ray camera. The lattice constant of the silver was 
experimentally determined as a function of the measured temperature. 
Results obtained by this method were compared graphically with simi 
lar data taken by Hume-Rothery and Reynolds (9) and more recently 
by Mauer and Bolz (10). Analyses of the data showed that an accuracy 
of +10°C should be placed on the temperature measurement. The 
transformation temperature of zirconium was determined using this 
method and the value obtained was 854 °C (1569°F) which is in good 
agreement with the accepted transformation temperature of crystal bar 
zirconium. 
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THORIUM-ZIRCONIUM SYSTEM 


Data obtained on the thorium-zirconium system * from examination 
§ microstructures of quenched alloys and high temperature x-ray 
studies are plotted on the partial phase diagram shown in Fig. 2. A 
discussion of the various regions of the system and how the boundaries 
of these regions were determined will be presented in detail in this 
section. 

Confirmation of a+ B’ Region 
The existence of a two-phase region corresponding to that identified 


is a+ fp’ (Fig. 2) was postulated in the early work on this system as 
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Fig Partial Thorium-Zirconium Phase Diagram with Plot of Data 

shown in Fig. 1. In later work a series of alloys of compositions which 
extended across this region were quenched from 950, 1050, 1100, 1150, 
and 1200°C (1740, 1920, 2010, 1150 and 2190°F). Typical micro 
structures for the series of quenches from 1150°C (2100°F) are 
shown in the accompanying photomicrographs. A 3.0% zirconium 
alloy (Fig. 3) is interpreted as a single-phase alloy which was quenched 
from within the a solid solution region ; a 5.0% zirconium alloy ( Fig. 4 
contains approximately equal amounts of each phase, and an 8.5% zir- 
conium alloy (Fig. 5) is a single-phase alloy quenched from within the 
8’ solid solution region. The impurity phase present in all three alloys 
is ThOs which is commonly observed in thorium metal. 





* This work is reported in greater detail in the M.S. thesis of E. D. Gibson, “Investigati 
f the Thorium-Zirconium Syst ‘ith Emphasis on High Temperature X-Ray Techniques 
wa State College Library, Ames, I 
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Fig. 3—3.0% Zirconium Alloy. Annealed for 12 hours and quenched from 1150 °C (2100 °F) 
One phase, a solid solution. Electrolytic etch. x 250 

Fig. 4—5.0% Zirconium Alloy. Annealed for 12 hours and quenched from 1150 °C (2100 °F) 

a phase (light areas) plus f’ solid solution. Electrolytic etch. « 250. 


Fig. 5—8.5% Zirconium Alloy. Annealed for 12 hours and quenched from 1150 °C 
One phase, f’ solid solution. Electrolytic etch. x 250 


(2100 °F 


The boundaries of this region were also determined by high tem- 
perature x-ray techniques, and are in good agreement with those esti- 
mated from the microscopic evidence. The limit of solid solubility of 
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of Th(III) reflection during transformation from FCC to BC( 


zirconium in a thorium at 910 °C (1670 °F ) was determined to be 6.3% 
irconium as shown by the lattice constant versus composition plot of 
Fig. 6. The curve at 1000 °C (1830°F) is of the same form and indi- 
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cates a decrease in solubility to approximately 5.5% zirconium at 
1000 °C (1830 °F). 

The upper a+ f’ to ®’ boundary was determined by a vanishing- 
phase method. In general this method involved elevating the tempera- 
ture of the alloy specimen to a temperature near the boundary in 
question and scanning the x-ray diffraction pattern of the high tem- 
perature camera to identify the phases present. As the boundary was 
crossed slowly, one of the phases which was present below the bound 
ary disappeared. Conversely, as the temperature was lowered from 
above the boundary the phase reappeared. The disappearance and re- 
appearance of the FCC phase on the thorium side of the eutectoid and 
of the HCP phase on the zirconium side were used as criteria for the 
determination of the a+ #’ to #’ and aZr+ £8 to B boundaries, re- 
spectively. A typical pattern illustrating this vanishing method of 
boundary determination is shown in Fig. 7. The (111) reflection of the 
FCC phase in a 40.8% zirconium alloy was scanned at various tem- 
peratures and can be seen to disappear completely at 894 ° C (1640 °F) 
upon heating and to reappear upon cooling. This and other points ob- 
tained in this manner are plotted in Fig. 2. 


Confirmation of B Solid Solution Region 


The extent of the B solid solution region above 910°C (1670°F 
was still somewhat in question since data from the earlier investigation 
(1) indicated that a two-phase field might exist in this area at about 
50% zirconium. Lattice constant measurements taken in the present 
investigation at 1000 °C (1830 °F) show that the solid solution region 
begins at about 20% zirconium and extends to the zirconium end of 
the system. The lattice constants of the BCC solid solution phase as a 
function of composition are given in Table III. 


Solid Immiscibility Loop 


The inflection in the a + 8 to 8 boundary in the thorium-zirconium 
diagram as originally proposed suggested that a region of solid im- 
miscibility was imminent or actually present above the 910°C 











Table III 
Lattice Constants of BCC Phase at 1000°C 
~ Alloy Composition Lattice > Const: ant 
wa in 


3.91 
3.88 
3.84 
3.79 
3.74 
3.70 
3.66 
3.61 








A A graphical plot of lattice constant versus atomic % zirconium gives a linear selatinatiip « across 
this region of the system. 
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Fig. 8a—29.7% Zirconium Alloy. High temperature pattern taken at 
914 °C (1680 °F) showing peaks from both f’ and £” phases 
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1670 °F) horizontal. The theoretical treatment of such a tendency is 
given by Ricci (11). With this tendency to be considered, experimental 
investigation of the region of the system near 900°C (1650°F) and 
30% zirconium was undertaken. Rogers (12) confirmed the presence 
f a horizontal at 910 °C (1670 °F) by electrical resistivity measure- 
ments but failed to detect evidence for a solid immiscibility loop 
ibove it. Likewise, attempts at retaining a two-phase microstructure 
by quenching alloys from just above the horizontal failed to yield evi- 


lence for such a loop. 
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Finally studies were undertaken with the aid of a high temperature 
x-ray camera to identify the phase or phases present just above the 
horizontal. Examination of a 29.7% zirconium alloy at six different 
temperatures from 887 to 955°C (1630-1750 °F) revealed phase re- 
lationships which indicated that a region of solid immiscibility does 
exist about this horizontal. A typical x-ray diffraction pattern of the 
29.7% zirconium alloy taken at 914°C (1680°F) is shown in Fig. 
8a. This pattern shows clearly reflections from two BCC phases differ- 
ing only slightly in lattice constant. The data in Table IV show how 
the lattice constant of these phases become more nearly equal as the 








Table IV 
Lattice Constants of BCC Phases 





Alloy Composition Temperature °C nr inA 
% Zirconium 


15.73 959 
15.73 928 
15.73 
15.73 
15.73 


Se 


24 

29.69 
29.69 
29.69 
29.69 
29.69 
29.69 
34.46 
40.85 
40.85 
50.95 
50.95 
50.95 
50.95 








temperature is raised and finally merge into one BCC phase at 955 °C 
(1750 °F) with a lattice constant value lying somewhere between those 
of the two phases observed within the loop. This is illustrated by the 
other diffraction pattern in Fig. 8b. An enlargement of this portion of 
the system is shown in Fig. 9 and includes the lattice constants of the 
phases at the various temperatures together with points indicating the 
temperature at which one of the phases disappears upon heating and 
reappears upon cooling. 


Terminal Solid Solubility at Room Temperature 


The solid solubility of zirconium in thorium at room temperatur 
was estimated from a plot of lattice constant versus per cent zirconium. 
The lattice constants were calculated from diffraction patterns taken 
with a precision back-reflection type camera and were considered to 
be reproducible to +0.0005 A. The graphical plot is shown in Fig. 6 
in which the solubility limit lies at approximately 2% zirconium. 

Similar work done on the zirconium end of the system places the 


A 


limit of solid solubility of thorium in zirconium at 0.5% thorium or 
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Table V 
Zirconium Lattice Constants 


Alloy 1 in A 
Composition % Zirconium 
0 
0.5 
3.83 




















Fig. 9—Enlarged t f Solid Immiscibility Loop in Thorium 
Zirconium System Showing Lattice Constants of Different BCC Phases 


+ 


at Various Temperatures. 


less. The data listed in Table V show a decrease in the “a” value and 
increase in the “c”’ value upon the addition of small amounts of thorium 
) zirconium. 


THoriuM-HAFNIUM SYSTEM 

A phase diagram is proposed for the thorium-hafnium alloy system * 
as presented in Fig. 10. This diagram is based on data obtained from 
electrical resistance measurements, thermal analysis, x-ray investiga- 
tions and the examination of microstructures. There is a eutectic re- 
ction occurring at 1450°C (2640°F) and 25.7% hafnium and a 
eutectoid reaction occurring at 1295 °C (2360°F) and at 8.9% haf- 
nium. An inverse peritectic is postulated to occur at 1600 °C (2910 °F) 
ind 96% hafnium. 


Electrical Resistance and Cooling Curve Data 


Electrical resistance versus temperature curves show clearly that 
there is a phase transition in the binary alloys at 1295 °C (2 
ndicated by a discontinuity in the resistance curves on a 


360 °F) as 
ll alloys of 
mpositions between 5 and 98% hafnium. The magnitude of the 


* This work is reported in greater t in the M S. thesis of B. A. Loomis, rt 
nium Phase Diagram,” Iowa State College Library, Ames, Iowa. 
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break increased with decreasing hafnium content of the alloy. These 
data are shown as plotted points in Fig. 10. There is another break 
in the resistance-temperature curves at 1450 °C (2640°F) occurring 
in most of the alloys studied, and one in hafnium-rich alloys at 1600 °C 
(2910 °F). An abrupt change in resistance was also observed in the 
unalloyed hafnium at 1735 °C (3155 °F), which was considered to be 


Atomic % Hafnium 
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Fig. 10—Plot of Data and Proposed Thorium-Hafnium Phase Diagram. 


associated with the a to 8 transformation in hafnium metal. A similar 
transformation in thorium at 1400+ 25°C has been reported by 
Chiotti (13). 

A large thermal arrest was observed at about 1300 °C (2370 °F) in 
differential heating and cooling curves and a second arrest was detected 
at the 1450°C (2640 °F) temperature horizontal in alloys containing 
47.8, 65.4 and 77.6% hafnium. These data are likewise plotted in Fig 
10. 


Eutectic Reaction 


Microstructures and thermal analyses of as-arc-melted alloys indi 
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ited that there was a eutectic reaction occurring at 1450 °C (2640 °F) 
ind at a composition of 25.7% hafnium. Fig. 11 is a photomicrograph 
if the 25.7% hafnium eutectic alloy and Fig. 12 of an 80.0% hafnium 
alloy showing primary hafnium in a eutectic matrix. A 16.3% hafnium 
alloy (Fig. 13) contains primary transformed 8 thorium solid solution 
plus a small amount of eutectic. On the basis of this and other micro- 
scopic evidence the solubility limit of hafnium in 8 thorium has been 
placed at 13% hafnium at the eutectic temperature. This coincides with 
the point of intersection of the solidus curve and the eutectic horizontal 
as determined from melting point observations (see Fig. 10). 


Eutectoid Reaction 

A eutectoid reaction occurs at 1295 °C (2360 °F) in which @ thorium 
solid solution containing 8.9% hafnium decomposes into a (Hf) plus 
a (Th). In addition to the evidence from electrical resistance and cool- 
ing curve data there is microscopic evidence for the existence of the 
eutectoid reaction. Fig. 14 is a photomicrograph of a 9.9% hafnium 
illoy whose composition is near that of the eutectoid. This same alloy 
is shown in Fig. 15 after quenching from 1370°C (2500 °F ) above the 
eutectoid horizontal, and in which there now appears to be 8 (Th) plus 
a small amount of primary a (Hf). As can be seen from Fig. 10 sev- 
eral alloys were examined microscopically after quenching from the 
various phase regions and from different temperatures in the vicinity 
of the eutectoid. 

Evidence for the 8(Th) plus a(Hf) region in the system is the 
microscopic appearance of alloys which were annealed and quenched 
from this region. A typical structure is that of a 57.7% hafnium alloy 
shown in Fig. 16 as quenched from 1430 °C (2600 °F). Approximately 
equal areas of the phases identified as 8 (Th) and a (Hf) are present 
in this alloy. The prolonged annealing prior to quenching has elimi- 
nated all of the eutectic structure of the alloy. 


Evidence for the presence of an inverse peritectic reaction is some- 
what inconclusive and therefore is represented by dashed lines in the 
proposed diagram. This reaction proceeds upon cooling according to 
the following reaction : 

1600 °C 
8(H£) Solid Solution ———> Melt + a( Hf 


\s was described earlier, electrical resistance data indicated the pres- 
nce of a horizontal at 1600 °C (2910 °F) in hafnium-rich alloys which 
is somewhat lower than the 1735°C (3155 °F) resistance break ob 
served in unalloyed hafnium. High temperature x-ray investigation of 
rystal bar hafnium and thorium-hafnium alloys containing 94.7, 91.4 
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Fig. 11—25.7% Hafnium ae, As oromahed, Complete eutectic structure. Etchant 
ycerine- TOs. X 500. 


Fig. 12—80.0% Hafnium Alloy. As arc-melted. Primary a at Gow small amount 
eutectic. Etchant: Glycerine-HF-HNOs. x 500 


Fig. 13—16.3% Hafnium Alloy. As arc-melted. Transformed 8 (Th) plus eutectic along grait 
boundaries. Etchant: Glycerine-HF-HNOs. x 500. 


and 69.6% hafnium revealed that all three alloys contained the hexa 
gonal, a (Hf), phase up to 1450 °C (2640 °F). 
The alpha phase was present up to 1500 °C (2730°F) in pure haf- 
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9.9% Hafnium Alloy. Slow cooled from 1425 to 1260 °C (2600 t 
x 250. 


Fig. 14 
eutectoid matrix. Electrolytic etch 
B (Th) plus small amount of a (Hf). 


(small globular areas) 





from 1370 °C. 
olytic etch. X 250 
Annealed and quenched from 143 

f a (Hf). Etchant: Glycerine-H 


Fig. 15—9.9% Hafnium Alloy. Quen 
El 

57.7% Hafnium Alloy 0 *< 2605 °F). Clear 

F-HNOs X 25 


16 
as of 8 (Th) in a matrix 


are 
nium, the upper limit of the high temperature camera employed in this 
investigation. A 96.4% hafnium alloy was quenched from 1630 °C 

2965 °F ) above the horizontal, which as can be seen from Fig. 17 was 
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Fig. 17—96.4% Hafnium Alloy. Quenched from 1630°C (2965 °F). Transforme 
B (Hf). Etchant: Glycerine-HF-HNOs. X 250. 


Fig. 18—96.4% Hafnium Alloy. Quenched from 1475 °C (2685 °F). Grains of a (Hf 
surrounded by quenched melt. Etchant: Glycerine-HF-HNOs. x 250. 
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Fig. 19—Plot of Lattice Constant of a (Th) Against Hafnium Content 
for Alloys at Room Temperature. 


from within a one-phase region. However, when this same alloy was 
quenched from 1475 °C (2965 °F), a temperature below the horizontal, 
it contained two phases (Fig. 18) interpreted as a hafnium surrounded 
by quenched liquid. A 94.7 and 97.5% hafnium alloy also exhibited 
this difference in microstructure when quenched frony above and below 
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e 1600 °C (2910 °F) horizontal. On the basis of the above data an 
nverse peritectic has been postulated at a composition of about 96% 
afnium and at a temperature of 1600 °C (2910 °F). 


Terminal Solid Solubility 


[he maximum solubility of hafnium in a thorium at room tempera 
: | 


ture was estimated at 5% hafnium from a plot of lattice constant versus 
mposition as is shown in Fig. 19. The solubility limit at higher tem- 

















um Equilibrium Diagram 
eratures was estimated from microstructures of quenched specimens 
The lattice constants of the a (Hf) phase in a 94.7% hafnium al 
vere a = 3.202 Aandc 5.061 A. The corresponding lattice constants 


re determined to be a 3.197 A and 


] 
1O* 
{ the crystal bar hafnium we 


5.057 A. Since the addition of thorium has such a slight effect upon 
the lattice constants of a hafnium, solid solubility of thori 


1um in hafnium 
t room temperature is considered to be insignificant. However, micro 


structures of alloys quenched from elevated temperatures indicate that 
ere is appreciable solubility, perhaps as high as 2% thorium, at the 
itectic and eutectoid temperatures 
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Phase diagrams have been proposed for both the thorium-hafnium 


and thorium-zirconium systems and are shown in Figs. 20 and 21. 


‘ 
\t 


first glance, the systems would appear to be very dissimilar contrary 
to the expected analogous alloying behaviour of zirconium and hafnium 
as was discussed in a preceding section of this paper. However, upon 
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Fig. 21—Thorium-Hafnium Equilibrium Diagram. 





closer examination several similarities become apparent. Both systems 
show minima in their melting curves, lowering of the thorium trans 
formation by either monotectoid or eutectoid formation and limited 
terminal solid solubility in 8 thorium. Furthermore, if one could ex 
pand the ~’ + ” solid immiscibility loop in the thorium-zirconium 
system to such a size that it intersected the solidus, this system would 
then closely resemble the proposed thorium-hafnium. The principal dif 
ferences would thus appear to be in the size of the solid immiscibility 
loop above the eutectoid horizontal and in the relative stability of the 
hexagonal phase in the two systems. 

A factor which could explain the difference in the extent of solid 
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Table VI 
Atomic Radii and Percentile Differences in Thorium, Hafnium and Zirconium 

Metal Couple Atomic Radii Percentile Difference 
r re R 

FCC Thorium-HCP Zirconium 1.79 1.61 10.6 

CC Thorium-BCC Zirconium 1.78 1.56 13.1 

FCC Thorium-HCP Hafnium 1.79 1.60 11.2 

BCC Thorium-BCC Hafnium 1.78 1.52 iSs.8 

HCP Zirconium-HCP Hafnium 1.61 1.60 0.6 


solubility between the BCC lattices in the two systems is the atomic size 
factor. While there appears to be little, if any, difference in the relative 
size of the zirconium and hafnium atoms in the room temperature crystal 
attice, as listed in Table I, there may be considerable difference in their 
relative sizes in the high-temperature lattice. Duwez (2) has estimated 
the high-temperature lattice constant of hafnium to be 3.50 A consider 

ibly smaller than the value of 3.61 A reported for zirconium. Duwez’s 
value was obtained by extrapolation across a two-phase region of the 
hafnium-columbium alloy system, but it is probably a fairly good ap- 
proximation. If these lattice constants are used to calculate the atomic 
radii for BCC hafnium and zirconium, the percentile difference in 
atomic radii shown in Table VI are obtained. The percentile difference, 
R, is defined by the relation 


R 100 (ri — rs) /Teveg 


where r; and rg are the atomic radii of the respective components in 
the system and rayg is the arithmetic mean. 

The atomic radii of BCC thorium and BCC zirconium differ by only 
13.1% which is well below the maximum difference of 15% set forth 
by Hume-Rothery as a condition for complete miscibility between iso- 
morphous crystals. On the other hand, BCC thorium and BCC hafnium 
differ in their atomic radii by 15.8% and thus exceed the limiting con- 
litions for complete solid solubility. Hence, if Hume-Rothery’s rule is 
applied rigorously to these two systems it would explain the differences 
in extent of solid solubility between the high temperature crystal forms. 

Another factor which undoubtedly contributes to the dissimilarity 
in the systems is the pronounced difference in the transformation tem- 
peratures of hafnium and zirconium. Whereas the melting point of 
hafnium is only slightly higher than that of zirconium, its transforma- 
tion temperature is twice that of zirconium. This higher transformation 
temperature opposes the stabilization of 8 hafnium by eutectoid forma- 
tion as occurs in the thorium-zirconium system which probably results 
in the somewhat analogous inverse peritectic reaction in thorium 


hafnium alloys. 


SUM MARY 


Phase diagrams of the thorium-zirconium and thorium-hafnium sys 
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tems were constructed on the basis of electrical resistance, thermal, 
microscopic and x-ray evidence. The characteristic features of th 
thorium-zirconium system are as follows: 


1. There is a minimum in the solidus curve at 1350 °C (2460 °F 
at a composition of 25% zirconium. 

2. A monotectoid reaction occurs at 910°C (1670°F) and at 
25% zirconium. A solid immiscibility loop lies above the 910 °¢ 
hesinontal and extends from 25 to 37% zirconium. 


3. There is a eutectoid at 650 °C (1200 °F) and 69% zirconium 


The salient features of the thorium-hafinium system were established 
as follows: 


1. A eutectic reaction occurs at 1450 °C (2640°F) and 25.7° 
hafnium. 

2. A eutectoid reaction occurs at 1295 °C (2360°F) and 8.9% 
hafnium. 

3. An inverse peritectic reaction is postulated at 1600°C 
(2910 °F) and 96% hafnium. 

4. The limit of solubility of hafnium in a thorium at temperatures 
below 650 °C is 4.9% hafnium. 
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GRAIN GROWTH AND RECRYSTALLIZATION 
STUDIES ON COMMERCIAL TITANIUM, 
RC-55, AND ALLOY, Ti-100A 


By E. L. BartHotomew, Jr. 


Abstract 


The influences of prior to deformation grain size, amount 
of cold deformation, annealing temperature and time on the 
grain size of cold-worked and annealed titanium (RC-55) 
and alloy (Ti-100A) were investigated. Isothermal anneal- 
ing of cold-rolled titanium (RC-55) was also carried out 
to establish recrystallization rates and to investigate grain 
growth in the absence of recrystallization. 

Both titanium (RC-55) and alloy (Ti-100A) exhibit ex- 
cessive coarsening tendencies when annealed following a 
critical amount of plastic deformation. Annealing temper- 
ature and prior to deformation grain size are shown to 
influence the magnitude of this coarsening. The grain 
coarsening is attributed to strain induced boundary migra- 
tion. The activation energies for 30 to 70% recrystallization 
of 30% cold-rolled RC-55 are in the range, 74 to 79 K 
cal./g. atom. The activation energies for 30 to 70% trans- 
formation to coarsened structure by strain-induced bound- 
ary migration of 12% cold-rolled RC-55 are in the range, 
33 to 35 K. cal./g. atom. (ASM International Classifica- 
tion N3, N5, 2-14, 3-18; Ti) 


INTRODUCTION 


HE LARGE crystal size frequently developed in metals and alloys 

which have been annealed following a small amount of plastic 
deformation (critical deformation) has been the object of numerous 
investigations (1,2,3)." 

Extensive fabrication of titanium and its alloys by cold forming 
methods like rolling, deep drawing, stretch forming and wire drawing 
is anticipated. The required annealing attendant to these operations 
can well be expected to embrace occasionally those critical conditions 
leading to crystal sizes which might be prohibitively large in view of 


‘This study was supported by the Ordnance Corps, under cognizance of Springfield Ordnance 
District, with technical supervision by the Watertown Arsenal Labonatory. 


! The figures appearing in parentheses pertain to the references appended to this paper. 
A paper presented before the Thirty-Ninth Annual Convention of the Society, 
held in Chicago, November 4-8, 1957. The author, E. L. Bartholomew, Jr., is 


professor of Mechanical Engineering, University of Connecticut, Storrs, Con- 
necticut. Manuscript received November 20, 1956. 
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either subsequent forming operations or service requirements. For 
these reasons it appeared desirable to evaluate the annealing behavior 
of titanium with respect to critical deformation in the hope that result- 
ing information could be of some value in guiding fabrication pro- 
cedures. 


[.X PERIMENTAL 


Grain size studies were made on commercial purity sponge titanium, 
RC-55 and commercial Ti-100A, having the following chemical analy- 


S1S: 

RC-55 Ti-100A 
Carbon 0.08 0.036 
Nitrogen 0.049 0.054 
Iron 0.08 0.20 
Silicon 0.03 0.04 
Tungsten 0.144 0.010 
Oxygen 0.121 0.169 


Annealing temperature, annealing time, prior to deformation grain 
size and magnitude of cold working below and above that of the ob- 
served critical deformation were all varied to evaluate their influence 
on resulting annealed grain size. Details of these experiments on grain 
size behavior are summarized in Table I. 

Table II indicates the corresponding details of experimentation in 
conjunction with isothermal annealing of RC-55. 


RESULTS AND DISCUSSION OF GRAIN SIZE STUDIES 
Rolled-Annealed RC-55 and Ti-100A 


The results of cold rolling and annealing RC-55 and Ti-100A. of 


Table I 
Summary of Experiments Carried Out on Titanium, 
RC-55 and Alloy, Ti-100A 


Grain Size Studies 
Deformation Ranges Annealing Temperatures Annealing Times 


RC-55—FINE PRIOR CRYSTAL SIZE—COLD-ROLLED 


3% to 30% | »t 1500 °F inclusive at % hour 1% hours, hours 
Reduction in thickness l F intervals 


RC-55—COARSE PRIOR CRYSTAL SIZE—COLD-ROLLED 
3% to 40% 1200 to 1500 °F inclusive at ] hours 
Reduction in thickness ] F intervals 


Ti-100A—FINE PRIOR CRYSTAL SIZE—COLD-ROLLED 


3% to 35% 11 to 1500 °F inclusive at 
Reduction in thickness F intervals 


ri-100A—COARSE PRIOR CRYSTAL SIZE—COLD-ROLLED 


3% to 35% 12 to 1500 °F inclusive at 1% hours 
Reduction in thickness l F intervals 
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Table Il 
Summary of Experiments Carried Out on Titanium, RC-55 





Isothermal Annealing 
RC-55—FINE PRIOR CRYSTAL SIZE—COLD-ROLLED 
Deformation Annealing Temperatures °F Annealing Times 


12% Reduction in thickness 1200, 1300, 140% 10 seconds through 2% hours 





30% Reduction in thickness 1100, 1200, 1300 10 seconds through 3 hours 


fine prior to rolling crystal size intended to show the influence of an- 
nealing temperature, annealing time and magnitude of cold rolling on 
the final annealed grain size are given in plot form in Fig. 1 through 
Fig. 6. With reference to these plots, it will be noted that more scatter 
of datum points is found in the deformation range between the critical 
deformation and about 20% deformation. In this range crystal sizes 
were mixed. 

Representative photomicrographs of structural changes observed in 
Ti-100A are shown in Figs. 7, 8, and 9. While these structures are for 
Ti-100A, identical structural changes were encountered in RC-55. 

The beginning of coarsening was experienced in all cases at de 
formations below the critical deformation. The level of critical de- 
formation coincides with the datum points for peak crystal sizes. This 
partial coarsening represented in Fig. 9 necessarily led to a grossly 
mixed crystal size such that evaluations were meaningless. Conse 
quently, all curves are dotted from the largest deformation at which 
no evidence of coarsening at center section was found to the peak 
values of crystal size where the structure was noted to be essentially 
completely coarsened. 

The use of a single curve to represent grain size as a function of 
deformation for all annealing temperatures and times beyond deforma 
tions of approximately 16% suggests that resulting grain size is a 
function of deformation only. Channon and Walker (4) report a sim- 
ilar finding in connection with their recrystallization studies on alpha 
brass. 


Microstructures 

Fig. 8 is typical of as received structure in Ti-100A and representa 
tive of prior to rolling structure in RC-55. Comparison of Fig. 8 with 
Fig. 7 gives a representative indication of the structural change ob 
served as a result of annealing critically deformed RC-55 and Ti 
100A. 

Particular attention is invited to Fig. 7 and the irregularly shaped 
crystals shown which were experienced in both RC-55 and Ti-100A 
in this deformation range. The boundaries are curved and highly ir 
regular ; a condition normally found in cases of grain boundary migra 
tion and not usually associated with recrystallization. Annealed struc 
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tures noted in the deformation range between the critical deformation 
and approximately 20% were seen to consist of a mixture of curved 
boundary crystals and straight sided crystals. Above 20% deforma 
tion crystals were typical of recrystallized structure and were of ap- 
pearance typified in Fig. 8 

Strain induced growth in the absence of recry stallization has been 
observed in brass by Maddigan and Blank (5), by Burke and Shiau 
(6) and in aluminum by Beck and Sperry (7). It is proposed that 
strain induced boundary migration could be the mechanism by which 
the structure shown in Fig. 7 is developed. In order to shed more light 
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Fig. 3—Effect of Annealing Temperature and Amount of Deformation 
by Cold Rolling on Average Crystal Diameter of RC-55. Fine prior 
grain size. Annealing time 3 hours. 
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Fig. 4—Effect of Annealing Temperature and Amount of Deformation 
by Cold Rolling on Average Crystal Diameter of Ti-100A. Fine prior 
grain size. Annealing time % hour 
on this behavior, the isothermal annealing of RC-55 was undertaken. 
The results of this work are to be discussed later in this paper. 


Effect of Large Prior to Rolling Grain Size 
Large prior to rolling crystal size in RC-55 was developed by sub- 
jecting the as received stock to a rolling and annealing treatment which 
according to earlier work should develop a grain size of 0.090 milli- 
meters at X 1. Samples of this metal so treated were evaluated and the 
resulting grain size was found to be between 0.080 and 0.093 milli- 
meters at * 1. 
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ig. 6—Effect of Annealing Temperature and Amount of Def rmation 
by Cold Rolling on Average Crystal Diameter of Ti-100A. Fine prior 
rair Annealing time 3 hours. 


When a series of these coarse grain size specimens was rolled and 
annealed as listed in Table I and evaluated, no significant coarsening 
was observed. 

\ definite refinement in grain size, however, was measured above 
deformations of approximately 20%. Microstructures in this deforma 
tion range showed evidence of recrystallization. 

Since results of roll-anneal experiments on the large grain size 
RC-55 indicated that a prior to rolling grain size could be large 
enough to preclude coarsening at deformations less than those result 
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Table Ill 
Comparison of Grain Size Behavior in Rolled Annealed Ti-100A of Pine and 
Large Prior to Rolling Grain Size 





Ti-100A—Average prior to rolling grain size—0.020 to 0.025 mm. at X 1 





Annealing Max. Ave. Critical Deformatior 
Temp.* Grain Diameter at max. grain diamete 
oO a c J ] } 
mm. at x 1 ® Reduction in thicknes 


1500 0.10 
1400 0.10 
1300 0.071 
1200 0.064 


Ti-100A——Average prior to rolling grain size—0.049 mm, at X 1 


Annealing Max. Ave Critical Deformatior 
Temp.* Grain Diameter it max. grain diamete 
°F mm. at X 1 © Reduction in thickness 
1500 0.084 
1400 0.068 
1300 0.070 
1200 0.056 


All annealing for a period of 1% hours. 


ing in recrystallization, the alloy, Ti-100A, of an intermediate grain 
size was then rolled and annealed as reported in Table |. The salient 
features of these results are summarized and compared with fine prior 
to rolling grain size data in Table III. They are seen to be in accord 
ance with the behavior predicted by thermodynamic analysis. 


RESULTS AND DiscussiIon—ISOTHERMAL ANNEALING OF RC-55 

In view of the consistent evidence of grain growth without recrystal 
lization discussed in the preceding, isothermal anneals of cold-rolled 
RC-55, outlined in Table II, were carried out. Fig. 10 shows the iso 
thermal recrystallization curves for RC-55 cold-rolled 30% reduction 
in thickness and annealed at 1100, 1200 and 1300 °F. Plots of the times 
for 30, 50 and 70% recrystallization as a function of the reciprocal 
absolute annealing temperature are given in Fig. 12. The correspond 
ing rate curves for RC-55 cold-rolled 12% reduction in thickness and 
annealed 1200, 1300 and 1400°F are shown in Fig. 11. Natural 
logarithms of times for 30, 50 and 70% transformation to coarsé 
crystals as a function of reciprocal absolute temperature for this 12% 
cold-rolled and annealed series are also plotted in Fig. 12. 

Fig. 13 is representative of the microstructure in RC-55 after 30% 
cold rolling. Fig. 14 shows a partial transformation of this cold-rolled 
structure after 1200 seconds at 1100°F. The much smaller equiaxed 
crystals in the transformed areas are typical of those encountered in 
metals undergoing what has been customarily referred to as recrystal 
lization. 

Fig. 15 shows RC-55 after a cold rolling of 12%. Fig. 16 is taken 
from one of these specimens after annealing for 720 seconds at 1200 °F 
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low alloy content binary titanium alloys. The corresponding activation 
energy calculated for the 12% cold-rolled and annealed RC-55 is 35 K 
cal./gm. atom at 30 and 50% transformation and 33 K cal./gm. atom 
at 70% transformation. It is believed that considerable significance 
can be attached to these differences in activation energy vaiues. There 
is little doubt that the process by which the transformation pictured 
in Fig. 14 has taken place is by what is customarily known as recrys- 
tallization. Thus, 74-79 K cal./gm. atom represents the activation 
energy of recrystallization for 30% cold-rolled RC-55. If the process 
by which transformation.during annealing following a 12% cold rolling 
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is also recrystallization, then the corresponding activation energ) 
should be higher. The fact that it is considerably lower suggests that 
a transformation mechanism other than recrystallization is operative 
It is believed that this value represents the activation energy for strain 
induced grain boundary migration. 

That recrystallization of the titanium does not appear to proceed 
spontaneously when annealing follows small deformations, while 
boundary migration does, may be analyzed in terms of the related 
general thermodynamics. A small fraction of the total work expended 
in cold rolling a metal is stored within it as strain energy (9). When 
annealing temperatures provide sufficient atomic mobility, this stored 
energy accounts for the diminution in free energy accompanying the 
transformation, be it boundary migration or nucleation and growth in 
the recrystallization reaction. In recrystallization the formation of a 
relatively strain-free nucleus is accompanied by the formation of a 
new surface between it and the strained matrix. This means that the 
net free energy of recrystallization consists in a summation of energy 
terms, one of which is positive, representing the increase in free energy 
of new surface. It is true that the increasing curvature of boundaries 
during strain induced boundary migration represents an increase in 
interfacial free energy. However, it is probable that the magnitude of 
the former is greater than the latter when many nuclei form. Thus, 
stored energy resulting from critical deformations may be high enough 
to offset the positive interfacial energy change associated with bound 
ary migration but not sufficient to offset the higher interfacial energy 
involved in nucleus formation. If the stored energy increase with in- 
creasing deformation is gradual enough, as appears to be the case with 
titanium, the deformation ranges in which either process may occur are 
correspondingly separated and either may be made to operate exclu- 
sively of the other. 


CONCLUSIONS 


The following statements summarize the results of experiments re 
ported in this paper : 


1. RC-55 and Ti-100A of fine prior to deformation grain size 
exhibit excessive coarsening when cold-rolled to a given level 
of so-called critical deformation and subsequently annealed. 
Prior to rolling grain size and annealing temperature influence 
the magnitude of both the critical deformation and the peak 
crystal size. 

2. Titanium, RC-55 when critically deformed (8-12% reduc 
tion in thickness by cold rolling) and subsequently annealed, 
develops a structure of large irregularly shaped crystals by the 
process of strain-induced boundary migration. Normal re 
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crystallization takes place when annealing follows cold rolling 
in excess of 20% reduction in thickness. 

3. The activation energies for 30 to 70% recrystallization of 30% 
cold-rolled RC-55 titanium are in the range, 74 to 79 K 
cal./gm. atom. The activation energies for 30 to 70% trans- 
formation by strain-induced boundary migration of 12% cold- 
rolled RC-55 titanium are in the range, 33 to 35 K cal./gm. 
atom. 
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DISCUSSION 
Written Discussion: By H. P. Leighly, research metallurgist, Denver Research 
titute, Denver, Colorado. 
lhe author presents some interesting ideas, however some doubts are raised 


a result of the data presented. Leighly and Walker’ found in commercially 


re titanium, corresponding to RC-55, that the activation energies for recrystalli 
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zation after 0.15, 0.30, 0.38 and 0.60, fractional reductions in thickness to be 39.4, 
38.9, 37.4 and 36.3 k cal/mole which are in general agreement with results of 
Bartholomew’s 12% deformation which, however, disagrees completely with his 
30% deformation results. The reason for such a large variation is difficult to 
discern and such a variation is quite unusual. Would the author describe in detail 
the method used to measure the fraction recrystallized? 

In the case of the large grains in the 12% deformation, it seems doubtful that 
they could result from strain induced boundary migration for two reasons. In 
the case of the references cited,*** the materials used were of very high purity 
and secondly, deformation of the specimen was by elongation. Elongation is 
probably less severe deformation than cold rolling. I suggest that actually the 
author is examining instances of coarsening, resulting from recrystallization near 
the critical deformation and that with less deformation he should: get larger and 
larger grain size until, at least in theory, he should achieve a single crystal such as 
might result from the strain anneal method for producing single crystals. Leighly 
and Walker * found no instances of unusually large nonuniform grain size in 15% 
cold-rolled specimens. Would the author elaborate on the discussion of the coarsen 
ing phenomenon inasmuch as this disagrees with the classical representation of 
recrystallized grain size* after various amounts of deformation. 

It is unfortunate that the data presented in Figs. 1 through 6 give the grain 
size after a finite annealing time period (meaning recrystallization and grain 
growth) rather than recrystallized grain size. Data presenting the recrystallized 
grain size as a function of deformation might either confirm or deny the accuracy 
of the equations derived by Leighly, Walker and Marx. 


Author’s Reply 


The reason for the large difference in recrystallization activation energies be 


tween those reported in this paper and those reported by Dr. Leighly may well 
be found in any or a combination of the following considerations : 


4 


1. Dr. Leighly’s values are computed on the basis of 100% recrystallization 

In view of the diminishing rate at which recrystallization approaches 
completion, uncertainty as to the difference between samples which still 
contain a small fraction of distorted metal and one in which distorted 
metal has “just” disappeared can lead to substantial uncertainty in the 
time for 100% recrystallization. 
Deformation by cold rolling is heterogeneous. Because of this, all evalua 
tions leading to data reported in this paper were made longitudinally at 
a location midway to the nearest 0.01 inch between roll contact surfaces 
of the sample. At small reductions where large irregularly shaped crys 
tals were experienced in the mid-thickness, outer layers near the rolled 
surfaces were frequently observed to consist of completely recrystallized 
fine grained metal. 
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Alpha Brass,” Transactions, American Institute of Mining and Metallurgical Engineers, Vol 
175, 1948, p. 141. 
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of 70-30 Brass,"’ Transactions, American Institute of Mining and Metallurgical Engineers, 
Vol. 137, 1940, p. 170. 

5P. A. Beck and P. R. Sperry, “Strain-Induced Boundary Migration in High Purity 
Aluminum,” Journal of Applied Physics, Vol. 211, 1950, p. 150 

*R. F. Mehl, “Recrystallization,”” American Society for Metals—Metals Handbooks, 1948, 
p. 259. ; 

7H. P. Leighly, H. L. Walker and J. W. Marx, “Recrystallization and Stored Energy,” 
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3. Initial grain size is known to have a substantial influence on the activa 
tion energy of recrystallization, larger initial grain sizes leading to higher 
[he initial grain size of the titanium used 


values of activation energy. 7 
at least twice that of the titanium on 


in the reported experiments is 
which Dr. Leighly’s values are based. 


he method used to measure fraction recrystallized as well as fraction coarsened 


undard. Twenty direct projection photographs were taken per sample at mid 

[ransformed areas were outlined within a 10 
square inch circle and planimetered. Each point on the isothermal transformation 
irves is the mean of twenty such evaluations. Duplicate runs evaluated by hard 


kness to the nearest 0.01 inch 


ess measurements as well as hardness readings on metallographic samples showed 


reasonable agreement 
t is well known that insolubles block or retard boundary migration. On the 
her hand, critical dispersions have been found to lead to “exaggerated” growth 
any case, it should be pointed out that large crystals as postulated by the classi 
minimum nuclei theory must in their growth still surmount such impurity 
hstacles. At small reductions where critical coarsening is experienced, the driv- 
orce for growth from strain energy differences should not favor growth from 
boundary migrations. 


ing I 
nuclei or subgrains more than grair 

While not included in this paper by reason of space limitations, the writer has 
photographs of 12% reduced titanium which photographs of identical crystals be 


re and after annealing show “ghosts” of original boundaries measurably dis- 
placed from final boundaries. Since normal grain growth could not accomplish 
displacements evidenced here in the short time of 210 seconds and in view of 


of having moved away from their centers 


, 
the 


the fact that boundaries show evidence 


f curvature, it appeared reasonable to postulate a strain induced migration 





MECHANICAL PROPERTIES AND HEAT 
TREATMENT OF TITANIUM-NIOBIUM ALLOYS 


By L. W. Bercer, D. N. WiLLiaMs AND R. I. JAFFEE 


Abstract 


Niobium has a relatively strong solid-solution strengthen 
ing effect in alpha titanium. However, beta titanium stabi- 
lized by niobium is very soft and ductile and about equal in 
strength to unalloyed titanium. Properties of beta-quenched 
alloys show minimum yield strength, maximum tensile 
strength, and maximum uniform elongation at about 35% 
niobium. Strain-transformed martensite was observed in 
alloys containing 25 to 40% niobium. The beta alloys with 
50 or more % niobium are mechanically stable and have 
characteristically low uniform elongation and small spread 
between yield and ultimate strengths. There is no increase 
in hardness associated with martensite formation in Ti-Nb 
alloys. However, mechanical properties of Ti-Nb alloys may 
be varied considerably by solution treatment in the alpha- 
beta field to control amount and composition of the retained 
beta, and alloys containing 20 to 35% niobium may be ap 
preciably hardened by quenching from the beta field fol- 
lowed by aging. (ASM International Classification Q gen- 


eral, J27a, J27d, Ti, Cb) 


INTRODUCTION 
ITH THE FUTURE availability of niobium (columbium 
looking more promising as a result of recent discoveries of ore 
deposits in the United States, Canada, and Africa, the outlook for ap- 
plications of the metal has changed drastically. Instead of seeking ways 
to conserve the metal, investigators are seriously considering niobium 
as a structural base material in its own right, chiefly for high 
temperature applications (1—3),' and as an alloying addition to other 
metals (4). One of the metals in which niobium might be a valuabl 
alloying element is titanium. In this paper, the results of studies of the 
mechanical properties of titanium-niobium alloys containing up to 70 
weight % niobium are described. 
Prior investigations have determined the constitution (5,6) an 
electrical properties (7) of the titanium-niobium alloys. On the basis 


' The figures appearing in parentheses pertain to the references appended to this pape 


A paper presented before the Thirty-Ninth Annual Convention of the Societ) 
held in Chicago, November 4-8, 1957. The authors, L. W. Berger, D. N. Williams 
and R. I. Jaffee, are associated with Battelle Memorial Institute, Columbus, Ohi 
Manuscript received April 12, 1957. 
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M-NIOBIUM 


elted and homogenized al! Hansen, et al (5), reported 
m-niobium phase diagram shown in Fig. 1. The phase diagram 
s a beta-isomorphous system with a limited solubility of niol 
1 titanium and a rz <tensive alpha-beta field. At 1100 
3% of niobium cz : dissolved in alpha, while the alpha-| 
extends from 3 to 5. 10bium. The beta transus of the titanium- 
system decreases onl lerately with increasing all 
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EXPERIMENTAL PROCEDURES 
Alloy Preparation 

A good grade of titanium sponge, of 120 to 140 Brinell hardness, and 
high purity niobium sheet, specified as 99.4% minimum purity, were 
used in this investigation. A typical analysis of the latter material is 
given in Table I. 

Binary alloys containing up to 70% niobium were prepared as 35- 
gram buttons by inert-electrode arc melting on a water-cooled copper 
hearth, using a static argon pressure of from 15 to 20 centimeters of 





Table I 
Typical Analysis of Niobium Sheet 





Content 
Element weight % 


Zirconium 0.5 
Tantalum <0.15 
Antimony <0.005 
Iron <0.005 
Magnesium <0.001 
Silicon <0.01 
Nickel 0.006 
Aluminum 0.002 
Titanium 0.002 
Silver 0.002 
Calcium 0.001 
Copper 0.003 
Manganese 0.001 
Carbon 0.04 
Nitrogen 0.06 
0.1 








mercury and a current of from 275 to 350 amperes. The copper hearth 
contained an elongated depression in which to hold the charge, which 
could be rocked from side to side during melting. This method pro- 
vided rapid homogenization of the melt by eliminating the need for re- 
peatedly opening the furnace in order to invert the ingots. The buttons 
were radiographed, and any ingots showing inhomogeneities were re 
melted until acceptable. Except for excessive spattering while melting 
the 60 and 70% niobium alloys, no difficulties in melting were encoun- 
tered. Spot checks on intended compositions of 3, 20, and 60% niobium 
analyzed 3.7, 19.1, and 60.9%, respectively, indicating relatively good 
agreement between nominal and actual compositions. 

The melted buttons were fabricated by forging in air at 1800 °F to 
approximately 34 inch square cross section, followed by rolling in air 
at 1300 or 1500 °F to 0.050-inch sheet. A 10% reduction in thickness 
per pass was used during the rolling operation. After fabrication to 
sheet, the alloys were surface cleaned by grit blasting in order to r 
move loose scale. Sufficient material for property evaluation was then 
heat treated prior to preparation into test samples. 





Heat 
heat treatments above 1300°F and all long-time treat 
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Table Il 
Hardness and Ductility of Annealed or Stabilized Titanium-Niobium Alloys 


Nominal Total 
Composition, Vickers Hardness Elongation Reduction 
wt % niobium (10-Kg Load) % in in Area 


(Balance Ti) As Cast Wrought“) 1 inch 
Rolled at 1500°F 
35 


None 146 151 q 
1.5 166 181 35 
3 165 188 32 
10 205 191 18 
15 242 197 13 
20 243 222 
25 207 207 
30 230 213 21 
161 28 
Rolled at 1300°F 
169 24 
168 38 
175 16 55 
210 42 
189 2 48 
189 1. 28 


The remainder of the alloys were equilibrated and stabilized by holding for one-half hour at 1300°! 
furnace cooling to 1100°F, holding one hour, and air cooling 
(») Fractured outside gage mark 


c 


shown in Fig. 2 and Table II. Samples containing up to 3% niobiun 
were annealed for 1 hour at 1100 °F, while the remainder of the alloys 
were equilibrated and stabilized by holding for 0.5 hour at 1300 °F 
furnace cooling to 1100 °F, holding for 1 hour, and air cooling. Data 
are given for two series of alloys, one rolled at 1500 °F and one rolled 
at 1300 °F. 

Titanium-niobium alloys are characterized by low strength and ex 
cellent bend ductility. Niobium added in small quantities is a very good 
alpha solid-solution strengthener. Additions of up to 3% niobium sig 
nificantly raise strength properties, have little effect on elongation, but 
lower reduction in area to some degree. Somewhere between 3 weighit 
% niobium and 5 to 10 weight % niobium there is a decline in strength 
Further additions, however, result in some alpha-beta strengthening 
until a maximum in tensile strength is reached at 25% niobium. This 
maximum is more pronounced in the alloys rolled at 1500 °F than i 
is in the alloys rolled at 1300 °F. 

Up to 20% niobium, strength and ductility parameters are fairl) 
parallel, but from 25 to 40% niobium significant differences are noted 
There is a considerable decline in yield strength with a much larger 
difference between tensile and yield and a noteworthy increase in uni 
form elongation, which is at a maximum at 35% nichium. These dif 
ferences are even more striking in the case of the beta-quenched alloys 
whose mechanical properties are presented in Fig. 3 and Table II! 
Here it can be seen that the beta-quenched Ti-35Nb alloy has maxi 
mum tensile strength, minimum yield strength, and maximum unifor 
and total elongation. The large gap between tensile and yield strengths 
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Table Ill 
Hardness and Bend Ductility of Beta-Quenched Titanium-Niobium Alloys Rolled 
at 1500°F 


Nominal : 
Composition Hardness Bend 
wt % niobium Load) Ductility 
Balance Ti) As Cast Wrought(a) I 


30 230 179 0 
35 164 155 0 
40 166 135 0 
50 153 138 0 
60 176 146 0 
70 169 159 0 


After rolling, the alloys were held for 2 rs at 1450°F and water-quenched 
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th attendant increase in uniform elongation is characteristic of strain 

induced martensite transformation, which has been observed in binary 

tantum-molybdenum alloys (8,9) as well as other titanium-base alloys 
{} 

lo verify the formation of strain-induced martensite, all the tensile 

tures of the binary alloys were examined microscopically and com 

d visually with unstrained material. The deformed structures of 
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Fig. 4—Strain-Induced Martensite in a Ti-35Nb Alloy Near a 
Hardness Impression. Etchant: 1.5% HF, 3.5% HNOs, 95% HeO 
600 
400 


200 an 


100 Ti-SNb(NOOPF, Air Cool )— 


a eater 


40F—*S< Ti-35 Nb (1450 °F, Water Quench) —— 


True Stress, a, |OOOpsi (Log Scale) 





0.001 0.01 0.1 
True Strain, 8, inch/inch (Log Scale) 


Fig. 5—Flow Curves for Ti-3Nb and Ti-35Nb Illustrating Mechanical Instability 
of the Beta Phase in the Ti-35Nb Alloy. 


Ti-25Nb, Ti-30Nb, Ti-35Nb, and Ti-40Nb all showed the presence of 
a strain-induced acicular phase, while alloys lower or higher in niobium 
did not. An example of the appearance of strain-induced martensite in 
a Ti-35Nb alloy is shown in Fig. 4. Another indication of mechanical 
instability of the beta phase may be found in the shape of the flow 
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curve (11), which deviates sharply from a straight line. Fig. 5 shows 
the ow curves of Ti-3Nb and Ti-35Nb, the former alloy being me- 
chanically stable and the latter alicv being mechanically unstable. 
The sharp upward slope of the Ti-35Nb curve (at 8 = 0.11) may be 
interpreted as due to work hardening of the alpha prime (martensite ) 
which had formed previously during the earlier flat portion of the 
curve. 

[he binary alloys from 50 to 70% niobium are characterized by 
low strength, high yield to ultimate strength ratio, very low uniform 
elongation, excellent bend ductility, and a relatively high reduction in 
wea, as Shown in Fig. 3 and Table III. These alloys are mechanically 
stable beta alloys with a very low degree of work-hardening capacity. 
During the tensile test, necking takes place very shortly after the onset 
of plastic deformation. 

It is interesting to note that the strengths of the stable beta alloys are 
about equal to that of the unalloyed titanium used in this investigation. 
The terminal alpha solid solution (Ti-3Nb), on the other hand, is con- 
siderably stronger than the soft beta alloys. 

The trend in the strengths of the entire series of alloys reported in 
this paper agree quite well with the unpublished results of Suiter (12), 
who investigated some five titanium-niobium alloys containing from 
10 to 65% niobium, which were tested after vacuum annealing for 16 
hours at 1200 °F. 


Microstructure 

Representative microstructures of binary titanium-niobium alloys are 
shown in Fig. 6. The structures shown are of alloys rolled at 1500°F 
and heat treated as indicated. Annealed Ti-1.5Nb is essentially all alpha, 
while stabilized Ti-1ONb is alpha-beta. The structure shown in Fig. 6b 
is typical of an alpha-beta alloy fabricated high in the alpha-beta field. 
The Ti-25Nb alloy (Fig. 6c), which was worked in the beta field and 
stabilized in the alpha-beta field, shows alpha plates in a beta matrix. 
Retention of the acicular alpha after annealing for some time in the 
alpha-beta field is indicative of the sluggishness of this alloy. 

On quenching Ti-30Nb from 1450°F, alpha prime (martensite) 
plus retained beta is obtained ( Fig. 6d), while the same heat treatment 
applied to Ti-SONb results in complete retention of beta ( Fig. 6e). The 
li-35Nb alloy showed very little alpha prime in a beta matrix, while 
the Ti-4ONb alloy was all beta after quenching from the beta field. 
ioth Ti-6ONb and Ti-70Nb as beta quenched show the fibrous and 
directional structure illustrated in Fig. 6f. On first observation. the 
tructure appears to be worked (not recrystallized). Deeper etching, 
however, brings out equiaxed beta grains, some of which can be seen 
in the structure, without removing the wavy appearance. It seems prob- 
ible that this effect may be caused by freezing segregation of niobium 
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Fig. 6—Representative Microstructures of Wrought ee anium-Niobium Binary Alloys 
(a). —Ti-1.5Nb—1 hour at 1100 °F, A.C.; (b)—Ti-10N % hour at 1300 °F, F.C. te 
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Fig. 7—Effect of Solution Treatment on the Mechanical 
Properties of Ti-20Nb 


in the as-cast material: Subsequent hot working apparently is unable 
, 


to even out compositional differences because of the sluggishness ot 


the alloys. 


Heat Treatment 


In the previous section, it was shown that beta-quenched alloys con- 
taining 30 to 40% niobium undergo strain transformation with a corre- 
sponding maximum uniform elongation at about 35% niobium. It is 
to be expected, therefore, that solution treatment of an alloy lower in 
niobium in the alpha-beta field so as to produce a beta phase of about 
% niobium will improve the uniform elongation of an alpha-beta 


45 


Table IV 
The Effect of Beta Quenching on the Hardness of Annealed or Stabilized 
Titanium-Niobium Alloys 


Nominal 


Composition 


r 


kers Hardness (10-Kg Load) 


wt % niobium 
Balance Ti Annealed or Stabilized Beta Quenched 

None 151 138 

1.5 181 170 

3 baba! 196 

10 191 212 

15 197 186 
20 22 190 
25 07 211 

30 13 ‘ 184 

35 161 151 

The unalloyed, 1.5, and 3% niobiur illoys were held for 1 hour at 1700°F and water- 


hed. All other alloys were quenched from 1550°F after being held at temperature for 1 hour 
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‘ig. 8—The Aging Repenee of Titanium-Niobium 1 a Alloys Quenched from 
1550 °F and Aged at 800 °F. 
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Fig. 9—The Aging Response of Titanium-Niobium Binary Alloys 
Quenched from 1550 °F and Aged at 900 °F. 


alloy. Tensile specimens of Ti-20Nb were solution heat treated at 1200, 
1225, 1250, and 1275 °F, which correspond at equilibrium to beta 
phase compositions of approximately 38, 35, 32, and 29% niobium, re- 
spectively. Samples were held initially at 1325 °F for 4 hours, furnace 
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cooled to the solution temperature, held for 16 hours, and then water- 
quenched. The results of these treatments are shown in Fig. 7. 

1200 and 1225 °F increase the uniform 


_es 


Solution treatments at both 
elongation of the equilibrated and stabilized Ti-20Nb alloy from 5% 
to 17 and 10%, respectively; the lower temperature resulting in the 
greater increase. For the samples evaluated, raising the solution tem- 
perature lowers the uniform elongation, but also results in considerable 
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10—-The Aging Response f Titanium-Niobium Binary Alloys 
Quenched from 1550 °F and Aged at 1000 °F 


strengthening. Raising the solution heat treatment temperature also re- 
sults in the formation of a greater amount of beta, which is leaner in 
niobium and not completely retained on quenching from the solution 
temperature. The solution studies further indicate that mechanical prop- 
erties of alloys in the 20% niobium range are quite sensitive to small 
differences in heat treatment and, probably, fabrication temperatures 
in the alpha-beta field. This sensitivity might well account for the dif- 
ferences in properties previously noted for alloys rolled at 1500 °F and 
1300 °F (see Fig. 2). 
In order to ascertain the possible hardening effect associated with the 
formation of martensite, previously annealed or stabilized samples con- 
taining up to 35% niobium were beta quenched and checked for hard- 
ness, as shown in Table IV. It is apparent from the data shown that 
here is no increase in hardness connected with martensite formation. 
lo explore the possibility of age hardening, alloys containing from 

5 to 50% niobium were quenched from the beta field and subsequently 
ged at 800, 900, and 1000 °F. The results of hardness measurements 
ade during aging are presented in Figs. 8, 9, and 10. Response to low- 


temperature aging is best at 800 °F and for alloys containing from 20 
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to 35% niobium. At 1000 °F, éveraging takes place quickly. With in- 
creased niobium content above 35%, the beta phase becomes increas- 
ingly more stable so that at 800 °F (Fig. 8), the Ti-50Nb alloy shows 
no response to aging for times up to 40 hours. This alloy is apparently 
both thermally and mechanically stable. At low niobium contents, up to 
15%, there is not sufficient stabilization of the beta phase, and no aging 
takes place. 

A comparison of mechanical properties in the equilibrated and stabi- 
lized condition with those produced by selected aging treatments for 
alloys containing 20 to 35% niobium is presented in Table V. In all 
cases, strength is considerably increased at the expense of ductility 
Extreme brittleness, as seen in the case of the aged Ti-30Nb alloy, as 
well as the double-hardness peak shown in several of the alloys in Fig. 8 
appears to be consistent with omega formation although further con- 
firmation by x-ray methods was not attempted. 
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EVALUATION OF A NEW TITANIUM-BASE 
SHEET ALLOY, Ti-4A1-3Mo-1V 


By R. S. Ricwarps, D. L. Day anp H. D. KEsser 


Abstract 


Sheet from a production-size ingot of a new titanium-base 
alloy, T1-4Al-3Mo-1V, was evaluated on the basis of an- 
nealed, solution treated, and solution treated and aged prop- 
erties. Stress stability tests, cold rolling, welding, and actual 
forming of parts in the solution treated condition were also 
performed. The optimum solution temperature fell in the 
range, 1550-1650°F, which resulted in solution treated 
properties of 135,000-140,000 psi ultimate tensile strength, 
85,000-90,000 psi yield strength, 13-18% total elongation, 
8-11% uniform elongation, and 2.5—3.0T bend radius. Final 
aged properties of 170,000-195,000 psi ultimate tensile 
strength, 130,000-165,000 psi yield strength, and 6-10% 
elongation were obtained after solution treatment in the 
range, 1550-1650 °F. Final aged strengths increased with 
increasing solution temperature. Fully heat treated sheet 
exhibited good stability under stress and good creep re- 
sistance at 800 °F. The higher heat treated strength levels 
also showed a short-time strength advantage at temperatures 
to 1000°F. (ASM International Classification QO general, 
J27a; Ti, 4-3) 


INTRODUCTION 


ITH INCREASING applications for titanium and its alloys 

in high speed aircraft, it was recognized that a higher strength 
titanium sheet alloy was required which could be heat treated to a room 
temperature ultimate strength of 170,000—180,000 psi and would pos- 
sess good strength and stability under stress in the heat treated condi- 
tion to temperatures of 800 °F. In an effort to satisfy this requirement, 
the Ti-4Al-3Mo-1V composition was developed by the Titanium Metals 
Corporation of America as a moderate strength heat treatable alloy 
for such sheet applications and is now in semi-commercial production. 
An aluminum content at the 4% level was chosen as a balance be- 
tween good high temperature strength and fabricability, while a total 
of 3 to 4% of molybdenum and vanadium was selected to provide good 
heat treat ability and stability of properties at elevated temperatures 


A paper presented before the Thirty-Ninth Annual Convention of the Society, 
held in Chicago, November 4-8, 1957. Of the authors, R. S. Richards and H. D 
Kessler are associated with the Product Development Division, Technical Depart 
ment, and D. L. Day is associated with the Metallurgical Research Division, 
Titanium Metals Corporation of America, Henderson, Nevada. Manuscript re 
ceived May 3, 1957. 
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These decisious were based upon a large amount of data previously 
developed at TMCA on the Ti-Al-Mo-V series of alloys. 

The Ti-4Al-3Mo-1V alloy was one of those chosen for further study 
in the Department of Defense titanium sheet alloy rolling program. 
However, the major objective of this paper is to present results of the 
extensive evaluation conducted on this composition by TMCA prior to 
its selection for the government program. This evaluation included 
numerous tests utilizing a wide selection of annealing, solution treating 
and aging treatments as well as more limited elevated temperature 
tensile and stress stability tests. In addition, the effects of cold rolling, 
welding, and actual forming of parts were studied. The results were 
obtained on material from a production size ingot of the Ti-4Al-3Mo-1V 
alloy. 


MATERIAL 

A 1000-pound ingot of Ti-4Al-3Mo-1V was double vacuum-melted 
early in 1955. After melting and conditioning, the ingot was press- 
forged to 8 X 12-inch billet size from temperatures of 1750-1800 °F. 
Blooming to 2 12-inch random length slab was performed from a 
heating temperature of 1730 °F. 

The slab material was rolled to 0.040 to 0.050-inch gage sheet using 
commercial mill practice. Finish rolling was initiated at a temperature 
of 1650 °F and a 37% reduction was achieved during the final rolling 
operation. 

Chemical analyses were made on the ingot and sheet product as 
follows: 


0.09 0.02 0.02 


Ingot 4.33 3.08 13 _ oS 
15 0.14 — 0.02 0.15 0.010 


Sheet 4.14 3.07 


Al% Mo% V % Fe % C % N % O % H % 
1. 
1. 


These results show that the amounts of alloying elements compared 
quite well with the intended additions of 4.0% aluminum, 3.0% molyb- 
denum, and 1.0% vanadium. 

The beta transus temperature was determined on sheet material by 
water quenching sheet specimens from temperatures of 1700 to 1850 °F. 
Metallographic examination showed that the beta transus was about 
1780 °F. 

EXPERIMENTAL PROCEDURES 
Testing Procedures 

All specimens were heat treated in air atmosphere furnaces except 
for a few special samples that were heated to high temperatures in 
vacuum for a period of 24 hours. Following heat treatment, most of the 
sheet specimens were lightly sand blasted to remove the heat treating 
scale. A few annealed and aged blanks were descaled in molten Virgo. 
Both methods of descaling produced comparable results. 
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After descaling, the specimens were pickled in a 20% nitric-2% 
hydrofluoric acid mixture at temperatures to 150 °F. Removal of 0.004 
to 0.006-inch from the sheet gage insured a surface free from oxygen 
contamination. 

Tensile specimens were machined following the pickling process, 
while bend samples (34-inch wide) required no machining. Both | 
and 2-inch gage length tensile specimens were used and these were 
gridded with lines spaced at 0.1-inch intervals so that elongation meas- 
urements could be made in various parts of the reduced section. Tests 
were conducted on a Riehle Universal testing machine at a crosshead 
speed of 0.05-inch per minute and a microformer extensometer was 
used to autographically record the strain behavior of the specimens 
during the initial stage of each test. The strain rate was measured as 
approximately 0.005-inch per inch per minute up to the yield stress; 
beyond this point the strain rate increased rapidly to a constant value 
of about 0.05-inch per inch per minute to failure. After failure, elonga- 
tion measurements were made with dividers and uniform elongation was 
obtained by measuring 0.5 and 1.0-inch spans outside the necked region 
for the one and 2-inch gage lengths, respectively. Local elongation was 
measured across the fracture utilizing a span of 0.2 inch. 

Bend tests were of the guided wrap-around type in which samples 
were bent to incipient failure on a modified Di-Acro bender with a 
roller bearing nose wheel pushing the bend strip around the die to a 
maximum angle of about 120 degrees. Tests were usually made to deter- 
mine the minimum bend radius (expressed in terms of R/T) to achieve 
a satisfactory 90 degrees bend after springback. 


Heat Treatments 


Sheet specimens were given annealing treatments which consisted of 
heating at temperatures between 1000 and 1500 °F for times up to | 
hour in furnaces which were maintained at the specified temperature, 
+15 °F, followed by air cooling. This material was evaluated by means 
of tensile and bend tests. Sheet was also evaluated by solution treating 
over a range of temperatures from 1375 to 1750 °F for “%-hour followed 
by quenching in water at room temperature. Solution temperatures 
were maintained within +5 °F. Tensile and bend tests were conducted 
on the material to determine the effect of solution temperature on these 
properties. Representative photomicrographs were taken of structures 
resulting from the various heat treatments. 

Tensile properties were obtained after solution treating at 1550, 
1600, 1650, and 1700 °F and aging at 900 and 1000 °F, +15 °F. In 
addition, material was solution treated at 1550 °F and aged at temper- 
atures of 850, 900, and 1000 °F for times of 0.25 to 48 hours. Specimens 
were examined microscopically in an effort to correlate microstructure 
with aging response. 
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Elevated Temperature Tensile Tests 

Elevated temperature tensile tests were conducted at 400 to 1000 °F 
on annealed, solution treated and aged, and solution treated, cold rolled, 
and aged material. Specimens were brought to temperature in an elec- 
trically heated tube furnace and equilibrated for approximately 30 
minutes. Temperature control was +5°F and uniformity was main- 
tained at +5 °F over the gage length. Specimens were then pulled to 
failure using the same procedure as for room temperature tests. 


Stress Stability Tests 

Stress-stability tests were conducted at 800°F for 1000 hours at 
50,000 psi on material which had been solution treated at 1550 °F (% 
hr) water-quenched and aged for 12 hours at 850, 900, and 1000 °F. 
\dditional material was solution treated at 1650°F (% hr) water- 
quenched, aged at 900 and 1000 °F for 24 hours, and tested for stability 
at 800 °F under a stress of 50,000 psi for 300 hours. 

Two indentations were made on each side of stress stability speci- 
mens with a Vickers hardness tester to serve as gage marks approxi- 
mately 1-inch apart within the reduced section. This length was meas- 
ured with a toolmaker’s microscope and the specimens were loaded in 
lever-type stress-rupture frames. Samples were brought to temperature, 
prior to loading, by electrically heated tube furnaces with a maximum 
gradient of +5 °F over the gage length. During the tests, temperatures 
were controlled within +5 °F. After the stress stability test was com- 
pleted, total deformation was measured from the gage marks. The 
samples were then tensile tested at room temperature to determine if 
the properties had changed markedly after exposure to stress at ele- 
vated temperatures. The stability of the material was determined by the 
loss in ductility exhibited during the subsequent room temperature 
tensile test ; i.e., good stability is shown by little loss in ductility. 

Formability Tests 

Bend tests were conducted on material in various heat treated con- 
ditions. In addition, full range stress-strain diagrams were obtained 
for material solution treated at 1550 °F (1% hr) water-quenched. Some 
sheet was also tested in the annealed and aged conditions. Full range 
load-strain curves were obtained by means of a dual range microformer 
extensometer which recorded the entire strain behavior of the speci- 
mens, . 

Actual bending, stretch forming, and joggling operations were car- 
ried out at North American Aviation, Inc., Inglewood, California, on 
material which had been solution treated by the resistance heating 
method (1). A more detailed discussion of this solution treating 
method will be published at a later date. 


‘ The figures appearing in parentheses pertain to the references appended to this paper. 
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Fig. 1—Effect of Annealing Temperature on 

the Tensile and Bend Properties of Ti-4Al 

3Mo-1V Sheet Annealed 1 Hour and Air 
Cooled. 


Welding 


Annealed material was Heliarc fusion butt-welded without filler 
using a welding speed of 16 inches per minute at 60 volts and 90 
amperes. The welded material was examined on the metallograph and 
a microhardness survey was taken across the weld zone. Guided wrap- 
around bend tests on the Di-Acro bender and tensile tests were con 
ducted on both the as-welded and heat treated material. 


RESULTs AND DiIscussION 
Annealing Studies 
Sheet specimens were given annealing treatments in the range of 


1000 to 1500 °F for periods of 8 minutes to | hour. Tensile and bend 
properties are summarized in Fig. 1. Since there were only minor 
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Fig. 2—Effect of Solution Temperature on the 

Tensile and Bend Properties of Ti-4Al-3Mo- 

1V Sheet Heated % Hour at Temperature and 
Water-Quenched. 


changes in annealed properties with varying times at annealing temper- 
atures, the data for 8, 15, 30, and 60 minute treatments were averaged 
and graphed as a single point for each temperature in Fig. 1. These 
results show that a decrease in strength and minimum bend radius was 
obtained with increasing temperatures to 1300 °F. Above 1400 °F, the 
strength increased sharply indicating partial transformation of the beta 
phase during air cooling. 


Solution Treatments 
Solution treating studies were conducted using solution temperatures 
from 1375 to 1750 °F and tensile and bend properties are presented 
graphically in Fig. 2. Of particular interest is the minimum yield 
strength and minimum yield-to-tensile strength ratio observed at a 
solution temperature at about 1550 °F. This phenomenon is notable in 
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Fig. 3—Ti-4Al-3Mo-1V Longitudinal Section with Rolling Direction Shown 

Vertically, 1550 °F (% hour) Water-quenched. Primar 

beta matrix. 1% HF + 12% HNOsetch X 750. UTS 134 ksi; Y.S. (0.2%) 81 ksi; 
Elong 16% in 1”; Bend 2.9T—90 °. 
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Fig. 4—Ti-4Al-3Mo-1V Longitudinal Section with Rolling Direction Shown 

Vertically, 1700 °F (% hour) Water-quenched. Elongated primary ore in a 

partially transformed beta matrix. 1% HF + 12% HNOs etch x 750. UTS 138 
ksi; YS (0.2%) 95 ksi; Elong 12% in 1”; Bend 2.5T—90° 


this type of alloy and appears to be the result of retained metastable 
beta. It has been postulated that, during tensile testing or other plastic 
deformation, a part of the metastable beta transforms to martensite as 
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a result of a strain-induced reaction (2,3). This apparently manifests 
itself in a low yield strength, as shown in Fig. 2. The large spread be- 
tween yield and ultimate tensile strengths is indicative of good formabil- 
ity, as will be discussed in a later section. 

It is evident that the maximum tensile elongation (both total and 
uniform) occurred at solution temperatures which were near the higher 
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Fig. 5—Effect of Aging Time on the Tensile Properties of Ti 
3Mo-1V Sheet. 


bendability improved slightly with increased solution temperatures. The 


best bendability was obtained at solution temperatures of 1600 to 
1700 °F. 
Fig. 3 shows the elongated alpha-beta mixture obtained by finish 


F and solution treating at 1550 °F (% hr) 


shows the microstructure 


rolling this alloy from 1650 
water-quenched, while Fig. 4 
solution treating the sheet at a higher temperature of 1700°F. It 
interesting to note that good bend properties were obtained for material 
solution treated at these higher temperatures even though the matrix 
of partially transformed beta. How 
peak va 


achieved by 


is 


contained a substantial amount 
ever, the tensile ductility had decreased some from the 
obtained at solution temperatures of 1550 to 1600 °F. 


lues 


Aging Studies 

temperature on the tensile properties 
solution treated at 1550°F (% hr) water- 
From these curves it is seen that the 
12 to 24 hours) decreased with 


The effects of aging time and 
l-4Al-3Mo-1V 
quenched are shown in Fig. 5 
strength in an overaged condition (e.g., 


sheet 
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increasing aging temperatures above 850 °F. Peak strength was ob- 
tained after aging at 900 °F for 4 to 6 hours. Two aging peaks and the 
possibility of a third are shown in Fig. 5 for aging temperatures of 900 
to 1000 °F. The observation of these peaks seems reasonable since some 
rather complex reactions occur during aging. Reactions such as the 
formation of coherent omega, loss of this coherency, and formation and 
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Fig. 6—Effect of Solution Temperature 


on Longitudinal Tensile and Bend Prop 
erties of Aged Ti-4Al-3Mo-1V Sheet 


growth of alpha and enriched beta from the omega (with and without 
coherency ) could easily account for the inflections observed in the aging 
curves. 

The effect of solution temperature on final aged tensile and bend 
properties is shown in Fig. 6. Aged strength increased with increasing 
solution temperature which is typical for this type of alpha-beta alloy 
Using an aging temperature of 900 °F for 24 hours, the ultimate tensile 
strength increased from 172,000 to 202,000 psi as the solution temper- 
ature was raised from 1550 to 1700 °F. By aging at 1000°F for 24 
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Fig. 7—Ti-4Al-3Mo-1V Longitudinal Section with Rolling Direction Shown 
Vertically, 1550 °F (% hour) Water-quenched + 900 °F (4 hours) air-cooled 
, - 


*rimary alpha in a partially aged beta matrix. 1% HF + 12% HNOs etch X 750 
UTS 175 ksi; YS (0.2%) 143 ksi; Elong 11% in 1”. 





Fig. 8—Ti-4Al-3Mo-1V_ Longitudinal Section with Rolling Direction Shown 
Vertically, 1650 °F (% hour) Water-quenched + 900 °F (24 hours) air-cooled 
Primary alpha in an overaged beta matrix. UTS 193 ksi; YS (0.2%) 165 ksi; 


Liong /% in l 


hours, the ultimate strength increased from 161,000 to 190,000 psi for 
this same range of solution temperatures. 
Microstructures of aged specimens, which had been solution treated 
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at 1550 °F (% hr) water-quenched, are represented by the aged struc- 
ture (900 °F for 4 hours) shown in Fig. 7. The aged structure following 
solution treatment at a higher temperature of 1650°F is shown in 
Fig. 8. 

Elevated Temperature Tensile Properties 


The elevated temperature tensile properties are plotted in Fig. 9 and 
10. Fig. 9 shows elevated temperature tensile properties of material 
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Fig. 9—Elevated Temperature Properties of 
Ti-4Al-3Mo-1V Sheet Solution Treated and 
Aged as Indicated (Longitudinal) 


which was solution treated at 1650 °F and aged at 900 and 1000 °F for 
24 hours as well as those for sheet which had been solution treated at 
1550 °F and aged at 900 °F for 12 hours. Comparison of material heat 
treated to substantially the same room temperature tensile strength 
level (170,000 psi) shows that the higher solution temperature of 
1650 °F resulted in significantly higher elevated temperature strengths 
to 1000 °F. By heat treating at 1650°F (% hr) water-quenched + 
900 °F (24 hours) AC, a strength advantage of 20,000 to 25,000 psi 
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and aging at 900 °F for 12 hours) which persisted at 1000 °F. 
Elevated temperature tensile properties of Ti-4Al-3Mo-1V as an- 
nealed, as solution treated and aged, and as solution treated, cold rolled, 
and aged, are shown in Fig. 10. Higher room temperature strengths 
obtained by heat treatment were also observed at higher testing tem- 
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peratures, although to a lesser extent. Elevated temperature properties 


of heat treated Ti-6AI1-4V bar a 


re included in Fig. 10 for comparison ; 


properties of Ti-4Al-3Mo-1V sheet were quite comparable to those of 


l1-6Al1-4V bar as heat treated 


about the same room temperature 


trength level. It is interesting to note that Ti-4Al-3Mo-1V sheet which 


ad been solution treated at 1550 


F, cold-rolled 10% and aged, pos- 


sessed elevated temperature strengths which were consistently higher 
than the material which had not been cold-worked. This indicates the 
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Fig. 11—Tensile Properties of Heat Treated Ti 
4AL3Mo1V Sheet Before and more Stress Sta 
bility Testing as Indicated 


persistence of what appears to be cold work strengthening even after 
aging at 900 °F for 24 hours. This strength advantage was maintained 
over the entire temperature range to about 1000 °F, but decreased with 
increasing temperature of testing. Thus, no deleterious effect on final 
aged strength was obtained by cold deformation of sheet in the solution 
treated condition. 


Stress Stability Tests 


Information obtained from the stress-stability tests is presented in 
Fig. 11. In the first group of tests solution treated at 1550 °F (% hr) 
water-quenched, aging times of 12 hours were utilized, since this was 
considered to be the minimum time to achieve a reasonably stable over- 
aged condition (see Fig. 5). After stress stability testing for 1000 hours 
at 800 °F, it can be noted that the ultimate tensile and yield strengths 
have changed slightly with little change in the tensile elongation. The 
increase in strength observed for the two specimens, which were aged 
at 850 and 1000 °F, seems to correlate with the aging curves shown in 
Fig. 5, i.e., both curves show increased strength with aging times longer 
than 12 hours. Total plastic deformation in 1000 hours at 800°F and 
50,000 psi averaged 1.2%, showing that the material possesses good 
creep resistance along with good stability. 

The second group of tests was conducted on material which had been 
solution treated at 1650 °F (% hour) water-quenched and aged at 900 
and 1000 °F for 24 hours. Subsequent stability testing for 300 hours 
at 800 °F under a stress of 50,000 psi increased the yield strength of 
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sheet in both aged conditions by approximately 10,000 psi while the 
elongation dropped slightly. The total deformations of 0.15% for the 
900 °F aging treatment and 0.48% for the 1000 °F aging treatment in- 
dicate good creep resistance for these high strength heat treatments, 
although a direct comparison cannot be made with the lower strength 
heat treated conditions, since they were tested for 1000 hours. 


Formability Tests 
Bend data have been shown in Figs. 1, 2, and 6 for all three general 
lypes of heat treatment; i.e., annealed, solution treated, and solution 
treated and aged. Full range stress-strain diagrams are presented in 
Figs. 12 through 14 for the conditions indicated on the diagrams. The 
gridded tensile elongation data given were obtained by dividers and 
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0.1-inch grids on the specimens. The uniform elongation values derived 
from the stress strain diagrams were assumed to be the elongations 
which occurred just before the maximum load was reached. In curves 
with “flat” maximum loads (Figs. 12 and 14), the beginning of the 
“flat” was chosen as the limit of uniform elongation. Elongation values 
obtained by the two methods of measurement agree reasonably well 
The stress-strain diagrams for sheet solution treated at 1550°F 
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Fig. 14—Full Range Stress Strain Curves for Solution Treated and 
Aged Ti-4Al-3Mo-1V Sheet. 


(Fig. 13) show a continuously rising curve from the yield stress to 
the ultimate tensile strength which should be of benefit in stretch form- 
ing operations because of this work hardening characteristic. 

Figs. 12 and 14 show the strain behavior of sheet in the annealed and 
solution treated plus aged conditions, respectively. A rather pronounced 
lack of strain hardening beyond the yield stress is seen in the annealed 
condition. (Fig. 12) in contrast to the continuously rising curves for 
solution treated material ( Fig. 14). Also a significant amount of direc- 
tionality is shown in the annealed material, while the solution treated 
sheet exbibited much less directionality. 

Four sheets of Ti-4Al-3Mo-1V, each measuring approximately 0.048 
< 22 * 25-inches, were resistance solution heated at 1550°F (1 min 
ute) water-quenched (1). These were acid pickled and sent to North 
American Aviation, Inc., Inglewood, California, for formability tests 
and evaluation. 

Strip§ of the material were press brake bent to 4T radius—90 degree 
angle sections at room temperature. These were subsequently stressed 
to approximately 70,000 psi and stretch wrapped at a so-called “No. | 
wrap rate”. Both outboard and inboard flanges were stretch wrapped 
satisfactorily. Although exhaustive tests of this type were not con- 
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Fig. 15—Surface of Ti-4Al-3Mo-1V Sheet After Heliarc Welding and Etching Show 
ing Weld and Heat Affected Zone. 


ducted, it was the opinion of the authors that the material bent and 
stretched at room temperature as well or better than annealed titanium 
alloy sheet being formed at that time. 

Room temperature joggle tests were made on material bent to 90 
degrees on a 4T radius with 1-inch flanges. These pieces were given 
various tests in which the depth and length of joggle were varied, and 
the sheet passed tests at a length-to-depth ratio of 2.2. On the basis of 
these limited joggling tests at room temperature, it was felt that the 
joggling characteristics of solution treated Ti-4Al-3Mo-1V were at 
least equal to, if not better than, those of annealed titanium alloy sheet 
being formed by production methods at the time this investigation was 
made. 


W elding 


The as-welded sample was bright and shiny and appeared to be sound 
and non-porous. However, after a light pickling operation, several voids 
or pores were evident at the edge of the fusion zone, as shown in Fig. 15. 
In bend tests made without prior pickling, fractures occurred through 
some of these holes, the interior surfaces of which were observed to be 
shiny and apparently free from contamination. 

Mechanical properties obtained on the weldment are presented in 
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Table I 
Mechanical Properties of Welded Ti-4A1-3Mo-1V Sheet 





(1” Gage Length— Material Welded Without Filler in the Mill Annealed Condition) 


Specimen and UTS (0.2% ) ———_ ©» Mth 
Treatment ksi ksi Total Unif Local R/T Degrees 
Base Material 150 139 a 45 
As-received; 1250°F (2 hrs) AC 148 144 12 2 45 
As-Welded 145(3) 131 8 2 30 
135(3) 114 9 1 30 
142(3) 127 , y 20 
As Welded plus 141(3) 133 8 0 20 9.3(2) 70 
1250°F (1 hr) AC 132(3) 120 9 1 35 6.2(2) 62 
13.0(2) 90 
As-Welded plus 129(1) 90 e.3 20 6.0(1) 90 
1550°F (44 hr) WQ 133(1) 82 8 4 20 3.3(1) 90 
3.0(1) 50 
4.3(1) 90 
As-Welded plus 136(1) 129 3 1 10 6.0(1) 62 
1550°F (4% hr) WQ—1000°F (6 hrs) AC 135(1) 125 3 i 10 12.3(1) 90 








(1) Specimen broke at edge of weld metal, porosity evident. 
(2) Specimen broke in weld metal. 
(3) Specimen broke in base metal due to nonuniform thickness of weld zone 
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Fig. 16—Hardness Traverse and Etched Section of Heliarc Welded Ti-4Al-3Mo-1V 
Sheet (as Welded). 


Table I. Practically all of the tensile and bend tests failed at the edge of 
the fused zone, and porosity was evident in all such failures. The 
presence of this porosity makes comparison of the data less meaningful, 
but it would appear that the strength of the weld metal approaches that 
of the base material and might duplicate or exceed it (see hardness 
curve shown in Fig. 16) if the porosity were eliminated. Of particular 
interest is the good bendability obtained in the weld following a solution 
treatment of 1550 °F. 

A Vickers hardness survey was made on a longitudinal section across 
the weld (as received, material). The data are presented in Fig. 16 
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along with a macrograph of the sample, which is presented at a magni- 
fication identical to the hardness curve beneath it. In general, the hard- 
ness of the weld metal was approximately 30 DPN higher than that of 
the base metal. 


SUMMARY OF RESULTS 


Jecause Ti-4Al-3Mo-1V is a heat treatable alloy, most of the evalua- 
tion was performed on the basis of a study of its solution treating and 
aging characteristics. Particular emphasis was placed on solution treat- 
ing to achieve a minimum yield-to-tensile strength ratio which occurred 
at a solution temperature near 1550°F. However, it was found that 
higher solution temperatures of 1600-1700 °F resulted in bendability 
that was comparable to that obtained at 1550 °F, although the solution 
treated tensile ductility decreased at solution temperatures above 1600- 
1650 °F. Solution temperatures higher than 1550 °F were required to 
obtain aged ultimate tensile strengths in excess of 170,000 psi. Little 
sacrifice in solution treated tensile and bend ductility was observed at 
a solution temperature as high as 1650 °F which resulted in ultimate 
tensile strengths of the order of 190,000-195,000 psi after aging at 
900 °F for 24 hours. This strength advantage at room temperature (ob- 
tained by using a higher solution temperature) also persisted at ele- 
vated temperatures to 1000 °F. 

Heat treated sheet was found to be stable under stress of 50,000 psi 
at 800 °F for periods to 1000 hours, although the loss in ductility after 
elevated teniperature exposure under stress was somewhat greater in 
the higher strength condition obtained by solution treating at 1650 °F. 
However, no embrittlement was detected. Total creep deformation of 
material solution treated from 1550 °F and aged at 850 to 1000 °F was 
in the range of 1.1 to 1.4% at 800 °F after 1000 hours at 50,000 psi. 
Material solution treated from 1650 °F and aged at 900 and 1000 °F 
showed deformation from about 0.1 to 0.5% ; however, the exposure 
time was only 300 hours at 800 °F and 50,000 psi, so no direct compari- 
son with the 1550 °F solution treated material can be made at this time. 

Limited formability tests on larger resistance solution treated pieces 
of sheet showed that the material bent satisfactorily at room temper- 
ature around a radius of 4.0T and that it could be subsequently stretch 
wrapped and joggled at room temperature with encouraging results. 

\ preliminary welding study showed that weld strengths were com- 
parable to those of the base metal, although the as-welded ductility was 
at a low level. However, post-welding annealing appeared to offer some 
promise in improving weld ductility, while good bendability (3.3 T) 
was obtained in the weld following a solution treatment of 1550 °F (4 
hr) water-quenched. Porosity in the weldment studied somewhat 
limited the reliability of test results and did not allow definite con 
clusions with regard to weldability to be made. 
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DISCUSSION 


Written Discussion: By F. A. Crossley, Senior Metallurgist, Armour Research 
Foundation of Illinois Institute of Technology, Metals Research Department, 
Chicago. 

The Ti-4Al-3Mo-1V alloy represents a forward step in the effort to combine 
two properties which are basically antagonistic in a single sheet alloy, formability 
and high strength. It is generally recognized that heat treatments which produce 
high strength combined with acceptable ductility do not necessarily result in 
structures which have elevated temperature stress stability. Heat treatments must 
be carefully designed to meet objectives of strength and stability. 

The 8 phase of an a-f alloy that has been heat treated by solution treating and 
aging to equilibrium is metastable at all temperatures except that of aging 
Whether such a structure will have practical stress stability depends primarily 
upon the aging temperature and the temperature exposure to stress. Aged 8 is 
much less likely to have practical stress-stability if the 8 phase is not aged to 
equilibrium at the aging temperature. The equilibrium structure of aged 8 for 
the alloy and heat treatments reported in the current paper is discrete a precipi 
tate particles in a 8 matrix. The microstructures corresponding to such equilibrium 
aged 8 would be expected to be dark in appearance using the etchant 1% HF 
12% HNOs. Applying these considerations to the photomicrograph shown in 
Fig. 8 suggests that the reason for the loss of ductility and increase in strength 
in the stress-stability evaluation of the given heat treatment, i.e., 1650 °F — ! 
hour—water-quenched, 900 °F — 24 hours, is continued aging of the metastabl 
aged 8. It is the experience of the author that Ti-Al-Mo alloys solution heat 
treated and aged at 1000 °F to a condition wherein the aged 8 is dark after etch 
ing (indicating complete @ precipitation) suffer no loss in ductility upon exposure 
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to stress at 800 °F. Aging to conditions which result in a 8 which is light in ap- 
pearance has resulted in lack of stress stability.** 

Have the authors noted that the aged 8 grains of stress stability specimens 
which showed loss of ductility were in part dark or wholly dark after etching, 
compared to unexposed specimens : 

The data presented indicates that the 8 retained by quenching from 1650 °F is 
more sluggish upon aging than that retained by quenching from 1550 °F. This 
relationship of increasing thermal sluggishness with increasing solution treating 
temperatures (over a particular temperature range) has been observed for the 
ri-7Al-3Mo alloy and appears to hold for other alloys as well.* 


Authors’ Reply 

lhe authors appreciate Dr. Crossley’s comments and agree with him that heat 
treatments must be carefully designed to meet objectives of strength and stability 

We have also observed that aged molybdenum-bearing beta phase appears dark 
ifter etching as a result of the fine precipitate of alpha, although the degree of 
darkening is probably dependent on the particular metallographic technique used. 

Regarding stability of the alloy after exposure to stress at elevated tempera- 
tures, this is a property which must be considered along with the desired strength 
level and ductility of the heat treated material. An alloy may be overaged suffi 
ciently at higher temperatures or for longer periods of time to exhibit almost 
perfect stability under stress and yet may possess an undesirable low strength 
because of the aging treatment used. Thus, from a practical standpoint, a material 
is considered to be stable if its mechanical properties are not altered beyond certain 
levels 

[he authors have examined a few specimens metallographically after exposure 
to stress at 800 °F, but have not observed any marked changes due to such ex 
posure. However, these had not exhibited any pronounced degree of instability and, 
therefore, any differences in the aged beta probably would have been difficult to 
detect. 

It is possible that the beta phase retained by quenching from 1650 °F is more 
sluggish upon aging than that retained by quenching from 1550 °F, although we 
have not made a study of this. The aging process is certainly a complex one and 
would require further investigation to gain a better understanding of this thermal 
sluggishness. 

*F. A. Crossley, W. F. Carew and H. D. Kessler, “‘Development of Titanium Base Alloys 

r Elevated Temperature Applications Part I1—Ternary Alloys,’’ ASTM Special Technical 
Publication (to be published) 

F. A. Crossley, “The 7 Aluminum——3 Molybdenum Titanium Alloy—A Review of Its 
Development and Properties,’ Regional Reactive Metals Conference, Southern California 


Section American Institute of Mining and Metallurgical Engineers, Los Angeles, California, 
May 28-29, 1957, 








MECHANICAL PROPERTIES CORRELATED WITH 
TRANSFORMATION CHARACTERISTICS OF 
TITANIUM-VANADIUM ALLOYS 


By E. L. Harmon, J. Kozot anp A. R. Trorano 


Abstract 


Mechanical properties of a series of high purity titanium 
alloys containing up to 24% vanadium were interpreted on 
the basis of time-temperature-transformation (TTT) dia- 
grams. Microstructural changes in these alloys resulting 
from variation of alloy content and heat treatment exerted 
a profound influence on strength and ductility. Increasing 
vanadium concentration in alloys consisting entirely of alpha 
prime resulted in higher strength and notch sensitivity, and 
lower ductility and impact resistance. Alloys containing sub- 
stantial quantities of omega in the quenched structures ex- 
hibited high strength and low ductility. A quenched 11% 
vanadium alloy was very ductile and possessed an exception- 
ally low ratio of yield strength to tensile strength. This ex- 
ceptional behavior was indicative of stress induced trans- 
formation during the tensile test, probably the formation 
of alpha prime from beta. High levels of ductility and impact 
resistance were associated with the completely beta struc- 
tures of the quenched 20 and 24% vanadium alloys. 

Alloys containing substantial quantities of retained beta 
produced good combinations of strength and ductility when 
aged appropriately. Solution treatment in the alpha-beta 
region prior to age-hardening produced higher ductility at 
a given strength level than did solution treatment in the 
beta region. The difference produced by the two types of 
solution treatments ts associated with the initial precipita- 
tion of alpha in the beta grain boundaries after solution 
treatment in the beta region. 

Severe embrittlement was associated with the presence of 
omega in aged structures. (ASM International Classifica- 
tion: Q27a, Q23p, N/c; Ti, V) 


INTRODUCTION 
HE MECHANICAL properties of titanium-base alloys are in 
fluenced strongly by the types and the amounts of alloying elements 
and by the particular heat treatments employed. The present investiga 
A paper presented before the Thirty-Ninth Annual Convention of the Society, 
held in rar ag November 4-8, 1957. Of the authors, E. L. Harmon is Research 
Assistant; A. R. Troiano is Professor and Head, Department of Metallurgical 
Engineering, Case Institute of Technology, Cleveland. J. Kozol is associated with 
Combustion Engineering Inc., Windsor, Connecticut. Manuscript received 
April 10, 1957. 
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tion was undertaken for the purpose of evaluating the effects of the 
latter two factors upon the mechanical properties of a series of high 
purity titanium-vanadium alloys. The nature and decomposition kinet- 
ics of alpha prime and the decomposition of beta by aging, which 
previously had been studied for the titanium-vanadium system, pro- 
vided a basis for interpreting mechanical properties (1,2). 

At low concentrations of vanadium, quenching of the high tempera- 
ture body-centered cubic beta phase results in a martensitic transfor- 
mation into hexagonal alpha prime. This transformation occurs in 
alloys containing less than about 15% vanadium (3). Alloys contain- 
ing as much as 7.5% vanadium consist essentially of all alpha prime. 

The tendency to retain beta in quenched alloys containing from 7.5 
to 15% vanadium increases with higher vanadium concentration, thus 
permitting the utilization of age hardening type heat treatments. As in 
other age-hardening systems, under appropriate conditions, an inter- 
mediate transition phase is the initial precipitate. The formation of the 
equilibrium alpha phase and of the transition phase, omega, for a par- 
ticular alloy can be described on an isothermal time-temperature- 
transformation diagram by two C-shaped curves intersecting at about 
430 °C (805 °F), the upper C-curve depicting alpha precipitation and 
the lower one delineating the conditions for formation of the metastable 
transition phase, omega (1). Omega precipitates so rapidly in 12.5, 15 
and 17.5% vanadium alloys that brine quenching is unable to suppress 
it. Hardness values for these alloys after quenching are substantially 
higher than those for a 20% vanadium alloy which forms no detectable 
omega upon quenching (2). 


Material 

The alloys used in this investigation were made from iodide titanium 
furnished by Watertown Arsenal, and high purity vanadium. The effect 
of impurities was thereby minimized and a more representative picture 
was obtained of the inherent characteristics of the binary titanium- 
vanadium alloys. 

\lloys containing 0, 2.5, 7.5, 12.5 and 15% vanadium were prepared 
by Battelle Memorial Institute and alloys containing 5, 11, 20 and 24% 
vanadium were melted and fabricated by the Electro Metallurgical 
Company. In both cases ingots of about 8 pounds each were prepared 
by are melting in an inert atmosphere, with a tungsten electrode and 
water-cooled copper crucible. Except for the unalloyed titanium all the 
alloys were double melted, with precautions taken to insure uniformity 
of composition and to avoid contamination. The first group of alloys 
was finish rolled to %4-inch square bar and the second set was finish 


rolled to %-inch round bar. The 0, 2.5, and 7.5% vanadium alloys were 


rhe figures appearing in parentheses pertain to the references appended to this paper 
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rolled at temperatures in the alpha-beta field, while the remaining alloys 
were rolled in the beta region. 


PROCEDURE 
Heat Treatment 


Specimens other than those used for dilatometric and metallographic 
studies were solution treated in high vacuum resistance furnaces at 
pressures below 5 X 10~* millimeters of mercury. The dilatometric 
and metallographic specimens used in the determination of TTT dia- 
grams were solution treated in an argon atmosphere. Aging and iso- 
thermal quenching treatments at temperatures up to and including 
550 °C (1020 °F) were conducted in salt baths. Lead baths were em- 
ployed for heat treatments at temperatures greater than 550°C 
(1020 °F). 

Dilatometric Studies 

Isothermal transformation behavior at temperatures up to 550 °( 
(1020 °F) was investigated with a quenching dilatometer. Dilatometric 
specimens measured 1% X 4 X ‘2 inch. Dimensional changes were 
detected by a differential transformer coupled to a high speed recorder. 
Six seconds after quenching was the shortest time at which the reac- 
tion could be observed with this technique. 


Metallography 

Metallographic specimens used to supplement information obtained 
by the dilatometer in studying isothermal transformation behavior 
were 4% X 4% X \ inch in size. Sectioned tensile specimens were also 
examined metallographically. 

Polishing was done mechanically. The etching reagent was a solu- 
tion of 3 parts glycerine and 1 part HF followed by a short rinse in 
dilute HNQOs to prevent staining. 


Tensile Testing 

Tensile and notched tensile specimens were rough machined prior 
to heat treatment, allowing about 0.060 inch on the diameter for re- 
moval of contamination. Notching and finish machining were per- 
formed after completion of the heat treatment. The notched tensile 
specimens were of the type shown in Fig. 1. 

Tensile testing was performed on a Baldwin-Southwark Testing 
Machine of 60,000-pounds capacity. A constant head speed of 0.05 inch 
per minute was maintained. Strain data were obtained during the test 
by means of a radial strain gage. 


Impact Testing 


Standard size Charpy V-notch impact specimens were also rough 
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machined prior to heat treatment, allowing about 0.030 inch on each 
face. The specimens were ground to finish dimensions subsequent to 
heat treatment. Testing was conducted on a Sonntag Universal Impact 
machine with a capacity of 120 ft-lbs and a striking velocity of 17.4 feet 
per second. Specimens were immersed in a heating or cooling medium 
for 10 minutes prior to testing at the desired temperature. High flash 
point oil was used for heating purposes. Liquid nitrogen, mixtures of 
isopentane and liquid nitrogen, or dry ice and acetone were used as 
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Fig. 1—Notch Tensile Specimen. 


cooling media. The estimated elapsed time of transfer from the heating 
or cooling medium to the testing machine fixture was approximately 


three seconds. 


EXPERIMENTAL RESULTS 
Transformation Behavior 


Time-temperature-transformation (TTT) diagrams for isothermal 
decomposition of beta in 12.5 and 15% vanadium alloys were deter- 
mined previously by Brotzen, Harmon and Troiano, Figs. 2 and 3 (1). 
In the present investigation the transformation characteristics of al- 
loys containing 20 and 24% vanadium were obtained in a similar man- 
ner, Figs. 4 and 5. 

The previous work indicated that although omega was present in 
alloys containing between 12.5 and 17.5% vanadium when quenched 
from the beta region, there was no hardness or x-ray diffraction evi- 
dence of its presence in a quenched 20% vanadium alloy. It is appar- 
ent from Figs. 2—5 that both the omega and alpha noses are shifted to 
longer times with increasing concentration of vanadium thus making 
it possible to quench past the omega “nose.” Since the range of omega 
formation occurs at shorter times than that for alpha formation, omega 
precipitates upon quenching, in preference to alpha, in 12.5 and 15% 
vanadium alloys. That is, the omega C-curves for these alloys are inter- 
sected by the cooling curves for rapid quenching, while sufficient time 
exists to allow cooling past the alpha nose. It might be expected that at 
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Fig. 2—Time-Temperature-Transformation Diagram for a 
12.5% Vanadium-Titarium Alloy After Brotzen Et Al. (1) 
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15% Vanadium-Titanium Alloy After Brotzen Et Al. (1) 
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Fig. 4—Time-Temperature-Transformation Diagram for a 


2 Vanadium-Titanium Alloy. 


1 composition somewhat below 12.5% vanadium, the alpha C-curve 
would be intersected by the cooling curve. 

Alpha precipitation in an 11% vanadium alloy appeared to start so 
rapidly that the beginning of transformation could not be observed 
with the dilatometric technique employed. However, alpha was not 
observed in the quenched structure, although alpha prime, beta and 
traces of omega were detected by x-ray diffraction. 


MECHANICAL PROPERTIES 
Quenched Alloys 

The strength and ductility of quenched alloys varied markedly with 
vanadium content, Fig. 6. Alloys containing up to about 7.5% vana- 
lium consist essentially of all alpha prime of increasingly finer struc- 
ture. The initial tensile strength increase, Fig. 6 is therefore associated 
vith solution hardening, increasingly finer structure and correspond- 
ngly greater lattice strains accompanying the martensitic transforma- 
tion at higher vanadium concentrations. 

The 7.5% vanadium alloy quenched from the beta region contained 
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Fig. 6—As-Quenched Strength and Ductility as Functions of 
Vanadium Content. 
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Table I 
Ratio of Yield Strength to Tensile Strength 
For Quenched Titanium-Vanadium Alloys 


Yield Strength Tensile 
psi Strength 
0.2% Offset psi 
33,000 49,000 
63,000 84.000 
68.000 100,000 
95,000 135,000 
50,000 105,000 
98.000 139,000 
120,000 131,000 
75,000 105,000 
86,000 104.000 


at appeared to be a thin network of alpha in the prior beta grain 
oundaries. This network may have caused the pronounced decrease 
1 ductility near this composition, Fig. 6. 

Exceptional tensile properties were exhibited by the 11% vanadium 
lloy, Fig. 6. The ratio of yield strength to tensile strength of this alloy 

the quenched condition is considerably lower than that of any 
ther alloy studied, Table I. Both the high ductility and the low 
ld-to-tensile ratio are very likely direct results of the formation of 
lpha prime from retained beta during deformation in the tensile test 

The formation of the omega transition phase in a quenched 12.5‘ 
vanadium alloy caused a sharp drop in ductility and rise in tensile 
strength, Fig. 6. As composition was increased to 15% vanadium the 


1g 
resulting lesser amounts of omega yielded lower strength and improved 


luctility. 
Since the structures of the quenched 20 and 24% vanadium alloys 
nsisted entirely of retained beta, these alloys exhibited a high level of 
luctility, accompanied by a drop in tensile strength, Fig. 6 
The relative notch ductility * of quenched titanium-vanadium alloys 
was continually lowered by increasing notch depth **. The area under 
he curve of relative notch ductility versus notch depth gives a semi- 
uantitative indication of notch sensitivity in a tensile test; 1.e., the 
greater the area under the curve the lower the notch sensitivity. This 
ilue is informative in that it represents the notch behavior integrated 
ver a range of notch severities. Although no data were obtained for 
the 12.5 and 15% illoys, it appears from Fig. 7 that the 
tch sensitivity of the quenched alloys varied with vanadium content 
the same general manner as the tensile strength. 
The impact behavior of the quenched alloys also reflected the in- 
uence of composition. It is apparent in Fig. 8 that the general level 
* The relative n tch ductility i 
“fe reducts m in areca 


~ 


’ reduction in area 
* The notch depth is defined as 
(area of unnotched cylindrical section) —(area at base of notch 


(area of unnotched cylir 
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Titanium-Vanadium Alloys 
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Fig. 8—Impact Transition Curves for Quenched 
Titanium-Vanadium Alloys. 


of impact energy over the entire temperature range studied is shifted 
with vanadium content in a manner similar to that for reduction in 
area in a tensile test. 

To demonstrate further the similarities in behavior among impact, 
tensile and notch tensile properties, the impact energy at an arbitrarily 
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f vanadium content, Fig. 9. This curve also exhibits a minimum near 
7.5% vanadium, and again at about 12.5% vanadium, reaching a maxi- 
num at an intermediate composition near 11% vanadium 


Age-Hardened Alloys 


\ wide range of properties may be obtained by aging of retained 
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5% Vanadium Titanium Alloy, Gpenshes from the 
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beta. Of the alloys studied those containing 11% or more vanadium 
are particularly susceptible to aging treatments since they retain con- 
siderable amounts of beta. 

The curve illustrated in Fig. 10 represents the maximum obtainable 
combinations of strength and ductility for alloys containing 11 to 24% 
vanadium, solution treated in the beta region and subsequently aged. 
Except for those points representing quenched 11, 20 and 24% vana 
dium alloys, all the points which lie on or near this curve represent heat 
treatments by which considerable amounts of alpha have been precipi 
tated from beta. Sufficient aging at any particular temperature im 
proved the combination of strength and ductility, i.e., the points gen 
erally were moved closer to the optimum curve as aging was prolonged 
All of the points which lie on the ordinate, i.e., those exhibiting no 
reduction in area, represent aging treatments at temperatures where 
omega is known to form. In some cases, however, no ductility is ap 
parent even after omega has disappeared and alpha has iormed. This 
is evident in Fig. 11, which is a reproduction of the TTT diagram for 
the 15% vanadium alloy, with tensile strength and reduction in area 
values indicated for the appropriate time and temperature combina 
tions. Aging times of 100 minutes and 1500 minutes at 420 °C (790 °F) 
produced brittle failures which were short of the maximum load strain. 
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20% Vanadium-Titanium Alloy Quenched from the Beta 
Region to 350 °C (660 °F). 


[he higher tensile strength of the 1500-minute treatment is thus an 
indication of the restoration of ductility with longer aging time. This is 
further demonstrated by the improved reduction in area of a specimen 
aged 5000 minutes at 420°C (790 °F). 

A continuous network of alpha in the beta grain boundaries was ap- 
parent after aging at 420°C (790°F) for 100 minutes or longer. 
Prolonged aging increased the amount of alpha precipitated within 
the grains. Recovery of ductility occurred coincident with increasing 
general precipitation of alpha. At higher temperatures, where omega 
is not involved in the decomposition, embrittlement again occurred at 
short aging times followed by recovery after longer aging times. The 
embrittlement at these higher temperatures (450 and 500°C (840- 

°F), in this case) was not as severe as that found at 420°C 
(790 °F), Fig. 11. Any specimen, however, which did not have a ten- 
sile strength-reduction in area combination lying on or near the curve 
in Fig. 10 is considered more or less embrittled. Thus, if one locates 
the tensile strength and reduction in area values of Fig. 11 on the 
graph of Fig. 10, the course of the disappearance of embrittlement can 
be followed. The results discussed above for the 15% vanadium alloy 
re representative of the results of direct quenching to the transforma- 
tion temperature from the beta region of 11, 12.5, 20 and 24% vana- 
dium alloys. In each case optimum strength-ductility combinations 
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Fig. 13—Tensile Strength versus Reduction in Area for Aged Titanium Alloys 
Containing 7.5 and 12.5% Vanadium, Solution Treated in the Alpha-Beta 
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upon aging were obtained only after extensive transformation from 
beta to alpha had occurred. After the optimum curve was attained 
further aging increased ductility and decreased strength in accord with 
the curve. Higher strength levels occurred at lower aging temperatures, 
but the time necessary to attain optimum strength-ductility combina- 
tions increased. 

Embrittlement caused by omega formation in a 20% vanadium alloy 
is illustrated in Fig. 12. For an aging time of 1 minute at 350°C 
(660 °F), after a direct quench from the solution temperature, the 
tensile strength increased slightly over the as-quenched value. The 
ductility, however, did not change significantly. Thus, small amounts 
of omega appear to have strengthened the alloy slightly without em- 
brittling. Severe embrittlement occurred at longer holding times as 
more omega was formed. The mechanism by which omega produces 
embrittlement is not well understood. It is conceivable that the omega 
phase is extremely brittle, per se, because of its low coordination num- 
ber and that its presence in large amounts, finely distributed, seriously 
impairs ductility. Another possibility is that the embrittlement is asso- 
ciated with coherency strains between omega and enriched beta. If, on 
the other hand, embrittlement were due to a network of omega in the 
beta grain boundaries; it might be possible to prevent this localized 
precipitation and thereby attain very high strengths with usable duc- 
tilities. 

Solution treatment of 7.5 and 12.5% vanadium alloys in the alpha- 
beta region prior to aging was conducted with the expectation that the 
precipitation of alpha or omega during aging would be less likely to 
occur within beta grain boundaries if a uniform distribution of alpha 
were present initially. The tensile test results in Fig. 13 indicate that 
in several cases the strength-ductility potential after this type of solu- 
tion treatment is significantly greater than after solution treatment in 
the beta region. The lowest aging temperature employed which pro- 
duced these improved strength-ductility combinations was 400 °C 
(750 °F). Very little omega would be expected to form at this or 
higher temperatures, so that the results in Fig. 13 apply primarily to 
the precipitation of alpha. Alpha-beta solution treatment followed by 
aging for 30 minutes at 350 °C (660 °F), where a considerable amount 
of omega was expected to form, produced no appreciable ductility in 
the 12.5% vanadium alloy. The tensile strength and reduction in area 
of this specimen lie near the ordinate at 140,000 psi in Fig. 13. 

The preceding observations indicate that embrittlement associated 
with grain boundary alpha may be minimized or eliminated by solution 
treating in the alpha-beta region, but that embrittlement due to omega 
precipitation is not readily avoided. 

The 12.5% vanadium alloy quenched from the alpha-beta region 
exhibited an excellent tensile strength-reduction in area combination. 





TRANSACTIONS OF THE ASM 





| | T T 

1800 °F, 2 Hours, 

Quenched to 450°C 

\f for 1500 Minutes 
T.S. = 143,000 psi 
R.A. = 43.9 % 2 et 

ae on: 





+ 











t- |800°F, 2 Hours,- 
a Xx Brine-Quenched 

f | T.S.=99,000 psi 
S| R.A.= 76.3 % 











\ 








Relative Notch Ductility - % 








——+ 














ro 


| 
+ 
| 

| 


4. 





10 20 30 40 50 
Notch Depth-% 


Fig. 15—Effect of Aging on the Notch Sensitivity of an 
11% Vanadium-Titanium Alloy. 
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Fig. 16—Effect of Aging on the Notch Sensitivity of a 
20% Vanadium-Titanium Alloy. 


Subsequent aging merely shifted the tensile strength and reduction in 
area values along the upper curve of Fig. 13. Thus, the optimum 
strength-ductility level characteristic of alpha-beta solution treatment 
is attained regardless of the degree of transformation from beta to 
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alpha during the aging treatment. This is in marked contrast to the 
behavior of the all-beta solution treated alloys, for which it was demon- 
strated that optimum properties were very sensitive to the degree of 
beta to alpha transformation. These results further incriminate grain 
boundary alpha as a potential mechanism of embrittlement. 

The results of tensile testing of quenched and aged alloys contain- 
ing from 11 to 24% vanadium were in accord with those obtained for 
direct quenching to the transformation temperature. For example, 
Fig. 14 illustrates tensile strength and reduction in area values for the 
15% vanadium alloy quenched from the beta region and subsequently 
aged at 475 °C (885 °F). The TTT diagram for quenching and aging, 
previously determined by Brotzen, Harmon and Troiano (1), is also 
included in Fig. 14. Again at longer aging times the tensile strength 
and reduction in area values move to lower strengths and higher duc- 
tilities along the curve of Fig. 10. 

In general, quenching and aging instead of direct isothermal trans- 
formation permits omega to form at higher temperatures, which may 
inhibit the subsequent precipitation of alpha (1). Thus, an isothermal 
TTT diagram determined by direct quenching to the reaction temper- 
ature is not necessarily sufficient to allow an evaluation of the effect of 
quenching and aging upon mechanical properties. Generally, good 
combinations of strength and ductility can be obtained by either type 
of treatment if appropriate aging temperatures and times are employed. 


Notched Tensile Properties 

On the basis of the optimum strength-ductility curve in Fig. 10 
representative heat treatments were chosen for further evaluation of 
mechanical properties. Aging after solution treatment in the beta 
region and direct quenching to the reaction temperature was performed 
on 11, 20 and 24% vanadium alloys. The aging treatments selected 
were 1500 minutes at 450 °C (840 °F) for the 11 and 24% vanadium 
alloys, and 5400 minutes at 450°C (840°F) for the 20% vanadium 
alloy. These treatments resulted in tensile strength levels around 
150,000 psi, substantially higher than the strength level of the quenched 
material. The notch sensitivities of the 11 and 24% vanadium alloys 
increased markedly after aging, while that of the 20% vanadium alloy 
was essentially the same as that for the quenched condition, Figs. 15-17. 


Impact Properties 


Charpy V-notch impact specimens of the 11, 20 and 24% vanadium 
alloys were subjected to the same aging treatments as were the notched 
tensile specimens. The resultant impact transition curves are depicted 
in Fig. 18. A comparison of Figs. 8 and 18 indicates that the aging 
treatments employed shifted the impact transition curves of the 11, 
20 and 24% vanadium alloys to higher transition temperatures and 
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Fig. 17—Effect of Aging on the Notch Sensitivity of a 
24% Vanadium-Titanium Alloy. 
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Fig. 18—-Impact Transition Curves for Aged Titanium 
Vanadium Alloys. 


lower impact energies. Again it must be realized that the strength level 
of the aged material is relatively high. It should be noted that even the 
lower regions of the transition curves for the aged alloys do not repre- 
sent poor levels of impact energy. This is especially true of the 20% 
vanadium alloy. 
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SUMMARY AND CONCLUSIONS 


Microstructural changes in titanium-vanadium alloys resulting from 
variation of alloy content and heat treatment exert a profound in- 
fluence on strength and ductility. Quenched titanium alloys containing 
up to 7.5% vanadium consisted essentially of alpha prime after quench- 
ing. For these quenched alloys the tensile strength increased contin- 
uously with increasing vanadium concentration, accompanied by a 
considerable decrease in the ductility and impact energy level. The 
substantial decrease in ductility appears to be associated with the pre- 
cipitation of alpha in the boundaries of the original beta grains. 

A quenched 11% vanadium alloy exhibited very high ductility and 
an exceptionally low ratio of yield strength to tensile strength. This 
exceptional behavior was indicative of stress induced transformation 
during the tensile test, probably the formation of alpha prime from 
beta. 

As a result of the presence of omega, quenched 12.5 and 15% vana- 
dium alloys exhibited low ductility and impact energy. Increasing 
vanadium content to 20 and 24% retarded the precipitation of omega 
sufficiently to allow complete retention of beta on quenching. This re- 
sulted in a high level of ductility and impact energy. 

Notch sensitivity was evaluated, using as a criterion the effect of 
increasing notch depth upon the reduction in area in a tensile test. The 
notch sensitivity of the quenched alloys varied with vanadium con- 
centration in the same general manner as the tensile strength. 

Solution treatment in the alpha-beta region prior to age-hardening 
produced higher ductility at a given strength level than did solution 
treatment in the beta region. The difference produced by the two types 
of solution treatments is associated with the initial precipitation of 
alpha in the beta grain boundaries after solution treatment in the beta 
region. 

Appropriate heat treatments minimized or eliminated embrittlement 
associated with alpha in the grain boundaries, but embrittlement 
caused by the presence of omega was not readily avoided. 

Using the results of tensile tests as a basis for heat treatment notched 
tensile and impact properties were determined for 11, 20, and 24% 
vanadium alloys aged to a strength level of about 150,000 psi. The 
notch sensitivity in a tensile test was unchanged for the 20% vanadium 
wloy, but was increased for the 11 and 24% vanadium alloys relative 
to that for the alloys in the quenched condition. The impact energy 
level was lowered for all three alloys. However, it should be remem- 
bered that the strength level of the aged material was substantially 
higher than that of the quenched material. 
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DISCUSSION 


Written Discussion: By D. N. Williams, Battelle Memorial Institute, Columbus, 
Ohio. 

This paper presents a timely account of the variation in properties possible 
with beta titanium alloys. The data is particularly interesting since vanadium is 
a principal ingredient in several new experimental titanium alloys. On examining 
the data presented some questions have arisen which cannot be answered clearly 
without further discussion by the authors. I would appreciate the authors’ com 
ments regarding these questions. 

1. The 7.5% vanadium alloy quenches to martensite with the presence of a small 
amount of grain boundary alpha. The nose of the alpha curve, extrapolating from 
the data given, should probably occur at about 1020-1110 °F (550-600 °C). The 
Ms temperature of this alloy occurs at about the same temperature. A duplex 
structure would therefore seem probable. However, the conclusion that grain 
boundary alpha is embrittling may not be entirely correct. The 5% vanadium 
alloy was fabricated in the beta field and melted at a different laboratory than 
the 0, 2.5, and 7.5 vanadium alloys. Is it possible that the 5% alloy is unexpectably 
ductile, and that the properties of the 7.5% alloy are representative of martensite 
containing 7.5% vanadium? 

2. The phenomenon of strain transformation has received considerable atten 
tion recently. (See, for example, Mechanical Properties and Heat Treatment of 
Ti-Nb Alloys, L. W. Berger, D. N. Williams, and R. I. Jaffee, appearing in this 
volume of TRANSACTIONS.) In the absence of omega, the maximum ductility of 
the metastable alloy is found to occur at about the minimum composition that 
completely retains beta. This would be close to 15% vanadium in the Ti-V alloys 
Therefore, a peak in ductility would be expected at 15% vanadium. The authors 
have attributed the absence of this peak to the formation of omega on quenching, 
which seems quite logical. However, one would expect the 11% alloy to be sim- 
ilarly affected since the tendency toward omega formation should increase as the 
beta phase becomes less stable. What do the authors think is the most probable 
explanation for the anomalous ductility observed in this alloy ? 

3. Aging response of the various alloys is shown on one master plot in the 
paper. The alloys represented included quite a range of compositions representing 
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several degrees of beta stability and at least three variations in amount of re- 
tained beta. Are the authors able to select the type of alloy which produces the 
best properties after aging? That is, how stable should the beta be for maximum 
aging response? The implication of the curve, that all compositions when suitably 
aged can produce the same strength-ductility properties, seems improbable. 

4. Data is reported showing an improvement in ductility in the alloys when 
solution treated in the alpha-beta field rather than the beta field before aging. 
Did equivalent aging treatments result in improved strength at constant ductility 
or improved ductility at constant strength? Also, what was the grain size after 
the two solution heat treatments ? 


Authors’ Reply 

The authors are grateful to Dr. Williams for his interesting comments. We 
will endeavor to answer his specific questions in the order in which they have been 
raised. 

1. It seems unlikely that the 5% vanadium alloy is unexpectedly ductile. Fabri- 
cation in the beta field, if it affects ductility at all, would probably lower it with 
respect to fabrication in the two-phase field. For this reason, it appears more likely 
that the ductility of the 7.5% vanadium alloy in the quenched condition is lower 
than expected of martensite of this composition. The authors have suggested grain 
boundary precipitation as one possible explanation for this embrittlement. 

2. The high level of ductility of the quenched 11% vanadium alloy is possible 
because very little omega is present. The M. temperature of this alloy is suffi- 

iently high so that during quenching some martensite will form before the tem- 
perature range of omega formation is reached. The martensite present might very 
well stabilize the remaining beta so that subsequent omega formation is negligible 
Another possibility which should be considered is that the rate of omega forma- 
tion is a maximum at about 12.5% vanadium, and a lowering as well as a raising 
of alloy concentration will decrease the rate of omega formation. This explanation 
requires that the free energy-compositional relationship of the supersaturated beta 
phase governs the kinetics of the omega reaction and also that this free energy- 


c 


compositional relationship is such that there exists a tendency for segregation into 
vanadium-rich and titanium-rich regions within the beta phase. 

3. It is the authors’ conclusion that within the range of alloys studied, between 
11 and 24% vanadium, the same strength-ductility combinations after quenching 
from the beta field can be obtained with any composition, appropriately aged. In 
other words, the maximum obtainable ductility after quenching from the beta field 
is the same for all the alloys when and if they can be aged to the same strength 
level. The 12.5 and 15% vanadium alloys exhibit maximum aging response since, 
within the relatively narrow range of aging times employed, they generally reached 
higher strength levels than the other alloys. 

4. Strictly speaking, “equivalent aging treatments” cannot be obtained in the 
same alloy, since the composition of the beta phase in an alloy solution treated in 
the two-phase field will be different from that after solution treatment in the beta 
field. Therefore, the alloy will not display the same aging response in both cases. 
[t was observed, however, that solution treatment in the two-phase field produced 
lower strength and greater ductility than did solution treatment of the same alloy 
in the beta field, when both treatments were followed by identical aging pro- 
cedures. The influence of grain size was not evaluated in this investigation, but it is 
unlikely that differences in grain size can account for the substantial differences 

properties obtained by the two types of solution treatments. 











FACTORS AFFECTING THE ABSORPTION 
AND DISTRIBUTION OF 
HYDROGEN IN TITANIUM DURING 
ACID PICKLING 


By C. R. McKinsey, M. STERN AND R. A. PERKINS 


Abstract 


The environmental and metallurgical factors which con- 
trol the absorption and distribution of hydrogen in titanium 
during acid pickling are discussed. Hydrogen pickup results 
from corrosion of the metal and can be minimized by passi- 
vation of the surface or alteration of the cathodic reaction. 
Hydrogen pickup in predominantly alpha alloys is shown to 
be confined to a thin surface layer which is stable at temper- 
atures below 100 °C (210 °F). The presence of beta results 
in more hydrogen pickup and deeper penetration. The im- 
portance of phase distribution is indicated. The significance 
of surface hydride layers is discussed in terms of the effect 
on hydrogen absorption, total hydrogen content, and me- 
chanical behavior. (ASM International Classification N15d, 


L12g; Ti) 


INTRODUCTION 


YDROGEN as an impurity in titanium has received considerable 
attention due to the deleterious effect of minor amounts of this 
element on the mechanical behavior of titanium and its alloys. Hydro 
gen can be absorbed at any stage in processing, from production of 
sponge to fabrication of mill products. The reaction is reversible and 
hydrogen can be removed by heating in vacuum. This results in an ad 
ditional cost which might be eliminated through better process contro! 
Many of the problems associated with hydrogen contamination which 
faced the industry in its early years have been solved, and some effec 
tive controls have been developed. However, difficulties still are en 
countered, and a better understanding of the absorption and effects 
of hydrogen is required. 
The effects of hydrogen contamination have been described by sev 
eral investigators (1,2,3)1, and a general summary of embrittlement 


1 The figures appearing in parentheses pertain to the references appended to this paper 


A paper presented before the Thirty-Ninth Annual Convention of the Society 
held in Chicago, November 4-8, 1957. The authors are associated with the 
Metals Research Laboratories, Electro Metallurgical Company, A Division of 
Union Carbide Corporation, Niagara Falls, New York. Manuscript received 
April 15, 1957. 
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phenomena has been prepared (4). The total hydrogen content is not 
necessarily a criterion of brittle behavior. The distribution of hydro- 
gen, type of alloy, and mechanical conditions imposed are believed to 
be equally important factors. The absorption of hydrogen at elevated 
temperatures has received considerable attention and appears to be 
reasonably well understood (4-9). The absorption of hydrogen at low 
temperatures also has been studied, and observations in acid-pickling 
operations and research investigations have developed a general but 
inadequate knowledge of behavior (4,10-14). Hydrogen pickup is 
markedly different for various bath compositions, surface conditions, 
alloy types, and section sizes. 

The pickup of hydrogen at elevated temperature can be minimized 
by effective controls and techniques which have been developed. It is 
not considered a serious problem at the present time. On the other 
hand, the absorption of hydrogen at low temperatures in acid-pickling 
operations has not been explained sufficiently to permit very marked 
improvements in this critical phase of titanium processing. The pur- 
pose of this work is to examine the absorption and distribution of 
hydrogen at room temperature as a function of the environmental and 
metallurgical factors and to define more clearly the important variables 
which must be considered in acid pickling and utilization of pickled 
materials. 


ENVIRONMENTAL FActors AFFECTING HYDROGEN PIcKUP 


When a metal reacts in an acid solution with hydrogen gas evolution, 
one of the processes which occurs at the surface is reduction of hy- 
drogen ions to form hydrogen gas (2H*+ + 2e-H,). This overall 
process may be considered to occur in two individual steps—reduction 
of hydrogen ions to form hydrogen atoms (H*+ + e—-H) and com- 
bination of two hydrogen atoms on the surface to form hydrogen gas 
(H + H—H,). In addition to forming hydrogen gas, hydrogen atoms 
in contact with a metal surface may dissolve directly in the metal or in 
some cases react with the metal to form a hydride. This is the source of 
hydrogen pickup during pickling. ’ 

\ concentration of hydrogen atoms at the metal surface constitutes 
a driving force for the absorption of hydrogen. It may be regarded as 
an effective surface pressure, although it is not a pressure in the sense 
normally associated with molecular gases. Darken and Smith (15), 
who studied hydrogen diffusion through steel during acid immersion, 
have called this driving force “virtual pressure.” They calculate the 
“virtual pressure” to be of the order of 10° to 10° atmospheres, many 
orders of magnitude greater than the hydrogen gas pressure of about 
me atmosphere which exists above the solution. 

From theoretical considerations, it is believed that the “virtual pres- 
sure” of hydrogen is a marked function of applied current density dur- 
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ing cathodic charging (16). The reduction of hydrogen ions to 
hydrogen atoms can be made to proceed at much higher rates by inten 
tionally making the metal a cathode in acid solutions. The. rate of 
reduction of hydrogen ions is by Faraday’s law directly proportional 
to the cathodic current if no other reduction reaction occurs. If the re 
action proceeds at a high rate, the concentration of hydrogen atoms at 
the metal surface increases. Hence, the “virtual pressure” which is the 
driving force for absorption of hydrogen atoms also increases. 

To determine the importance of this variable on hydrogen pickup by 
titanium, cathodic charging experiments were conducted at various 
current densities in a manner which is described in a later section of 
this discussion. It was found that hydrogen pickup was indeed quite 
sensitive to applied current density, increasing markedly with an 
increased rate of reduction of hydrogen ions. 

Since, as described above, the rate of reduction of hydrogen ions on 
a titanium surface influences the driving force for diffusion of hydrogen 
into titanium, any factor which changes this rate will affect hydrogen 
pickup. Thus, an increase in the corrosion rate of titanium caused by 
an increase in acid concentration would be expected to create a greater 
hydrogen pickup. To check this, titanium sponge, with a high surface- 
to-mass ratio, was corroded in 1% HCl and 5% HC1 for 18 hours at 
room temperature. The hydrogen pickup from 5% HC1 was 3.7 times 
as high as that found in the 1% acid. A further experiment was con- 
ducted to determine whether a corrosion inhibitor which passivated 
titanium would decrease hydrogen pickup. Ferric ion additions to 
hydrochloric acid are known to passivate titanium and thus minimize 
corrosion (17). Since very low corrosion rates do not provide sufficient 
hydrogen to measure easily by vacuum-fusion analysis, it was necessary 
to use radioactive hydrogen (tritium) as a measure of hydrogen ab- 
sorption. Titanium was corroded in tagged 1% HC1 with and without 
ferric ion for 17 hours. The hydrogen pickup, measured by tritium 
activity, was reduced by a factor of about one hundred when titanium 
was passivated. 

The hydrogen content of titanium will increase during acid pickling, 
which is a corrosion process, if hydrogen ion reduction is the cathodic 
process. For example, it is reported that pickling in a 2% HF solution 
increases hydrogen content considerably. However, if nitric acid is 
added to the pickling solution, hydrogen pickup is minimized (11,12). 
This is due to the fact that the primary cathodic reduction reaction 
during pickling is changed from hydrogen evolution to reduction of 
nitrate. As long as passivity is not achieved, the pickling process will 
occur at a rapid rate without appreciable hydrogen evolution. It is im 
portant to note in this connection that the electron diffraction studies 
of Ogawa and Watanabe (18) show that a titanium hydride surface 
film is formed during immersion of alpha titanium in hydrofluoric, 
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hydrochloric, sulphuric, or phosphoric acid. In these solutions, hy- 
drogen evolution is the primary cathodic corrosion reaction. An im- 
mersion time of only a few seconds is required to produce a hydride 
on titanium in concentrated hydrofluoric acid at room temperature or 
hydrochloric acid at the boiling point. Immersion in nitric acid or aqua 
regia, however, produced a surface film of titanium dioxide (anatase). 
Titanium hydride surface films have been identified by x-ray diffraction 
in our Laboratories after corrosion in hydrochloric acid. 


METALLURGICAL Factors AFFECTING HyDROGEN PICKUP 


Room temperature solubility and diffusion rate of hydrogen in alpha 
and beta titanium are the principal factors which control hydrogen 
pickup in acid pickling. The alpha/alpha + hydride and beta/beta + 
hydride boundaries have been derived as mathematical relationships 
from thermodynamic data by McQuillan (5). The solubility of hy- 
drogen in alpha titanium is less than 20 ppm at room temperature but 
becomes appreciable at temperatures above 100°C. The correspond- 
ing solubility in beta is 66 ppm and at any temperature is significantly 
higher than that in alpha. This is a hypothetical boundary, however, 
and one would expect a different solubility in beta phase due to the 
presence of elements required to stabilize the beta phase to room 
temperature. 

The diffusion coefficients of hydrogen in both alpha and beta ti- 
tanium at elevated temperatures have been determined by Wasilewski 
and Kehl (6). Diffusion of hydrogen is faster in the beta phase than 
in alpha. 

These data indicate that hydrogen pickup would be controlled to a 
large extent by the amount and distribution of the two phases present 
in an alloy. Predominantly alpha structures would be expected to pick 
up hydrogen slowly, forming a concentration of hydrogen in the form 
of hydride at the surface. This has been demonstrated experimentally 
by McKinsey and Martin (13) and Otsuda (19). Beta-rich alloys 
would be expected to dissolve considerably more hydrogen with a 
much greater depth of penetration under the same conditions. There- 
fore, the amount of hydrogen absorbed in acid pickling is strongly 
dependent on structure and on the ratio of surface area to total mass. 

A series of experiments were conducted to illustrate more clearly 
the importance of metallurgical factors such as grain structure, alpha- 
beta ratio, and alpha-beta configuration on the absorption and dis- 
tribution of hydrogen and to indicate wherein the ratio of surface area 
to mass is most significant. 


MATERIALS AND PREPARATION 


Samples of commercially pure titanium and selected alloys were 
heat treated to obtain a variety of structures as shown in Table I. The 
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data for samples A to D are from a previous investigation (13). The 
samples were charged with hydrogen by making them the cathode in 
an electrolyte of 10 to 20% sulphuric acid solutions. Platinum anodes 
were used. The conditions of charging were 20 or 48 hours at a cur- 
rent density of 0.088, 0.10, or 0.20 ampere per square centimeter. Both 
rod and sheet samples were used. A portion of each sample was pre- 
pared for chemical analysis. Total hydrogen was determined by 
vacuum-extraction techniques. 

Distribution of hydrogen was studied by metallographic methods. 
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Fig. 1—Effect of Amount and Distribution of 


Beta on Hydrogen Pickup. 


\ cross section of each specimen was prepared for study. In order to 
preserve the edge during polishing, specimens were plated either with 
copper, iron, or nickel prior to polishing. It was assumed that hydrogen 
pickup during plating was negligible. Best results were obtained with 
nickel which had better resistance to the etching solutions than either 
copper or iron. All samples were etched in 2% HF :23% HNO3:75% 
H»O solution for metallographic examination. The amount of beta 
phase was determined by lineal analysis or, where calculations per- 
mitted, from equilibrium relationships. 
RESULTS 
Evidence of the importance of microstructure in controlling hydrogen 
pickup is given in Fig. 1 (13). These data indicate that in predom- 
inantly alpha alloys the total hydrogen pickup is directly related to 
the amount and distribution of beta phase. A network distribution of 
i very small amount of beta ( basket-weave structure) is far more detri 
mental than a random dispersion of a larger amount of beta phase. 
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Composition and heat treatment, therefore, can have a marked effect on 
susceptibility to hydrogen absorption during acid pickling. 

As shown in Fig. 2, hydrogen absorbed by commercially pure 
titanium or predominantly alpha alloys is concentrated as titanium 
hydride in a thin surface layer. Under the conditions of these experi- 
ments, the layer was 0.010 to 0.020 millimeter thick. As determined in 
an earlier study (13), the presence of the beta phase resulted in deeper 
penetration of hydride compared with that obtained in all-alpha struc- 





or 


Fig. 3—Structure of Titanium—7% Manganese Alloy Charged with 12,100 ppm Hydro- 
gen. X 1000. (a) Crack in Alpha Phase at Prior Beta Grain Boundary. No Hydride in 
Alpha; (b) Acicular Markings in Beta Matrix. 


tures. Hydrogen penetrated deeper into an alloy with 2.3% beta in a 
network distribution than in an alloy with 7.8% beta in a random dis- 
persion. The depth of penetration in acicular alpha (martensite) also 
is greater than that in equiaxed alpha, indicating the presence of re- 
tained beta in the acicular structure. This indicates that hydrogen by 
virtue of its higher solubility and diffusion rate in beta has an easy 
path of entry. It is interesting to note that in structures where beta is 
present up to 8% by volume, the hydrogen still is found as hydride 
needles in the alpha structure adjoining beta particles. This indicates 
that the beta may be saturated with hydrogen. 

A markedly different behavior was exhibited by beta-rich alloys. A 
titanium-7% manganese alloy heat treated to form a structure of 25% 
alpha in a beta matrix was charged to a total hydrogen content of 
12,100 ppm. The same alloy quenched to form an all-beta structure 
was charged under the same conditions to 13,600 ppm hydrogen. 
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Charging conditions were somewhat different from those used with 
beta-lean alloys so a quantitative comparison of total hydrogen pickup 
with alloys which are predominantly alpha cannot be made (Table I) 
The results indicate, however, that the beta-rich alloys are far more 
susceptible to hydrogen pickup. Large amounts of hydrogen can be 
absorbed under these conditions. The most significant result of this 
experiment, however, is the fact that in beta-rich alloys, no surface 
layers of hydride are formed. In fact, as shown in Figs. 2 and 3, there 
was no evidence of hydride formation in either the alpha or beta phases 
in alloys with 12,000 to 14,000 ppm hydrogen. This was checked by 
both metallographic and x-ray diffraction studies. 

The hydrogen dissolved in the beta is far in excess of that predicted 
by McQuillan’s thermodynamic extrapolation of the beta/beta + hy- 
dride phase boundary in the titanium-hydrogen binary system (5). 
The presence of manganese would be expected to modify this phase 
boundary. Also, beta may be supersaturated, since McQuillan proposed 
that nucleation of hydride in a body-centered cubic matrix might be 
extremely difficult, if not impossible (5). 

The needle-like structure observed in the beta phase (Fig. 2f) is 
identical in appearance to martensite (acicular alpha) produced by 
mechanical deformation of metastable beta and was not present before 
cathodic charging. The presence of alpha titanium was confirmed by 
x-ray diffraction. Most likely the acicular markings in the matrix of 
the beta + 25% alpha alloy (Fig. 3b) are also martensite needles. It 
appears that the introduction of hydrogen promoted the formation of 
martensite. A higher incidence of acicular markings in beta near the 
surface may indicate some gradation in hydrogen concentration. Evi- 
dence that the introduction of hydrogen creates internal stress is given 
by the intergranular cracking developed in the beta plus 25% alpha 
alloy as a result of cathodic charging. Cracking appeared to be con- 
fined to the alpha phase (Fig. 3a). 


STABILITY OF HypripE LAYER 

Since hydrogen pickup from acid solutions is characterized by the 
formation of. surface layers of titanium hydride in predominantly 
alpha structures, it is important to know the relative stability of the 
layer at low temperatures. This effect was studied by metallographic 
examination of cathodically charged specimens ( Heat 4-1469, Table I) 
heated for different lengths of time at temperatures up to 400°C 
(750 °F). Results are shown in Table II and Fig. 4. The specimens 
contained 15 ppm hydrogen initially, and no trace of hydride needles 
could be found in the structure. Hydrogen content after charging was 
not measured but was estimated to be about 90 to 110 ppm. 

The hydride layer did not change in appearance on standing several 
months at room temperature or on heating for 1 hour at 100 °C. After 
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24 hours at 100 °C, a few hy e needles were observed in the core 
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Table Il 
Effect of Heat Treatment on Stability of Hydride Layer 
Hydride Layer Depth of 
Thickness-mm. Penetration-mm.* 
Sample Temp. : Heating Time-Hr ’ Heating Time-Hr 

No. <S. 7. 0 1 24 0 1 24 
D-1A 100 210 0.015 0.015 0.015 0 0 0.30 
D-1B 200 390 0.011 0.011 0—0.006 0 0.40 3.50 
D-2A 300 570 0.015 0-0.006 0 0 1.40 5 


D-2B 400 750 0.012 0 0 0 2.70 5 








*Distance from surface at which hydride needles were observed in core. 
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Fig. 5—Effect of Ratio of Hydride Layer Thick- 
ness to Total Thickness on Hydrogen Content. 


1 hour at 200 °C (390 °F). After 24 hours at 200 °C (390 °F), much 
of the layer was dissociated, and hydride needles extended well into the 
core (Fig. 4). Dissociation was not uniform and diffusion appeared to 
occur both into the core and into the nickel plate. After 24 hours at 
300 °C (570°F), the hydride layer had completely disappeared, and 
needles were randomly dispersed throughout the specimen. The layer 
also was completely dissociated after 1 hour at 400 °C (750°F), but 
additional time at this temperature was required for uniform dispersion 
to the center of the 10-millimeter rod sample. 
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SIGNIFICANCE OF SURFACE HypripE LAYERS 

The fact that in predominantly alpha alloys the hydrogen absorbed 
during acid pickling is concentrated as a very thin surface layer of 
titanium hydride is of considerable significance, since total hydrogen 
content generally is taken as the criterion for hydrogen embrittlement. 
The influence of a surface hydride layer is important since it (a) may 
restrict total hydrogen pickup by limiting diffusion, (b) contributes 
to total hydrogen content, and (c) most likely leads to mechanical 
behavior different from that produced by a uniform hydrogen content. 

Gulbransen and Andrew (9) found a different behavior in the ab- 
sorption of hydrogen at 250 °C (480 °F) compared with that at higher 
temperatures which they attributed to the presence of a hydride film. 
No direct measurement of the effect of surface hydride on the diffusion 
of hydrogen into titanium has been made, however. The cathodic 
charging experiments indicate that the effect may be significant since 
large increases in charging time did not result in proportionate in- 
creases in the thickness of hydride layers. 

A significant effect of surface hydride is the contribution that it 
will make to total hydrogen content. The total hydrogen content will 
depend on the ratio of surface area to mass or, more properly, on the 
ratio of the layer thickness to the total thickness of the material. A re- 
lationship expressing the total hydrogen content as a ratio of the layer 
thickness to total thickness for sheet and bar has been derived as shown 


below: 


1) Hr=—-(V¥=) (or) (He) 








(Vr) (pr) 
Sheet Bar 
He = —[2(t/T)} (or) (Ai) 5) gy = [= 1-2 t/D)] (ox) CA) 
(pri) —[2(pri — pr.) (t/T)] (pt) + [ (prs — pt) (1-2t/D)*] 


where Hr = total hydrogen, ppm. 
Hz = hydrogen in layer, ppm. 


pu = density of hydride layer 
pr: = density of titanium 

t = layer thickness 

T = total thickness 


D = total diameter 
Vi = volume of layer 
Vr = total volume 

pr — average density 


These derivations are based on a negligible hydrogen content in the 
material exclusive of the layer and do not take into account possible 
end or edge effects. 

Assuming a hydrogen content of 30,000 ppm for the layer (midway 
between TiH and TiHe), density of the layer was calculated to be 
3.78 grams per cubic centimeter. Using these values, the equations 
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were solved for various assumed values of t/T and t/D, and plotted 
in two ways as shown in Fig. 5 and Fig. 6. Fig. 5 expresses total 
hydrogen content as a function of the thickness ratio, while Fig. 6 
shows the total layer thickness required for a given sheet or bar 
thickness to reach total hydrogen contents of 125 and 150 ppm. 

These curves serve to illustrate the sensitivity of total hydrogen 
content to hydride layer thickness and thickness ratios. For example, 
in 16-gage sheet (0.0625-inch thick) a hydride layer 0.00019-inch 
thick (ratio = 0.003+ ) would increase the total hydrogen content by 
150 ppm. The same layer thickness on 22-gage sheet (0.03125-inch 
thick—ratio = 0.006-++-) would increase total hydrogen by 300 ppm 
The hydrogen content effectively is doubled when the thickness ratio 
is doubled. Thickness ratios were determined for several of the cathod 
ically charged bar specimens of predominantly alpha alloys, and results 
are plotted in Fig. 5. Although some scatter is evident, agreement with 
the calculated curve is fairly good. 

The existence of surface hydride layers presents a complication in 
the analysis of acid-pickled material for hydrogen. The actual hydrogen 
content may be greater or less than that measured depending on how 
the analytical sample is prepared and the subsequent treatment of the 
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material. Failure to include the surface of the material or abrasion of 
he surface in preparing an analytical sample will result in lower 
hydrogen contents. Similarly, alteration of the surface after analysis 
may result in a significant change in hydrogen content. 

It remains to be demonstrated whether surface hydride layers are 
detrimental to mechanical behavior. It would seem that mechanical 
behavior of materials with the same total hydrogen content occurring as 
a surface layer in one case and as a uniform distribution in the other 
would be quite different. This subject is of considerable importance 
ind would be a fertile field for detailed investigation. 


SUMMARY AND CONCLUSIONS 


Hydrogen pickup and distribution in titanium and its alloys during 
acid pickling are controlled by a variety of interrelated environmental 
ind metallurgical factors. Corrosion of the metal surface results in 
the formation of hydrogen atoms, which constitute an effective hy- 
drogen pressure and is the driving force for diffusion into the metal. 
\ny factor which alters the rate of reduction of hydrogen will affect 
hydrogen pickup. It is possible to passivate titanium or to change the 
cathodic reaction and minimize hydrogen pickup. 

Hydrogen pickup by cathodic charging and, hence, by acid pickling 
in predominantly alpha alloys is characterized by the formation of thin 
surface layers of titanium hydride. Essentially, all the hydrogen is con- 
centrated in the surface layer. The presence of small amounts of beta, 
particularly in network distribution, results in more hydrogen pickup 
and deeper hydrogen penetration. Hydrogen pickup in predominantly 
beta alloys is characterized by lack of surface hydride layers, rapid 
hydrogen penetration, and the possibility of extremely high hydrogen 
contents. High internal stresses also can be developed. 

The hydride la, er formed on alpha titanium is stable on heating for 
short times at temperatures up to 100°C. At higher temperatures, it 
decomposes in less than 24 hours and hydrogen diffuses into the core. 

The thin hydride layers may make a substantial contribution to 
total hydrogen content and are believed to contain an average of about 
30,000 ppm hydrogen. Total hydrogen content of the material depends 
on the ratio of the layer thickness to total thickness. Analysis of pickled 
material for total hydrogen will give erroneous results if the original 
surface is not included in samples for the analysis. 

Total hydrogen content is not necessarily a true criterion for ex- 
pected mechanical behavior, and distribution of the hydrogen should 
be considered. A material with high hydrogen content, most of which 
s concentrated at the surface, may be acceptable if the thin surface 
layer is removed by some mechanical means. In this respect it appears 
best not to heat acid-pickled material after descaling since heating will 
result in deeper penetration of hydrogen. 
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DISCUSSION 

Written Discussion: By D. N. Williams, Battelle Memorial Institute, Columbus, 
Ohio. 

The authors are to be congratulated on carrying out an irvestigation which 
will do much to explain previously anomalous results obtained in studies of low 
temperature hydrogen absorption. I should like to raise a mild objection to one 
of their statements, however. In referring to Fig. 3, the authors state that this 
structure, representing an 8Mn alloy containing 12,100 ppm of hydrogen, contains 
no hydride. In my opinion, the very sharp outlining around selected alpha needles 
is due to a fine hydride interface between the alpha and beta phase. The inability 
of x-rays to detect hydride would not seem unusual, since x-ray detection of 
hydride is quite difficult. A fairly large amount of reasonably coarse hydride is 
required to produce an x-ray indication of the presence of hydride. 

To further support this argument, the microstructure in Fig. 7 is of interest.* 
In this illustration, hydride precipitation in a solution heat treated and aged com- 
mercial alpha-beta alloy is shown. Although this sample contains only 200 ppm 
hydrogen, the tendency toward hydride precipitation at the alpha-beta interface is 
quite apparent. 





Fig. 7—Ti-2Mo-2Fe-2Cr Containing 200 ppm. X 500 





* WADC TR 54-616, Part IV, D. N. Williams, F. R. Schwartzberg, P. R. Wilson, W. M. 
Albrecht, M. W. Mallett, and R. I. Jaffee. 





TRANSACTIONS OF THE ASM 


Authors’ Reply 


As stated in the text, no surface layer of hydride was formed in the predomi 
nantly beta alloy, and there was no evidence of hydride formation within either 
the alpha or the beta phase. This does not preclude the existence of a fine hydric 
phase at the alpha-beta interface, and the authors agree that this may be the case 
However, it is also possible that an aging treatment after hydrogenation is neces- 
sary to produce this effect. The specimen in Dr. Williams’ example was both 
solution heat treated and aged. Also, in recent work by Huber and co-workers,* 
in which hydrogen distribution was studied by autoradiography, it was found that 
an aging treatment at 900 °F was necessary to precipitate a hydrogen-rich phase 
at the alpha-beta interface in a titanium-3% manganese complex alloy after 
charging with 600 ppm hydrogen and solution heat treating in the alpha + b-ta 
field. 


*O. H. Huber, J. E. Gates, A. P. Noung, M. Pobereskin and P. D. Frost, “Hydroger 
Distribution in Heat Treated Titanium as Established by Autoradiography,” Transaction 
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THE MODE OF HYDRIDE PRECIPITATION IN 
ALPHA TITANIUM AND ALPHA 
TITANIUM ALLOYS 


By Tren-Suin Liu AND Morris A, STEINBERG 


Abstract 
The modes of hydride precipitation in alpha titanium and 

alpha titanium alloys have been determined using optical 
methods on oriented single and large-grained crystals by the 
two-surface method. Under favorable conditions of hydride 
precipitation and growth, the appearance of the hydrides in 
unalloyed and alloyed (Ti-3% Al, Ti-3% Ta, Ti-2% V, 
and Ti-10% Zr) alpha titanium are basically the same— 
thin needles. The precipitation tends to take place along slip 
lines and twin markings, where the surface energies are 
higher than surrounding areas. The habit planes for hydride 
precipitation were determined as follows: 

Ti and Ti-2% V (1010) (1011) 

Ti-10% Zr (1011) (1122) 

Ti-3% Ta (1011) (1121) (1122) 

Ti-3% Al (1011) (1121) (1012) 
Crystallographic relationships postulated for unalloyed t1- 
tanium are 


§ (1010) ar (101) rin 
[1210] an (O11) rin 
\(1011)arni (101) rin 
[1210] am [100] riz 
An explanation of impact brittleness caused by hydride 


precipitation is presented. (ASM International Classifica- 
tion N7b; Ti) 


INTRODUCTION 


HE EFFECT of hydrogen on mechanical properties of titanium 
and its alloys with particular reference to its embrittling behavior 
has been the object of widespread investigation in the last several years. 
The objective of the present investigation is to seek better understand- 


Chis work was performed under the auspices of the Metallurgy Branch, Office of Naval 
Research on Contract No. Nonr-1847(00) 
_ A paper presented before the Thirty-Ninth Annual Convention of the Society, 
held in Chicago, November 4-8, 1957. Of the authors, T. S. Liu is former project 
supervisor, Metallurgy Department, Horizons Inc. and is now at Titanium Metals 
Corporation of America, Henderson, Nevada. M. A. Steinberg is head, Metal- 
lurgy Department, Horizons, Inc., Cleveland. Manuscript received March 27, 
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ing of this mechanism of hydrogen embrittlement in titanium and its 
alloys with particular reference to the modes of hydride precipitation. 
In order to approach the problem systematically, hydride precipitation 
in alpha titanium and alpha-titanium alloys was studied. 

Micrographic studies of unalloyed alpha titanium and alpha-titanium 
alloys have revealed the presence of fine markings which have variously 
been ascribed as precipitated X-phase, etch pits, twins, or hydrogen- 
rich “rifts” in the structure. The work of Craighead, Lenning and 
Jaffee (1)? has indicated that the precipitation of the hydride TiH is 
in all probability responsible for the markings. 

Due to the inherent characteristics of the constituents involved, espe- 
cially the low atomic scattering power of hydrogen and titanium, optical 
and metallographic methods rather than x-ray techniques for the orien- 
tation determination of the hydrides were used to study this precipita- 
tion. Alloys chosen were all alpha regions of the Ti-Al, Ti-Zr, Ti-V, 
and Ti-Ta binary systems. 


BACKGROUND 


In the metal-hydrogen systems, there are four types of interactions 
between the gas and the metal. 


1. With the alkali and alkaline-earth metals, hydrogen forms hy- 
drides of a salt-like nature. 

2. With the metals of Group IV B, V B, and VI B, covalent hydrides 
are formed yielding compounds analogous to the hydrocarbons. 

3. A number of metals, such as iron, chromium, nickel, cobalt, plati- 
num, copper, silver, molybdenum, magnesium, and aluminum dissolve 
hydrogen to form true solutions, as indicated by the fact that. 


a. the hydrogen solubility varies as \/P, and 
b. solubility increases with increasing temperature. 


4. With the rare-earth metals and titanium, zirconium, thorium 
hafnium, vanadium, niobium, tantalum, uranium, and manganese, the 
solubility varies as \/P for certain ranges of values of pressure (P) 
and this solubility decreases with increasing temperature in certain 
temperature ranges. 


In the case of titanium, the maximum hydrogen solubility in alpha- 
titanium of 7.9 atomic % is reached at approximately 608 °F. Beyond 
this temperature the solubility of hydrogen in alpha titanium decreases 
gradually to zero at the alpha-beta transformation temperature, 
1620 °F. 

According to Craighead, Lenning and Jaffee (1), the solubility of 
hydrogen in alpha titanium decreases from 7.9 atomic % at 572°F to 
about 0.1 atomic % at room temperature. The hydrogen cannot be re- 


1 The figures appearing in parentheses pertain to the references appended to this paper. 
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tained by fast quenching. It precipitates as plates at slow cooling rates 
and as a fine dispersion after quenching. 

The results of investigations to date indicate that the precipitated y 
phase has a rather wide range of composition—from 48 to 63.3 atomic 
% according to McQuillan (2). It has generally been accepted that this 
y phase is face-centered cubic. Due to the nature of the elements in- 
volved, positioning the hydrogen atoms in the lattice by x-ray studies 
has been impossible. Using iodide titanium with 61.7 atomic % of 
purified hydrogen, McQuillan (3) obtained a lattice parameter of 
4.414. 

Neutron diffraction studies by Jaffe (4) indicate that below 500 °F 
there is a body-centered tetragonal phase with a, = 3.12A, c, = 4.18A, 
and with a c/a ratio of 1.34. This investigation is still in progress at the 
present time. 

Similar hydride precipitation was observed by Langeron and Lehr 
(5) on coarse grained zirconium specimens. Using x-ray diffraction 
and stereographic manipulations, these investigators concluded that the 
plane of hydride precipitation in zirconium is of the type (1010). It is 
interesting to note that this corresponds to the slip plane in zirconium. 

No recorded work can be found on the crystallography of hydride 
precipitation in titanium-or zirconium alloys. In the present investiga- 
tion, the selection of the alloys is such that there is a variation of the 
axial ratio both above and below that of pure titanium (c/a = 1.587) 
(see Table 1). 

Hydrogen embrittlement in zirconium was investigated by Young 
and Schwartz (12). They concluded from observations using an elec- 
tron microscope that micro-crack formation at the hydride-zirconium 
interfaces was responsible for the embrittlement in zirconium. 

According to Lenning and Jaffee (13) there are two distinct types 
of hydrogen embrittlement in titanium and titanium alloys. Alpha-type 
alloys are more susceptible to hydrogen embrittlement at impact speeds. 
Alpha-beta-type alloys are susceptible to both the impact-type and the 
strain-aging type of hydrogen embrittlement. It was suggested that 
the addition of 5% aluminum would increase the hydrogen tolerance 
of alpha alloys. Another method would be to utilize the higher hydrogen 
solubility of beta titanium. Thus, the addition of a small amount of a 
beta-stabilizing element such as molybdenum would also raise the 








Table I 
Nominal Composition of Alpha Ti Alloys Used and Their c/a Ratios 


Actual 
Nominal Comp. Compositior of References 
Ti-3% Al 2.76% Al 1 (6) 
i / 9.54% Zr ‘ (7), (8) 
2.83% Ta (9) 
2.1% V (10), (11) 
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hydrogen tolerance thus preventing the strain-aging type embrittle- 
ment. 

From the foregoing discussion, it is evident that while considerable 
knowledge has been gained on the effect of hydrogen on the properties 
of titanium and titanium alloys, our knowledge of the actual modes of 
hydride precipitation, hence the reason for the observed effects, is still 
lacking. 

EXPERIMENTAL PROCEDURE 
Materials Used 


Titanium metal used in the present investigation was supplied by the 
Bureau of Mines. It was electrorefined and had a Brinell hardness of 
69. The following percentages of impurities were indicated by Bureau 
of Mines. 


Fe <0.02 Si 0.011 Ni 0.008 O: 0.051 
Cr <0.005 Mn_ 0.03 G 0.005 H: 0.014 
Mg 0.002 Cu <0.005 Cl, 0.01 
Na <0.005 Al <0.04 V <0.005 


Specimens of iodide titanium purchased from Foote Mineral Co. 
were used for comparison although alloys were prepared with Bureau 
of Mines titanium. Vacuum fusion analyses in this laboratory showed 
the following oxygen, hydrogen and nitrogen contents: 


Iodide Ti (Foote) Oz 0.038% Hz 0.010% Nz 0.003% 
Bureau of Mines Ti Oz 0.018% Hz 0.001% Nz 0.001% 


Elements used for making Ti-alloys were obtained from Alcoa Re- 
search Laboratory (Al); Electro Metallurgical Co. (V); and this 
laboratory (hafnium-free zirconium and electrolytic Ta). The oxygen 
and hydrogen contents of these materials were very low, below 0.010%. 
Tank hydrogen was used in this investigation. According to the sup- 
plier, it is 99.8 + % pure with a maximum oxygen content of 10 ppm 
and moisture content of 0.01 milligrams per liter. This hydrogen was 
further purified by a de-oxygen device and passed through a drying 
train and heated titanium chips before being introduced into the speci- 
mens. Table I lists the nominal composition of the alloys used and their 
respective axial ratios. 


Preparation of Specimens 


Alloys of the desired compositions were prepared by the melting 
of weighed constituents in a nonconsumable electrode arc-melting 
furnace using argon as a protective atmosphere. The alloys melted into 
25-gram buttons, were remelted at least six times. After each melting 
the button was turned over and remelted to achieve homogeneity as 
evidenced by subsequent metallographic examination. 

These alloys were then rolled flat and sliced in preparation for a 
strain annealing treatment. For ease in operation, compression by cold 





“UU O° OF $°O SEM |ZIs UleEIB Buje Jeuy ay} ‘seulyy NO} pazvedas SEM a[DAD Bulpeouue-uyess oy} ‘el %¢S-1 1 104 
“WW ¢°Q 0} ZO SEM JZIS UTEIS BuljIeIs [euY 9y} ‘saUlt} Vey} Poyeedal SEM JPOAD Bulpeouue-uresjs 9yy “17 Wol-1y 104 
“WU 9°Q 03 #'O SEM OZI8 UTeIB Burjzse3s jeuy 9y3 ‘seulty 1no} pozeodal SEM |fOAD Buljeouue-uresys 9yi ‘PY %Z-AL JOge 
*@8VD YO UT SuTUTeI}S [eIT}ID 9y} SE Pesn seM Burjjos Aq uorsseidwios Y%] yy, 








zT'O 9% Ao@L8ET 7B “SITY TF 
AcoTBET FE “S14 96 800 AcZOZT Fe “SIU § 
cHlol9OST FE “S1Y OZ PIT O r ye “SIU S 


7e “BIy OZI 
7 Y tbl 60'0 
7e ra 1¢0 
7° 80°0 
jeouuy WI ‘aZIS uors < 
eit) Surussse07) urely yeurmon 
Zurjzpnsey urelr) Bure 
BBLIBAY yeuly “AY 


{POzBBIsaAU] SAOILY IL-0 PUB IL-0 103 oINPeyrds BZusUssvOD-ULeIH 
If M1481 














460 TRANSACTIONS OF THE ASM Vol. 50 


Diffusion McCieod Drying —— Hydrogen 
Pump F Gage 7 v Towers Valve 


/ Cold Trap — | Gas 
/ | Burette, 


v 


Camero 





Deoxo 
Purifier 





a 















Microscope ‘ = 







































agin 
e To ° 
Mech. 
Pump 
| oe 
| | / 
\ | 
a 
sales od / Titanium 
“ Bleed Valve i: Flakes 
Elevated Temperature 
Thermometer 


Microscope Stage 


Fig. 1—Schematic Diagram of Modified Sieverts’ Apparatus. 


rolling was used for critical straining. Since a coarse-grained specimen 
with a grain size of about 1 millimeter was satisfactory for the present 
investigation, no attempt was made to investigate the various possibili- 
ties of growing single crystals of alpha titanium alloys. In the case of 
pure titanium, single crystal flakes obtained by fused salt electrolysis in 
our laboratory were used in conjunction with coarse-grained poly- 
crystalline specimens. The schedules used for grain coarsening of vari- 
ous specimens are given in Table II. 

After the optimum grain sizes were reached, the specimens were cut 
into desired size and shape, chemically etched and electrolytically 
polished. For hydrogenation in the Sieverts’ apparatus, the specimens 
were weighed before being put into the high temperature microscope 
stage and furnace. 


Hydrogenation Treatment 


Two methods of introducing hydrogen into the specimens were used. 
The first one utilized a modified Sieverts’ gas absorption apparatus 
with an elevated temperature microscope stage incorporated into the 
system. Fig. 1 is a schematic drawing of the Sieverts’ apparatus to- 
gether with the hydrogen purifying train and the elevated temperature 
microscope stage (17). Fig. 2 shows a general view of the stage with 
microscope with recording camera in place. 
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Fig. 2—Photograph Showing General View of Stage with Microscope and Recording 
Camera in Place. 





Fig. 3—Photograph of System for Saturation of Titanium with Purified Hydrogen— 
Continuous Flow. 
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After the specimens were heated to 1328 °F, a measured amount of 
dry and purified hydrogen was admitted into the evacuated system. The 
actual amount of hydrogen absorbed was calculated from the initial and 
final pressures of the run and the calibrated volume of the apparatus. 

The second method of admitting hydrogen into a specimen was to 
saturate it with a continuous flow of purified hydrogen. In this method, 
the amount of hydrogen in the resulting specimen was determined by 
vacuum fusion analysis. Fig. 3 shows a schematic view of the apparatus 
for these experiments. It was found that using this arrangement, a 
temperature of 662 to 752 °F followed by furnace cooling in hydrogen 
was sufficient to cause large sized hydride formation. 


Stereographic Analyses 


Specimens after hydride formation were examined under the micro- 
scope. Although in some cases the hydrides showed up without etching, 
normally, a supplementary etching brought out the hydride formation 
more clearly. It was found that a two-step etching procedure yielded 
best results : 


First etch: 2 parts HNOs by vol. Modified 
1 part HF Remington A 
2 parts glycerine Etchant 
Second etch: 80 cc H.O 
2 cc HF Etchant B 
2< HNO; 


For the two-surface method of determining the plane of precipitation 
in the matrix, a grain that straddles two polished surfaces intersecting 
at a known angle, containing large hydrides, and of sufficient size to be 
x-rayed, is needed. For this reason, a large number of specimens had 
to be inspected before one single usable grain was found. Stereographic 
projection of the planes responsible for the hydride traces were then 
superimposed on the stereographic projection of the grain being 
studied. The orientation of the grain was obtained by Laue back- 
reflection methods. The indices of the hydride plates in terms of the 
matrix orientation were then determined. 

A geometrical consideration of the planes of precipitation was then 
made to establish possible planes and directions of precipitation of the 
hydride phase. 


EXPERIMENTAL RESULTS 


Unalloyed Titanium 


Single crystal titanium flakes, produced in our laboratory by fused- 
salt electrolysis, range in size from 4 to over 4 inches long and a few 
mils thick. Fig. 4 is a macroscopic view of these crystals. Various types 
of line markings were observed. While the majority of these markings 
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Fig. 4—Macroscopic View of Ti Single Crystals Obtained by Fused Salt Electrolysis 
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Fig. 5—Twins and Hydride Line Markings on Electrolytically Deposited Ti Crystal 
Flakes. Etchant: Remington A. 
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Fig. 6—Hydride Lines Produced by Hydrogenation of High Purity Ti Crystals. Etchant: 
Remington A followed by etchant B 





Fig. 7—Laue Back Reflection Pattern of Ti Single Crystal Flakes 
Taken Perpendicular to the Flat Surface 
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“hb 9 
Fig. 8—Enlarged View of Hydrides in (0001) Plane of Titanium Crystal with (1012 
Twin Plane Transversing Photograph (Note Hydride Direction Change from Matrix 
Through Twin as Well as a Second Type of Hydride in Twin). Also hydrides present 
were formed from residual hydrogen in the titanium and hydrogen pickup in acid 
treatment. Etchant: Remington A. 
Fig. 9—Interaction of Hydride Needles with Twin Traces, After Hydrogenation Treat- 
ment and Slow Cooling (Note that Some Hydrides Cross Twins Without Direction 
Change While Others Have Abrupt Direction Changes Across Twins). (Polarized 
light). Etchant: Remington A followed by etchant B. 


were twins, as characterized by their shape and finite width, there is a 
second group of needle-like, usually short, line markings. By vacuum 
fusion analysis, it was found that there is 0.02% hydrogen in the crystal 
flakes which show these short markings. 

To confirm that these short line markings are due to hydride, and 
hydride alone, several crystal flakes—which showed no short line 
markings whatsoever and have extremely low hydrogen content—were 
subjected to a hydriding treatment at temperatures above 572 °F. It 
was found that these markings can be duplicated after a hydriding treat- 
ment at as low as 572 °F. Fig. 5 shows line markings and twins as they 
appeared on titanium crystal flakes obtained by electrolytic deposition. 
Fig. 6 indicates these hydride lines produced after hydriding a low 
hydrogen crystal flake. The similarity of the fine line markings in both 
cases is clearly noticed. It is thus evident that these fine line markings 
are due to hydride precipitations. 

The crystal flakes so produced were found to be single crystals with 
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Fig. 10—Hydride Markings on the Basal Plane and Within the Broad (1012) and Nar- 
row (1121) Twins. Etchant: Remington A and etchant B. 
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Fig. 11—Tracing of Twins and Hydrides in Photomicrograph of Fig. 10 with the 
Directions of Hydride Needles. 
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(0001) basal planes parallel to the flat surfaces, as determined by Laue 
back-reflection technique and reported elsewhere (14) (Fig. 7). It is 
interesting to note that the hydride line markings arrange themselves 
into a definite geometric fashion. They made perfect 60-degree angles 
with each other as shown in Fig. 8. In this photomicrograph it is also 
noticed that twin traces and the hydride markings are easily dis- 
tinguishable. 

It is also to be noted that in some cases where the hydride markings 
meet a twin on the basal plane, there is a definite and abrupt change of 
the direction of the markings, while in others they cross without any 
change in direction (see Fig. 9). This indicates that there are at least 
two different sets of habit planes. 

In Fig. 10 the broad twins are identified by the two-surface method 
as (1012) twins, and the narrow twin running across the picture is a 
(1121) twin. The close parallelism of the hydride markings to the 
broad (1012) twins suggests that the habit planes are of the type 


(10in). 

To determine the indices n, use was made of the known angle be- 
tween the twinned portion of the crystal and that of the matrix, and the 
measured angle between the hydride markings and the twin boundaries 
(Fig. 11). From the analyses based on both the (1012) twin traces and 
the (1121) twin traces on all the crystals examined, stereographic 
plotting of the data indicates that the two families of habit planes are 
(1010) and (1011), (Figs. 12 and 13). Fig. 18 is an edge view of one 
of the crystal flakes. This was taken on a plane closely parallel to a 
(1120) prism plane. Here the hydride markings run across the twins 
without any noticeable change in their directions, indicating a prismatic 
mode of precipitation. 

Alpha Titanium Alloys 

Generally speaking, under the present experimental conditions, 
which were made favorable for the growth of the hydrides, the appear- 
ance of the hydrides in the alpha titanium alloys studied were similar 
to those observed in the unalloyed titanium. They all appeared as sharp, 
thin needles. Fig. 19 shows hydride needles in an unalloyed poly- 
crystalline titanium. This is to be compared with the hydride needles in 
Ti-3% Al (Fig. 26) ; Ti-3% Ta (Fig. 23) ; Ti-10% Zr (Fig. 20) ; and 
Ti-2% V (Fig. 21). It was observed that in most cases, the hydride 
precipitation took place along slip lines and twin traces where the sur 
face energy was higher than in the surrounding matrix. 

71-10% Zr Alloy—The general appearance of the hydride needles 
is shown in Fig. 20. The alloy has a network of retained beta throughout 
the specimen although this did not appear on the surface. Controlled 
furnace cooling at 50 °F per hour from the all beta range did not elim- 
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12—1011 and 1010 Type Habit Pignes Derived from Basal Plane and 1012 Twin 
races. 


ig. 13—1011 Type Habit Planes Determined from Basal Plane and 1121 Twin Txaces 
ig. 14—Orientation of a Ti-10% Zr Grain with Poles Responsible for Hydride Traces 


Superimposed. 

15—Orientation of a Ti-2% V Grain with Poles Responsible for Hydride Traces 
Superimposed. 

16—Orientation of a T?-3% Ta Grain with Poles Responsible for Hydride Traces 
Superimposed. 

17—Orientation of a Ti-3% Al Grain with Poles Responsible for Hydride Traces 
Superimposed. 
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Fig. 18—Edge View of Hydride Precipitation In Unalloyed Titanium. Etchant: Reming 
ton A and etchant 


Fig. 19—Photomicrograph of Polycrystalline Ti After Hydrogenation and Slow Cooling. 
Etchant: Remington A and etchant 


inate this network. It was also observed that under identical conditions 
of introducing hydrogen, there were fewer hydride formations than 
in the other alloys examined. Due to this fact and the stringent require- 
ments imposed by the two-surface method, some fifteen grains were 
selected from a large number of specimens for studying. Fig. 14 shows 
a typical stereographic projection of a grain studied and of the hydride 
habit planes therein. The data indicated that the habit planes of the 
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Fig. 20—Large-Grained Ti-10% Zr Alloy After Heat Treatment (See Table II) and 
Hydrogenation (8 Phase Also Present). Etchant: Remington A and etchant B. 


Fig. 21—Hydride Precipitation in Ti-2% V Alloy. Etchant: Remington A and etchant B. 


hydrides in this particular alloy were represented by (1011) and 
(1122). 

Ti-2% V—Fig. 21 shows the general appearance of hydrides in 
Ti-2% V alloy. This particular specimen was prepared in the modified 
Sieverts’ apparatus. Due to the limited working distance of high power 
microscope objectives, a rather small sized specimen had to be used. 
This reduced the chance of finding suitable usable grains considerably. 
In addition, the thermal etching of the hydrides as they formed were 
not satisfactory for observation. For these reasons, the modified Sie- 
verts’ apparatus was used only for introducing predetermined amounts 
of hydrogen into the specimens. Fig. 22 shows the direction of the hy- 
dride precipitation in one of the grains investigated. Stereographic 
projection of the planes responsible for these traces together with the 
orientation of the grain as determined by back-reflection Laue method 
is shown in Fig. 15. The data indicate that the habit planes are of the 
type (1010) and (1011). 

Ti-3% Ta—The appearance of hydrides in Ti-3% Ta alloy is shown 
in Fig. 23. The appearance of the hydrides are not evident until after 








1958 ALPHA TITANIUM ALLOYS 471 


\ 742 
‘ _ 
25.5° ai 
el ‘\ ™~ 
‘ . ' ; : . 
‘ : Oa . . 
<< <=. . 
a a AAR! ge 
** ° a, 2 A . z. . > 
VA Ay y - . We . 
3 7 = 4 o é ‘ Mi % \. 
e ” . “ + a » * ¥ . 
. . . * = 
te : ete 
_ am L ond ss Common 





f ‘ #2 
’ A s » 4 v Ngcorresponds 
- To No Low 


4y - re = 3 7 XY Edge 
": a ‘ J 7 -B0° (7) 
e? " ;, x* Ke Index Plane 

‘ a rx 


» ea \ B 
PA 
“a, e h, . an ? 
|86.5° /36:5° \s0° 
Fig. 22—Hydride Needles on the Face and Edge of a Ti-2% V Grain. Etchant 
Remington A and etchant B. 


etching. Similar etching applied to specimens prior to hydrogen treat- 
ment failed to bring out these needles. Thus the possibility that these 
needles were caused by etching was ruled out. 

Fig. 16 shows the stereographic projection of a typical grain together 
with the projections of the planes responsible for the traces on two 
mutually perpendicular surfaces. The habit planes were found to be 
(1011), (1121), and (1122). 

Ti-3% Al—This alloy when treated in hydrogen exhibits superficial 
films and markings which are sometimes misleading. Fig. 24 shows 
one type of such markings observed. Another type which occurs is 
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Fig. 23—Hydride Precipitation in Ti-3% Ta. 
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Etchant: Remington A and etchant B. 


Fig. 24—Surface Appearance of Ti-3% Al Alloy After Treated in Hydrogen (200 ppm 
Hz). Etched before treatment. 


shown in Fig. 25. These films caused a marked change in the response 
of the specimen to various etchants, but can be removed by electrolytic 
polishing. After such treatment, the hydride precipitation in Ti-3% Al 
alloy showed up as short, thin needles, as shown in Fig. 26. 
Stereographic projection of typical grains investigated together with 
the planes responsible for the hydride traces are shown in Fig. 17. The 
habit planes for hydride precipitation in Ti-3% Al alloy are of the 


type (1011), (1121) and (1012). 


DISCUSSION 


Although at 572 °F the solubility of hydrogen in alpha titanium is 
about 8 atomic % (0.20 wt. %), Craighead, Lenning and Jaffee (15) 
indicated that the room temperature solubility is less than 0.14 atomic 
%, and the hydride precipitation cannot be suppressed by fast quench- 
ing. From a consideration of the crystal structures of the constituents 
involved, as will be shown shortly, there seems to be too large a strain 
for the matrix to sustain without the hydride phase precipitating out. 

Alpha titanium is C.P.H. ‘with ap = 2.950 and c. = 4.683 A. U. (3). 











ALPHA TITANIUM ALLOYS 473 


. ery Peres 
oo ny iies F <—— 
ot NR Np pee ; i ~~ 











au” , 
Ret ee 
Lv rs 
Ry 
7 ~ 
‘ 
Ms ; 
; 
n ¢ Fe} . aN ‘ y Y ef 
peed ~~ ae yi oon ; 
25 : , f «A 26 2% & a. 
Fig. 25—Surface Appearance of T Al Alloy After Treatment in Hydrogen. Un- 
etche fter treatment. 
Fig. 26—Appearance of Hydride Precipitation of Above Specimen After Electrolytic 
Polishing and Etching. Etchant: Remington A followed by etchant B 


The latest information on the crystal structure of the y phase in the 
Ti-H system is that obtained by Jaffe (4). By neutron diffraction, the 
y-phase structure obtained can be regarded either as B.C.T. with 
a, = 3.12 A, c, = 4.18 A, and c/a = 1.34 or F.C.T. with a, = 4.42 A, 
co = 4.18 A, and c/a = 0.946. 

Due to the small size of the hydride precipitates obtainable and the 
low atomic scattering powers of titanium and hydrogen, it is difficult 
to establish the lattice orientation relationship between the matrix 
and the precipitate by diffraction methods. However, from the knowl- 
edge of the habit planes obtained optically and a consideration of the 
lattice types and dimensions, the following are two possible lattice 
orientation relations between a-Ti and TiH precipitates: 


i (101) rm, ¥.0.2.} 
[1210] «rs || [011] rm, v.c.2.) I 


( (1011) er: || (101) 2m, 2.0.2.) n 
LL12I0] er: || [100] rum, 2.0.7.) 


This is shown schematically in Figs. 27a and 27b. It is to be noted 
that, while in both cases the disregistry in the habit planes are less than 
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Fig. 27a and 27b—Postulated Lattice Orientation Relations Between 
Alpha Titanium and TiH Precipitates. 


6%, to accommodate the TiH phase in a direction perpendicular to the 
habit plane would require an expansion of the matrix of some 12% in 
that direction in the case of (1011) pyramidal type habit planes, and 
up to 17.9% for (1010) prismatic type habit planes. This can well be 
the reason that no hydride precipitation can be suppressed by quench- 
ing. 

It is noticed that the two habit planes for hydride precipitation fall 
on two of the three possible slip planes for titanium at room temper- 
ature. This could conceivably contribute to a shortened nucleation pe- 
riod for the slip process. While in static tests such shortening of the 
nucleation time does not affect the resultant behavior, the effect would 
be most noticeable in short duration tests such as impact testing. 

Summarizing the results on the habit planes of hydride precipitation, 
as shown in Table III, it is noticed that in the alpha titanium alloys 
studied, there is a common habit plane (1011). Since hydride precipita- 
tion in a binary titanium alloy involves a ternary system, it is not clear 
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Table Ill 
Habit Planes of Hydride Precipitation 
Alloy Habit Planes 
Ti-10% Zr (1011) (1122) 
Ti-2% V (1010) (1011) 
Ti (1010) (1011) 
Ti-3% Ta (1011) (1121) (1122) 








Ti-3% Al (1011) (1121) (1012) 





whether the precipitated phase is identical in crystal structure and lat- 
tice dimension in each case. It is quite possible that (1011) is a slip 
plane that is common to the alpha alloys studied. 

According to Langeron and Lehr (5), hydride precipitation takes 
place along (1010) planes in coarse grained zirconium. This corre- 
sponds to the slip plane in zirconium at room temperature. The lack of 
(1010) habit planes in Ti-10% Zr alloy is noted. Since zirconium has 
a high affinity to hydrogen, it might be that the precipitated phase has 
such a crystal structure and lattice spacing that renders (1010) planes 
in the matrix unfavorable for precipitation. 

In studying the habit phenomenon in the martensitic transforma- 
tion, Machlin and Cohen (16) used a sizeable single crystal Fe-Ni 
alloy and partially transformed it to martensite. In their case, a favor- 
able condition for the observation of the precipitated phase, i.e., marten- 
site plates, is achieved. To make accurate studies of the path of atom 
movement during the transformation, titanium specimens of compa- 
rable size are needed. 


SUMMARIES AND CONCLUSIONS 

1. Under favorable conditions of hydride precipitation and growth, 
the appearance of hydrides in unalloyed and alloyed (Ti-3% Al, Ti-3% 
Ta, Ti-2% V, and Ti-10% Zr) alpha titanium are basically the same— 
thin needles. 

2. The precipitation tends to take place along slip lines, and twin 
markings, where the surface energies are higher than their surround- 
ing areas. 

3. The habit planes for hydride precipitation in unalloyed alpha 
titanium and Ti-2% V are of the {1010} and {1011} types. 

4. The habit planes for hydride precipitation in Ti-10% Zr alloy 
are {1011} and {1122}. 

5. The habit planes for hydride precipitation in Ti-3% Ta alloy are 
of the {1011}, {1121} and {1122} types. 

6. The habit planes for hydride precipitation in Ti-3% Al are of 
the {1011}, {1121} and {1012} types. 
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7. Crystallographic relationships 


{ (1010) ars || (101) aa, v.c.7 
[1210] er: || [Ol] ]rin, vcr. 
and 


eo ga 1] (101) 1m, act 
[1210] or: || [100] rim, w.cr. 


were postulated from lattice type and habit plane considerations. 
8. An explanation of impact brittleness caused by hydride precipita 
tion was presented. 
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STRAIN HARDENING OF AUSTENITIC 
STAINLESS STEEL 


By G. W. Powe Lt, E. R. MARSHALL AND W. A. BACKOFED 


Abstract 

The strain-hardening characteristics of types 301 and 304 
austenitic stainless steel have been studied as functions of 
temperature (20 to —263 °C), strain rate (100-fold varia 
tion), and stress system (tension, torsion, and compres 
sion), and correlated with quantitative measurements of 
the progress of the martensitic transformation. 

The stress-strain relationship is strongly dependent upon 
the stability of austenite with respect to transformation 
Effects of the experimental variables are explained in terms 
of their influence upon austenite stability. At —263 °C, 
tensile deformation ts characterized by discontinuous yield 
ing and multiple necking; such instability is attributed in 
large measure to localized softening caused by heat evolved 
in testing at temperatures where specific heat is low and 
flow stress is highly temperature-dependent. (ASM Inter 
national Classification Q24M, LN8; SS-e) 


INTRODUCTION 

HE MECHANICAL behavior of austenitic stainless steel has 

long been the subject of extensive study. Much of the interest 
derives from the martensitic transformation of face-centered cubi 
austenite (y) to body-centered cubic ferrite (a), or low-carbon mar 
tensite, that this material may undergo. Transformation tendencies 
have been shown to be influenced by a number of variables, including 
plastic strain (1—4)' and temperature of deformation (3,5-8) for 
steels of various analyse.. 

Fundamental relationships between the martensitic transformation 
and the nature of the applied stress have been investigated largely 
through studies concentrating on changes in the M, temperature 
Machlin and Cohen (9) demonstrated that the formation of a martens 
ite plate in a 30 Ni-70 Fe alloy is associated with a shear strain of 


1 The figures appearing in parentheses pertain to the references appended to this paper 


A paper presented before the Thirty-Ninth Annual Convention of the Societ 
held in Chicago, November 4-8, 1957. Of the authors, G. W. Powell is associat 
with Nuclear Metals, Inc., Cambridge, Massachusetts, E. R. Marshall is Associat 
Professor of Civil Engineering, University of Vermont, Burlington, Vermont a: 
W. A. Backofen is Assistant Professor of Metallurgy, Massachusetts Institute 
Technology, Cambridge, Massachusetts. Manuscript received July 11, 1956. 
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AUSTENITIC STAINLESS STEEL 


in the habit plane and a simultaneous tensile strain of 0.05 normal 
habit plane. Subsequent experiments with a 0.5 C-20 Ni steel 

ed M, to be raised by pure tension and compression in the elastic 

e, a tensile stress raising M, more than a compressive stress of 
ual magnitude; triaxial and hydrostatic compression were found 
lower M, (10). Such findings were interpreted as showing that 

: formation of a martensite plate is aided by applied stress produc- 
ig tensile strain normal to the habit plane in addition to shear strain in 
the habit plane. 

Cina (11) has found that the nature of the applied stress can also 
exert considerable influence on the extent of martensite formation dur- 

plastic deformation. In a comparison of tensile and compressive 
formation, it was found that for a given strain, tensile extension 
produces the greater amount of martensite. 

Some investigations have also shown that strain rate can have a 
marked influence on the martensitic transformation. Specifically, less 
transformation has been observed to accompany higher strain rates 
3,12,13), an effect attributed to the temperature rise in increasingly 
rapid deformation. 

From the broad coverage of previous research, it is known that 
temperature, stress system, steel analysis, plastic strain, and strain rate 
have an influence on the y to a transformation. With respect to the 
mportant variable of stress system, the more detailed body of informa- 
tion, well understood in terms of theory, applies to elastic behavior. It 
ippears, however, that the attempt has not yet been made to relate 
the influence of such variables on the strength-producing martensitic 
transformation to the actual strain hardening characteristics described 

stress-strain curves. Therefore, an exploration of this area, using 
ustenitic stainless steels of the 18-8 variety as experimental materials, 

s made the objective of the present work. 


MATERIALS AND PROCEDURES 
Materials 


Chemical analyses, lattice parameters of y and a, M, temperatures, 
grain size, and hardness values of the two steels in the annealed condi- 
prior to testing are given in Table I. Type 301 was prepared as a 
inch diameter vacuum-melted ingot which was then forged to 54-inch 
diameter rod. After a further 6-hour homogenizing anneal at 1065 °C 
1950 °F), the rod was reduced by cold drawing to a diameter of 
0.550 inch. Specimens were machined from the cold-drawn stock and 
hen annealed for 7 minutes at 1065 °C (1950°F). Type 304 was 
btained from a commercial source as cold-finished 34-inch diameter 


{ 


d from which specimens were machined and then annealed for 1 hour 
1065 °C (1950 °F). 
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AUSTENITIC STAINLESS STEEL 


Procedures 
nsile Testing: Standard ASTM specimens of 0.375-inch diameter 
vere pulled at carefully controlled constant true-strain rates using an 
apparatus and technique that has been described elsewhere (14). Most 
tension tests were conducted at room temperature of approximately 
00°C (68°F), —78°C (—108°F) (dry ice and acetone mixture), 
196°C (—320°F) (boiling liquid nitrogen). All room- 


nd 
iid 


emperature tests were made with the specimen immersed in water at 
20 C. The true-strain rates used were 6 10-3, 60 x 10-3, 180 « 
10-8, 300 & 10-3, and 600 & 10~-* min.—!. Some tests were made at 
63°C (—4+41 °F) employing low-temperature equipment, also de- 
scribed elsewhere (15). 
lo follow the progress of transformation, specimens were extended 
different strains, all less than the necking strain, and sectioned to 
yield an approximately 1l-inch long sample from the gage length of 
each. Then density was determined and the volume percentage of mar- 
tensite calculated in the manner described below. 
Torsion Testing: The maximum shear strain, y, at the surface of a 
round bar of radius, a, is defined as y = a0, where @ is the angle of 
st in radians per unit length. The maximum shear stress, +, cor- 


responding to the maximum shear strain, y, is obtained with the con- 


tut 
Wi 


ventional graphical treatment of the plot relating torque and angle of 


twist per unit length (16). 

Tests were made at shear-strain rates of 250 * 10-* and 600 « 
10-3 min.—!. The maximum shear strain in uniaxial tension can be 
related at least approximately to the maximum tensile strain by (17) 


y = 3/2« Equation 1 
From Equation 1 the shear-strain rates given above are seen to be 
roughly equivalent to tensile strain rates of 167 & 10~* and 400 x 
10~-* min.~? and hence fall within the range of strain rates employed 
in the tension testing. 

\t 20°C, both steels were twisted at the two strain rates. However, 
to avoid temperature changes in the strain-gage torque dynamometer, 
only the higher was used at —78°C (—108°F) and —196°C 

320 °F). Specimens of 301 were twisted to various strains at 20 °( 
ind sectioned to obtain samples for density determinations. 

Compression Testing: The strain hardening of 301 in compression 
was studied with a 0.5-inch diameter specimen, 1l-inch long, deformed 
at 20°C and a true strain rate of approximately 60 & 10~% min.-}, 
he test was interrupted at a strain of 0.3 for remachining to prevent 
excessive barreling of the specimen. A colloidal suspension of molyb- 
denum disulphide was used for lubrication in the specimen-platen 
interface. Additional specimens of 0.312-inch diameter and 0.75-inch 
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long were compressed to various strains for density determinati 
approximately 4, inch was turned from the ends of each after 
pression to remove any nonplastic cone that might have devel 
during the deformation. 

Density Determinations for the Calculation of Percent Martensit 
Of the several techniques for determining volume fraction of mart: 
ite, that involving density measurements was chosen. The experi 
mental procedure adopted was that described by Fletcher and Col 
(18), which was developed for essentially the same application tl 
found in the present work. 

Assuming the lattice parameters required in the calculations t 
known exactly, the accuracy of such a method for determining 
based on a reproducibility of the weighings of +0.1 milligram, is « 
puted to be +1% of martensite; by repeating the weighings after 
intervals of time, this was found to be a good estimate of accuracy 
The error in the lattice parameters given in Table I is about 1 part ir 
3000. From the standpoint of comparison, however, only the weighing 
error is significant, as an error in lattice parameter is constant 
common to all measurements, and therefore affects only the absolut 
value of V4. 

In specimens taken from the twisted bars, strain varied lin 
from zero at the centerline to a maximum at the surface. Ther 
the volume fraction of martensite derived from the density of the enti: 


sample, representing a wide range of strain and transformation 
only an average value, V,. A simple analysis of the data was carr 
out, however, which required only the assumption that, for given t: 
conditions, the extent of transformation is a function of shear str 
alone. By this analysis, V, could be computed as a function of - 


the experimentally determined \V, versus y relationship. 


EXPERIMENTAL RESULTS 
Tensile Testing 

True stress-strain curves of 304 and 301 at various constant t1 
strain rates and temperatures are shown in Figs. 1 and 2. Fig. 3 il! 
trates the variation of the uniform or necking strain, determined 
Considere’s construction (19), with test temperature for a strain 1 
of 60 & 10-3 min.—!. Vq as a function of strain for 304 at —196 °¢ 
(—320 °F) and 301 at 20°C and —196°C (—320°F) is present 
in Fig. 4. 

At —263°C (—441 °F, 10°K) there is a radical change in 
strain-hardening characteristics of both 301 and 304. Fig. 5 is a 
tailed plot with a considerably magnified strain scale of results obtain: 
with annealed 301 which contained 28 volume percent of marten 
directly after quenching to this temperature. The specimen after f1 





AUSTENITIC STAINLESS STEEI 














1—True Stress-Strain Curves for Type 304 at 


78 °, and —196 °C and Various Constant True- 
Strain Rates 


ture is shown in Fig. 6. Four shallow necks are found along the gage 
length with a true-strain difference between “peaks” and “valleys” 
f approximately 0.09. Such discontinuous and localized deformation 
has also been observed by Collins (20) in experiments with type 303 
stainless steel over a range of very low temperatures. A tensile load- 
elongation plot of Uzhik (21) from a test at —253 °C (—423 °F) on 
a steel comparable to type 321 likewise shows some serrations. A 


tendency towards localized deformation at more than one section of 
the gage length in tests on types 302 and 347 stainless steel at liquid 
litrogen temperature is indicated in data presented by Krivobok and 
Talbot ( 22). 
Only the envelope of the stress maxima and minima at —263°C 
41°F) is given in Fig. 7 for annealed 304, and for 304 pre- 
strained to « = 0.4 at room temperature ; also included is a plot of Va 
as a function of strain for the prestrained steel. No martensite is pro- 
luced by cooling either the annealed or prestrained 304 to this temper- 
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Fig. 2—True Stress-Strain Curves for Type 301 at 


20 °, —78 °, and —196 °C and Various Constant True 
Strain Rates 


ature. The internal character of each envelope has all the featuré 
the curve of 301 plotted in Fig. 5, and each steel exhibited the multi 


necking. 
Torsion Testing 

Shear stress-strain curves of 304 and 301 tested in torsion at 
different temperatures and rates are plotted with the continuous lit 
in Figs. 8 and 9. Also plotted in these figures with the broken lines 
are shear stress-strain curves derived from the true stress-strain tet 
sion curves of Figs. 1 and 2, established at the same temperatures 
with roughly equivalent strain rates. 

The primary purpose of this comparison was to illustrate any efi 
of stress system on the strain-hardening characteristics of 304 and 3 
It was necessary, therefore, to select stress and strain terms fund 
mental to strain hardening in both tension and torsion. In austenit 
stainless steel, structural instability in the form of the martens 
transformation is a major consideration in strain-hardening studies 


1 
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Fig. 5—True Stress-Strain Curve for 301 at 
263 °C. Approximately constant head-speed test. 
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ile Specimen of 301 Fractured at 263 °C After Multiple Nec 


rence between “peaks” and “valleys” of necks distant 
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(«=0.4) 


Annealed 


304 
-263°C (-441°F ) 








True Strain-« 


Fig. 7—True Stress-Strain Curves for Annealed and 

Prestrained 304 at 263 °C; Also Volume Percent Mar 

tensite as a Function of Strain for the Prestrained 304 
Approximately constant head-speed tests 


Accordingly, there is an unusually important need for stress-stra 
terms that yield an essentially single-valued relationship under diffe: 
ent stress systems in the absence of this instability. 

A recent study (23) has shown that particularly good agreem¢ 
between strain hardening in tension and torsion may be obtained wit! 
stable metals and alloys when maximum shear stress is plotted against 
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1 at Appr 


naximum finite shear strain. For torsion, the 


maximum shear stress 


| finite shear strain are the quantities determined in constructing a 
shear stress-strain curve. In tension, the maximum shear stress is 
simply one-half the conventionally determined, maximum true tensile 
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stress, while the rigorous definition of maximum finite shear strain j, 
tension can be shown to be (23) 


y = sinh 3/2e (tension) Equati 


where « is the conventionally determined maximum true tensile strai 
Before the tension-test data were replotted in Figs. 8 and 9, all stress 


values after necking were adjusted downward slightly with the Bridg 


man correction (24,25) to remove the strengthening effect of the 
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Sheor Strain-y 
Fig. 10—-Volume Percent Martensite 
Produced by Torsional Deformation of 


301 at 20 °C vy = 400 x 10° 
minute-! 


hydrostatic tension generated in the neck of a deforming test specime: 
To apply the Bridgman stress-triaxiality correction, it is necessat 
to know the neck-profile radius. Such data were not obtained, how 
ever, so as a reasonable substitute, use was made of an empirical r¢ 
tionship between strain and the ratio of the radius at the minimu 
section to the neck-profile radius, established experimentally wit! 
many materials by Bridgman (24). The close agreement between sh« 
stress-strain curves in tension (Bridgman-corrected ) and torsion 
a structurally stable alloy, is illustrated in Fig. 8 by 304 at 20°C 
Fig. 10 gives the V, as a function of shear strain for the torsiona 
deformation of 301 at 20°C. No experimental points are shown 
the curve was established with an empirical equation fitting the ori 
inal plot of V, versus maximum (surface) shear strain, y- 


Compression Testing 


Fig. 11 contains the true stress-strain curve in compression of 3 
tested at 20°C; for purposes of comparison, the tension curve at th 
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Fig. 11—Comparison of Strain Hardening in Compression 

and Tension for Type 301 at 20°C and « 60 X 10° 

minute-!; Also Volume Percent Martensite as a Function of 
Compressive Strain. 


same temperature at ¢ = 60 & 10~-% min.~? is also included. The third 
plot relates V, to true compressive strain. 


Discussion OF RESULTS 

The strain-hardening characteristics of 304 and 301 described in 
detail by the various stress-strain curves are strongly dependent upon 
the stability of the austenite. The parabolic curve of 304 at 20 °C, when 
no martensite is formed, is characteristic of structurally stable ductile 
metals. Small amounts of martensite form in 304 at —78°C 
108 °F) and are reflected by some departure from the parabolic 
course. As instability becomes pronounced, a concave-upward trend 
appears in the stress-strain curve following yielding. This is a promi- 
nent feature of the curves of 304 at —196°C (—320°F) and those 
of 301 at 20 °C, and should be compared with the corresponding per- 
cent martensite versus strain curves of Fig. 4. Angel (26) has fitted 
empirical equations to similar martensite versus strain curves and 
found the appropriate equations to be of the log-autocatalytic type. 
he stimulating effect which is evident in these curves at small strains 
probably has its origin in two phenomena: the autocatalytic nature of 
the martensitic transformation (27); and the increased rate of strain 
hardening due to prior martensite formation which has an indirect 
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produced by ones in liquid nitrogen and liquid 
helium, respectively. 


autocatalytic effect, serving to increase elastic strain about potent 
habit planes in the way which promotes martensite formation. 

An important contribution to the initially rapid rise of stress 
strain shown in Figs. 2 and 9 for 301 at —78°C (—108°F) and 

-196°C (—320°F) is considered to result from the martensite 
formed on cooling to test temperature. The effect of different initial 
amounts of martensite on strain hardening in 301 is illustrated in Fig 
12 which shows the flow stress to be greater for a given strain as the 
initial martensite content is increased. The contribution of martensit: 
formation to strain hardening in general may be attributed to (a 
greater hardness of the transformation product (28) and (b) a su 
division of the microstructure by martensite plates which must 
comparable in some measure to a decrease in grain size. 

Data presented above also bring out the relationship between 
onset of instability in a tension test specimen, or necking and th 
progress of the martensitic transformation. At some strain, all curv: 
but those for 304 at 20°C and —78°C (—108°F) exhibit a rat! 
abrupt decrease in slope, which Figs. 3 and 4 show to correspond a 
proximately to the necking strain and the strain at which the cor 
version to martensite is essentially completed. 

Work by Geil and Carwile (29) established that the uniform elor 
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n or necking strain of copper, nickel, and two copper-nickel alloys 
increased with temperature down to —196 °C (—320 °F). Now, when 
wer temperatures lead to greater uniform elongation, the increase is 
plained by the higher, more persistent rate of strain hardening 
(do/de) at the lower temperatures. As Fig. 3 illustrates, however, in 
the present work, uniform elongation was found to decrease with 
temperature of deformation. Although the introduction of martensite 
into the microstructure did act to maintain high levels of do/de during 
transformation, the saturation strain became less with lower temper- 
atures, and accompanying saturation, the rate of strain hardening fell 
ind necking began. If the austenitic steel could be extended in tension 


t progressively lower temperatures without the formation of martens- 


ite, uniform elongation could be expected to increase; data of Krivo 
bok and Talbot (22) on several austenitic steels indicate such a trend. 
Consequently, it appears that martensite is responsible for the earlier 
onset of necking at lower temperatures. The different crystal structure 
of the martensite may be an explanation, as Geil and Carwile (30) and 
Smith, Spangler, and Brick (31) have observed the uniform elonga- 
tion of ferrite to decrease with decreasing temperature. 

\s Figs. 1 and 8 show, the resistance to deformation of stable 304 
it 20 °C is only slightly affected by a hundredfold variation in strain 
rate. Strain-rate effects in an unstable austenitic stainless steel are il- 
lustrated in most detail by the data in Fig. 2 for 301 tested in tension 
at 20°C. An increase in strain rate from 6 10-* to 60 10-4 
min.—' elevates the curve, and the percentage-wise elevation at small 
strains is rather large for a tenfold increase in rate; at a strain of 0.35, 
lor example, the stress increase is 8% of the level corresponding to 

6X 10-% min.—?. The elevation is considered to result not only 
from the usual strain-rate effect, but also from an apparent stimulat- 
ing effect of strain rate on the martensite transformation as shown in 
Fig. 4. The origin of the latter effect is likely the higher stresses and 
strain energy accompanying higher strain rates. Further increases in 
rate to 180 & 10—-* and 600 & 10-3 min.—! reverse the trend, and 
the corresponding curves are displaced downward. A depression in 
the shear stress-strain curve of 301 at 20 °C is also shown in Fig. 9 for 
the higher strain rate beyond y — 0.55. Temperature rises with higher 
values of strain rate appear to be the logical explanation, for, even 
though room temperature tests were conducted with specimens im- 
nersed in water, temperature rises in the higher strain-rate tests were 
unavoidable ; temperature measurements in a tension specimen tested 
it room temperature anil « 180 & 10~-* min.~! showed.a maximum 
ise of approximately 10 °C. The effect of the temperature rise on the 
martensitic transformation is considered to be the principal cause of 
the depressed stress-strain curve, as such a temperature rise would be 
expected to have a relatively small effect on austenite flow stress. Fig. 4 
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shows that less martensite is formed at a given strain in the higher 
strain-rate tests when temperature rises must occur. At —196 % 
(—320 °F), the curves of 304 are displaced in keeping with the « 

mon trend, and only the curve for 301 and « = 600 & 10~-% min.~! is 
not consistent with that trend. The different strain-rate effect at 
—196°C (—320°F) would seem to be the result of superior heat 
transfer when a specimen is surrounded by boiling liquid nitroge: 

It is clear from Figs. 5 and 7 that at —263 °C (—441 °F) auste: 
ite instability is the most pronounced. Three specimens of 304, strained 
at this temperature and subsequently sectioned for density determin 
tions, revealed the deformation pattern. After stretching 1 4 inc} 
region appeared at each end of the gage length, next to the shoulders 
that was strained to e = 0.10. while the remainder of the gage lengt! 
from which the density sample was taken, was strained only to « = 0.0 
With martensite formation contributing to the deformation, the local 
ized strain adjacent to the shoulders is understandable as a cons 
quence of a transformation-promoting hydrostatic tension imposed at 
that location by restraint from the larger shoulders. Upon stretchi 
'g inch, the strain at the end of the gage length increased to e = 0.1( 
and diminished towards the center to a minimum again of 0.02 whicl 
now extended over only a very short distance. Deformation eventual! 
became uniform after stretching 14 inch, with regions of « = 0.21 alter 
nating with those of «= 0.18. The final strain variation, Ae, along the 
fractured specimen, associated with the multiple necking, was approxi 
mately 0.06. Now, while approaching fracture, each sudden extension 
of the specimen resulted in a length increase, Al, of about 4,4 in 
Therefore, by setting Ae = Al/I, or 0.06 = 1/641, a value of 4 inch is 
obtained for the length | over which an extension of %,4 inch would 
yield the strain of 0.06. Such a calculated gage length is found to be 
the average length (peak-to-peak) of the shallow necks as measured 
on the fractured specimen. Similar agreement was also obtained for 
the fractured 301 specimen. Therefore, each sudden length increase 
at least nearing fracture, appears to be accompanied by the formatior 
of a shallow neck. 

A stress-strain curve containing some serrated regions resulting 
from the martensitic transformation in a 1.5C—12Cr steel tested in 
tension at room temperature has been published by Cohen (32). In 
the present work alsu, the martensitic transformation may well hav: 
contributed to the discontinuous extension. However, it is felt that 
another, and perhaps even more important, reason for the behavior 

263 °C (—441 °F) is a relatively strong temperature dependenc: 
of flow stress at the low temperature of testing. Such temperature d 
pendence is indicated, for the case of aluminum, in work of Cottrel 
and Stokes (33) at temperatures down to that of liquid nitrogen. It is 
clearly illustrated in a forthcoming paper treating this low-temperaturs 
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‘ntinuous yielding phenomenon in a variety of metals and alloys 
\t some point in the test specimen, the discrete nature of slip 
mpanied by martensite formation, coupled with a very low spe 


WCCO 
cific heat, results in a temperature rise. Since flow stress is highly 
temperature-dependent, load-carrying ability falls with localized de- 
formation. The effect is transient, as elastic strain energy is drained 
out of the system under falling load, the temperature gradient disap- 
nears, and the resultant stress becomes less than the flow stress. Load 
must now build up until the next instability sets in. Since an over-all 
strengthening occurs with extension, load for subsequent yielding in 
creases, the amount of elastic strain energy released becomes larger, 
the temperature rise proves greater, and the load drop grows as shown 
in Figs. 5 and 7. Such an explanation predicts that even structurally 
stable austenite, at low testing temperatures, will exhibit the behavior 
reported here for types 304 and 301 

[hat stress system influences the course of martensite formation 
luring plastic straining is established by the curves of Fig. 13. The re- 
lationship between the curves, however, is not entirely what might be 
expected from previous work. Cina (11) obtained curves for tension 
and compression similar to these, although less widely separated. But 
there is no study involving torsional deformation for reference. Re- 
sults of previous work have been generally interpreted in terms of 
strain rather than stress system, for it is the inter-relationship between 
strain associated with martensite formation and strain from applied 
loads that leads to the stress-system effect. These earlier studies have 
shown that the system of strain most tensile in character leads to most 
extensive transformation. Applied to the present work, such a finding 
suggests that the tension curve in Fig. 13 should be uppermost, as it 
is, with the torsion curve located between those for tension and com- 
pression. The latter arrangement is indicated at very small strains 
ind 1s well defined after a strain of 0.34; in between, however, com- 
pression caused more transformation than torsion. Possibly some 
harrelling of the compression specimens, resulting in so-called second- 
ary tensile stresses girdling the specimen, contributed to this situation. 


t is now well established that over a wide range of plastic strain, 
tension stimulates the martensitic transformation to a greater extent 
than either torsion or compression. Therefore, when austenite is trans- 
lorming, a comparison of stress-strain curves for tension and torsion, 
as in Figs. 8 and Y, should find the tension curve at a higher level, at 
least at small strains, because of the more extensive formation of the 
strength-producing martensite. As the microstructure approaches sat- 
uration with respect to martensite, they might then be expected to con- 
ge. On the whole, all 301 data and that for 304 at 196 °C 
320 °F) are consistent with such predictions. Furthermore, as the 
instability of the austenite increases with lower testing temperature 
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and complete conversion 1s approached at smaller strains, the rai 
strain over which the tension curve lies at a definitely higher 
should decrease ; and again this trend is found in the data. The « 
for 304 at —78 °C (—108 °F) are difficult to explain without 
mation like that in Figs. 4 and 10 for this particular temperatur: 
large strains, discussion of curve correlation is involved for severa 
reasons. One is that the stress-correction for necking in tensio1 
made with Bridgman’s experimental curve, and this introduces som: 


Sheor Strain -y 
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y= 3/2e 
0.15 0.30 0.45 









a | 
301 yA 
80 20°C (68°F) Tension _] 
e ] 
4 
a re 
a 60 ? 
c 
2 
: $ 
= 40 
- Torsion 
° 
Compression 
20 
O = 











O 0.1 0.2 0.3 0.4 
True Strain-e 
Fig. 13-—-Volume Percent Martensite in 
[ype 301 Produced by Tension, Torsion, 
and Compression at 20 °C. Curves taken 
from Figs. 4, 10, and 11. 


uncertainty. For another, the microstructures are approaching satura 
tion, and transformation is occurring in rather heavily defor 
austenite. 

\s an approximation, only elastic strains and attendant lattice d 
tortion might be regarded as important to the production of martensit 
even in plastically deformed austenite. However, deformation prior t 
transformation must also be considered since it has resulted in a sn 
amount of the energy expended being stored up in the lattice to u 
fluence the activation energy for martensite formation. Aiso, and 
special importance, the operating micromechanisms in untransformed 
but plastically deforming austenite result in partitioning and lattic« 
disturbances which can impede transformation, reduce plate size, 
influence the distribution of martensite that is eventuaily produce 
These characteristics of the transformation product should influenc: 


j 


strain-hardening characteristics, and to different extents dependi 
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on the degree of partitioning before transformation. Therefore when 
sreater strain must be introduced by torsion to effect the same amount 
s of transformation as in tension, the stress-strain curves as saturation is 
pproached can still be expected to differ, as they do in Figs. 8 and 9. 
t [he difficult comparison to rationalize is that involving tension and 
| mpression in Fig. 11. Little can be offered in way of explanation, 
: considering the different transformation tendencies, except to note 
that specimen-platen interface friction can raise the compression curve 
tificially, and that many such comparisons in the past with stable 
terials have shown the compression curve to be the higher of the two 
It would, of course, be unwarranted to attempt an explanation of all 
urve details in terms of the transformation, for even though unstable 
ustenitic steel is outstanding in the lack of correlation, similar corre 

tions with stable materials are never exact 


SUMMARY AND CONCLUSIONS 

(he strain-hardening characteristics of types 301 and 304 austenitic 
tainless steel have been studied as functions of temperature, strain 
rate, and stress system, and correlated with the progress of the mar 
tensitic transformation. Relationships between extent of transforma 
tion and plastic strain under a number of test conditions were deter 
mined quantitatively through rmeastirements of the density of deformed 
specimens. 

It has been established that the shape of the stress-strain curve is 
strongly dependent upon the stability of the austenite. In the absence 
of any transformation, as in 304 deformed at room temperature, the 
stress-strain curve is of parabolic form. With increasing instability, 
marked decreases in the rate of strain hardening occur after some 
plastic strain. In general, the abrupt change in slope (a) occurred at 
sinaller strains as austenite instability increased ; (b) was accompanied 
by the terminal stage of transformation; and (c) corresponded ap 
proximately to the onset of necking in tension. Upon tension testing 
it —263 °C (—441 °F), both 301 and 304 exhibited multiple necking 
ind discontinuous extension with serrated stress-strain curves from 
yielding to fracture. As an explanation, it is suggested that such in 
stability is caused in large measure by localized softening from heat 
evolved in testing at a temperature where specific heat is low and flow 
stress 1s strongly temperature-dependent. 

rhe effect of strain rate on the martensitic transformation was 
ound to depend upon the magnitude of the rate. At 20 °C, increasing 
strain rate from 6 & 10~-* to 60 & 10~* min.~! stimulated martensite 
formation, whereas further increases resulted in less transformation. 
(he cause of the former effect is held to be the higher levels of stress 
ind strain energy accompanying the higher rate, while the cause of 
the latter is regarded as a temperature rise in testing. 
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Mode of deformation has been shown to influence the progr: 
ransformation in the plastic range. Uniaxial tension was foun 
promote martensite formation more than either compression or tor 
sion. This finding correlated reasonably well with a comparisor 
strain hardening in tension and torsion based on the relationshi 
tween maximum shear stress and maximum finite shear strain 
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THE EFFECT OF RATE OF STRESS APPLICATION 
AND TEMPERATURE ON THE UPPER YIELD 
STRESS OF ANNEALED MILD STEEL 


By J. A. HENpricKson AND D. S. Woop 


Abstract 


The upper yield stress of an annealed low carbon steel has 
been determined experimentally under various constant 
rates of stress application ranging from about 10? to 10° 
pst per second at temperatures of —110 and —200 °F (—79 
and —129°C). These data are compared with two ex 
pressions derived in different ways from the dislocation 
theory of the distinct yield point. The three undetermined 
constants appearing in each of the theoretical expressions 
are evaluated by means of previous data on the delay time 
for yielding under constant stress. Both theoretical ea 
pressions are found to be in good agreement with the ea 
perimental results. This indicates that the dislocation theory 
provides a means for accurate prediction of the upper yield 
stress and the time for yielding when the applied stress 
varies with time in any manner. (ASM International Classi 


fication : Q23b, 2-11, 3-1/7; CN) 


INTRODUCTION 

REVIOUS INVESTIGATIONS (1,2,3,4)! have shown that 

mild steel exhibits a distinct delay time for the initiation of yield 
ing when subjected to rapidly applied constant tensile stresses 
excess of the static upper yield stress. The delay time has been detet 
mined for a particular annealed low carbon steel at temperatures rang 
ing from —320 to 250 °F (—196 to 121 °C) and stresses from about 
40,000 psi to about 125,000 psi. Within these ranges of temperature 
and stress the delay time varies from about 5 « 10~° seconds to about 
10° seconds. Krafft (5) has extended the data at room temperature 
to delay times as small as about 2 * 10~—® seconds. Cottrell (6,7), and 
Cottrell and Bilby (8) have developed the basic concepts of a disloca 
tion theory of yield point phenomena. These concepts have been elabo 
rated and compared with delayed yield data by Vreeland, Wood, and 
Clark, (9,10), Fisher (11), and Campbell (12). Such comparisons 


1 The figures appearing in parentheses pertain to the references appended to this paper 
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between theory and experiment serve to provide numerical values for 
the undetermined constants which appear in the theories. The various 
theories differ in the details of the dislocation models employed in 
their derivation and in the simplifying assumptions and approximations 
which they entail. 

(he dislocation theories may also be employed to derive expressions 
for the upper yield stress and the time for yielding as functions of tem- 
perature under types of loading other than rapidly applied constant 
stress. Campbell (12) has derived such expressions for the case of 
constant rate of stress application and the case in which the stress 
varies sinusoidally with time. The theoretical expressions for these 
cases contain the same numerical constants which appear in the ex- 
pressions for the delay time for yielding under constant stress. Thus, 
if the numerical constants applicable to a given steel have been deter- 
mined from delay time data it is possible to predict quantitatively the 
upper yield stress of the same steel for cases in which the applied stress 
varies continuously with time in some prescribed manner. 

The procedure of correlating theory and experiment may be re- 
versed. For example, the constants of the theory may be evaluated by 
fitting to data obtained under constant rates of stress application at 
different temperatures. Then the delay time for yielding under constant 
stress may be predicted as a function of temperature and the magni- 
tude of the applied stress. 

Theoretical predictions of the upper yield stress or the delay time 
for yielding of the type just discussed have not been compared with 
experimental data to test their validity. The reason for this is that the 
necessary data for a single steel subjected to two different types of 
load vs. time relations at different temperatures has not been available. 
The object of this paper is to present data of this type and make the 
comparison between theory and experiment. The quantitative evalua- 
tion of the undetermined constants of the theory is accomplished by 
fitting the theory to values of the delay time for yielding as a function 

f stress and temperature determined in previous investigations, (2,3, 
+), for a particular annealed low carbon steel. The experimental meas- 
urements required for comparison with the theory consist of tensile 
tests on the same steel at various constant rates of application of stress 
it two temperatures. 


THEORETICAL CONSIDERATIONS 


[wo different dislocation theories of the yield point in mild steel 
will be presented and compared with experiment. The first is based 
upon a dislocation model of a yield nucleus which has been discussed 
previously, (9,10). Briefly, this medel consists of a Frank-Read source, 
which is a dislocation segment with fixed end points, lying on a slip 
surface bounded by a grain boundary. The dislocation segment is 
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bound along its length by a Cottrell “atmosphere” of interstitial solut ; 
atoms such as carbon and nitrogen. This Frank-Read dislocatioy 
source may generate dislocation loops under the action of an applied 
stress and thermal fluctuations. A generated dislocation loop will ther 
expand causing a very small amount of plastic deformation, until a: 
obstacle, such as the grain boundary or a previously generated disloca 
tion loop, prevents the loop from expanding further. The piling w 
these loops at the grain boundary concentrates the stress acting on that 
boundary to a much higher value than the stress that acts on the dis 
location source. The assumption is made that general yielding occurs 
when the concentrated stress acting on the grain boundary reaches 
critical value. 

The rate of generation of dislocation loops at the Frank-Read soure: 
is assumed to be controlled by the thermally activated release of the 
source dislocation from its “atmosphere.” The expression for the rat 
of generation of dislocation loops at a given source is 

dn/dt =n =v exp(-W/kT), r,2 Gb/1L, 
n=O , T3< GD/1, 
where n is the number of dislocations generated, 
t is the time, 
vy is the frequency of the appropriate form of thermal fluctuatior 
rt. is the resolved shear stress at the Frank-Read source, 
k is Boltzman’s constant, 
T is the absolute temperature, 
W is the thermal activation energy required for the release of a dis 
tion from an “atmosphere” of solute atoms, 
G is the shear modulus, 
b is the atomic slip distance or Burger's vector, and 
1 is the distance between the end points of the Frank-Read sour 


The thermal activation energy, W, required for the release oi 
dislocation from an atmosphere of interstitial solute atoms (car! 
and nitrogen in iron) is a function of the stress acting on the disloca 
tion. Cottrell and Bilby (8) derived an expression for W as a functiot 
of the stress which is rather complex. Fisher (11) has derived a simple 
though probably less accurate expression which is 


where 


Ws y,2/brs x f(y/y,), Equation 
fly/y%) - cos ~'( y/y,)- ¥/¥o[I-(y/¥)? | 
yo is the energy per atomic distance of a dislocation 
without an “atmosphere,” 
and y is the energy per atomic distance of a dislocation 
with an “atmosphere.” 


Equation 1 may be put in the following form through the us 
Equation 2: 
nh =yvexp(-B/2rgT ) 


where B= 2y2 f(y/y,)/ dk 
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Further, if the applied shear stress at the source, 7,, is assumed to be 
independent of the number of loops generated, and equal to one half 
the applied tensile stress, o, then the rate of generation of dislocation 
loops is given by the expression 


A =vexp(-B/oT Equation 3 


[he local shear stress at the grain boundary or other obstacle after 
n dislocations have accumulated in the slip plane is no/2, where again 
the average shear stress on the slip plane is assumed to be equal to 
one half the applied tensile stress. The critical local stress at the obstacle 
vhich must be reached before macroscopic yielding begins is assumed 
to be equal to the theoretical strength of a perfect crystal, namely, aG, 
where a is a constant of the order of one tenth. Thus the number of 
dis!ocations, n*, which must be generated to initiate yielding is given 
hy the expression 


n*=2aG/c. Equation 4 


Equations 3 and 4 are the basic relations for this dislocation theory 
if yielding. They contain the three undetermined constants v, B, and a 
which are to be evaluated by fitting specific results of the theory to 
experimental data. An expression for the delay time for yielding, ta, 
under rapidly applied constant stress is readily derived from Equa- 
tions 3 and 4. Thus 


(ta 


n*=2aG/o=} vexp(-B/oT) dt, 


and hence tg = 2aG/voexp(B/oT Equation 5 


or tests at constant rates of stress rise, o = ot where @ is the con 

stant applied stress rate. The number of dislocation loops present at 

iny instant is obtained by using this relation in Equation 3 and inte 
grating with respect to time. The result is 
, 


n=vtexp(-B/etT)+Brv/eT/Ei(-B atT)], Equation 6 


vhere Ei( —B/etT ) is the exponential integral of the indicated argu 
ment. At the instant of the initiation of yielding n = n*, and ot = oya, 
vhere ayq is the upper yield stress. Therefore Equations 4+ and 6 com- 
bine to give the following relationship between upper yield stress, oya, 
stress rate, ¢, and temperature, T, 


r 7 
2aG=v/6 { (ova) exp(-B/ayaT )+ Boya TIE -B/oyaT )] } Equation 7 


Thus this first dislocation theory of yielding leads to expressions for 


the delay time for yielding under constant stress and for the upper 


ield stress as a function of applied stress rate given by Equations 5 
ind 7 respectively. Both expressions contain the temperature depend- 
ence of the yield point. 
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The second dislocation theory of the yield point which will be « 
ployed is due to Campbell (12). Campbell's derivations are based | 
a slightly different dislocation model of yielding than that employed 
above. Campbell assumes that macroscopic yielding is initiated w! 
a critical number of dislocations have been generated and that this 
number is independent of the applied stress. Also Campbell employs 
an approximate expression for the activation energy, W, proposed | 
Yokobori (13), namely, 


en 


W=-Egln(o/a,), Equat 


where E, is an undetermined constant, and @, is the upper yield stress 
at absolute zero temperature. Campbell's results are 


tg=Cx(a/og) ~Eo/kT Equation 
and 
| 
Cyd = 99[(1+Eg/kT) Cxa/oq| ('+Eo/kT) Equation 


where C is an undetermined constant. Equation 9 gives the yield delay 
time as a function of constant applied stress and temperature, while 
Equation 10 expresses the upper yield stress as a function of the rat 
of stress application and temperature. The three undetermined con 
stants of Campbell’s theory are the quantities E,, o,, and C. 

The undetermined constants of both theories have been evaluated | 
fitting Equations 5 and 9 to the experimentally measured values of the 
delay time for yielding under rapidly applied constant stress. The 
values of the constants in Equation 5 are found to be 


a= 0.159 
B= 1.6/ x 10° CG, pai °K, 
and v = 6.77 & 10” sec”. 


The shear modulus, G, has been taken to be the following function 
temperature as obtained from Koster’s (14) measurements of Young's 
modulus and the assumption that Poisson's ratio is independent 
temperature : 

G = (13.30 — 0.003T) x 10° psi. 


The values of the constants in Equation 9 are found to be 


E. = 0.425 electron volts, 
oa, = 168 x 10° psi, 
and C=1.02 x 10°” sec. 


The fits between theory and experiment obtained using these set 
of constants are shown in Fig. 1. The dash-dot curves represent Equ 
tion 5 while the dashed curves represent Equation 9. Both theori 
fit the experimental data quite well for temperatures of —75 °F ai 
higher. However, they both deviate somewhat from experiment 
the two lowest temperatures, —205 and —320°F. The numerica 
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Fig. 2—Tensile Test Specimen. 


values of the constants given above may be substituted into Equa- 
ions 7 and 10 to provide the desired predictions of the upper yield 
stress as a function of applied constant stress rate and temperature. 


EXPERIMENTAL MEASUREMENTS 
The material used in this investigation is the same 0.17% carbon 
steel employed in previous studies (2,3,4), of delayed yielding. This 
steel was obtained from the Columbia Steel Company, Torrance, Cali 
tornia Works. The steel was hot-rolled to 5¢ inch diameter bars from 
ne billet of heat number 32882. The analysis as given by the mill is as 


11 

iOws: 
Carbon 0.17 % 
Manganese 0.39 % 
Phosphorus 0.017% 


Sulphur 0.040% 
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The material was tested in the same annealed condition emplo 
previously namely, the specimens were annealed by heating at 1600 
for 50 minutes followed by slow cooling in the furnace. The ent 
annealing treatment was done in an atmosphere of dry hydrogen afte; 
all machining operations on the specimens had been completed. Th 
average grain size of the material is ASTM number 6.5. The desigr 
the specimens is shown in Fig. 2. 

Tensile tests at constant rates of stress application were performe 
by means of a hydro-pneumatically operated rapid load tensile testing 
machine described previously (1). This machine is capable of rate 
load application up to about 10° pounds per second. The diameter 
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Fig. 3--Upper Yield Point versus Stress Rate for Annealed 7 


Carbon Steel 


the gage section of the test specimen is 0.300 inch. Hence the maxim 
rate of stress application attainable is about 107 psi per second 

The applied load was determined as a function of time during 
test by means of a calibrated dynamometer employing type AB 
SR-4 wire strain gages. The signal from the dynamometer was amp! 
fied and recorded by means of a carrier bridge amplification syst 
and galvanometer type of oscillograph, manufactured by the Cons: 
dated Electrodynamics Corporation, Pasadena, California. The ti 
resolution of the recording system is about +1 millisec at the maximu 
recording rate. The load acting on the specimen at any time could by 
determined to within an estimated overall error of about 4%. TI 
onset of macroscopic yielding is characterized by a sudden decrea 
of load which is readily detectable on the test records. 

The specimens were tested at temperatures of —110 and —200 
(—79 and —129 °C). These temperatures were obtained by means 
a bath of Freon 12 held in a suitable container surrounding the spe 
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en and portions of the grips. The temperature of —110 °F (—79°C) 
vas secured by using dry ice in the Freon bath. The temperature of 

200 °F (—129°C) was obtained by placing liquid nitrogen in a 
oncentric container surrounding the Freon bath. A controlled elec- 
trical heater in the Freon bath provided the means for regulating the 
temperature of the specimen. 

[he temperatures were measured with three copper-constantan 
thermocouples. A thermocouple was attached to each of the specimen 
fillets and one was attached to the center of the specimen gage length. 
lemperature measurements made during the tests indicated that the 
total temperature difference along the specimen gage length was less 
han +5 °F for the tests at a temperature of —200 °F (—129 °C) and 


+ 
\ 


less than +1°F during the tests at a temperature of —110°F 
79 °C). The temperature variation was +10 °F or less during the 


tests at a temperature of —200°F (—129°C) and less than +1 °F 
during the tests at a temperature of —110°F (—79°C). 

Tests were conducted at constant rates of stress application ranging 
from 107 to 107 psi per second. The values of the upper yield stress 
obtained in these tests are given by the plotted points shown in Fig. 3. 


DiIscuSSsION 

Che theoretical predictions of the upper yield stress as a function 
of applied stress rate for the two test temperatures are shown by the 
curves in Fig. 3. The dash-dot curve represents the results of the first 
theory presented (Equation 7), while the dashed curve represents 
Campbell’s theory (Equation 10). This comparison between theory 
and experiment shows that either of the two theories gives a reason 
ibly accurate prediction of the upper yield stress. 

The only significant differences between the theoretical predictions 
ind the experimental results occurs for the tests at 200 °F 

129°C) and stress rates exceeding about 10° psi per second. This 
is not surprising since at this temperature the dislocation theories do 
not fit the delay time data very accurately, as shown in Fig. 1. The 
reason for this discrepancy, which appears to be common to the two 
theories, is not clear. However, several suggestions have been made 
for its explanation. A portion of the discrepancy may be due to an 
error in the value of the shear modulus, G, at this temperature (9 
Fisher (11), points out that the expression for the activation energy, 
\V, employed in the first theory is probably appreciably in error when 
the stress exceeds about 120,000 psi. This may also be true of Yoko- 


bori’s expression which is employed in Campbell’s theory. The theories 
might be improved in the high stress range by employing the more 
exact expression for the activation energy derived by Cottrell and 
bilby (8). Finally, the theories may be in error at the lower tempera 
tures due to a change in the mechanism of yielding in that range. This 
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is indicated by the fact that in this temperature range brittle fract 
is often observed in unnotched tensile specimens of mild steel. 

The agreement between predicted and experimental values of 
yield stress as a function of stress rate at a temperature of —110 
(—79 °C) is very good. This may also be expected to be the cas 
higher temperatures up to at least 250 °F since the dislocation theori 
fit the delay time data very well in that range, provided the stress ey 
ceeds the static upper vield stress. 

Neither of the two dislocation theories of vielding presented in t! 
paper account for the fact that the delay time for yielding is essential 
infinite at a lower limiting stress (static upper yield stress). This 
due to the approximation, made in both theories, that the shear stré 
at the Frank-Read source is independent of the number of dislocatio. 
which have been generated. Actually the stress at the source is reduced 
by the dislocations which have been generated and held up by the grair 
boundary or other obstacles (10). When the applied stress is less than 
the static upper yield stress, this effect is sufficient to reduce the local 
shear stress at the source to the value +, — Gb/1l. Hence the generatior 
of dislocations ceases and yielding does not take place. The inclusion 
of this effect in the theoretical derivations presented in this paper would 
lead to expressions of considerably greater complexity. 

The experimental data presented in this paper do not serve to evalu 
ate the relative merits of the two theories. This is not surprising sincé 
the dislocation models upon which the two theories are based are sim 
ilar. Other similar theories could be constructed by employing different 
forms of expressions for the activation energy for release of a disloca 
tion from an “atmosphere.” Somewhat different criteria for the onset 
of macroscopic yielding in terms of the applied stress and the number 
of dislocations released from atmospheres might also be used with su 


cess. 


SUMMARY AND CONCLUSIONS 


Two theoretical predictions of the upper yield stress of an anneal 
low carbon steel as a function of rate of stress application and tempet 
ature have been presented. Both predictions are based upon the bas! 
concepts of the dislocation theory of the vield point in body-center« 
cub’c metals containing interstitial solutes. The differences betwee 
the two predictions arise from differences in the various assumptions 
and approximations which are made in the derivations. Quantitativ: 
predictions of the upper yield stress are obtained by evaluating the ur 
determined constants of the two forms of the theory by means of ex 
perimentally determined values of the delay time for yielding under 
constant stress. 

Ixperimental measurements of the upper yield stress as a functior 
of the applied stress rate have been made at two temperatures. 1 
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results obtained are in good agreement with the predictions of both 
s of the theory. This indicates that the general aspects of the dis- 
tion theory of yielding are correct. The experimental data avail- 
ble at the present time are not sufficient to evaluate the relative merits 
f the several specific theories which may be constructed by employing 
different detailed dislocation models. However, these theories are 
capable of predicting the upper yield stress of a mild steel subjected 
to various constant rates of stress application and temperatures. 
(he theory may also be employed to predict the upper yield stress 
der more complex stress versus time conditions. Furthermore, the 
experimental data required for quantitative evaluation of the theory 
uld be obtained from tests at constant rates of stress application, 
rather than from delay time measurements. In this case the delay time 
could be predicted as a function of applied stress and temperature. 
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DISCUSSION 


Written Discussion: By Dr. J. D. Campbell, Department of Engin 
Science, University of Oxford, Oxford, England. 

The authors have presented some interesting experimental data concerning { 
relationship between yield stress, rate of loading and temperature in mild st 
In spite of the considerable difficulties inherent in rapid-loading tests, the results 
obtained by the authors are consistent enough to permit a compariso1 
theoretical relations derived from dislocation theory; it is encouraging that 
agreement is in general good. 

The authors’ theory of yielding differs in two respects from that put forwar 
by the writer: In the expression used for the activation energy of dislocat 
release, as a function of the applied stress; and in the assumption concerning 1 
number of dislocation releases necessary to initiate macroscopic yielding 

Che activation energy expression used by the authors is that due to Fisher 
assumed that the interaction energy of a dislocation with its atmosphere jumy 
discontinuously from one value to another at a loop. This is a somewhat crude 
assumption, since the width of the loop at release is only a few atomic distan 
The resulting expression for the activation energy implies that this energy is fi 
however large the applied stress, a physically improbable result 

The authors assume that macroscopic yielding takes place when each acti 
Frank-Read source has generated a certain number of dislocation rings, this nun 
ber being inversely proportional to the applied stress at yield. It is further assum 
that the generation of each. ring is a thermally activated process, the activat 
energy being independent of the number of rings formed. This latter assumpti 
seems open to question, since after the first loop is formed the source dislocati 
has kinetic energy associated with it, which may well enable it to continue 
generate loops with little or no assistance from thermal fluctuations. 

The assumption that the critical number of dislocations varies inversely w 
the applied stress can easily be incorporated with the writer’s theory. It is mere! i 
necessary to take Cal/oya, where osa is the dynamic yield stress. If we writ 
( C’e./aya, where C’ is a constant, Equation 9 becomes 

ta = C’(e/e,.)-9* 2"? 


and Equation 10 becomes 


Cra — Co [ ( 1 So E./kT ) By a/oo] 8¢ Beet 


Since Eo/kT is of order 15 at room temperature, the change in the exponent 
is not great. It is, therefore, difficult to discriminate between these two criteria ! 
a comparison with experimental results. 
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writer is unable to understand how the authors have obtained numerical 


he 


1es for the constants a and » in their theory. These constants appear in Equa 


5 only in the form a/v; it would seem, therefore, that it is not possible to 
htain their absolute values by fitting Equation 5 to the experimental results. 
lhe authors conclude that the fact that there is a static yield stress at which 
the delay time becomes very large is due to back stresses acting on the Frank-Read 
ources. However, another possibility which has been suggested by several writers 
is that, when the time of yielding is sufficiently great, relocking of dislocations 
urs by rapid diffusion of carbon atoms. Campbell and Duby * have developed 
nodified criterion of yielding on this assumption. According to this criterion, the 


relation between delay time ta and constant applied stress @ is 
¢ = oa,[bC/]1 exp (—btd) ]*7” 


here b is a constant proportional to the rate of relocking of dislocations. This 
quation reduces to Equation 9 when ta is small compared with 1/b. When t is 
urge compared with 1/b the equation indicates that o> o.(bC)*"®°; this ex- 
pression, therefore, gives the ‘static’ yield stress. The available constant-stress test 
results are, unfortunately, not accurate enough to permit comparison with this 
+} eory. 
Written Discussion: By Frederick Forscher, Nuclear Materials and Equipment 
Corporation, Apollo, Pa. 

lhe authors are to be congratulated on the effort to obtain experimental results 

at would test the validity of two theories proposed to explain the rate and tem- 
perature dependence of the yield phenomenon. In recent years considerable atten 
tion has been given to this problem because of its importance not only to mild 
steel but also to other body-centered cubic metals and in some cases to metals 
of other crystallographic structure. California Institute of Technology has been 


of the leaders in the renaissance of the study of the yield phenomenon. 

Some time ago the discussor reported some experiments which may, it is 
gested, have some bearing on this problem. (The Yield Rate of Mild Steel, 
| 


\STM Bulletin No. 205, 63, April 1955.) In these experiments, round specimens 


f mild steel were subjected to a constant tensile load and the rate of yielding was 
measured for a series of temperatures and stress levels. The experimental set-up 
vas such that the yield stress was imposed and the yield rate was the dependent 
variable. In a conventional tensile experiment, on the other hand, the deformation 
rate (yield rate) is imposed and the lower yield stress is the dependent variable 
rhe lower yield stress can be thought of as a parameter affecting the dynamic 
quilibrium of the specimen during yielding. Other parameters are the resulting 
leformation rate and the temperature. The material at the interface between the 
virgin region and the progressing Luders’ band is in effect experiencing an upper 
yield stress at the same time as the specimen is yielding at the lower yield stress 
It follows that, the slower the transformation from the virgin to the yielded state, 
the slower will be the extension of the macrospecimen and, of course, the slower 
vill Luders’ bands “eat up” the virgin material. This transformation from the 
virgin to the yielded state is controlled by atomistic processes, two of which are 
epresented by the theories which the authors have chosen to compare. 
[t appears that the yield rate is, in fact, another measure of the delay time 
J. D. Campbell and J. Duby, “Delayed Yield and Other Dynamic Loading Phenomena in 


Medium-Carbon Steel,”” Proceedings, Conference on the Properties of Materials at High Rates 
Strain, Institute of Mechanical Engineers, London, 1957. (In the press.) 
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Hence, one would expect to find that the yield rate depends on stress and 
perature in the same manner as the delay time measured by the authors. T} 
pectation has been verified. The yield rate experiments gave rise to the scl 






























relationships shown in the attached figure. It should be noted that the sig1 
shape of the curves in the schematic diagram (top) can also be seen in the aut 
experimental data. One has only to substitute the logarithm of yield rate fo: 


and Fig. 4a. The mechanistic justification for such a substitution has beer 
lined above and constitutes the major point of this discussion 
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Fig. 4—-Schematic Relationships 
If we now assume that the sigmoidal shape of these curves is real and actu 
represents the behavior of these materials we must conclude that the prop 
be restricted to the portion between the two dashed lines in Fig. 4a 
explain the sigmoidal shape of the basic curves (Fig. 4b). However, the con 
of nucleation and growth of yielded regions is less pertinent in a study of the u/ 
should not be further pursued here except for one additional thought. 


the importance of the machine-specimen interaction. Now, if the concept of nu 
tion and growth is pertinent to the yield phenomenon, its effect on the mac! 


logarithm of delay time to find a striking agreement between the authors’ Fi, 


h 


The experimental study of the yield phenomenon must always be cognizant 


ul 


atomistic theories can, at best, be used to explain the steady state (dynamic) cor 
dition but not the whole phenomenon. Thus, the application of these theories shou 


Parenthetically it should be mentioned that yielding can also be consider 
from a nucleation and growth point of view and that this concept may possil 


fr 


t 


yield stress which is after all, the subject of the authors’ paper and therefor 
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imen interaction should be carefully analyzed. I can visualize the case, where 


ation is the predominant mechanism, when the machine-specimen interaction 
is greatly delayed. In that case the criterion for yielding, which is the key-stone 
in any theory, cannot be experimentally verified. 

It is hoped that the authors will continue their excellent work in the field of the 
yield point phenomenon. 

" Written Discussion: By J. M. Krafft, U. S. Naval Research Laboratory, Wash 
ngton, D. C. 

The authors are to be complimented on their interesting treatment of this 
dificult problem. Workers at the U. S. Naval Research Laboratory * have at- 
tempted a more empirical comparison of the effects of different loading patterns 
on the yield point which it might be appropriate to mention here. Our experiments 
provided, in addition to the presently discussed suddenly applied constant-stress 
and rapid constant-rate of stress application, a third pattern in which an oscillatory 
stress Was superposed upon a static tensile bias stress near the lower yield stress 
It was found that the onset of yielding could be predicted if one assumed that the 
damage to the material, which eventually culminates in rapid yielding, accumulates 
at a rate inversely proportional to the constant stress delay time for a given 
stress. Thus, we were able to empirically predict yielding for an arbitrary load 
pattern by the following steps: (a) fitting a curve through the constant stress 
versus delay time data, (similar to the authors’ Fig. 1), (b) approximating the 
applied-load versus time pattern with finite steps, and (c) tabulating and cumu 
latively summing the ratios of the time at each step to the constant stress delay 
time for the applicable stress level (damage fraction by our nomenclature). When 
he sum of the damage fractions of step 3 reached unity, we found, within the 
experimental uncertainty, that yield would occur. 

[his empirical procedure appears to be basically similar to that applied the 
retically in the present paper. The principal difference is that an analytic expres 

n for constant stress delay time as a function of applied stress has been derived 
ind fitted to the data, so that using another analytic expression for the constant 
rate-of-load pattern, the integration of our step three can be performed directly 
rather than by numerical summations. But the basic assumption, that damage, 

in the authors’ terms the number of dislocations generated, is simply additive, 
is identical. It is inherent in the authors’ Equation 3 giving the rate of generation 
of dislocation loops as combined with the assumption that a certain number are 
required to produce yield (at a given stress), and with the integration of Equation 
} to a time which will cause the integral to equal this limiting number. The em 
pirical procedure of damage summation can be applied to the theoretical constant 


ess delay time curves of Fig. 1, to compute the curves yield stress versus stress 


rate shown in Fig. 3; this can be demonstrated for the case at which the test 
temperatures are nearly the same (—200 °F). Thus we might consider the present 
theory as consisting of two essential parts, first the theory by which curves fitting 
the constant stress delay time data are obtained; and second, the hypothesis of 
litive damage accumulation. 
l¢ 


is noted that at the lower temperature (—200°F) the theoretical curves 


Fig. 3 do not fit the data as well as could be desired. The authors suggest that 


I. Vigness, J. M. Krafft and R. C. Smith, “Effect of Loading History Upon the Yield 
“trength of a Plain Carbon Steel,”’ Conference on Properties of Materials at High Rates of 
strain, London, British Institute of Mechanical Engineers, M 1, 1957 
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this discrepancy may be attributable to failure of dislocation theory to fit ¢ 
data of Fig. 1. I would like to suggest that it may be also the additive damap 
hypothesis which fails at low temperature. For if we fit a curve through ¢ 
constant stress data of Fig. 1 (—205 °C), and then transpose it to Fig. 3 using ¢ 


cumulative damage (or additive number of dislocation) hypothesis, the resulti: 


curve lies still further above the experimentally determined points than does ¢! 
calculated from the authors’ theory. 

In questions of this kind, the role of pre-yield anelastic microstrain suggests 
itself as a factor. Would the authors have any estimate of how total microstrai 
might vary for yielding under these two loading patterns ? 

Written Discussion: By Professor Takeo Yokobori, Tohoku University 
partment of Mechanical Engineering, Sendai, Japan. 

May | express the following three comments on the authors’ interesting 


I treated the related phenomena *” as a stochastic process or kinetic statisti 
phenomena on the basis of the dislocation theory, and have given the follow 
formula independently from Campbell.’ 


t = te(e/e.)-°/"™” 


oya = o0(ot./nkTo,)™" 

where 

t = the delay time for yielding under constant applied tensile stress o 

to. =1/Zvn. 

No =a critical number of dislocations required for macroscopic yielding 

1/n = the constant with the dimension of energy.® 

vy =the vibration frequency of a dislocation. 

Z =the number of dislocations anchored in the region of stress concent: 
such as shoulders of a specimen. 

¢ya — the upper yield stress under constant applied stress rate ¢ 

k =the Boltzmann’s constant. 

T =absolute temperature, and o, = tensile yield stress at absolute zero t 
perature 


Equations 1 and 2 are quite the same form as the Campbell's Equations 9 and 
of the article, and the assumption of critical number of dislocations for n 
scopic yield is the same. The standpoint, however, is different. On the other |! 





it seems unlikely that at lower stress level the phenomena are kinetic statisti 
phenomena. The aspect can also be inferred from the fact that below some 

ing stress the stress for initiation of yielding does not appear to be temperatu 
and time dependent sensitively. Hence the model was modified taking * account 
internal stress o; arising from the presence of other near-by dislocations as 
bled at a grain boundary as an array of dislocations. Thus the following fort 
were given: 


t=t. (e — o:/e.—6,)°""™ 3 
¢—oa,=(e,.—20:) (ot./nkTo.)"* 4 


In Equations 3 and 4 the assumption is made conveniently that general yield 
occurs when one dislocation loop is released at the grain boundary. The 
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ver, may formally be the same when a critical number of dislocations no is 

ed as required for macroscopic yielding. For that case to in Equations 3 
$ may assume 1/Zyvn., instead of 1/Zy. Using the same constants (four unde- 
termined constants), the results calculated are roughly in good agreement with 
the data of the delay time and a few data of the temperature dependence of upper 
yield stress under constant stress rate on the same mild steel in the authors’ 
literature.” The present data are more efficient in checking the formula of (3) 
and (4) with experiments. 

Secondly, the value of stress concentration factor ° q = ¢/e. obtained fitting to 
the experimental data ranges from 1.5 to 3.0. From this value it seems that the 
stress concentration factor by piling-up dislocations, hence, a critical number of 
lislocations n* in Equation 4 of the article or n, in Equations 1, 2, 3 and 4 are 
ot so large. Then it is hoped that the experiments will be made on the dependence 
of upper yield stress upon a ferrite path, such as grain diameter. No definite 

nclusion on grain size dependence seems to be derived from available experi 
ments by Sylwestrowicz and Hall,” because of large scatter and excluding of the 
lower stress value among the data obtained 

Finally, concerning the fact that the delay time for yielding is essentially 
nfinite at a lower limiting stress, the authors’ opinion may be possible. Another 
interpretation may also be suggested. It has been pointed out by Ramberg and 
Irwin” that the time delay of high strength steel obeys Equation 3 assuming the 
mstant o; as the static yield stress. Also a third probable explanation may be as 
follows: When applied stress falls below some limiting value, the mechanism of 
yielding is expected to change from Cottrell type (temperature-and-time de 
pendent) to Mott-Nabarro type’ (temperature-and-time independent) in the 
presence of internal stress, or to Frank-Read type. It seems to be related to this 
transition that in the experiments of Kramer and Maddin “ with brass, the stress 
for initiation for yielding does not appear to be temperature and time dependent 
in the range of small applied stress 


Authors’ Reply 


[he authors are gratified by the searching and stimulating discussion of this 
iper. Several alternative hypotheses regarding the mechanism of the initiation of 
vielding in body-centered cubic metals have been presented by the discussions. 
These, as well as those presented in the paper, may be successfully employed to 
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correlate the data presented. Additional data obtained from diversified ex; 
mental measurements are needed to discriminate between the various hypoth 
Experiments in which direct observations of dislocations are made during 
process of initiation of yielding would probably be most useful in this respect 

The authors agree with Dr. Campbell that Fisher’s approximate activati 
energy expression does not exhibit a proper limit as the stress becomes la 
This may be a partial explanation for the discrepancy between the delay ti 
data at 77 °K and Equation 5 seen in Fig. 1. Nevertheless, Fisher’s expres 
appears to be a sufficiently close approximation at lower stresses. Dr. Yokob 
expression for the activation energy is also an approximation of the complex 
lation originally derived by Cottrell and Bilby (8). In either case, the approxin 
expressions are employed in order to simplify the mathematics and obtair 
pressions for the delay time and upper yield stress in closed form 

Dr. Campbell points out that once an anchored Frank-Read source has bee 
activated it may continue to generate dislocation loops with little or no assistance 
from thermal fluctuations. However, the existence of a delay time for yielding 
difficult to understand if it is assumed that a large number of dislocations ar 
generated from a given source after a single thermally activated process. One 
the many sources within a specimen will be thermally activated immediately up 
stress application. The large number of dislocations which would then be releas 
within a few microseconds would produce a concentrated stress at the grai 
boundary sufficient to initiate the generation of dislocations in adjacent 
Thus delay times of one second and longer could not be explained 

The alternative assumption may be made that on the average the kineti 
of the source dislocation reduces the magnitude of the thermal activation 
required for release of dislocations from the Frank-Read source, but dor 
reduce the mean activation energy to zero. This assumption is consistent 
fact pointed out by Fisher (11), that the activation energy obtained by 
the theory to measured values of the delay time is considerably less tl 
value predicted by the Cottrell-Bilby theory for the initial dislocation rel 

The values of the constants a and v cannot be determined individually 
Equation 5 to the delay time data, as Dr. Campbell has noted. Onl 
a/v may be determined in this manner. Thus the theory given in the 1 
contains only two adjustable constants rather than three 

The value of a given in the paper was determined from the 
strength of a perfect crystal. The value a = 0.159 gives a theoretical strengt! 
tension of 2aG = 1.9 x 10%lb/in*. This is equal to the maximum valu 
measured tensile strength of iron whiskers reported by Sears and Bret 
Thus this value is presumed to be equal to the strength of a perfect crystal 


Having chosen the value of a in the above manner, the value of v may be dete 


mined by fitting Equation 5 to the delay time data. The value . 6.77 * 10 
represents the frequency of those thermal fluctuations which are effective 

ing the release of the source dislocation from its “atmosphere”. This valu 
ippears to be of the correct order of magnitude from the following consiceratt 
The length of the activated portion of the source dislocation at the time ot 


release from the “atmosphere” may be estimated as follows. The radius of cur 


ture of the activated section of dislocation is given approximately by the relat 
sf) I 


2y0/eb. A value of ¢ = 50,000 Ib/in® gives a radius of curvature of about 


W. Sears and S. S. Brenner, “Metal Whiskers,”’ Metat Procress, Vol 


R5 
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the work of Cottrell and Bilby (8) it appears reasonable to assume that 
nter of the activated dislocation segment moves a distance of about 4 b away 
he center of the “atmosphere” during the activation process. These values 
an estimated length of the activated dislocation segment of about 

in. The wave length of a thermal fluctuation which would cause such a 

to be activated is 1.8 « 10~ in. Since the velocity of shear waves in iron 
out 1.3 x 10° in/sec, the above wave length corresponds to a frequency of 


} 


10” cycles per sec. This value agrees well with the value of uv selected 


fitting Equation 5 to the delay time data. 


Dr. Campbell and Dr. Yokobori have suggested that the existence of a lower 


ng stress (static upper yield stress) in the stress vs. delay time relation may 
ve explanations other than the influence of back stresses acting on the Frank- 
Read source. However, the explanation in terms of the back stress appears to be 
ireement with a wider range of experimental data (including data given else 
where than in the present paper) than the other explanations suggested. For 
example, it has been observed (10) that the microstrains which precede macro- 
scopic yielding proceed at a rate which decreases with time under constant applied 
stress. This may be interpreted as a decrease with time of the rate at which dis- 
locations are released from anchored Frank-Read sources. The back stress hy- 
pothesis explains this observation very simply. The back stress increases as the 
number of dislocations released from a given source increases. This action de- 
reases the total shear stress at the source which decreases the rate of release of 
lislocations 
\nother experiment ** indicates that relocking of dislocations by diffusion of 
arbon (or nitrogen) atoms is too slow to account for the static upper yield 
stress. Stress pulses were applied at room temperature in which the time under 
ress was less than the delay time for the particular stress employed. Repeated 
with intervening unloaded periods of several minutes at room tempera- 
produced yielding when the accumulated time under stress was equal to the 
nal delay time. Yielding under repeated stress pulses applied at room 


perature could be prevented by aging for a critical 


time at a given tempera 

ture during the unstressed periods between load applications. An aging time of 

ninutes at a temperature of 200 °F was required to prevent yielding under re 

d stress pulses. The critical aging time was 100 minutes at a temperature of 

I’. Thus dislocations released during a stress pulse cannot be relocked during 

i period of a few seconds at room temperature. Such relocking in a few seconds 

at room temperature would be required to account for the fact that delay times as 
short as a few seconds are observed at the static upper yield stress. 

Experimental measurements (1) have also shown that pre-yield microstrain 

takes place when a constant stress less than the static upper yield stress is ap 

lied. Thus some dislocations are apparently released from atmospheres at stresses 

below the static upper yield stress. This result indicates that the back stress hy- 

} 


pothesis is preferable to those proposed by Dr. Yokobori in his discussion. 


Dr. Yokobori has commented that the stress concentration factor associated 
vith a “pile-up” of dislocations is only of the order of 1.5 to 3.0 since the ratio 
the yield stress at absolute zero to the applied stress lies in this range. How- 
ver, according to the dislocation model employed in the paper, this stress ratio 
ot indicative of the stress concentration produced by an array of like disloca 


T. Vreeland, Jr., D. S. Wood and D. S. Clark, “A Stu f the Mechanism of the De 
yed Yield Phenomenon,” Transactions, American Society for Metals, Vol. 45, 1953, p. 620 
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tions in the slip plane (i.e., a “pile-up” ). The stress concentration factor 
ing to the present model, is the ratio of the theoretical strength of a 
crystal to the applied stress, i.e., 2aG/o. This gives values ranging from ; 
for the highest applied stress employed to about 100 for the lowest applied 
These values are interpreted to be the number of dislocations which 1 
accumulated in the slip plane before macroscopic yielding occurs 

The authors agree with Dr. Krafft that the “cumulative damage” hy 
advanced by Vigness, Krafft and Smith is in effect equivalent to the cor 
accumulating dislocations in the slip plane as employed in the present pape 
employment of a physical (dislocation) model, as in this paper, has the ady 
that a unified relationship may be obtained which expresses the influence of 
tional variables upon the initiation of yielding. For example, the express 
delay time and upper yield stress given in the paper, give the temperatu 
pendence of the phenomenon as well as the influence of time under st 
stress-time history. 

lhe authors also agree with Dr. Krafft that the pre-yield microstrain i 
portance in the mechanism of the initiation of yielding in steel. In fact 
above discussion indicates, the dislocation model employed in the paper is 


based upon observations of pre-yield microstrains. Such observations prov 


more direct indication of dislocation mechanisms than observations of yield 


und delay time alone. Measurements have not been made of the pre-yield 
strain under loading conditions other than at a constant applied stress. A 
ing to the dislocation model employed, the total pre-yield microstrain is o1 
function of the stress at which macroscopic yielding occurs. Thus in two t 
employing different stress-time histories, the microstrain is the same if 1 
scopic yielding occurs at the same stress in the two tests 


Dr. Forscher has advanced the concept that the rate at which Luders 
propagate (yield rate) is governed by the same underlying mechanism a 
responsible for the delayed yield phenomenon. This is to be expected in the 
that both phenomena involve the release of dislocations from Cottrell “atn 
pheres”, the generation of new dislocations, and the motion of dislocations thr 
the crystal lattice. The quantitative aspects of the propagation of a Liiders’ | 
must involve the stress conditions in the local region containing the boundary 
the Ltiders’ band. However, these stress conditions may be somewhat differ 
than those pertaining to the original initiation of yielding. Thus it is not ex; 
that the formulae given in the paper can be applied in a straightforward n 
to the problem of Luders’ band propagation. 








SOME ASPECTS OF PREYIELD PHENOMENA IN 
MILD STEEL AT LOW TEMPERATURES 


3y W. S. Owen, M. CoHeEN AND B. L. AVERBACH 


Abstract 


In annealed mild steel tested at room temperature, dis- 
continuous gross yielding occurs at, or above, the static 
upper yield stress only after a time delay during which the 
specimen undergoes a small nonelastic strain. A permanent 
microstrain also occurs at lower stresses, the elastic limit 
heing defined as the lowest stress at which nonelastic strain 
can be detected. At subzero temperatures, the yield point 
s less well defined, and at 196 °C | 320 °F) the static 
ield stress has proved difficult to determine from the usual 
oad-extension data because of the large nonelastic preyield 
strain and the long delay times. In this investigation the 
sequence of events leading to gross yielding at 196 °C 

320 °F) has been explored by metallographic techniques, 
by the observation of strain patterns on long thin pre 
polished specimens, and by precise strain measurements as 
a function of stress and time. It is found that the transition 
from the microstrain to Liiders’ strain is not abrupt, as it ts 
at room temperature, but occurs by a slowly accelerating 
creep process which, at certain stress levels, can occupy an 
appreciable time interval. 

The influence of ferrite grain size, austenitizing tempera 
‘ure and cooling rate on the elastic limit and preyield phe- 
nomena has been surveyed. The total nonelastic strain at 
the static yield stress, unlike the yield stress itself, is de 
pendent upon the austenitizing temperature and cooling 
rate rather than the grain size. The elastic limit at —1906 °( 
(—320°F) varies relatively little with grain size, but the 
elastic limit at room temperature shows a pronounced grain- 
size dependence. The implications of these data are briefly 
discussed in qualitative terms by reference to the Clark- 
Wood dislocation model. (ASM International Classifica 
tion Q 21,Q 25 n; C N.) 


INTRODUCTION 


, | ‘HE NONELASTIC strain which precedes the gross plastic strain 


generation of Ltders’ bands) in annealed mild steel is an impor 


\ paper presented before the Thirty-Ninth Annual Convention of the Society, 
held in Chicago, November 4-8, 1957. Of the authors, M. Cohen and B. L. Aver 


bach are associated with the Department of Metallurgy, Massachusetts Institute of 


echnology, Cambridge, Massachusetts and W. S. Owen is presently at the Uni 
versity of Liverpool, Great Britain. Manuscript received November 12, 1956. 
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tant consideration in recent theories of discontinuous yielding (| 
Various aspects of the phenomenon have been studied experiment 
by Clark, Wood, et al (2,5,6,7,8) using a constant rapidly-applic 
sion load, by Krafft (9) using compressive wave loading, and by 
bach et al (10,11) using a tension step-load technique. The fin 


Delay Time 


Stage | Stage Stage 


— ———— 


| a 3 


Nonelastic Strain 








Time at Constant Load 


Fig. 1—-Diagrammatical Representation of the 
Three Stages of Nonelastic Strain Leading t 
Gross Yielding at Constant Load. 
may be summarized by reference to the generalized constant-load 
strain/time curve in Fig. 1. The strain can be separated into thre 
stages: 

1. Microstrain. Initially this strain increases rapidly but levels off 
at some constant value which is not more than about 50 & 10~° 

2. Microcreep. This is a time-dependent strain which precedes t 
gross yielding. In all the work on annealed mild steel reported to d 
the onset of gross yielding has been found to occur abruptly, with stag 
2 occupying only a very short time interval. 

3. Liiders’ strain. The start of this stage is usually taken as the 
ginning of gross yielding. 

The strain/time curve is influenced by the stress level applied. Bel 
the elastic limit (og), only elastic strain is observed. Between the elas 
tic limit and the “static’”’ upper yield stress (ays) the strain increases t 
the stage | plateau and remains constant for an indefinite time. Th 
plateau «, increases with applied stress and is somewhat recoverable 
(anelastic) on releasing the load. At higher stresses, the microcreey 
stage 2 is reached, but is rapidly followed by stage 3. This pronounce 
change in behavior occurs at a well defined stress (ays). However, ever 
above oyg the first stage (and possibly the second) can be detecte 
It occupies a time interval (the delay time) which has been measuré 
systematically by Clark and Wood, (5,6) and by Krafft (9). 


‘ The figures appearing in parentheses pertain to the references apy 


ended to this pap 
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model, which incorporates the Cottrell-Bilby locking concept and 
Frank-Read dislocation mill, has been used by Vreeland and Wood 


in discussions of the above observations. Good quantitative 


ereement is obtained between the theoretical predictions and the 
stress/delay-time data, the temperature dependence of oyg, and the 
shape of the microstrain/time curve at constant stress provided atten- 
is confined to a temperature range of approximately 23°C to 
130°C (73 to —202 °F). A somewhat simpler analysis by Fisher 
12) also gives good agreement with the experimental data in this 
mperature range. 
\t lower temperatures, the only published measurements relate the 
delay time for some unspecified plastic strain to the applied stress at 
196°C (—320 °F). Existing theories are not even approximately 
compatible with the experimental data at this temperature (12). In 
the Clark-Wood experiments (13) at 196 °C (—320 °F) an unusu- 
ally long time delay before yielding was observed, i.e., of the order of 
utes compared with fractions of a second at higher temperatures, 
nd no well defined stress level corresponding to the static yield stress 
cys) was found. However, precise strain measurements were not made 
and so the sequence of events leading to gross yielding was not re- 
vealed. Accordingly, one of the objects of the present investigation 
was to examine the constant load/strain-time relations at —196 °C 
( 309 “EH 


The dependence of cys on the ferrite grain size is well known from 
the experiments of Hall (14) at room temperature and Low (16) and 
Petch (15) at liquid nitrogen temperature. However, the influence of 


grain size and other metallurgical variables on the elastic limit and on 
the preyield strains has not been reported previously. 
EXPERIMENTAL METHODS 

Parallel experiments were carried out on two ship steels : one a semi- 
killed steel acceptable under American Bureau of Shipping Class B, 
and the other a rimmed steel with pronounced brittle tendencies. The 
steels were received in the form of 34-inch hot-rolled plate and had the 
following compositions respectively : 
Steel Gc Mn r S Si Cu Ni Cr V Mo 
} 0.16 0.69 0.014 0.028 0.022 0.028 0.015 0.01 0.005 0.01 


0.22 0.36 0.016 0.031 0.002 0.17 0.13 0.08 0.005 0.025 


Al Sn As H N O 
0.027 0.010 0.001 0.0001 0.0023 0.017 
0.009 0.012 0.001 0.0001 0.0021 0.006 


Standard 0.252 inch diameter tensile specimens were prepared by 
heat treating oversized blanks. One set of specimens was allowed to 
cool freely in air and the other was cooled slowly in the furnace. The 


wustenitizing temperatures were in the range 850-1300°C (1560- 
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2370 °F) ; at higher temperatures severe pearlite divorcement occurr 
All the annealed specimens and those normalized in the lower | 
the temperature range had approximately equiaxed ferrite grains 
Specimens normalized above 950 °C (1740 °F) had pronounced Wid 
manstatten structures. Some of the specimens were banded ; this featur 
was particularly evident after annealing in the temperature range 850 
1050 °C (1560-1920 °F), being more severe in the B steel. A 
ferrite path, a, (the average linear intercept between ferrite-ferrit 
and ferrite-pearlite boundaries ) was measured by lineal analysis usir 
a Hurlbut counter (17). For specimens with equiaxed ferrite, a 
converted to the average ferrite grain diameter d; d = 1.65a). 

Tensile tests on standard round bars were carried out on a hydrau 
machine, eccentricity being minimized by loading through long | 
carbon steel chains. When electrical resistance strain gages were us¢ 
each specimen was fitted with two parallel gages on diametrically opp 
site sides. These were connected in series to average small effects 
to bending ; tests in which the strain from each gage was observed s 
rately revealed negligible differences. The gages were isolated from th 
liquid nitrogen by loose fitting plastic envelopes. 

Constant-load experiments were conducted with a cantilever 
dead-load machine. A modified Hounsfield tensometer was used 
those Liiders’-band experiments which required exact control 
measurement of the strain rate. Some longer specimens with three 
more strain gages attached were tested in the hydraulic machine 


EXPERIMENTAL RESULTS 
Nature of the Yielding at —196 °C (—320 °F) 

Che I steel in the “as-received” condition was used in all the ex; 
ments to be discussed in this section. 

In the first experiments, the standard load-unload procedur 
determining the elastic limit and the preyield nonelastic strain 
employed (11). The load was applied as quickly as possible (~3 
seconds ), held for a prearranged time and then reduced to zero. The 
strain both at load and on unloading was measured with a sensitivit 
of about 2 x 10~—*, by means of SR-4 type electrical resistance gages 
The cycle was then repeated at successively higher loads. At —196 *! 
(—320 °F) it was found that the elastic limit, a), (the smallest str 
at which a permanent strain of 2 « 10~-* 


could be detected on unk 


ing) was not affected by the time that the specimen was held un 
load. However, this was not true of the strain measured at hig! 
stresses. A comparison between the results obtained with two differ 
loading schedules is afforded by Fig. 2 in which the total strain at 
is plotted against the applied stress. At some stress between the elasti 
limit and the yield point, cys, (in this case defined as the lowest str 
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hich rapid plastic yielding occurred) the strain was found to in- 

se with time at a constant stress. The additional strain was not 

recoverable when the load was removed. This microcreep phenomenon 

more clearly evident in the strain/time curves of Fig. 3 which are 
replots of the data relating to curve 2 of Fig. 2. 


It 


ater. it was found convenient to define a stress oo as the lowest 
stress at which creep greater than 10—° per minute could be detected. 
: these and subsequent experiments of this type, the stress was in- 
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reased in 1000 psi steps. Clearly, the value of «2 depends upon the time 
for which the load is maintained at each stress level. Although a time 
of 4 minutes was arbitrarily adopted, a» so determined would not differ 
pprecialy from that obtained if time intervals of 30 minutes had been 
used. ; 

\t stress levels between op, and o», a small (less than 30 « 10~-®) 
nonelastic strain, increasing with increase in stress, was measured on 
unloading. This appeared very quickly and did not increase with time 
Thus, it had all of the characteristics of the microstrain which has been 

easured previously at higher temperatures 


The yield point was well defined in the step-loading tests; that is, a 
stress was reached at which an increase of 1000 psi produced a marked 


hi 


crease in the plastic strain rate. 

rom these experiments, it is evident that all three modes of non 
elastic deformation (microstrain, slow creep, and rapid gross yielding ) 
ire important at 196 °C (—320°F). In the tests just described, 
these modes were observed at different stress levels. However, the 
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following experiments showed that they can occur in sequenc: 
constant stress. 

A constant load was applied rapidly by means of a dead-load pn 
chine. The strain was measured as a function of time by SR-4 gag 
and a dial gage indicating cross-head motion. Typical results are s] 
in Figs. 4 and 5. Fig. 4 illustrates the strain sequence, as denot 
the dial gage, at a stress about 4500 psi below the static yield x 
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Fig. 3—Creep Strain at Constant Load, with Load In- 


creased in Steps on the Same Specimen at 196 °¢ 
(—320 °F). 


The elastic strain and the microstrain (stage 1) have been subtract: 
The strain rate first increased (stage 2) until, in this case after about 
120 minutes, the rate became constant and rapid (stage 3). After a fur 
ther period (about 160 minutes in Fig. 4) increased strain hardenin; 
set in and the strain rate decreased. Soon afterwards, this particulai 
specimen broke with a cleavage fracture. 

The creep strain in stage 2 was revealed more accurately by the SR-4 
strain gage readings. The data for three different loads at —196 °( 
(—320 °F) and two at —150°C (—238°F) are plotted in Fig. 5 
Again the elastic strain and microstrain have been subtracted. 

These experiments demonstrate that, if sufficient time is allows 
the stage 2 strain will accelerate to gross yielding (stage 3) at a stress 
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appreciably below the usually measured static yield stress. Fig. 5 s| 
that the microcreep stage can also be measured at —150 °C (—238 
although it is less extensive at this higher temperature. 

In room temperature tests, no clear evidence of the creep strain 
obtained. On loading above the elastic limit, apparently instantan 
microstrain, increasing with the stress, was found until at some wel 
defined stress, cys, rapid yielding occurred. However, the yield str 
was less well defined for coarse grained specimens, which may be thy 
result of a narrow stress range in which the creep rate is slow enor 
to be classified as the stage 2 strain. When high speed loading and | 
cise time measurements are employed, a creep stage can be detected 
room temperature. Evidence of its existence can be found in data pul 
lished by Clark and Wood (7) and by Krafft (9). 

Curves such as that in Fig. 4 show no discontinuity on a time scal 
between the second and third stages. However, it is well known tl 
the yield deformation in a tensile specimen is not homogeneous. Thi 
it seemed necessary to inquire whether the three stages of strain ar 
sequential or competitive processes. To this end, tests were carried out 
with specimens 5 inches long at the reduced section, 0.25 inches wid 
and 0.030 inches thick. 

In the first series, one side of these thin-strip specimens was electr 
polished and the other had a fine grid ruled with 1-millimeter intervals 
The load was applied continuously at a controlled rate, and obser 
tions were made on the spread of Luders’ bands, as illustrated in Fig. ( 
(The photographs are of comparable specimens unloaded after succes 
sively longer yielding times.) A region of deformation extending across 
the width of the specimen and about 1 millimeter wide first appeared 
the shoulders. This initial Ltiders’ band was oriented at an angle 
about 45 degrees with the tension axis (Fig. 6a). Attempts to stop the 
test before the band had propagated across the specimen width wer 
unsuccessful : evidently, once a band was nucleated, it grew very rapid! 
Further deformation occurred by the first band nucleating a secon 
band in criss-cross fashion so that the deformed area enclosed sm 
triangles (Fig. 6b). Subsequently, the crossed bands spread along the 
specimen (Fig. 6c). In some cases the band fronts appeared sharp, but 
frequently separate crossed bands were distinctly seen at the movin, 
front (Fig. 6d), suggesting that the nucleation mechanism is pet 
petuated. 


On slow loading, many fine strain markings (also with a criss-cros 
pattern) were observed on the surface between the Liiders’ band 
generated from both ends. When the load was applied rapidly the spec 
mens were at maximum load only a short time and the fine marking 
were either much less distinct or absent. Similar markings have beet 
observed by Paxton (21) on single crystals of iron tested at —196 ° 
(—320 °F). 
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Fig. ¢ Stages in the Sprea f Luders’ Bar \lor the Specimen 


he fine markings between the Ltiders’ bands were due to stage 2 
strain, as shown by the second series of thin-strip tests in which strain 
| at both ends and at the 


gages (with 14-inch gage length) were place 
center of the specimen. The load was applied in steps and held for 10 

inutes at each 1000 psi increment. The elastic limit was reached first 
t the ends of the specimen. Then, when the center gage indicated that 
the elastic limit had been attained there, the end gages revealed the 
second stage behavior. When rapid yielding started at the ends, the 
center was yielding slowly with time. On unloading, well-defined 
Luders’ bands were found at the ends and fine slip markings at the cen- 
ter. Thus, it appears that, as the stress is increased above opr, the stages 

nonelastic strain occur in sequence at any fixed location in the speci- 
men. In the volume affected by the stress concentration at the shoul- 
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ders, successive stages are reached sooner than in the remainder 
specimen. 

In ce mtrast, once the Luders’ bands are nucleated, stages 2 
hecome competitive ; stage 2 creep continues in the central port 
the specimen at the same time as the Liiders’ bands spread fr 
shoulders. With the geometry used in these experiments, th 
in the center did not progress sufficiently to nucleate new Liiders 
even at the slowest extension rate it was practical to employ (0/ 
inches per minute on a 5-inch gage length). Thus, if fracture d 
intervene, the central region was eventually “swept out” by tl 
formation bands propagating along from either end 


The total strain in stages 1 and 2 measured by a small gage 


at the center of the reduced section length depends, in part, wy 
time required for the primary Luders’ bands to spread from the 
ders to the gage and, accordingly, upon the length of the specimer 
the loading rate. In the standard round-bar specimens, it is reas 
to assume that, although the Ltiders’ pattern is more complex 
the general situation is similar. Hence, comparison of the effects of 
ferent metallurgical variables is proper only when the loading rat 
specimen dimensions and the gage length are standardized 

\ll the prepolished thin-strip specimens were examined 
graphically. Specimens in the microstrain range (at a stress 
oy, and a2) exhibited no change under the microscope, i.e., no evid 
of slip was visible. After straining 200 & 10~° at a stress in the n 
creep range, fine wavy slip was clearly seen in some ferrit« 
Similar slip was found between the Luders’ fronts in specimens | 
for some time at the yield stress. Within the Liiders’ bands, th 
markings differed only in the height of the steps and lensit 
markings in certain grains. 

In all specimens, except those with grain size larger than AST) 
mechanical twins were detected only in the Liiders’ bands and 
only a very small fraction of the ferrite grains contained twins. Th 
tribution of twinning to the total strain was minor. In the large-grai: 
specimens, twins were observed both in round bar specimens at str 


below eys, and in the portion of the flat specimens unaffected 
Liuders’ deformation. However, in all cases the stresses were ap} 


ciably above the elastic limit and some slip had occurred in grait 
mote from the twins. Thus, the elastic limit was not induced by 
formation. 


Effects Produced by Some Metallurgical Variables 
The step-load technique with round bars and a standardized lo 
schedule (4 minutes at each 1000 psi step) was used here since 
procedure gives much information from relatively few specimens 
is well suited to survey work. The values of opz, o2, oys, € and thet 
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stic strain at the start of the third stage («; + e) (see Fig. 1) were 


btained, but the method cannot be used to determine delay times 
The room temperature critical stress values (op: and oyg) are plotted 
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as a function of the reciprocal square root of the mean ferrite g1 
diameter in Figs. 7a and 7b. Only data from specimens with equia 
ferrite (not Widmanstatten) are included. The yield points show 
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nected linear relationship. og: nearly follows along with oys at small 
rain diameters (d) but there is considerable divergence as d is in- 
or ased. Since the data from air-cooled and furnace-cooled specimens 
t on the same curves, it may be deduced that cooling rate has no 
effect at least within these limits. However, as can be seen by com- 
ring Figs. 7a and 7b, the properties depend on the composition of 


the steel. 
\ccurate measurements of e€; at cys were not possible at room tem 
erature due to the rapid variation of strain produced by a small stress 
nge near this point, and so the value of €; at 1000 psi below ays was 
recorded. In both the furnace and air-cooled specimens, this strain in- 
creased with austenitizing temperature. In the furnace-cooled series, 
ilso increased with austenitizing temperature, but in the air-cooled 
series (some specimens of which had a Widmanstatten structure) th 
ean ferrite path and the yield stress remained essentially constant 
(hus, the microstrain seems to depend on the austenitizing temperature 
per se rather than on the ferrite grain size. 

The data relating og:, o2 and cys at liquid nitrogen temperature with 

'/2'for specimens with equiaxed structures are plotted in Figs. 8a 

nd &b. ays is a linear function of d~!/*. For oz, the relationship holds 
pproximately but there is some deviation from linearity at large grain 
izes. The variation of ogy, in all the specimens tested, furnace-cooled 

nd air-cooled, was relatively small (compare Figs. 8a, 8b, 9b and 10b), 
iithough some decrease was detected at the largest grain sizes of the 
furnace-cooled series (Figs. 8a and 8b). In the air-cooled specimens 
vith Widmanstatten structures and approximately constant mean fer 
rite path, neither ays, o2 or op, was affected by a change in austenitizing 
temperature (Figs. 9b and 10b). 

The total nonelastic strain (€, + 2) at 2000 psi below the upper 

ield stress is shown in Figs. 9a and 10a. In each series the strain in 
reased with austenitizing temperature even though the mean ferrite 
ith did not change significantly in the air-cooled specimens. 

[he foregoing comparisons show that in both the air-cooled and 
turnace-cooled specimens, the stresses cys, o2 and ogy, are changed only 
by heat treatments which produce a change in d or a and, thus, it is 
concluded that the mean ferrite path is a primary variable ; that is, the 
critical stresses are grain-size dependent. On the other hand, the pre 
yield nonelastic strains (€; + €2) close to the yield stress are sensitive 

cooling rate and to changes in the austenitizing temperature which 
lo not produce a change in the mean ferrite path. Therefore, it seems 
reasonable to conclude that a change in ferrite grain size is not the pri 
mary cause of changes in these properties. 

In the Widmanstatten structures there was some increase in length 
t the ferrite plates with austenitizing temperature, but the breadth 
lid not change materially. Because the mean ferrite path depends mainly 
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on the latter dimensions, a, was insensitive to the austenitizing t 
perature, but it is thought that the preceding argument remains vali 
In addition to the factors discussed, og, and «, at room temperatur: 
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ind (e; +) at —196°C and oys at both temperatures are differ 

in the two steels. Evidently steel chemistry is an important factor. 
GENERAL DISCUSSION 

(he most striking difference between the room temperature and 

iquid nitrogen temperature results is the slow transition from stage 1 

icrostrain to stage 3 Liiders’ strain at the lower temperature. The 
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stage 2 microcreep, indicated by small gages which do not cover th 
total length of the reduced section of the specimen, occurs between the 
start of the time-dependent deformation and the arrival of Luders 
bands initiated earlier at the shoulders. Hence, in part, the prominenc: 
of the stage 2 creep in the low temperature experiments is due to the 
long delay in initiating the Liiders’ strain at the shoulders and the slow 
spread of the bands along the specimen. Since transition creep assumes 
a conspicuous role at —196°C (—320 °F) it is important that some 
criterion of “gross” yielding be adopted when measuring delay times 
at this temperature. 

The prominence of microcreep at —196 °C (—320°F) causes oys 
to be strongly dependent upon the loading rate in the usual continuous 
loading engineering test. Further, at slow loading rates the upper yield 
point jog in the stress-strain curve is less clearly defined at —196 °( 
(—320 °F) than at room temperature and appreciable deviations from 
elastic behavior can be detected in autographic load-extension p! 
before the upper yield is reached. This type of behavior has been foun 
previously at room temperature in very low carbon steels (6) and ir 
molybdenum containing traces of carbon (20). In these cases tl 
blurring of the yield-point jog has been ascribed to incomplete disloca 
tion locking due to the shortage of carbon or nitrogen atoms. T| 
explanation does not appear to be tenable in the present case since the 
sharp yield point at room temperature can be taken as evidence of eff 
cient locking and there is no reason to suppose that condensed carbor 
atmospheres formed above room temperature can be dispersed b 
lowering the temperature. 

Wood et al (1,2,18,19) have given a detailed treatment of the yiel 
phenomena in polycrystalline mild steel in terms of well-known di 
location concepts. Briefly, this model assumes that in annealed stee! 
l‘rank-Read sources on potential slip planes are locked by carbo 
atoms. When a local shear stress, sufficient to activate a source is 
plied, a dislocation loop is generated which spreads rapidly until it 
blocked at a grain boundary. Successive loops are released provide 
the local stress remains large enough to separate the dislocation fror 
the carbon atmosphere. The resulting concentric dislocation rings pil 
up against the grain boundary producing two effects: a back stress act 
ing on the source, which will slow down and eventually stop the genera 
tion of dislocations, and a stress concentration in the neighboring 
crystal. If the source stops before the stress concentration induces slij 
in the next crystal only a microstrain is observed (e,). Gross yielding 
is assumed to occur when the stress concentration in adjacent grains 
is sufficient to activate dislocation sources in these crystals. 

The present data are not suitable for comparison with the quantit 
tive developments of the theory. However, they do provide a bas 
for discussion of certain qualitative aspects of the model. Ideally, t! 
elastic limit should be defined as the lowest stress at which a dislocati 
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be detected and the elastic limit is defined as the stress to produce a 


certain nonelastic strain: in the present case, this strain is taken as 
2 x 10-*. Consequently, the first nonelastic strain detected experi- 
entally is a microstrain at a stress somewhat greater than the mini- 


is released from a source. In practice such small strains cannot 


l 


um stress required to activate the first source. Vreeland and Wood 
have predicted that « is dependent upon the distance between the 
source and the boundary and thus, upon the grain size, since it is rea 
sonable to assume that the sources which contribute most to the micro 
strain are those located near the center of the grain. When, as in the 
present experiments, the nonelastic strain is measured after removing 
the load there is a further complication. Without the restraint of the 
applied resolved shear stress, the dislocation rings relax to some extent 
ind the nonelastic strain decreases. Thus, the model predicts that 
small microstrains, and therefore the experimental elastic limit, are 
dependent upon grain size, although simple relations between these 
factors are not anticipated. The present data show that, in fact, the 
experimental elastic limit is influenced by the ferrite grain size. How- 
ever, the diminution of this influence at low temperatures is apparently 
not predicted by the Clark-Wood model 

[he theory indicates that the microstrain ¢; at ays should increase 
with grain size, and in the furnace-cooled specimens at room temper 
iture this phenomenon was observed. However, in the air-cooled series, 
where there was little change in the mean ferrite path, the change of e, 
at yg as a function of austenitizing temperature was unexpected. Two 
possible contributing factors can be suggested. The change in the length 
f the Widmanstatten ferrite plates, which was not reflected in a;, may 
influence the microstrain in a similar manner to that produced by a 
hange in grain diameter of equiaxed ferrite. In addition, the austenitiz 
ing may influence the extent or distribution of submicroscopic impedi 
ments to the movement of dislocations within the ferrite. 

The appearance of microcreep at low temperatures seems to dictate 
some revision of that part of the theory concerned with the genesis of 
Luders’ strain. It has been assumed that gross yielding ensues as soon 
is the necessary internal stress concentration has been achieved. The 
present experiments have shown that this is not so at low temperatures 
(he measured preyield nonelastic strains are the result of observable 
slip and are much larger than the small microstrains considered in the 
model. The present observations can be taken as substantial support for 
the view that plastic strain on a macroscale is a prerequisite of Liiders’ 

nd generation (14). 

CONCLUSIONS 
\t liquid nitrogen temperature, appreciable nonelastic strains pre- 
cede gross yielding in annealed mild steel. In addition to microstrain 
of the same nature as that found at room temperature) there is an 





534 TRANSACTIONS OF THE ASM 


appreciable creep strain which increases with time at a constant 
There is also a well-defined elastic limit (og), a stress (a2) at whi 
the creep strain first appears in fairly short time tests, and a yield stress 
(sys) which is much more sensitive to loading rate than in room tem 
perature tests. At both temperatures, changes in the metallurgical 
condition of the steel produce appreciable effects : 

1. At room temperature, the elastic limit is grain-size dependent 
and is sensitive to a change in steel chemistry. At 196 °¢ 
(—320 °F), it is relatively unaffected by metallurgical factors except 
when the ferrite grain-size is large. 

2. At room temperature, a2 so nearly coincides with the yield stress 
that it could not be detected in these experiments. At 196 °C 
(—320 °F), oe lies between opr and oys, and is grain-size dependent 

3. At both temperatures, cys is a linear function of the reciprocal 
square root of the mean ferrite grain diameter. 

4. The room temperature microstrain (¢,) at the yield stress is de 
pendent upon the austenitizing temperature, the cooling rate, and the 
steel chemistry ; grain-size being a secondary effect. The total preyield 
nonelastic strain (e€; + e2) at liquid nitrogen temperature shows sin 
ilar trends. 

Mechanical twinning plays no part in the yield phenomena at roon 
temperature. However, at —196 °C (—320 °F) a few twins are found 
in all the specimens after gross yielding has occurred. In coarse 
grained steels some twins are formed during the microcreep stage 
but in all cases twinning is preceded by slip. None of the critical stress 
levels (og., og and cys) can be associated with the first appearance ot 
mechanical twins and, in general, twinning is not a significant factor 
in the preyield deformation of mild steel at liquid nitrogen temperaturé 
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DISCUSSION 
Written Discussion: By E. T. Wessel, Metallurgy Department, Westinghouse 
lectric Corporation, Research Laboratories, Pittsburgh. 
[he authors are to be complimented for their enlightening investigation of the 
equence of events which occur during the early stages of plastic flow in mild 
teel. While the existence of small amounts (~10*) of nonelastic strain prior to 


ibrupt yielding had been recognized and studied previously (see authors’ refer- 
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ences), many of the aspects were not well defined or understood. In the past 1 
of the work was primarily concerned with measurements of the delay time fo: 
yielding as a function of the applied stress and temperature. The present investi 
gation included the additional desirable features of precise strain measurement 
metallographic observations and studies of the influence of metallurgical varial 
In the discussor’s opinion these additional observations have contributed 
stantially to a more detailed understanding of the phases of the early stag: 
plastic flow 

It seems appropriate at this time to relate the findings of this paper to 
similar observations of the preyield phenomena which have been reported 
several body-centered cubic metals including mild steel (Fig. 11). Thess 
were obtained in a different manner from that described in the present paper 


authors’ results were obtained with stepwise and constant loading tech 
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Fig. 11--Plastic Strain Preceding Abrupt Yielding 


whereas the data of Fig. 11 were obtained from tension tests where the loa 
continuously applied at a constant rate of crosshead movement (~1 « 10™ s 

\s a result of the difference in test techniques, a direct comparison of the r 
is not possible. However, some qualitative comparisons can be described 

The plastic strain shown in Fig. 11 for the constant crosshead movement tes 
is the total amount which was observed prior to abrupt yielding (pronounced dt 
in load or formation of a Luders’ band). Although no exact distinction bet 
different phases of preyield plastic flow could be specified for these tests, an « 
amination of the stress-strain curves suggests a possible correspondence wit! 
three stages of plastic flow described by the authors. These stress-strain cur\ 
(up to the onset of abrupt yielding) are shown in Figs. 12 to 15 for different 
body-centered cubic metals including a mild steel quite similar to that used in tl 
current experiments. Unfortunately, plastic strains smaller than 0.01 percent 
(10-*) could not be determined accurately with the strain measuring vechnique 
that were used. Hence, the portions of the curves preceding 0.01 % (10~ 
plastic strain are not shown. 

In the case of these four metals (Figs. 12 to 15) the plastic strain can be divick 
into three regions or categories. First there is a region (No. 1) where the str: 
rises rapidly with increasing strain. As the total amount of strain increases in t! 


2E. T. Wessel, “Abrupt Yielding and the Ductile-to-Brittle Transition in Body-Cer 
Cubic Metals," Journal of Metals, Vol. 9, July 1957, p. 930. 
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_the rate of stress increase decreases. The observed behavior for this region 
patible with a dislocation pile-up type of explanation. It is visualized that 
itions are originally pinned by a Cottrell * atmosphere, but some start to tear 
at stresses which are considerably lower than currently measurable elastic 
\s the stress rises, increasing numbers of dislocations are torn loose and 
through the lattice. These dislocations then propagate until they are piled-up 
riers which forestall further propagation, i.e., grain or subgrain boundaries, 
rticles or phases, other dislocation groups, et An appreciable amount of 
strain is associated with the propagation of these many dislocation groups 














leads into a second region (N ? Figs. 12 to 15) where con 


x 


behavi I 
lerable amounts of plastic strain occur at a relatively constant stress. This is 
elieved to be indicative of a region where large numbers of the piled-up dis 

tion groups are able to break through or away from their barriers because of 
high stress concentrations which develop in the vicinity of the pile-ups. This 


let} 


through can be accomplished by the activation of new dislocation sources 


joining material and by the continued propa f previously piled-up 


ups through adjacent material. As this process gains momentum more and 

re plastic strain can occur without any necessity for an increase in the applied 

neral) stress level. This breaking-through uld be expected to occur gen 
throughout the gage length of the sample and to produce observable slip 


H. Cottrell and B. A. Bilby Dislocation 7 f Yielding and Strain 


\ging 
roceedings, Physical Society, Vol. 62, Sec. A, ] 19, p. 49 
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abrupt gross yielding (formation of a | rs’ band, region No. 3) then 
es place when sufficient breakthrough momentum develops in some localized 
egion to cause the whole process to be greatly accelerated in this region. The 
ulting large amount of localized strain constitutes the Liiders’ band. Any region 
a specimen where there may be some general stress concentration would be 
most logical area for the first occurrence of an accelerated breakthrough 
lers’ bands are nearly always first observed he end of the gage length of a 

specimen (shoulders) where such a general stress concentration exists 

\ll three of the regions of strain just described are most distinct for the case 
f niobium (Fig. 13) and tantalum (Fig. 14). In the case of the mild 


12), region No. 1 is not so well defined. Apparently in this case the amount 


ain associated with the rapid rise in stress is relatively small and most of 
gion No. 1 behavior is, therefore, presumed t 


steel 
re have occurred at plastic strains 

aller than 10“. The stage No. 1 (microstrain) observed in the authors’ steel 
reported to also be relatively small (max. o 50 & 10°) 

Ct 


the basis of the foregoing description stress-strain curves and the 


lata reported by the authors, one might derive the following qualitative correla 


Region No. 1 of the stress-strain curv here the stress increases rapidly 


with increasing strain may be likened unto stage No. 1 (microstrain) 
Region No. 2 where straining occurs at constant stress would 
correspond to stage No. 2 (microcreep 
Region No. 3 where abrupt (gross ling occurs is comparable to 
stage No. 3 (Luders’ strain) 


rder to establish a more positive correlation, it would be necessary to conduct 
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further experiments using the different types of tests on the same materi 
appropriate metallographic observations. 

Some further substantiation of a correlation can be seen in tems of the 
amounts of preyield strain (e1 and es) which occur at different temperatures 
The authors are apparently unable to report any specific differences in the ar 
of microstrain (e1) between room temperature and —196°C (—320°F). H 
ever, it may be reasonable to expect larger amounts of e: at the lower temper 
because of the higher stresses involved and the larger stress differences bet 
the various yield criteria. In the case of the tensile data (Figs. 12 to 15 
magnitude of the strain which occurs in region No. 1 (¢1) increases with d 
ing temperature. 

The authors do report that e. (microcreep stage) increases consideral 
lower temperatures, being essentially absent at room temperature and of the 
of 10° at —196°C (—320°F). As seen in Figs. 12 to 15, the amount of st 
which occurs in region No. 2 (e) increases with decreasing temperatur: 
cases. Hence, the two investigations show good agreement in this respect. In f 
the values of e. at —196 °C (—320°F) for both mild steels are essentially 
alent (~10°). 

It is also apparent from Figs. 12 to 15 that e; and ez: increase progressivel 
decreasing test temperature in all of the metals studied. Thus the behavior pat 
is quite consistent. The magnitude of either e: or e2 varies considerably betw 
metals. Likewise the amount of this preyield plastic strain can vary consid 
between lots of any one metal, 1.e., the two lots of tantalum shown in Fig. 11 
authors also observe variations of («: + es) between different lots of steel (1 
B in Figs. 9 and 10), as well as in any one steel as a function of its heat treatme 
The authors conclude that variations in steel chemistry, austenitization treat 
and cooling rates influence the preyield behavior. It is suggested that these fact 
govern the extent or distribution of submicroscopic impediments, hence, influe: 
the movement of dislocations within the ferrite. The same is thought to be tr 
for the two lots of tantalum (Fig. 11) since no obvious difference in grain s 
microstructure can be seen with the light microscope, yet a tenfold difference 
preyield strain is observed at the lower temperatures. Further refined studies 
appear to be necessary before many of these details concerning the gov 
factors during the early stages of plastic flow can be understood 

In general the observations and discussion of these two independent investig 
tions of the preyield phenomena are in very good agreement. The three regi 
of plastic strain observed in the continuously loaded, constant crosshead spé 
tests seemingly correspond quite well with the three stages of strain describe 
the authors for the stepwise and constant load tests. Both investigations pri 


a substantial amount of experimental evidence which indicates that plasti 


formation on a macroscopic scale is a prerequisite of Liiders’ band generat 
particularly at low temperatures. These observations indicate that a modificati 
current concepts relative to abrupt yielding (onset of Luders’ strain) is necessat 
A generalized concept which agrees quite well with the observations and discus 
presented in the authors’ paper has been suggested.” Further detailed work of t 
quality and type described by the authors of the present paper will, undoubted 
be of much value in providing further contributions to the understanding of 
factors involved in the early stages of plastic flow. 





THE ENERGY STORED IN INGOT IRON DEFORMED 
BY TORSION 
AT 25, —82 AND — 185 °C 


P. WANG AND NorM 


AN BROWN 


Abstract 


Stored energy of Armco ingot iron previously deformed 
at 25, —82 and —185 °C by torsion were measured during 
its release upon annealing. Energy from 0.3 to 1.1 cal./gm 
was found to release in two stages. The first stage of energy 
release is attributed to recovery. The release of the major 
portion of the stored energy is concurrent with recrystalliza- 
tion. (ASM International Classification 024, Q1, N5; Fe-a) 


INTRODUCTION 


Sap enemies evidences (1 to 13) as summarized in Table | 


indicate that stored energy introduced by plastic deformation of 
metal can be measured. Most measurements were made upon the r 
ease of the stored energy during annealing of the deformed metal. The 
retical analyses (14 to 17) reveal that energy is stored through the 
increase in density of dislocations and vacancies ; and its release is at 
tributed to the annihilation of dislocations and vacancies. 
Previous results on stored energy measurements were obtained on 
etals (mostly copper ) deformed at roon 


ro. 


temperature. Different ob 
servations were reported on energy release in connection with recrystal 
lization (6,8 to 11). It is the object of this 1 
apparatus for the precision measurement « 
leformed at different temperatures 


estigation to construct an 
f energy stored in ingot iron 


EXPERIMENTAL P 


ROCEDURI 


General Principli 


\n experimental apparatus for measuring “temperature difference’ 
uring annealing was constructed based o1 
ethod (4)! with modifications 


uinney and Taylor’s 


This method was chosen because it 
figures appearing in parentheses per ippended to this pape 
paper is based on a thesis submitted by T. P. W 
f Doctor of Philosophy in Metallurgy at the Uni 


is partial fulfillment for the 
f Pennsylvania 
paper presented before the Thirty-Ninth Ant 
1 in Chicago, November 4-8, 1957. Of the authors, T. P. Wang is Research 
letallurgist of Wilbur B. Driver Co., Newark, New Jersey; Norman Brown 
issociate professor of Metallurgy at the University of Pennsylvania, Phila 
phia. Manuscript received April 15, 1957 


ual Convention of the Society, 
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INGOT IRON DEFORMED BY TORSION 


ibles one to obtain not only the magnitude of stored energy but also 
he temperature at which it releases during annealing. Modifications 

ere introduced to improve accuracy and, at the same time, to make 

possible for one person to obtain all measurements during experi 
nental runs. 

Quinney and Taylor’s method consisted of heating a cold worked 

etal in vacuum to a temperature above its recrystallization range at a 

trolled heating rate. This was accomplished by use of a small heater 
nside the specimen. The whole assembly was placed in a radiation 
hield which was heated externally and manually controlled to the 
une temperature as that of the specimen. By comparing the temper- 
ture versus time curves (heating curves) of two successive runs, a 
temperature difference can be observed at the range where stored 
energy in form of heat is given off at the first run. This energy can be 

lculated from the product of observed temperature difference and the 
pecific heat of the specimen at the temperature heat is given off. 

In the present study, instead of twice annealing the cold worked 
pecimen, two identical specimens, one cold-worked, one annealed, 
vere heated together and the instantaneous temperature difference be 

een them were measured. The stored energy liberated during an 
nealing was similarly calculated. 


Description of Apparatus 


[he principal apparatus in this study consisted of (a) equipment for 
he measurement of specific heat and (b) equipment for the measure- 
ent of temperature difference during annealing. 

The specific heat of ingot iron in calories per grams per ° C at dif 
rent temperatures up to 800°C (1470°F) was measured in helium 
tmosphere with an apparatus based on Smith's design (18). 

The schematic diagram of the assembly of the apparatus is shown 

ig. 1. 


|; 
The cold-worked and the annealed specimens were heated internally 


by two identical heaters connected in series as shown in detail in Fig. 2 
Fine nickel-chromium wire of 29 ohms in resistance was wound on 
each heater which was machined from No. 1 Lava. The total weight 
f each heater was 12 grams, about 5% of the weight of each test 
specimen. The specimens were supported by two thin pieces of Lava 
plates with minimum contact surfaces to eliminate heat exchange by 
onduction. 

\ current of 0.5 ampere was passed through the heaters during the 
runs. In order to obtain a constant power supplied to the heaters during 
he entire annealing cycle, a voltage stabilizer was used to eliminate 
ine fluctuation. The electrical energy supplied by the heaters was used 
solely for heating up the specimens and the heaters themselves. This 
vas made possible by enclosing the specimens and the heaters in a 
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radiation shield which was heated in a vacuum furnace and controll: 
to the same instantaneous temperature of the specimens throughout 
the course of annealing. 

The radiation shield was a thin copper cylinder 2 inches in diemetet 
and 6 inches long. One junction of a differential couple (made fro 
calibrated iron-constantan thermocouple wire) was silver-soldered 1 
the middle of the shield. The other junction was silver-soldered to 
small copper washer which was fastened firmly to the annealed speci 
men by a set screw. This differential couple was connected through 
potentiometer to a Leeds and Northrup Speedomax, the temperatur« 
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ntrolling device for the vacuum furnace. The function of the poten- 

meter was to supply bucking voltage to shift the zero of the temper- 

ure difference scale to the middle of the recording chart to improve 
sensitivity. 

[he instantaneous temperature differences between the cold-worked 
nd the annealed specimens during annealing were measured by an- 
ther differential couple as shown in Fig. 2. A constantan wire was 
welded into this differential couple such that it measured not only the 
temperature difference, but also the temperature of the annealed speci 
nen. A precision Leeds and Northrup Potentiometer with a thermo 
uple switch was used for these temperature measurements. 

In order to completely eliminate heat transfer by radiation between 


the specimens and the surrounding it was necessary that the latter be 


heated and controlled to the same instantaneous temperature of the 


Vermicu ite 


Insulation 














Stainless 
Steel 
Test is - Grip 
Specimen 



































specimens. The control sensitivity of the Speedomax was improved by 
a) changing from a off-and-on control into a 2-position control, (b) 
ilding a driving mechanism which increases the power supplied to the 
icuum furnace at a definite rate. As a result, the Speedomax was 
ible to control the radiation shield to within +0.1 °C of the instanta 
neous temperature of the annealed specimen 


Calibration of Apparatus 

The experimental setup for measuring the temperature difference 
was calibrated by heating two identical ingot iron specimens both in 
innealed condition (size, 0.800 by 3% inch, weights, 201.4 and 202.0 
grams respectively) with a constant current of 0.500 ampere supplied 
to the internal heaters. The temperature difference curves and _ the 
heating curves of these three successive runs are shown in Fig. 4. 

It was established from these annealing runs that: 

(a) The temperature difference curves of the two identical annealed 





TRANSACTIONS OF THE ASM 
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Fig. 4—Calibration Curves 


specimens during successive heating showed a characteristic patter: 
with a reproducibility of +0.2 °C. 

(b) Heating rates on successive runs were reproducible. 

(c) The heat energy supplied by the two internal heaters at 29 \ 
and 0.500 amperes was 31,000 calories during the 2'4-hour interva 
within which the specimens were heated to 525°C (975 °F). The 
energy required to heat up the specimens and the heaters to 525 °( 
(975 °F), as calculated from the specific heat data of iron (Fig. 5 
plus heaters was also 31,000 calories. This indicated that the hea 
transfer from the specimen to the surrounding, and vice versa, w 
negligible during the course of annealing. 

The heat energy supplied by the two heaters was only 103 calories 
per minute. If the 200 gram cold-worked specimen liberated a storé 
energy of 0.5 cal./gm. at about 500°C (930°F), this would amount 
to a total of 100 calories which was in the same order of magnitud: 
the heat energy supplied per minute. Assuming no heat exchange, thi 
100 calories would cause a temperature increase in the cold-work« 
specimen of 3 °C. This certainly should be detectable because the repr 
ducibility of temperature difference was +0.2 °C. 


Preparation of Specimens 


Armco iron rods l-inch in diameter were annealed at 950 °( 
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740 °F) for an hour in helium atmosphere and followed by furnace 


i/ 


ling to obtain a uniform No. 2 to 3 grain size and hardness of Rock 


vell B-36 to B-40. 

[he specimens to be deformed at room temperature were machined 
lown to a gage section of 0.800 inch in diameter and 4 inches in length, 
with a fillet and shoulder section 1 & 2% inches. The specimens to be 
deformed at low temperatures also had a gage section of 0.800 by 0.800 

54 inches such that they could be fitted into the stainless steel adapt 


ers in the cold chamber. 
[In order to permit the largest amount of work to be done in the speci 
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Fig. 5—Specific Heat Curve 


men before fracture takes place, torsion was used as the means of de- 
formation. A Tinius Olsen torsion testing machine was used. 

Torsional deformation at low temperatures was performed in a cold 
chamber as shown in Fig. 3. It consisted of a double wall brass cylinder 
with vermiculite as insulating material. The outer wall was chromium 
plated. Two 2-inch diameter stainless steel adapters with 0.800 by 
0.800 by 5¢ inch square holes were used to hold the specimens. The 
adapters were loosely fitted with the ends of the chamber so that they 
could turn freely during the process of twisting without moving the 
cylinders. A 1-inch diameter hole on the cylinders was provided for the 
entrance of the cooling medium. 

Dry ice (—82°C) and liquid air (- 
media. In each case, the specimen was imbedded in the cooling medium 


185 °C) were used as cooling 
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Table Il 
Specific Heat of Ingot Iron 


cp in cal. /gm./°¢ 


This Study Austin Hdbk of Chen 
0.131 _ 1055 

— 0.115 1168 

0.131 0.128 1282 

0.136 

0.141 140 1396 

0.144 

0.150 151 1509 

0.156 

0.168 163 1623 

0.179 -- 

0.193 188 1737 

0.210 

0.23 230 

0.2 - 

0 - 

0 340 


210 


and testing was not started until an equilibrium temperature 
reached. A copper-constantan thermocouple was used for temperatur: 
measurement. 

After the specimen was deformed to the desired number of turn 
14 inch section was cut from one end of the gage section. Rockwel 
hardnesses were immediately taken and microstructures of the spe: 
mens were examined. 

These specimens were saved for recrystallization studies 

The rest of the cold-worked specimen was machined with minimu 
delay down to 0.765 inches in diameter (or until the rough surface was 
removed ) and a 31-inch gage length obtained as shown in Fig. 2. Th: 
machining was done at low speed and lubricant was applied to mi 
mize the heating of the specimen. A 0.257 inch diameter hole 
drilled entirely through the specimen such that the '4 inch diametet 
internal heater could be inserted. Two tapped holes were drilled a 
shown in Fig. 2 for fastening the thermocouples with the specimen 

The annealed sample used for comparison during annealing was 
obtained by cutting a 3%-inch section from the same bar and machine 
down to the same diameter (0.0005 inch) and length as that of t! 
cold-worked specimen. 


Measurement of Temperature Difference 

The cold-worked and annealed specimens were put into the setuy 
shown in Fig. 1. Annealing was not started until the vacuum was di 
to 0.5 micron. The current supplied to the internal heaters was ‘ 
ampere for every run. The radiation shield was controlled to the sar 
temperature as the annealed specimen at all temperatures above 200 “ 
(390 °F). Measurements of temperature difference between the « 
worked and the annealed specimens and the temperature of the ar 
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specimens were made almost simult usly. The voltage and 
ent of the internal heaters and the vacuu rnace were also meas 
in addition to recording the vacuum. Most first annealing runs 
nsisted of heating to around 650 °C (1200 °F) and allowing to cool 
uum overnight. The second and third runs were made on the next 
lays to a temperature a little lower than the first run. 


Recrystallization Studi 


\fter the annealing cycles, the cold-worked specimens were micro 


ined on a plane tangential to the surface of the specimens 
The '4-inch disks of the deformed specimens were annealed to 
C (1200 °F) in a 50 °C interval at a heating rate close to that of 
specimens used for temperature difference measurements. Rock 


B hardness were taken 


RESULTS AND DiscussIo? 


Plastic Deformation by Torsion 

Deformation by torsion produces a nonuniform strain across the 
ius of the specimen. All the specimens were almost plastically de 
ed all the way through. This was proven by calculation of the 
stic zone (19) after deformation as shown in Table III. The elastic 


ones of the seven cold-worked specimens ranged from 0.0002 to 0.002 


hes in radius for a specimen diameter of 0.800 inch. Therefore, all 
test specimens were deformed almost completely plastically. 
leformed at room temperature 


, 


licro examination of the specimens « 
structure with presence of strain lines 


ealed a typical cold-worked 
| distorted grain structure. Mechanical 
ld-worked structure for specimens deformed at 


ns were present in the 
sub-zero temper 


Stored Enerqy Released Durin nnealing 
The stored energy released during annealing was calculated fro: 
1ation 2, which is equivalent to Equation 3 when the temperature 


fference is small 
Equation 2 
Equation 3 
Stored energy 1n cal 


Specific heat of the annealed specimen at 
the temperature at which heat is given oft 


T2 lr; = Temperature difference between the cold 
worked and the annealed nens 


1 all tests, the temperature difference between the cold-worked and 
annealed specimens showed a characteristic pattern which was 
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Table Ill 
Radius of Elastic Zone of the Different Specimens 


Angle of Twist Straining 
urns Temp., °C Oo 
3% : 0.000 
4h, 25 0.000 
2% 0.0005 
3% 0.0004 
2% : 0.001 
2 0.0015 
1% 0.00 


slightly different for different sets of specimens (Fig. 4). The cl 
acteristic pattern depends on the relative position between the sp 
mens and the radiation shield for different sets of specimens. However 
the reproducibility among the three successive runs in each set 
within +0.2 °C, when no heat was given off. Since the heating 

of the three successive runs in the same test were reproducible, then th 
temperature difference between the cold-worked and the anneal 
specimens measured at temperature T during the first run would | 
measured again at the same time (or temperature) as in the successi 
runs. This made it possible for the use of the second run as a base lir 
in evaluating the temperature difference observed during the first ru 
The third run was conducted to double check the reproducibilit 
temperature difference and heating rate, and also assure that whe 
or not further energy was released. 


1 


Our specific heat data of ingot iron were shown in Fig. 5 with pr 
lished results (20,21). Good agreement was found between ours 
\ustin’s (20). 

In Figs. 6 to 12, the differences in AT between the first and 
second run, as well as between the third and the second run y 
plotted, where AT = instantaneous temperature difference betweet 
the cold-worked and the annealed specimens. This enabled direct rea 
ing from the graph of AT which was to be used for stored energy ca 
culation. Although it was necessary to use three successive runs 
obtain the temperature difference, vet this setup has the advantage o 
the annealing of a single specimen in that both the cold-worked and t! 
annealed specimens received the same amount of small current fluctu 
tion during annealing, thereby the true value of AT was not affect 
by this current fluctuation. 

The calculated stored energy for different tests are shown in 1 
IV. Among these seven tests, the release of stored energy took nlac« 
two stages, with the major quantity released at a higher temperatu 
range. This is in agreement with literature (11,13). 

The major portion of the stored energy was released at a temperatu 
range from 500 to 650°C (930 to 1200 °F). The magnitude of t! 
portion of energy ranged from 0.3 to 1.1 calories per gram representing 
3 to 7% of the mechanical energy expended during deformation. It 
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Table IV 
Stored Energy Released During Annealing 


ile Temp. at Energy 
| ene Whi h Energ Given off 
Expended Was Release Cal./gm 
Cal. /gm Is Ind ist 2nd ist 2nd 
9.75 370 600 0.12 0.3 
13.0 560 0.6 
7.7 618 0.15 0.3 
569 0.15 0.9 
0.52 
515 0.12 


$88 


% Energy 
Released 


1 


> 
9 
3 


9 
4 
3 


1 
17 


ination indicated that these t ly recrystallized 
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f Specimen A 1 Turns at 25 °C 


be observed that for all three straining temperatures, larger pre- 
s strain resulted in a higher stored energy which was released at 

wer temperature upon annealing. Recrystallization temperature of 
metal with higher strain is known to be lower than that of the same 
iterial deformed to a lower strain. Micro examination of the cold- 
rked specimens which had been annealed to about 650 °C (1200 °F) 
he setup revealed that every specimen except A30 showed complete 


¢ 
t 


rystallization at the surface. The original structure prior to torsion 
shown in Fig. 13. The recrystallized structure of A20 is shown in 
ig. 14, which is a typical example of the observed completely re 
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crystallized structure. The above information indicated that. stor¢ 


energy was released before or concurrent with recrystallization 
This can be clarified by Fig. 15 which shows the hardness data of t! 
deformed samples upon successive annealing at a 50 °C interval wit 
a rate similar to the annealing of the cold-worked specimens. It can | 
observed that a sharp drop in hardness, which usually accompani 
recrystallization, was observed at the range where stored energy 
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Table V 
Calculated Density of Dislocations 


Calculated Density 

f Disloc sq.cn 
5 x 10! 

x 10! 

5x10) 

5x10) 
x 10 
x 10 

x 104 


crystallized 
ally recrystallized 


partially recrystallized 





fference etween 


fference Betweer 


leased. This observation was further confirmed by comparing the 
icrostructures (Figs. 16 to 18) of A30, A31 and A28 deformed i1 
iquid air for 114, 2 and 24 turns respectively and annealed to about 


50 °C (1200°F). Temperature difference curves indicated that n 
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measurable heat was given off by A30, 0.4 calories per gram by A3} 
and 1.1 calories per gram by A28. The surface of A30 was not recrys‘ 
lized, A31 partially recrystallized and A28 completely recrystalliz: 
Their corresponding hardness data at the surface of Rockwell B-62 
B-51 and B-40 respectively versus the original hardness of 36 suppor 
the micro examinations. From these evidences, it can be seen that th: 
stored energy release was concurrent with recrystallization. Also, Fig 
16, 17 and 18 show that the recrystallization temperature is decreas: 
as the amount of prior deformation is increased. 


Calculation of Density of Dislocations of the Cold-Worked Meta 
The measured values of the stored energy can be used to calculat: 
the density of dislocations of the cold-worked metal with the following 
equation : 
E = pGb* Equation 
where E = Stored energy per unit volume, ergs per cubic centimeter 
G = Shear modulus 
= 8 X 10" dynes per square centimeter for iron 
b = Distance of closest approach of atoms 
= 2.48 « 10°* centimeter 
p = Density of dislocation, per square centimeter 
The density of dislocations of the seven cold-worked specimens was 
thus calculated as shown in Table V. Literature shows that the densit 
of dislocations in cold-worked metals ranges from 10" to 10! per 
square centimeter (9,11), while 10’? is considered to be the limiting 
number of dislocations which can be stored in a metal (22). The present 
experimental results are in agreement with previous estimates of der 
sity of dislocations in cold-worked metals. 


First Stage Release of Stored Energy 

The temperature difference curves indicated that energy of the mag 
nitude corresponding to 1°C temperature difference was first r 
leased at as low as 300°C (570°F). Since no recrystallization was 
observed at such a low temperature, this release might be associate 
either with recovery or strain aging. It is to be noted that two turns 
at —185 °C (—300°F) produced an energy release at about 150 °( 
(300 °F). This is the lowest temperature at which the first stage o! 
heat release was observed. Since Fig. 11 is based on two runs instead 
of the usual three, there is some uncertainty as to the reality of th 
energy release at 150°C (300°F). 

Strain Aging: On account of the unavoidable time delay betwee: 
deformation and annealing, the cold-worked specimens were susce} 
tible to strain aging. Since the segregation of solute atoms is accon 
panied by the evolution of heat, strain aging could be a contributii 
factor to the initial stage of energy release. Therefore, the fraction « 
carbon atoms which had segregated within this time delay of 24 hour 
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Table VI 
Micrographic Examination of Cold-Worked 
Sample After Annealing 


‘**RB Hardness in RB Hardness After 
Cold-Worked State Annealing 
Annealing ———— 
14” from Temp. 14” from Micro Exam. 
Surface Center i * urface Center on Surface 
95 88 690 Completely 
rex’ 
660 37 Completely 
rex’! 
675 2 Completely 
rex’ 
Completely 
rex’ 
Just begin 
to rex’l 
Some rex’! 
grains 
Completely 
rex’! 
fore cold 


working ranged from RB 36 to 40 
s data st of 36 


ywn here are average r 4 reading 
is calculated (22). It was found that for all the deformed specimens, 

wer 90% of the solute atoms had been segregated to dislocations before 

ynnealing. Therefore, strain aging was not a contributing factor to the 

first stage energy release. 

Recovery: The possible factors which contributed to the release of 

energy during the first stage may be pictured as follows: In the freshly 


5) 


cold-worked structure, the segregated solute atoms may be randomly 


listributed throughout the specimens as is shown schematically in 
Fig. 19. The curved lines represent bent dislocations. The dislocation 
density being in the neighborhood of 10" to 10! per sq.cm. After 


strain aging for 24 hours, the solute atoms may have segregated to the 
dislocations as shown in Fig. 20. 


In order to determine whether the concentration of solute atoms 
around the dislocations changes appreciably at 300°C (570 °F), one 
can utilize the following formula (22 


£a): 
co exponent (U/kT) 
= Concentration of solute atoms around dislocations 
\verage concentration 
- Binding energy between carbon atoms and dislocation, 0.5 eV 
Calculation shows that C/c. does not chang However, in this tem- 
perature range, the mobility of dislocations is increased through ther 
mal fluctuation. Several processes could take place which would involve 
energy change : 
(a) The Relief of the Strain Aging Effect : About 90% of the solute 
atoms were locked into the dislocations during the 24-hour period of 
strain aging. Hence, initially, energy must be supplied to separate the 
lislocations from their solute atom atmosphere. 
(b) The Straightening of Bent Dislocations: Energy is released by 
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13—Original Structure Prior to Torsion. Nital etch 
Recrystallized Structure of A 20 After Being Twisted 
t 25 °C and Subsequently Heated to 690 °C (1275 °F 
etch. K 100 


the shortening of the dislocation lines. This process can take plac 
simultaneously with the first one. 

Fig. 21 shows two possibilities that could exist after straighteni: 
of the dislocation lines and release of the carbon atoms. Case I. is : 
combination of processes (a) and (b) while Case II. is process (| 
alone. 

(c) The Annihilations of Dislocations of Opposite Signs Along th 


Same Slip Plane: This process produces a release of energy. It cou 
safely be assumed, without introducing serious errors, that less tha 
25% of the total number of dislocations were annihilated in this stag: 
The magnitude of this energy is a function of the density of dislocatio 
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in the structure. Processes (b) and (c) can be classified as recovery. 

It is to be noted that the release of energy caused by the straightening 
of dislocation lines could contribute also towards the release of the 
solute atoms from the dislocations. Once the dislocations are free from 
the locking of solute atoms, they can move more readily. With the help 
of thermal fluctuations, the annihilation of the dislocations of the op- 
posite signs along the same slip plane can take place, with the result of 
energy release. 

(d) Vacancy Annihilation: It has been pointed out by Mott (23) 
that a plastic strain e produces a concentration of vacancies by means 
of dislocations cutting dislocations where 


c - 10*e 


(aking e = | and assuming that the energy of annihilation of a vacancy 
in iron is about 0.5 e.v., the total energy released would be about 0.5 cal. 
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Fig. 16—Structure at the Beginning of Recrystallization After Being 
Twisted 14% Turns at —185 °C (—301 °F) and Subsequently Heated 
to 650 °C (1200 °F). Nital etch. x 100. 


Fig. 17—Partially Recrystallized Structure After Being Twisted 2 
Turns at —185 °C (—301 °F) and Subsequently Heated to 645 °C 


ee 
(1195 °F). Nital etch. x 100. 


Fig. 18—Structure of A 28 After Being Tw:stel 2% Turns at 
—185 °C and Subsequently Heated to 655 °C (121) °F). Nital etch 
x 100. 
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Fig. 19—Schematic Diagram of Bf Schematic Diagram of 
the Cold-Worked Structure Im the Cold-Worked Structure After 
mediately After Deformation eing Strain Aged for 24 Hours, 


O 


























Fig. 21—Schematic Diagram of the Cold-Worked Structure 
After Being Annealed to Around 3 °C (570 °F). 


per gram. Thus, vacancy-annihilation would be detectable if it occurred 
over a sufficiently short temperature interval. 


The Effect of Temperature of Deformation 

\s expected a given amount of twist required more energy the lower 
the twisting temperature. However, the fraction of imput energy which 
is stored in the metal was roughly independent of the temperature of 
deformation. A given plastic strain produced at a low temperature will 
store more energy than the same plastic strain produced at a higher 
temperature. For example, 2% turns at —185 °C stored 1.1 calories 
per gram against 0.45 calories per gram at —82 °C, and 4% turns at 
25 °C stored 0.6 calories per gram against 1.05 calories per gram stored 

only 31%4 turns at —82 °C. 


CONCLUSIONS 


1. The energy stored in ingot iron specimens which were de- 
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formed in torsion at room temperature, dry ice and liquid 
temperatures was found to range from 0.3 to 1.1 calories pe: 
gram. 

The release of stored energy upon annealing takes plac: 
two stages. 

Recovery is responsible for the release of stored energy at th 
initial stage. 

The major portion of stored energy is released at a temperatur: 
range concurrent with recrystallization. 

Stored energy increases with increasing strain when strainin 
temperature is the same. 

Calculation of density of dislocations based on the measur 
stored energy data indicated that the specimens in cold worke 
state had a density of dislocations around 1 to 8 x 10" pe: 
square centimeter. 

For a given amount of strain more energy is stored the lowe: 
the temperature of deformation. 
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CLASSIFICATION OF PRECIPITATION SYSTEMS 
By R. O. WILLIAMS 


Abstract 


It is proposed that all precipitation systems be classi 
fied according to three structural characteristics: degree oj 
complexity of nucleation, the shape of the particles formed 
and the degree of order in the matrix and precipitate. It is 
expected that these characteristics are most intimately asso 
ciated with the kinetics and physical properties. (ASM 
International Classification N7b) 


HE PHENOMENON of precipitation or age hardening of metal 

alloy systems has been known for forty years and during this tims 
a large body of information has been accumulated on at least a hundred 
systems. It has been found that a great variety of structures and propet 
ties can result as a consequence of the separation of a new phase fror 
a supersaturated solid solution. Yet, at this time there is no satisfactor 
scheme by which the many systems can be classified in order to impk 
ment comparison. Too often attempts have been made to characteriz« 
the entire field by the behavior of one or two systems with a notable 
lack of success. The purpose of this paper is to present a method whicl 
will, at least in part, permit a classification of the different systems 
For this purpose one chooses those structural features which seen 
most strongly related to the kinetics and properties. 

At the present time there are three methods which have been pri 
posed but none are adequate for the present purpose. The first of thes: 
describes the nature of the supersaturated solid solution and the pri 
cipitate in terms of terminal solid solutions, intermediate phases, and 
intermetallic compounds. This system has been presented in exhaus 
tive form by Mehl and Jetter (1)? and more briefly by Geisler (2). A 
second system distinguishes between aging behavior at relatively low 
and high temperatures which for some systems are markedly different 
The aging at the lower temperature (cold aging) is often considered 
the formation of Guinier-Preston zones although there is no genera! 
accepted definition of these zones. Such a classification is, of cours: 
only recognition of the fact that some systems’ behavior is temmeratur’ 
dependent, not a description of the processes. A third suggestion as 


‘ The figures appearing in parentheses pertain to the references appended to this paper 


A paper presented before the Thirty-Ninth Annual Convention of the Societ 
held in Chicago, November 4-8, 1957. The author, R. O. Williams, was former 
associated with General Electric Research Laboratory, Schenectady, New Y 
and is now with Cincinnati Milling Machine Company, Cincinnati, Ohio. Mant 
script received August 13, 1956. 
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Table I 
Classification of Precipitation Systems 


Classes 
Simple (a) omp!l 3) Discontinuous (7) 
Needles (N) Spheres ( Plates (P) 
Polyhedra (R) 


Four combinations of ordered or rdered matrix and precipitate 


wwention: A given system is designated by three or four symbols as follows 


Nucleation matrix order Particle shape Particle order 
If the matrix is ordered then a subscript ‘o’ is used, otherwise- 
i t a ’ 


nothing; particle order is represented by , disorder as ‘d’ 
Examples of possible systems are as follows: BPa, aSo and ‘yo Pa 


classification of precipitation systems is due to Guinier (3) and de- 
pends on the relative size of the different atoms. While there is no 

ibt that this size is important, it is by no means the only important 
aspect which determines the structures on precipitation. 


THE SYSTEM 


| 
three structural characteristics: 1) the nature or degree of complexity 
of the nucleation, 2) the predominate shape of the particles of the new 
ise, and 3) the degree of order which exists within the matrix and 
precipitate. As seen in Table I, it is proposed to distinguish among 
three kinds of nucleation and four kinds of particle shapes. Since there 
ire four possible combinations of order-disorder, there will be a total 
| 48 classes. However, it is likely that many will be found to be unim- 
portant. In particular, the matrix will probably be ordered so infre- 
juently that its designation in the symbol will be included only for the 
rdered state. 
By simple nucleation is meant the process 
rmed by the simple rearrangement of atoms on the lattice sites of the 
matrix accompanied perhaps, but not necessarily, by changes in lattice 
limensions in one or more directions so as to reduce the total strain 


It is proposed that precipitation systems be classified according to 


by which a new phase is 


energy. Any such relaxation process would be controlled by the co 
herency between the matrix and precipitate as well as the restraints 
{ the surrounding matrix and would be dependent upon particle 
shape. Small shears might also ‘occur provided they were uniform 
with respect to all atoms in the new phase and were limited in magni 
tude to perhaps 0.01 maximum. An example of such a nucleation proc- 
ess would be that of a face-centered cubic precipitate in a face-centered 

bic matrix which was coherent on one or more principal planes and 


hich, necessarily, had the same crystallographic orientation as the 
»€ 


ad a) 
itrix. Because of its simple nature this type of nucleation may often 
be homogeneous in the strictest sense of the word. 

By complex nucleation is meant the process by which a phase is 
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formed which contains atomic positions markedly different fron 
matrix where it is now necessary to consider detailed steps by 

it is possible to get from the matrix structure to that of the precipit 

It is possible that such a process could be accomplished by simy 
nucleation of a third structure which grows to a size appreciably 
greater than critical and then shears over into the new, complex stru 
ture. This matter will be discussed more later, but it is evident th: 
this type of nucleation would normally be favored by singularities in 
the starting material. A good example of this type of nucleation might 
be the formation of a body-centered cubic precipitate from a face 
centered cubic matrix. 

Discontinuous precipitation occurs at or in the immediate vicinity of 
high-angle grain boundaries which sweep through the grains leaving 
behind a matrix of new crystallographic orientation and the precipitat. 
It is believed that most often existing grain boundaries began to move 
often in both directions at different locations, and thus there would b 
no fixed crystallographic relation between the old grain and the new 
(4+). It has been believed that the driving force for this type of precipi 
tation arose from the straining of the matrix by general precipitation 
prior to the discontinuous precipitation (which in this case normall 
causes only a coarsening of the precipitate particles) and has beer 
called ‘recrystallization’ precipitation because of the similarity (2 
However, some systems are known which seem to give only discon 
tinuous precipitation and hence, the above analogy is not entirely cor 
rect. The process has also been called cellular since the second phase 
is left behind in the form of cells (5). Most often the new phase ends 
up as plates normal to the moving boundary and looks much lik 
pearlite. 

The classes of particle shapes are essentially self-explanatory with 
the possible exception of the last. By ‘polyhedra’ is meant those par 
ticles whose surface energies are markedly dependent upon crystallog 
raphy and hence, are multi-sided figures with essentially plane faces 
While such particles exist in a great variety of shapes the point whic! 
seems most important is only the dependence of surface energy ot 
crystallography and, hence, all are lumped into one class. 

The last characteristic is that of ordering since one can certain! 
expect this to be important in the kinetics and properties of the preci 
itated system. (Note that normal ordering is not considered com 
nucleation since it is accomplished by simple atom rearrangements 
possible way in which ordering could give rise to complex kineti 
would be for the new phase to nucleate as a disordered structure 
perhaps order during growth. 

It is evident that one can pass more or less continuously from c! 
to class for each of the characteristics. This is unfortunate, but ine 
table. However, this is not the problem which it might appear sinc: 
seems that most systems will fall clearly into only a single classificati 
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DISCUSSION 

he purpose of any classification is to allow a systematic arrange- 

nt of items for the sake of simplifying, understanding, describing 

| predicting. In particular, for precipitation systems one is interested 
knowing what aspects of the many systems can be compared, how 
physical properties depend upon structure, how best to obtain 
timum structures and the prediction of new, useful systems. For 
his classification, structural aspects have been chosen for the following 
asons. There is considerably greater hope of transforming structural 
formation into either kinetics or physical properties. The reverse 
ransformation is normally not possible. In addition it is possible to 
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Fig. 1—Inter-Relationship of Aspects of the Precipitation Process. 


consider structural information with greater concreteness than either 
kinetics or physical properties. However, for practical utilization it is 
primarily only kinetics and physical properties which are of interest. 
[here are more fundamental aspects of this problem. These include 
those properties of the system which cause the structures in the first 
place. In this class there are such things as the thermodynamics of all 
phases, the interfacial energies, kinetics of diffusion and strain energies. 
Che entire problem, from the basic properties of atoms to the proper- 
ties of precipitated systems, is outlined in Fig. 1. The properties which 
re responsible for the kinetics, structures and physical properties of 
recipitating systems are a direct result of the electronic structure of 
itoms and metals. As shown, the kinetics, structures and physical 
properties of precipitated systems are all interdependent. It would be 
lesirable, of course, to go back a step or so, such that a really basic 
lerstanding for the phenomenon could be obtained. This is, how 
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ever, not presently possible—one cannot calculate the necessary phys 
ical properties of the metals and alloys from the electronic structur 
This is a problem considerably more extensive than say the calculatior 
of phase diagrams from the number of electrons in the constituent 
metals. Experimental determinations of the properties are few and 
certain aspects are essentially impossible to measure. In addition, many 
of the steps needed to transform such data into kinetics, structures 
and properties are presently unknown. Thus it seems that the best 
compromise is that of structures. 

It is evident that an attempt has been made to separate nucleatior 
into three groups: The case where strain energy is of little or no im 
portance, the case where it is very important and the case where pr 
sumably strain (or other factors), interfacial energy and diffusi 
rates are responsible for precipitation (or conglomeration) on! 
grain boundaries. While all three types may present problems ir 
nucleation, it is complex nucleation which seems the most difficult 
because of the large strain energies. One of the earliest considerations 
of this problem was by Mehl and Jetter (1) where they believed 
process occurred in essentially the following fashion. A region 
proaching the precipitate composition due to chance fluctuations a 
cented by nonrandomizing forces simultaneously sheared, and enrich 
itself in the solute and perhaps grew until it was a stable particle of the 
new phase, although probably still in a coherent state. Barrett and 
Bowles (6) more recently proposed essentially the same mechanist 
except that they supposed that the shearing part would be rapid and 
thus qualify as a martensitic transformation on a very limited scale 
If this proposal is correct there could be no diffusion during the mar 
tensitic shearing because of the extreme rapidity and hence, the particl 
would be the same size as the original fluctuation. Still a third modifica 
tion of this idea is possible. Suppose that an intermediate structur: 
were formed by simple nucleation which was metastable with respect 
to the latter precipitate, but thermodynamically stable with respect t 
the supersaturated solid solution. Such particles could grow to cor 
paratively large sizes, then shear over to the final precipitate structurs 
Whether this shearing is fast or slow would certainly depend on | 
it started and what readjustments in atom positions are required. 

There are, however, several methods in which complex nucleati 
could occur which essentially circumvent the necessity of the 
strain energies. The most obvious is that of the role of dislocations. It 
seems safe to believe that dislocations could assist nucleation regard 
less of what kinds of atom rearrangements might be required. A pat 
ticularly elegant example is the separation of the dislocations in the 
face-centered cubic systems to produce partial dislocations separated 
by a stacking fault. Such a stacking fault corresponds to four planes 
the same sequence as close-packed hexagonal and can be considered 


, 
the 
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1ucleus for a close-packed hexagonal precipitate. This mode has been 
proposed in the case of the silver-lead system (7). Another system in 
which the same mechanism would work is that of aluminum-silver. 
It seems, however, that the role of dislocations is rather limited since 
one expects about 10° dislocations per square centimeter which would 
ot normally be considered a very high particle density. Naturally, if 
they could move this would remove this limitation in part, but one 
normally expects that a particle would pin the dislocation for the same 
reasons which allowed the dislocation to assist nucleation in the first 
place. 

~ It seems likely that vacancies provide some of the answers to this 
problem. Alloys which are to be strengthened by precipitation are 
almost invariably quenched and hence would have, during quenching 
ind for a short time afterwards, a rather high supersaturation of vacan- 
cies. It seems likely that some of these cannot reach normal sinks (dis- 
locations, etc.) and would nucleate some kind of defect as a disk or 
void. It is not unreasonable to believe that there can be enough of these 
defects to make a significant contribution to nucleation. The way in 
vhich such singularities would effect nucleation depends upon the 
system, but consider the example of the aluminum-silver system again. 
If the defects resulting from vacancy condensation were disks result- 
ing from the removal of a single plane of atoms (giving a ring disloca- 
tion), it is evident that stacking through this disk is disrupted and 


again corresponds to the four planes of close-packed hexagonal struc- 
ture, i.e., a nucleus. It is obvious that there are other ways in which 


this nucleation could have been effected. 

In fact, vacancies are a very flexible constituent in precipitation. Be 
sides the above possibilities the vacancies might simultaneously grouy 
with atoms and effect what would otherwise appear as a difficult nucle 
ation problem. One kind of process which might occur would be the 
‘ordering’ of vacancies and solute atoms to form a relatively open struc- 
ture. The possibilities seem almost unlimited. It is unfortunate that the 
role of vacancies in any given system could not be simply elucidated. 
\long somewhat similar lines it has already been suggested that vacan- 
les can be a convenient method by which the coherency strains can 
be eliminated (8). 

It is reasonable to suppose that the shape of the precipitate particles 
is controlled by the nuclei shape, interfacial energy, strain energy and 
litfusion. There may also be an effect caused by the difficulty of atom 
transfer across the interface. At this time there does not seem to have 
been an extensive treatment of this problem. Note, however, that nu 
leation, as considered above, might determine to a large extent the 
particle shape. It has also become customary to expect plates when 
there is a good plane of similar atomic configuration for both the matrix 
nd precipitate, especially so if this is a high density plane. Then in 
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some cases the strain energies will be appreciably less for a 
structure than more equiaxed spherical particles assuming coher: 
Zener (9) has given the rates of growth for plates, rods and spher 
where this is diffusion controlled. This is not the complete solut 
since one needs to know the rates of growth of edges of plates 
ends of rods. This is the old problem, the so-called pointing eff 
diffusion, which has never been solved. 

It is immediately apparent that the presence of order in eithe: 
matrix or precipitate is a restrictive condition on the precipitation pr 
ess and the recognition of its presence is important for several reasor 
In the first place, the ordering is a kinetic process itself which 
have the capacity in some systems to occur more or less independent 
of the precipitation process and would for such a case give con 
kinetics. If the degrees of order were markedly dependent upon ¢! 
temperature within the normal aging range then the driving 
might change more rapidly than otherwise expected and the changes 
which one might observe might not otherwise be understood. On« 
naturally expects physical properties to be dependent on the degre: 
order. 

There are two other characteristics which are certainly important 
aspects of the precipitation process. These are the particle size and the 
coherency. The particle size is not a constant in that it starts at sor 
small size, that of the critical nuclei, and increases. Thus, very rough) 
the particles of all systems pass through the same size range. As 
coherency, it is assumed that all systems start out with coherent par 
ticles in that no system is known in which there is not a definite crysta 
lographic relationship between the matrix and the precipitate. It 
believed that this can come about only through coherency during an 
following nucleation. Systems will, however, vary greatly as to th 
particle size which loses coherency. It seems likely that the proces 
through which the coherency is lost is completed relatively quickly for 
any given particle. The main reason for believing this is that it seen 
that the process has to be nucleated and that once started can proce: 
rapidly. For those cases where the process is actually a dislocati 
running down the particle it seems very likely that after the first on 
all the rest will follow in a fraction of a second. 

As previously mentioned, what is ultimately desired is to correlat 
the structural aspects with the kinetics and physical properties. At the 
present, there are very few quantitative correlations worked ovt. How 
ever, Table II has been prepared to give some rough idea of what 
known and what can be surmised. The listing is of questionable usefu! 
ness because of its qualitative nature. It does, however, point out d 
ficiency of our knowledge. 

As already mentioned, it has become customary to speak of the 
formation of G-P zones and the low-temperature aging, the two oftet 
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Table If 
Dependence of Physical Properties on Characteristics of Precipitation Systems 


cteristics of Ppt. System Crystal Particle State of Particle Presence 
Physical Properties Structure Shape Ordering Size of 
Changes Coherency 
£ Yield Strength Strong ; Probable Strong Strong 
Rate of Strain Hardening ? ? Probable ? ? 


Ultimate Strength 
ngation 

iction of Area 
ittleness 


Jamping 


} 
i 

I 

I 

I 


Electrical Resis iriable derat Probabk Probable Probable 
Thermal e.m.f ? ? ? 
Hall Effect 


Saturation Moment le Weak uri Weak Weak 
Coercive Force rong Strong ? Strong Strong 
= Remanence Strong ? Strong Strong 
*% Susceptibility tr Weak Weak Weak 
Magneto-Mechanical Effects ? ? Weak Weak 


>» Diffuse Effects ( Strong V: Strong Strong 
- Line Shift ari Weak ak Weak Weak 
New Lines rong Weak ong Strong Weak 


Nucleation Strong Shape [ I ? Assumed 
ent on } ea 
G tion 
= Growth Moderate Moder 
= to Strong 
Conglomeration ? ? ? 
Chemical Energy Strong Weak Weak 
Strain Energy Weak Strong c Weak 


Specific Heat Weak Weak Z Weak 

Thermal Expansion Variable Weak ec Weak 
a Volume Changes Variable Weak -diu Weak 

Coherency Strong Strong Strong 
* Thermal Conductivity Similar to Elec. C 

Microstructure Strong Strong Strong 


* Nucleation characterized by a critical size particle, this size is dependent on 

rfacial energy and strain energies 
being considered synonymous. Either or both of these could be one of 
three things; the change in atomic configuration in the absence of 
actual precipitation, as for example, the change in short range order, 
the precipitation of the equilibrium phase in a new fashion, or the 
precipitation of a metastable phase. It is well established, and expected 
from theory, that the atomic configuration should be temperature 
dependent, but it is believed that for most or all presently known 
systems which show distinct double aging characteristics, this is not 
the cause. Likewise, the changes observed seem to rule out the second 
explanation normally. It is thus believed that most systems which give 
the so-called low-temperature aging do so because of the precipitation 
of a metastable phase, a matter discussed at length by Hardy and Heal 
(10). The explanation in part lies in the structural considerations dis- 
cussed here. First, one must obviously have a free energy decrease for 
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the structure or structures in question. The phase which appears first 
will be the one which can nucleate most rapidly and grow most rapidly 
This means that most often the low-temperature phase will exhibit 
simple nucleation and presumably a phase of less compositional chang: 
would be favored. Predictions in any given system are not possible 
since it is not possible to calculate energies of conceivable metastable 
structures. There is also the possibility that in some systems the new 
phase may become stable with respect to the high-temperature phase 
at some lower temperature. Below this temperature the high 
temperature phase would never be found to precipitate provided the 
low-temperature phase could nucleate and grow appreciably mor: 
rapidly. For those systems in which more than one mode or type of 
precipitation occurred it would be proper to state the classification of 
each and perhaps specify the sequence and temperature ranges. Since 
the structure of the metastable low-temperature phase is unrelated t: 
the subsequent stable phase, its presence need have little, if any, affect 
upon the nucleation of the later structures. The presence of the meta 
stable phase will then have no effect other than to reduce the driving 
force for the stable phase, although in practice it seems this effect is to 
small to be noticed. 

It is not feasible at this time to attempt to classify all the known 
systems according to the above scheme because the data are too limited 
However, some of the more common systems can be classified. 

The best known system of all, the Al-Cu system, cannot be classified 
completely. At high temperatures, above about 200°C (390 °F) the 
system is of the type BP, and at low temperatures a new type, proball) 
aPy, preceeds the first type. There are some data which suggest there 
is a second low-temperature form which is perhaps ordering in the 
particles of the low-temperature form to make it of the type aP,. The 
data are not detailed enough, nor sufficiently well understood, to be 
able to describe this system well (10,11). 

The Al-Ag system seems to be probably the most complex system 
known which is reasonably well understood. Above about 190 °C 
(375 °F) this system exhibits first the BPqa type of precipitation t 
be followed by the aP type (12). However, below 190°C (375 °F) 
there is an additional type of precipitation, aS, (13), which precedes t! 
above types. For this low-temperature aging the ideal precipitate com 
position appears to be Ag;Al, which is structurally the same as the 
aluminum-rich matrix except that it is ordered. 

Some of the newer permanent magnets are interesting precipitation 
systems. The most important is the Alnico’s, based upon the Al-Ni-F‘ 
system where the precipitation is of the type a,Pq4 or aP, depending 
on whether the ordered Ni-Al phase is considered the matrix or the 
precipitate. Two other systems, Cu-Ni-Co and Cu-Ni-Fe are of th 
type aPy, although the Cu-Ni-Co system exhibits also the yP, type 
after longer times (15). 
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[he isomorphous system Ag-Cu exhibits first the aPa type and later 

yPq type at both ends (16). There may be, however, some compli- 
tions and perhaps it is not this simple. The system Au-Ni, precipitat- 
s as a result of a miscibility gap, exhibits only the yPg type it seems 


1 
if } 


In conclusion it seems that it is possible to classify precipitation 
systems according to certain structural aspects which would appear 

be closely related to the kinetics of the systems and, likewise, are 
{ prime importance in determining the physical properties. It is to be 
hoped that the use of such a system will aid materially in the further 
understanding of this phenomenon. Some of the kinetic aspects, as 
issociated with the structural aspects, have also been discussed. 
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A METHOD FOR THE ETCHING OF METALS 
BY GAS ION BOMBARDMENT 


By J. B. NeEwKirK AND W. G. MartTIN 


Abstract 

An improved method for the etching of metal surfaces by 
bombardment with gas ions is described. Novel features 
including the use of krypton as the etching agent and the 
application of a magnetic field in the ionization chamber 
have made it possible to etch metallographic specimens 
more rapidly and with less heating of the specimen than has 
been reported here-to-fore. (ASM International Classifi- 
cation M20r.) 


INTRODUCTION 


ATHODE ion bombardment is becoming an increasingly use! 
method for revealing the microstructure of polished metallo 
graphic specimens. In 1954 Padden and Cain (1)?! published a brief r 
view of the literature concerning this etching method and proposed a1 
apparatus design which they stated made possible a technique that was 
rapid and flexible, therefore suitable for routine metallography. A 
cathodic etching unit, which is similar in appearance to that of Paddet 
and Cain and which is said to take advantage of their coolant systen 
was made commercially available soon thereafter. 

One of the commercial units was used by the authors during a stud 
of cathodic etching phenomena. During the course of this study several 
deficiencies of the unit became apparent. The most serious of thes 
were the air leaks that repeatedly developed at the joint between the 
copper cathode and the top of the bell jar etching chamber. The leaks 
made it impossible to control the etching atmosphere. Attempts to sea 
this joint permanently were unsuccessful. Another trouble was the long 
time required to produce a satisfactory etch on the specimen. A copper 
base alloy, for example, required about a half hour to become etched 
Also there always seemed to be numerous pits of mysterious origin and 
irregular shape and distribution over the surface of the etched speci 
men. These pits did not appear when the specimen was etch 
chemically. 

a The figures appearing in parentheses pertain to the references appended to this pay 


\ paper presented before the Thirty-Ninth Annual Convention of the Societ 
held in Chicago, November 4-8, 1957. The authors, J. B. Newkirk and W 
Martin are associated with the Research Laboratory, General Electric Compa 
Schenectady, New York. Manuscript received May 25, 1956. 
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Fig. 1—Diagram of Etching Chamber and cuum System for 
Cathodic Etching. 


In the present report a technique is described which is based on the 
Padden and Cain method but which avoids the troubles mentioned 
bove. The new method features the use of krypton gas, as suggested 

Fisher and Weber (2), and the application of a magnetic field to 
increase ionization efficiency. The method is now available for routine 


metallographic applications in this laboratory 


THE APPARATUS 
The vacuum apparatus for cathodic etching is sketched in Fig. 1. 
"he main etching chamber consists of a glass bulb 8.5 inches in diameter 
which is strong enough to withstand evacuation safely. The anode con- 
sists of an aluminum disk 1.5 inches in diameter and 0.25 inch thick 
on the end of a 0.125 inch diameter molybdenum shaft. This shaft is 
sealed to a ground glass joint, as shown in the sketch, for easy dis- 
ssembly when the bulb is to be cleaned of sputtered metal. The cathode 
in the form of a pedestal upon which is placed the specimen to be 
etched. The cathode is also sealed to a ground glass joint so that the 
thode assembly may be easily removed. A detailed drawing (Fig. 2) 
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of the cathode pedestal shows the Teflon shield which is designed 
minimize the ion bombardment damage to the cathode pedestal itself 
The exposed metallic part of the pedestal may be easily replaced w! 


needed. 

Any mechanical vacuum pump which will reach 1 micron pressur: 
a reasonable time will serve as a suitable vacuum source. There shou! 
be a valve (A in Fig. 1) between the vacuum source and the etchi; fe 
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Fig. 2—Detail of Cathode Assembly 


assembly. The vacuum gage should permit the reading of pressure t 
within 54 in the range 5 to 100 microns. A standard vacuum tule 
thermocouple gage has been found to be convenient. 

Close to the etching chamber is the entry port for admitting the bom 
barding gas. The gas to be admitted is selected by valve B. (The systen 
is first flushed with argon and then is filled with a small amount of th: 
heavier and more efficient krypton for the actual etching process.) A 
coil having 380 turns of 0.086 x 0.040F copper wire is placed hori 
zontally around the bulb just above the equator to increase the etching 
efficiency. This coil, having a D.C. resistance of about 2 ohms, is 0} 
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erated directly on 110 V AC. The magnetic field produced at the center 
f the coil is approximately 130 gauss R.M.S. value. 
[he power supply, sketched in Fig. 3, is a modification of that used 
the Padden and Cain method. A timing device has been added to 
tect the transformer and electron tubes from surges of current be- 
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Fig. 3—Diagram of P 


fore the tubes have warmed up. The cathodic etching assembly is shown 


in Fig. 4. 


SAFETY PRECAUTIONS 
The high voltage lead should be carefully isolated to avoid accidental 
contact. Other metal parts should be well grounded. Also a guard cage 
with a clear window should be placed about the vacuum apparatus. This 
cage should be designed to permit freedom of manipulation and obser- 
vation but provide adequate protection against the high voltage and 
the possibility of injury attending accidental globe implosion. 
OPERATION PROCEDURE 
lhe following procedure, with minor variations for different alloys, 
has been found to give a satisfactory etch in a reasonable time (See 
Table I 
i adie ). 


\ specimen, which has been metallographically polished, is placed 
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on the cathode pedestal, polished side up, and the cathode assemb! 
fitted in its place within the etching chamber. The pressure in the cha 
ber is then reduced to 1 micron using stopcock A. Using stopcocks 
and B, argon is then admitted until the pressure is slightly above at 
mospheric. The pressure is again reduced to one micron and a s! 
amount of krypton is admitted using stopcocks (B) (C) and (D) 
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Fig. 6 Stainless Steel 


pressure is then reduced to 15, and, with all stopcocks closed, the power 
s turned on and the etching potential is raised to about 4000 volts. This 
nduces a current of approximately 1.5 ma to flow. The gas pressure, 
hich will begin to rise when the current flows, should be kept to about 


5u by opening stopcock (A). A few seconds after the power is turned 
na rise in current and a drop in potential will occur. Presumably this 
arks the removal of an insulating layer on the specimen surface and 
the beginning of the process of metal removal 


Etching then follows. 
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The etching process can be accelerated by the presence of a suitable 
magnetic field within the etching chamber. The principle by which this 
occurs is described by Wehner (3) and depends upon the fact that 
charged particles are deflected by a magnetic field. Thus electrons, 
traveling in a curved instead of straight path from cathode to anode 
have a greater chance of colliding with a gas atom, causing the atom to 
become ionized and able to bombard the specimen. Etching efficiency is 


Fig. 7—Copper + 2.5% Iron, 1060°C. W.Q., aged at 700°C, cathodically 
etched. X 250. 


thereby improved. Using the coil described above, the etching time can 
be reduced by a factor of about three. For example, without the mag 
netic field, a satisfactory etch can be produced on a specimen of medium 
carbon steel in 10 minutes. With the field, a comparable etch is pro 
duced in three minutes. 

In general, the lower the pressure at which a glow can be maintained 
at a given voltage, the less the specimen is heated. The presence of th 
magnetic field helps to maintain the glow and therefore permits etching 
at a lower gas pressure. Overheating has not been a problem in th 
present method since most metals do not reach a temperature above 
300 °F by the time a satisfactory etch is obtained. This has been checked 
by having a small amount of low melting material on the specrmen sur 
face during the etching process. If extra cooling is desired, one may 
withdraw heat from the sample by cooling the external cathode ro: 
with cold air. 


EXAMPLES 
The above method has been applied successfully to alloys which ar 
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: Table I 

Etching Conditions for Several Alloys 
Without Magnetic Field With Magnetic Field (Approx. 100 Gauss) 
Power Etching 
Supply Time Pressure In 


Power Etching 
lItage ma/cm? Min Microns 


Supply 

Voltage 

15 
8 
x 


3500 
3500 
4500 : 
4000 2 10 
4500 4000 iV 
4500 4000 2 10 
4500 A 4000 : 10 
4000 4500 ; 8 


4500 
4000 
4500 
4500 


wet methods. For instance, 


ficult to etch by the more conventional 
rous specimens such as sintered compacts tend to hold liquids in the 
ids. This liquid oozes out and stains the specimen after it has been 
superficially dried. Since no liquid is used in the cathodic method, there 


is none to creep out and stain the surface. Fig. 5 shows a porous speci- 
en of AuN1 which has been cathodically etched. Alloys containing 
netals which are far apart in the electrochemical series are difficult to 
etch chemically because the more noble metal tends to redeposit upon 
the specimen surface. In cathodic etching this does not occur. Fig. 5 
lso illustrates this application. Several wet etching methods were un- 
uccessful in showing the true structure of this alloy. 

Figs. 5 through 7 shows the microstructure of different types of 
lloys as revealed by this method of cathodic etching. Table I sum- 
marizes the conditions under which specimens of various types have 
een satisfactorily etched with and without the application of a mag- 
netic field. 

SUMMARY 


vacuum cathodic etching method described here avoids the 


rhe 
within the etching cham 


problems attending poor atmosphere control 
er which were sometimes present when a commercial cathodic etching 
nit was used. As a consequence of the refinements proposed here, 
more reproducible results are obtained in less time than was previously 
required. The new features are: 

1. More vacuum-tight etching chamber 

2. Rearrangement of the electrodes 

3. Radiation cooling. 

4. Use of argon for flushing and krypton for etching. 

5. Use of magnetic field to improve etching efficiency and reduce 

etching time. 
References 


r. R. Padden and F. M. Cain, Jr., “Cathodic Vacuum Etching,” Meta 
Procress, American Society for Metals, Vol. 66, No. 1, 1954, p. 108. 





580 TRANSACTIONS OF THE ASM 


2. F. Fisher and C. E. Weber, “Cathodic Sputtering for Micro-Diffusion St 
Journal of Applied Physics, American Institute of Physics, Vol. 23 
p. 181. ; 

3. G. K. Wehner, “Sputtering of Metal Single Crystals by lon Bombardn 
Journal of Applied Physics, American Institute of Physics, Vol. 2¢ 
p. 1056, and preceding publications. 


DISCUSSION 


Written Discussion: By Per M. Carlberg (Surahammars Bruks AB, Surahar 
mar, Sweden), and Borje Lofblad (Sandvikens Jernverks AB, Sandy 
Sweden ). 

One of the difficulties with this etching method is to obtain a uniform att 
on the specimen surface. Padden and Cain and others * * expose only a part 
through a hole in the cathode holder. The current density is then easily controlled 
and the geometry of the chamber remains unchanged. The authors have inste 
chosen a solid pedestal, on which the specimen is placed. In this case, the ¢ 
of the specimen may be subjected to an intense etching. 

At the Division of Metallography, Royal Institute of Technology in Stockh 
we have made some experiments * 
of the same basic lay-out as the present one, but it was operated with a negative 
earth bridge rectifier. The cathode could be cooled externally by a cooling mixt 


\ 


with a cylindrical etching tube (Fig. 8). It 


By using a hollow pedestal and shaft, direct water cooling is also possible 
out any shielding of the cathode, the major part of the discharge concentrat 
on the pedestal and the sides of the object. As pointed out by the authors 
results in severe sputtering, and unnecessary heating of the cathode. To desi 
a suitable shield, the potential field around the cathode in a discharge-free char 
ber was studied on a two-dimensional blotting-paper model, soaked with sodiu 
chloride solution. The model electrodes were fed with a small A.C. voltage 
the equipotential lines determined with a vacuum tube voltmeter. Cut-outs in t 
paper represented insulating parts. The result is shown in Fig. 9 a-d. Shield 
the pedestal only (as used here by the authors) still leaves the sides of the spe 
men open to the discharge. Better results are obtained with cylindrical shic 
where the equipotential lines are almost parallel with the surface. In the tub: 
the best results were obtained with a glass cylinder, placed around the cat! 
and extending about 5 mm (3/16 in.) above the surface. A uniform etching 
obtained, and the cathodic dark space was flattened in agreement with the mode 
results. 

The authors are to be congratulated for the results obtained with the magnet 
field. It is a major improvement of this technique, as it reduces the current densit 
and thus the temperature of the specimen. In the Russian* production m 
OIT-1, an elaborate cathode construction is used to place the small specimen 
to diameter 30 * 2 mm) in almost direct contact with a mixture of alcohol 
dry ice. The current density is about 15 mA/cm* to give etching times comparable 
with the present ones. Is the use of krypton instead of argon of similar importance: 
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Fig. 8—Cylindrical Etching Tube. A—aluminum anode, B— 
inlets for argon, pump, and vacuum gage, athode pedestal 
of stainless 18-8-steel 
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Fig. 9—Equipotential Lines in Discharge-Free Model. a—without shield, 
' 1 


bh—shielding of pedestal only, c—cylindrical shield at level with object, d—cylin- 
drical shield, extending 20 mm (3% in.) above surface of specimen. 
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Written Discussion: By W. L. Grube, Research Staff, General Motors Cor 
tion, Detroit. 

Since the introduction of gas ion bombardment etching to the field of meta! 
lography a few years ago, it has found an ever increasing application 
preparation of specimens that are difficult to etch otherwise. The advantages of 
the method have already been adequately demonstrated not only by the present 


authors but also by Padden,° Bierlein® * and others. However, the long et 
times required and the consequent excessive heating of the specimen have 


been serious obstacles to its use. Further study of the ion bombardment etc! 


lon Beam 








Stee! 











A- Normal Incidence Etching 


lon Beam 


B- Oblique Angle Etching 


Fig. 10—Schematic of the Contours De 

veloped for Normal and Oblique Incidence 
process has, therefore, been needed and the authors are to be commended for 
serious effort to devise methods whereby etching conditions can be made 1 
favorable so that etching time can be reduced. Any new methods and novel a 
proaches which tend to make ion etching more universally applicable are certair 
most welcome, and, therefore, the comments which I have to make are not 
criticize that which has been said but rather to indicate those things which come 
to mind that have been omitted. 

Although, as the authors have indicated, etching time is substantially redu 
when a krypton atmosphere and a magnetic field are employed some heating of t 
specimen still must occur. The advisability of incorporating a method for cool 
the cathode pedestal in the presently proposed method might, therefore, be « 
sidered. Padden and Cain * and Bierlein, et al.” have suggested methods for eit 
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Fig. 11—Composite Electrodeposit Ion Etched at 
L-1631. Etching conditions: 4 Kv, 10 ma, 25 mic 
sloping portion of the nickel depx 


30 Degrees. X 750. 
1 hour. “a’”’ is the 


ntinuous or intermittent cooling that could be incorporated very easily into 

e equipment proposed by the authors. If through the combined use of krypton, 
magnetic fields, and specimen cooling the ambient temperature of the specimen 
ould be reduced well below 100 degrees Centigrade, the method might then be 
me suitable for etching quenched structures containing metastable phases. 

An advantage of ion bombardment etching, already mentioned by the authors, 
is that it may be used to etch specimens containing two or more elements which 


Although the difference in 
etching rate between the various elements or phases may not be as great with ion 


are 


are widely separated in the electrochemical series 


Consider for example, a composite electrodeposited coating consisting of suc 
essive layers of copper, nickel, and chromium with steel as a base material. A 
ss section of such a composite specimen is shown schematically at “A” in Fig. 10 
When a specimen of this type is etched chemically the rate of attack on the various 
metals is so radically different that it is nearly impossible to develop and preserve 


structure at the interfaces between the layers. Although not quite so pro 
unced, somewhat the same situation is encountered when ion bombardment 


hing is employed in the conventional manner. When the bombarding ions im- 
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Fig. 12—Ion Etched High Temperature erty 235) at Incident Angle of 30 Degr 
163 


pinge upon the surface at normal incidence, the nickel etches more rapidly than th 
chromium and the copper etches more rapidly than either the nickel or the ste« 
base. This makes it difficult to observe any of the interface structure. If, or 
other hand, the ions are made to impinge upon the surface at an angle, as show! 
at “B”, certain interfaces can be preserved due to the shading effect of the mor: 
etch-resistant metals. For the angle of attack shown, both the chromium-nickel 
and the nickel-copper boundaries can be retained. 

Control of the angle of incidence of the impinging ions cannot be accomplish 
simply by rotation of the specimen with respect to the plane of the anode. Sin 
the lines of electric force still approach the specimen surface normal'y, so wi 
the ions—or nearly so. If, however, the specimen is placed behind a screen 
grid, held at cathode potential, the ions after passing through the screen will b 
essentially, coasting in a field-free space. Since the ions do not change directior 
appreciably after passing the screen it then becomes possible to control the ang 
of incidence of the ions by simple rotation of the plane of the specimen surfa 
Fig. 11 shows a photomicrograph at x 750 of a composite electrodeposit of cop} 
nickel-chromium on steel ion etched in this manner. It can be seen that detail 





ETCHING OF METAL Y GAS 585 


i on either side of both the chromium-nickel and the nickel-copper 
he dark region in the nickel adjacer the chromium is the sloping 
kel deposit shown schematically at “B” in Fig. 10. The presence 

I I ust be exercised when inter 

etched at oblique incidence 

etched at an oblique angle 
resistant than the matrix, a 

particle. Such shaded areas aré 

be mistaken for a part 

within the matrix struc 


be kept in mind when inter 


bombardment etching 
ly 


us factors involved 
ission has been presented t 
rs can be used to enhance 
ising new metallographi 
nethod of etching the 
; } n that obtained with con 
al methods and, tl t aution must exercised in interpreting detail 
Written Discussion: By L. S. Birks, Electron Optics Branch, Optics Divisior 


D 


nt methods for study 

above room temperature 
llurgist, Hanford Labora- 

ration, General Ele 

vf etching by ion bombardment, although described in many 
and publications, has not for some unknown reason provoked 
Tl leed } bombardment approaches a 
hing method for not ly metallic specimens, but cermets and 

well 
us described by the authors, similar in many respects to apparatus 
nford in 1953 for developing the microstructure of nonradioactive 
ve materials, incorporates a magnetic field for increasing etching 
utility of the magnetic field undoubtedly stems from the fact that a 
pressure can be used during the etching. The redeposition rate of 
rial onto the specimen, an invert function of mean free path, is 
This con i nore important than a two to three 

1 etching time. In -ral, the actual etching time is small in con 
tal time associated with smbling the apparatus, obtaining the 

isting to correct krypton { utgassing and removing surfa 


t ol, removing the spe 


authors state that the static pressure in tl hamber rises when current 
h the chamber, and that the pre hould be readjusted to the initial 


umping. Unless krypton is allov nuously into the cham 
-t - 


gas atmosphere will become contaminated. Chemical reaction con- 
h the inert bombardment will occur. For example, if a continuous flow 
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of krypton is used in the etching of uranium specimens, it is possible to achieve an 
etch satisfactory for both optical and electron microscopy in a time of only 10 
minutes without the aid of a magnetic field. In cases of chemically reactive, porous 
sintered specimens the time required for a satisfactory etch may be as long as 


1 hour as a consequence of gas contamination. 

Table I of the authors’ paper. lists various etching conditions applied to par 
ticular metallic specimens. At first glance it might appear that particular values 
of applied voltage, current density, and gas pressure are required. Our experien 
indicates a relatively wide latitude in etching conditions. If the specimen area is 
small compared to the area of the cathode plate, the total current through the 
chamber is determined almost completely by the applied voltage and the ga 


pressure. It is therefore possible to etch a variety of materials under exactly idet 
tical conditions of voltage, pressure, and current density. Etching can therefore by 
applied to almost any material in a routine fashion. A low pressure, of course 
advisable for reducing redeposition. 

Written Discussion: By F. M. Cain, Jr., manager, Metallurgical Services, Nu 
clear Materials and Equipment Corporation, Apollo, Pa 

The authors center considerable attention on their reference (1) which is the 
work reported by Padden and Cain in the July 1, 1954 issue of MeTaL Procri 
In fact, one could readily conclude after reading the subject paper that the instru 
ment design and etching method of reference (1) were unsuitable for routine 
metallography and that Messrs. Newkirk and Martin had improved measurably 
on both the instrument design and the etching technique. However, when con 
paring the results reported in the subject paper with those reported in referen 
(1) there are few, if any, apparent improvements. 

As a result of their new design and technique the authors claim: to have elimi- 
nated troublesome air leaks, to have established shorter etching time, to obtain 
more reproducible results, etc. 

Air leaks were not a problem in the Padden and Cain etcher, and etching times 
for a variety of different materials were from one to three minutes without the 
use of expensive krypton or a magnetic field. Also, uranium was etched in three 
minutes as compared to 25 minutes for the new design. As for reproducible results 
the illustrative photomicrographs of typical results in the Padden and Cain paper 
speak for themselves. 

This error on the part of the authors is understandable since their reported 
work was performed with a commercial cathodic etcher designed by the Optical 
Film Engineering Company. This unit was patterned in some respects after th 
published design of Padden and Cain, but the manufacturer’s implied claim of 
similarity was entirely unjustified. 


Authors’ Reply 

Several significant refinements of the vacuum cathodic etching technique a 
contained in these stimulating comments. The evident interest in our papet 
very gratifying and we wish to thank all of the discussors for their contributions 

We are especially indebted to Messrs. Carlberg and Léfblad for pointing 
the very recent development of this technique by Spivak et al. and for describi 
their own study of the effect of electrical shielding of the specimen itself. In r« 
to their concluding question, we have found that better results in general are 
tained when krypton is used instead of argon. We owe this to the higher efficien 
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entum exchange due to the greater mass of the krypton atoms. Only a very 
<0.5 cc at one atmosphere) amount of Kr need be used per specimen so 
tra cost is relatively small. 
see no reason why additional cooling could not be provided as suggested by 
Grube, although we have not found it to be necessary for our work. His idea 
nbarding at an angle oblique to the specimen surface is intriguing and should 
useful application. A further refinement of the technique might be to bombard 
ecimen with ions of uniform energy from an ion gun. This would allow 
ntrol of the etching intensity and permit highly selective removal of sur- 


toms. 


ffer the following replies to Mr. Birks’ questions 

We have not measured the actual surface temperature during etching. 

However, we know it does not rise above 232°C (450°F) because a 

small piece of tin resting on the specimen surface during bombardment 

does not melt. A pellet of Wood’s metal, | vever, does melt. Therefore. 

the surface temperature probably exceeds 70°C (158 °F). 

Specimen heating seems to be less with this etching method than with 

other ionic bombardment techniques we have tried. It follows, therefore, 
method we describe should be more suitable for etching speci 

mens whose microstructure would be altered by a temperature rise of 


more than a hundred or so degrees 


Bierlein has properly emphasized the importance of minimizing the re- 


sition of sputtered material upon the specimen surface by etching at the 
est possible gas pressure. Since this phenomenon is discussed in our references 


nd (3) we did not elaborate upon it. We feel that the magnetic field provides 


I 


significant improvements 


1. In the presence of the field the glow can be maintained at a lower gas 


pressure and redeposition is, th 


2. Ionization efficiency is improve ue to the helical motion of electrons 
as they travel from cathode to anode. A larger proportion of the current 
is, therefore, carried by work is instead of electrons. The result is 
less heating for a given amount of surface metal removed 
reductions of temperature and redeposition are more important 
a saving of time. However, if many specimens are to be etched 
saving could also become significant. The procedure steps listed by 
lein need not be lengthy. If the apparatus is kept evacuated the chamber itself 
t be outgassed each time. Inserting and removing the specimen requires 
a few seconds: the pressure in the chamber of our apparatus reaches 30 mi 
ns after three and a half minutes pumping at which time the chamber is flushed 
argon or krypton and is then pumped in three more minutes to about 20 
ons operating pressure; since the specimen is not appreciably heated we need 
wait for it to cool; the chamber needs to be cleaned only rarely. 
\ continuous flow system is no doubt satisfactory if the atmosphere is con 
lled properly during etching. We prefer the static atmosphere method because 
t gives satisfactory results with less tinkering 
We regret that Mr. Cain has read into the paper a criticism of his design which 
have not expressed. Our second paragraph specifically states that our criticism 
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is of a commercial cathodic etching unit which we tested. The Padden and 
apparatus is evidently similar in many respects to this commercial unit a 
fact is specifically cited by the manufacturer in his sales literature. As 
scientific endeavor our work does not necessarily negate but rather extend 
work of previous authors. We maintain that our electrode arrangement ar 
use of a magnetic field are distinct improvements upon the commercial unit 
well as upon the Padden and Cain apparatus. 





THE RELATION BETWEEN CONSTITUTION AND 
ULTIMATE GRAIN SIZE IN ALUMINUM—1.25% 
MANGANESE ALLOY 3003 


3y Puivip R. SPErRRY 


Abstract 


The ultimate grain size of annealed 3003 aluminum alloy 
sheet rolled from semi-continuous direct chill cast ingot ts 
ffected by the application or omission of an initial thermal 
treatment of the ingot for reasons which had not hitherto 
heen explained. Comparison of sheet from ingot which had 
previously been homogenized and that 
showed that tn the latter there could be 
tween a fine, highly concentrated pre 
normal recrystallization behavior which led to a coarse grain 
structure. A further experiment in which other external 
variabl eliminated confirmed that the fine precipitate 
was responsible for the coarse grain size. The precipitate 
aused an extension of the recrystallization temperature 
range and strengthened the alloy. Solid solution differences 
were minor and without substantial effect on grain size. 
ASM International Classification 1127c, N5; Al, 4-3) 


which had not, 
> a correlation be- 
ipitate and an ab- 


INTRODUCTION 


Hie GRAIN SIZE of annealed sheet of the aluminum alloy con 
taining 1.25¢ 


g 1.25% manganese (3003) is dis 
history of the 


° 1 
tinct. 


tinctly related to the prior 


luced by the semi 


material. If ingot 
ee lirect chill 4] ee See 8 otiaieniaa = 
nuous direct chill method is given a high temperature homogeniza 


prod 


eating, known as a “preheat,” before hot rolling, it is not difficult 


tain a fine grain size with normal production control. Omission 
the homogenization treatment leads to an undesirably coarse ulti 
grain size. It was considered important to the fundamental under 
] 

i 


ling of grain size control to investigate manner in which the 


itution of the alloy was related to grain size 
s generally acknowledged that additions « 
stallization temperature of aluminum 
when relatively small amounts 


if manganese raise the 
and favor a coarse grain 
are exceeded (1). Marchand (2) 
hown both of these effects in high purity alloys and suggested that 
led to this paper. 

iper presented before the Thirty-Ninth Annual Convention of the Society, 
Chicago, November 4-8, 1957. The author, Philip R. Sperry, is researc! 
tallurgist, Dept. of Metallurgical Research, Kaiser Aluminum and Chemical 
ration, Spokane, Washington. Manuscript received April 15, 1957 
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the manganese content of the solid solution should be kept to less thar 
0.30 to 0.40% in the commercial 1.25% alloy for minimum grain siz. 
Marchand pointed out the need of thermal treatment before rolling 
inferring that it produced the desired solid solution composition. Rosen 
kranz (3), referring to a commercial 1.5% manganese alloy, linked 
the restraint of recrystallization by the omission of the preheating 
treatment to the absence of equilibrium, indicating that a supersatu 
rated solid solution existed in this instance. Hug (4), in a study of ; 
similar alloy (Aluman), concluded that a high temperature homog 
enization treatment of the ingot was indispensable to a fine grain siz 
Hug did not attempt to give reasons for this behavior, but he presented 
data showing that unhomogenized material not only recrystallized at 
higher temperatures but that it had higher strength in the annealed 
condition. The fact that coarse grain size is associated with higher r 
crystallization temperatures and higher strength is suggestive of a solid 
solution effect. However, a tendency has been noted for aluminum al 
loys containing manganese to precipitate a constituent at fairly higl 
temperatures, and a relationship between this so-called “fine dispersoid” 
and the inhibition of recrystallization had been proposed (14,15) 

Some means had to be found to distinguish between the effects of 
the constitutional factors, solid solution and precipitate, and to contro! 
the many external variables in deformation and annealing practices 
which also influence grain size. This was accomplished by two ap 
proaches : (a) a detailed step-by-step comparison throughout simulated 
normal processing from ingot to sheet of homogenized and unhomog 
enized material; (b) a comparison of various combinations of solid 
solution and precipitate concentration, keeping initial grain size 
amount of cold reduction constant. By these two methods, it was esta! 
lished that the precipitate was responsible for the increased strengt! 
recrystallization temperature and grain size in unhomogenized mat 
rial. 

COMPARISON WITH NORMAL PROCESSING 
Procedure 

Two blocks were cut from a location midway between the surfac 
and central planes of a direct chill 3003 aluminum alloy sheet 1 
with the following chemical analysis : 


Mn Fe Si Cu Mg Zn l 
Weight % 1.14 0.57 0.18 0.12 0.01 0.0: 0.01 


The processing of the blocks is included as part of Table I. The hom 
enizing heat treatment at 1130°F (610°C) was preceded by a s 
heating and followed by slow cooling to 1000°F (540°C). The 
homogenized material was heated directly to the latter temperatur« 
which both were held 4 hours before rolling. The simulated coil ann 
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Table I 


Hardness* Changes During Processing from Ingot 
to Annealed Sheet 
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rial at all stages. There is a nsistently greater hardness 
being somewhat greater in 


side of the samples, the differenc: 

mogenized material. The hardness 

and unhomogenized material are sistent with the tensile 

ngth differences reported by Hug y, Aluman (4). Ten 

test values from some additional 13 sheet are listed i: 
Il, and give further conf ion to the servations 


ferences between homog- 


Table Il 
Some Properties of Annealed 3003 Sheet from Unhomogenized and 
omogenized Direct Chill Ingot 
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Table III 
Solid Solution Composition as Affected by Prior Treatment 


Resistivity Equivalent M 
(microhm-cm content of 
Treatment at 20°C) solution (% 
1130 °F (610°C) for 10 hours plus 1000 °F (540 °C) for 
4 hours 4. 
1000 ° F (540 °C) for 4 hours 4 
1130 °F (610 °C) for 10 hours plus 1000 ° F (540 °C) for 
26 hours 4.32 
1000 °F (540 °C) for 26 hours 4.38 
Same as No. 1H, hot-roiled from 14 in. square to % 
inch round 4.19 
Same as No. 1U, hot-rolled same as No. 3H 4.00 


5 
54 


Microstructure and Constitution 


Upon heating of alloy 3003 ingot to the initial hot rolling temp: 
ature, with or without a homogenization heat treatment, a fine pre 
tate appeared in the microstructure. The precipitate was most heavi 
concentrated in the primary aluminum dendrites. The secondary 
minum associated with the eutectic structure in the dendrite intersti 
remained relatively clear. The precipitate particles in the unhomog: 
nized material were much finer and more densely concentrated than it 
the homogenized material. In Fig. 7, Sample No. 2 shows an ing 
heated at 1000°F (540 °C) following a preheat at 1130 °F (610° 
while Sample No. 6 shows one heated at 1000°F (540°C) with 
the preheat. A heavy etch has intensified the precipitate by exaggerat 
ing the particle sizes, but the differences are typical. These differet 
in precipitate density were maintained throughout the subsequent nor 
mal processing, and they are typified by the final annealed sheet 
Samples Nos. 2 and 6 in Fig. 8. It is difficult to compare the 
volume of precipitated phase directly, but it is certain that the lac! 
homogenization resulted in a significantly greater total number 
precipitate particles. 

The composition of the solid solution was assessed by mean 
electrical resistivity measurements, using Marchand’s data for esti 
ing the manganese content (2). The treatments employed, the resist 
ity, and the equivalent manganese content of the solid solutions 
given in Table III. The mean composition of the solid solution just pr 
to hot rolling was the same regardless of whether or not a homoge 
tion heat treatment had been used (Nos. 1H and 1U). A stable « 
tion was not attained in four hours at 1000 °F (540°C), as show: 
the fact that the solid solution content had further decreased with « 
tinued heating up to 26 hours (Nos. 2H and 2U). Hot working 
celerated the breakdown of the solid solution to a greater extent 
unhomogenized than in homogenized material (Nos. 3H and 3| 
Table Il shows that a relationship similar to that in hot-rolled mate: 
exists in annealed sheet. 

Referring back to the hardness and strength differences previou 
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tioned, it seems that the high hardness of the unhomogenized 3003 
it all stages of processing must be attributed to the fine, densely 
ntrated precipitate. The hardening effect is probably due to the 
scopically visible dispersion and not to any submicroscopic phe- 
na such as are associated with alloys of the precipitation hardening 
On the other hand, the as-cast ingot obtained its hardness from 
igh manganese content of the solid solution matrix. Since the 
genized sample had its solid solution content reduced as much as 
nhomogenized, the precipitate in the former must have had a minor 
ning effect. 
ther feature of the alloy constitution which had a bearing on the 

ntial quantity of precipitate was the relative proportion of the twe 
etallic phases (Mn,Fe)Alg and aAl( Mn,Fe)Si in the interden- 
regions. In a previous publication (5), the author had shown that 
incipal constituent in direct chill cast 3003 alloy ingot is (Mn 
‘lg, which forms as a binary eutectic. Slower rates of cooling than 


se which normally apply for direct chill ingot allow two additional 


lification reactions to proceed to a much greater extent. These are 


Peritectic Liquid + (Mn,Fe) Alg—aAl( Mn,Fe)Si + AI solid 
solution. 
utectic Liquid—aAl(Mn,Fe)Si + AI solid solution. 
sequent heating of the solidified alloy leads to a continuation of the 


ritectic reaction to obtain the equilibri proportions of the twe 
etallic constituents as demanded by the phase diagram. The 
reactant, of course, is replaced by the aluminum solid solutior 

h is in contact with (Mn,Fe) Al, 

order to compare the extent to which equilibrium was restored to 
lirect chill ingot just prior to hot rolling, a microscopic lineal 
sis was made of three samples—as-cast, unhomogenized and 


genized. The latter two samples were held for four hours at 
1. Measurements were made of only 


F (540°C) and quenche 
particles which were in the dendrite interstices and, therefore, 
ginally been in the cast structure. The volume fractions of each 

it were taken as the ratio of total intercepts for that con 
nt to the total traverse. The volume fractions were converted to 
rht fractions with the aid of published density values (8,11). The 
ilated by published 

position data (6,7,8,9,10), using values of 4% Mn + Fe for 
[In,Fe) Ale, and 25.5% Mn- Fe and 5.5 Si for aAl( Mn,.Fe) Si 
results are given in Table IV. The manganese and silicon available 


Cl 
S 


ntity of alloying element in each phase was cal 
? 


e aluminum matrix were calculated by the difference between the 
| composition and the quantities of all ying elements tied up in 
ntermetallic phases. The aluminum matrix includes the solid solu- 


and the fine precipitate 
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Table IV 
Distribution of Alloying Element Computed 
from Lineal Analysis 


As-cast Unhomogenized Homoge 


No. particles intercepted in 6 mm. 134 137 
Average particle diameter (microns) 
(Mn, Fe) Ale 1.4 1.2 
aAl(Mn, Fe)Si 1.0 1.4 
Weight % of constituent (computed 
from volume %) 
(Mn, Fe) Als 3.39 2.06 
aAl(Mn, Fe)Si 0.45 
Calculated composition (weight %) 
Total Mn + Fe in alloy 1.71 71 
Mn +Fe in (Mn, Fe)Als 
Mn +Fe in aAl(Mn, Fe)Si 
Total Mn +Fe in constituents 0.97 1.01 1.1 


Balance-Mn available in Al matrix* 0.74 0.70 0.59 
Total Si in alloy 0.18 0.18 0.18 
Si in aAl(Mn, Fe)Si 0.02 0.10 0.1 


Balance-Si available in Al matrix 0.16 0.08 0.01 


*The solubility of iron in aluminum is so low that it can be assumed that it is all associated wit 
the intermetallic phases. 


Admittedly, the calculated composition values in Table IV are onl 

a first approximation because of much uncertainty about the data or 
which they were based. However, the relative values were significant 
Homogenization caused most of the silicon in solid solution to react 
with eutectic (Mn,Fe)Alg to form aAl(Mn,Fe)Si. The manganes: 
content of the matrix was simultaneously reduced. Lack of homogeni 
zation left a greater proportion of manganese and silicon in the matrix 
If the estimated percentage of manganese in solid solution (Table II! 
Nos. 1H and 1U) is subtracted from the total manganese available in 
the matrix (Table IV), one arrives at a figure of 0.70-0.54 = 0.16% 
manganese tied up as precipitate in unhomogenized material as against 
0.59-0.54 = 0.05% in homogenized material. Thus it is indicated that 
there is a much greater total volume of fine precipitate in unhomog: 
nized than in homogenized material even before hot rolling commences 
This relationship would continue as the solid solution decomposed fur 
ther during hot rolling and annealing, since it was found that lack of 
homogenization accelerated the decomposition. 


Recrystallization Behavior and Grain Size 

Table V gives a qualitative description of recrystallization and g! 
size differences between homogenized and unhomogenized mater! 
through part of its processing. The differences between the sides o! 
the starting block corresponding to the ingot chill face and the ingot 
interior are also included. Unhomogenized material showed great 
luctance to recrystallize, especially at the chill side of the ingot, recr) 
tallized grains were coarse and elongated after the intermediate ann 
at 0.130 inches, and recrystallization was not complete. Homogenized 
material began to recrystallize at an early stage of hot rolling and | 
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Table \ 
Extent of Recrystallization and Relative Grain Sizes 
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Coad Ri lhe 1 0.130 Inch Sheet from Homogenized Ingot ne ated for 2 He 
°F (290 °C) and (b) 600 °F (315 °C), Showing Normal Recrystall 
l, erennad polarizers, sensitive tint Sections parallel to sheet surface 


Fig. 3—Cold-Rolled 0.130 Inch Sheet from Unhomogenized Ingot, Chill Surfa 

for 2 Hours at (a) 675 °F (355 °C) and (b) 750 °F (400 °C). Note the « 

fine and coarse grains. Anodized, crossed polarizers, sensitive tint. Sections 
‘sheet surface. X 100. 
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ther Area of Same Specimen as Fig. 3a, re Recrystallization Was Not 
Fine recrystallized grains are nee 1 in bands which comprise 
interstices. Dark grain in lower rigt i ju Starting to coarsen 


Anodized, crossed polarizers, set 


400 °C) on the side corresponding to the ingot chill surface. This con 
rms the higher recrystallization temperature for unhomogenized 
hb 


luminum-manganese alloy as reported by Hug (4). 

Microscopic examination of the hardness test specimens revealed a 
lifference in the mode of recrystallization which is illustrated by Figs. 
2a and 2b and 3a and 3b. In homogenized material, recrystallization 
vas conventional, showing gradual appearance and growth of new 

ns until deformed crystals had entirely disappeared. In unhomog- 

ized material, numerous fine recrystallized grains formed at early 
tages of recrystallization, but relatively few of these new grains grew 

d these attained considerable size. A duplex structure existed when 

rystallization was just complete, and the effect of further annealing 
vas to absorb many of the remaining fine grains. The fine grains which 
ppeared initially were found most frequently within bands coinciding 
ith the original dendrite interstices where precipitation was rela- 
vely light (see Fig. 4). 

lhe recrystallization behavior of cold rolled 0.040-inch material was 
nvestigated by heating samples at 75 °F (42 °C) per hour and quench- 
g them from various temperatures. This heating cycle was representa- 

e of a batch coil annealing practice. Fig. 5 shows that the recrystal- 
zation relationships with this type of heating were similar in form to 
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Fig. 5—Hardness versus Temperature Curves for 0.040 
Inch Cold-Rolled Sheet Heated at 75 °F (42 °C) per Hour 


Table VI 
Grain Size Estimates in Longitudinal Sections 
of 0.040 Inch Sheet 


Grains /sq 
l annealed at 775 °F (410 °C) for 6 hours 
Unhomogenized—chill side 
inner side 
Homogenized both sides 
Rapidly heated in salt bath 
775 °F (410 °C) for either 15 min. or 24 hours 
Unhomogenized—chill side 
inner side 1780 
Homogenized both sides 5620 
930 °F (500 °C) for 70 hours 
Unhomogenized—chill side 1330 
inner side 2370 
Homogenized both sides 4220 


*Successive grain size values are related to each other by a constant ratio of 1.333 


those with isochronal heating (Fig. 1). The microstructural evolutiot 
of recrystallization was also the same as that described for the 0.130 
inch material. The final grain sizes and shapes are pictured in Figs. ¢ 
and 6b. 

Table VI lists some grain sizes and shapes estimated by the Kostror 
method (12) on slowly and rapidly heated 0.040-inch sheet. These fig 
ures demonstrate the well-known grain refining effect of high rates 
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6—Longitudinal Cross Sections of 4 nek Annealed Sheet from (a) Un 
genized and (b) Homogenized Ingot. The original chill surface of the ingot lies t 


ft each sectior Ar lized. cross nolarizers 


iting in 3003 aluminum alloy, and also show that the amount of grain 
rowth which follows recrystallization is negligible. It is clear that 


rser grain sizes tend toward greater flattening of the grain shape 


Significance of Result 

[he foregoing experimental results have revealed that there are con 
itutional differences accompanied by differences in recrystallization 
ivior between 3003 alloy sheet rolled from homogenized and un- 
igenized ingot. Contrary to expectations, the unhomogenized ma 
| retains less manganese in solid solution after hot rolling and an 
ling operations than the homogenized, and the difference does not 
ppear to be great enough to explain the abnormality in recrystalliza 
behavior and grain size. It seems more likely that the explanation 
ght lie in the heavily concentrated fine precipitate in the unhomoge 

1 material. 
[he comparisons of recrystallization behavior of the 0.130 inch and 
10 inch sheet were of such a nature that the constitutional factors 
ld not be evaluated without some question as to the auxiliary effects 
ior amount of cold work and prior grain size. Hence, another ex 
ent was conducted to compare several different combinations of 


| solution composition and precipitate distribution for their effects 


the recrystallization process, eliminating all other processing var 
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res ie i Table VII 

Solid Solution Composition and Hardness before Rolling and 
after Rolling and Annealing at 800°F (425°C) for One Hour 

As- HT HT HT HT HT HT 

Cast No. 1 No. 2 No. 3 No. 4 No. 5 No. 6 





Resistivity 
(microhm-cm, at 20°C) 
Before rolling 5.9 : 4.41 
After annealing . , 4.00 


Equivalent Mn content 
of solid solution(%) 
Before rolling 
After annealing 


Rockwell H Hardness 
Before rolling 
After annealing 


Errects OF SoLip SOLUTION AND PRECIPITAT! 
RECRYSTALLIZATION 
Procedure 

Seven blocks, 1.4 inches thick, were cut from the central portion oi 
direct chill cast 3003 aluminum alloy sheet ingot having the followin; 
chemical analysis : 

Mn Fe Si Cu Mg Zn 

Weight % 1.18 0.64 0.20 0.16 0.01 0.01 
Each block was given a different initial heat treatment as follows 

HT No. 1 Heated at 1130°F (610°C) for 16 hours, water-quenched 

HT No. 2. Heated at 1130 °F (610°C) for 16 hours, cooled at 100 °F (55° 


per hour to 1000 °F (540°C), held 4 hours, water-quenched 
No. 3 Same as HT No. 2 but held 24 hours at 1000 °F (540 °C) 


HT 

HT No. 4 Heated at 1130°F (610°C) for 16 hours, water-quenched 
heated at 1000 °F (540°C) for 4 hours, water-quenched 

HT No. 5 Same as HT No. 4 but held 24 hours at 1000 °F (540 °C) 

HT No. 6 Heated at 1000°F (540°C) for 4 hours, water-quenched 

HT No. 7 Same as HT No. 6 but held 2 hours at 1000 °F (540 °C) 


A duplicate set of samples was prepared for resistivity measurements 

Each heat treated block was cold rolled in one rolling direction to 
thickness of 0.070 inches, a 95% reduction. Samples of the cold-roll 
sheet were heated to various temperatures and quenched. Two method 
of heating were used: 

Method A—One hour heating in a small electric muffle furnace (| 
to ten minutes to reach temperature ). 

Method B—Heating in a circulating air furnace at 75 °F (42 °C 
hour. 

A duplicate set of rolled strips for resistivity measurements was a! 
nealed in an air furnace at 800 °F (425 °C) for 1 hour and air-coole 


Hardness, Microstructure, and Constitution 
The hardness test results, electrical resistivities and equivalent mat 
ganese contents of the aluminum solid solutions are listed in Table V! 
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ese data cover heat treated ingot blocks before rolling and the same 
iterials after cold rolling 95% and annealing at 800 °F (425 °C) for 
hour. 

[he hardness and solid solution composition variations were consis 
nt with the previous findings. Before rolling, the highest hardness was 
btained in those materials which did not receive any treatment at 
130 °F (610°C), HT Nos. 6 and 7. The solid solution composition 
f HT No. 6 was just about identical with those of HT Nos. 2 and 4, 

hree of which had been heated 4 hours at 1000°F (540°C). The 
me was true for HT Nos. 3, 5, and 7 which had been held 24 hours 
t 1000 °F (540 °C). Therefore, the higher hardness of HT Nos. 6 and 
was unquestionably due to the precipitate. The strengthening effect 

the precipitate in the other five materials was very minor and the 
lid solution composition differences became predominant. Thus, HT 
No. 1 had the highest hardness of the group which had been heated at 
1130°F (610°C). The as-cast material, which is included for com 
parison, illustrates the supersaturation of the solid solution which is 
iracteristic of aluminum-manganese alloys with cooling rates repre 
ntative of production practice. 
\fter rolling and annealing, most of the hardness values showed 
little change. This was rather surprising because of the relatively large 
hange in solid solution composition, especially in HT No. 1. It can be 
oncluded that the strengthening effect of the precipitate dispersion 

rmed during the final anneal compensated for the loss in hardness 
lue to depletion of the solid solution. Grain refinement also may have 
aused some increase in hardness. HT Nos. 6 and 7 apparently had 
assed beyond the optimum combination of solid solution composition 
nd precipitate distribution and were softened somewhat. 

[he precipitate distributions before and after rolling can be com 
red by the photomicrographs, Figs. 7 and 8. As expected, HT Nos. 6 
id 7 displayed the greatest concentrations of precipitate, but the pre 
ipitate density—1.e., the number of particles per unit volume—-was 

lower in HT No. 7 because of coalescence achieved during the 24-hour 
heating at 1000°F (540°C). Of the other five samples, HT No. 1 
had the least precipitate before rolling and the most after annealing, 
vhich lends support to the interpretation of the hardness data. The 
mogenizing heat treatment at 1130 °F (610°C) which the first five 
mples received did not permit a precipitate density as great as that in 
the last two. 
Recrystallization Behavior and Grain Size 

Che recrystallization curves obtained by hardness measurements 
nd the grain sizes after heating to 800°F (425°C) by Methods A 
nd B were almost identical for a given preheat treatment. Although 


his was contrary to expectations, in view of the normal sensitivity of 
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Relat.ve Precipitate Concentrations of Ingot After Initial Heat Treatments, H1 
* No. 7. 4‘ 5) 


No. lto HT N 


© HF etch, 1 minute. x 25 
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Fig. 9—-Hardness versus Temperature Curves for 3003 Alloy with Seven Dif 


ferent Initial Heat Treatments After Cold Rolling 95% and Heating for 1 Hour 
& g 


3003 aluminum alloy to heating rate, the discrepancy was assumed 1 
be due to the unusual experimental conditions—i.e., omission of hot 
rolling and intermediate anneals. At any rate, only the results 
Method A are presented herein. 

Fig. 9 shows the recrystallization curves based on hardness test r 
sults. HT Nos. 2, 3, 4, and 5 formed a group whose recrystallizati 
temperatures varied within a range of 25 °F. The curve for HT No 
was displaced toward higher temperatures and higher hardnesses du 
to the higher initial solid solution content. The curves of HT Nos. ¢ 
and 7, however, were of a totally different type. At the beginning stages 
of recrystallization, they showed softening similar to that of HT Nos. 2 
3, 4, and 5, but the rate of softening did not increase appreciably unt 
much higher temperatures were reached. The end points of recrystal 
lization were indistinct, and that for HT No. 6 was indicated to be at : 
higher temperature than that for HT No. 1. In view of the fact tl 
the initial solid solution compositions of HT Nos. 2, 4, and 6 and 
HT Nos. 3, 5, and 7 were about the same, it was confirmed that t! 
precipitate concentration was the factor causing the abnormal recryst 
lization in the case of HT Nos. 6 and 7. 

Microscopic checks of numerous samples within the recrystallizat 
range showed that the recrystallization process in HT Nos. 1, 2, 3, 
and 5 was similar to that of 3003 aluminum alloy sheet normally pri 
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ssed from homogenized ingot. The recrystallization process in H1 
6 and 7 was similar to that of unhomogenized 3003 aluminum 
Small recrystallized grains were detected at temperatures below 


F (315°C), but they did not increase greatly in number or size 
3 


til 650 °F (345°C) was exceeded in HT No. 6 or 625 °F (330 C°) 
HT No. 7. Then, coarse grains began to form in the manner pre 
usly described. The fundamental differences in the temperature de 
lence of recrystallization at its early stages are illustrated semi 
ntitatively by Fig. 10. The solid solution effect, shown by HT Nos 
2, and 1, is to displace the curves in the direction of the temperature 
rdinate. The preciy itate effect, shown by HT Nos. 6 and 7, is to 
tend the temperature range over which only the mere beginnings of 
stallization are observable. These characteristics were just as ap 
ble for the continuous 75°F (42°C) per hour heating as they 
for the isochronal heating illustrated by Fig. 10. 
he relative grain sizes of the samples heated to 800 °F (425 °C) for 
ur are shown by Fig. 11. A considerable variation in any given 
ple could be traced to the original cast grains. These variations 
de grain size measurements rather meaningless. However, the grain 
es of all samples except HT No. 6 fell within a similar order of 
gnitude while HT No. 6 was eminently coarser. The grains of HT 
s. 1 to 5 had fairly smooth boundaries and a normal distribution of 
es while those of HT Nos. 6 and 7 had very irregular boundaries 
| consisted of mixed fine and coarse sizes, similar to Fig. 3b. 
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Fig. 11—Relative Grain Sizes and Shapes in Longitudinal Cross Sections 
Annealed for 1 Hour at 800 °F (425 °C) After Cold Rolling from I: $v 
Different Heat Treatments. Anodized, crossed polarizers 


DISCUSSION 

The foregoing evidence indicates that when 3003 aluminum all 
ingot receives a suitable homogenizing heat treatment it recrystalliz 
and achieves a degree of grain refinement consistent with what can | 
considered as “normal.’”” When the homogenization treatment is omitt 
an abnormality in the recrystallization process is encountered. Th 
discussion concerns the possible cause of this abnormality. 

The solid solution composition differences, although affecting th 
recrystallization temperature range, have been eliminated as the cau 
of the coarse grain size. The tendency to form large recrystallized grait 
in unhomogenized material exists over a wide range of solid soluti 
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ositions. The same wide range of compositions is encountered in 
wenized materials without the corresponding formation of coarse 
stallized grains. The evidence points to the second phase disper- 
as being responsible for an abnormal recrystallization behavior 
1 concomitant large grain size. 
1 considering the second phase distribution, one must distinguish 
veen the larger particles which are already present in the cast struc 
ire and the finer particles which precipitate from solid solution during 
bsequent heating. The former are common to homogenized and un 
mogenized material. Table IV shows that their number remains 
sentially constant, but that the aAl( Mn,Fe)Si particles increase in 
size as they replace (Mn,Fe)Alg. Constituent particles of this magni 
are known to restrain normal grain growth by blocking the move- 
ent of grain boundaries (13). This undoubtedly accounts for the 
of grain growth following recrystallization. It is probably also a 
r in the refinement of recrystallized grains in commercial purity 
inum as compared with high purity aluminum. In the case of 
homogenized 3003 alloy, the refining effect of these larger particles 
parently counteracted by some other influence. 
The evidence that a fine, heavily concentrated precipitate can inhibit 
rystallization offers a possible explanation of the grain coarsening 
nomenon. It was shown in Fig. 10 that this inhibition does not act 
the same sense that a high content of manganese in solid solution 
es. The precipitate apparently does not prevent the initial formation 
lei at temperatures which are characteristic for the beginning of 
stallization in a precipitate-free alloy with an equivalent solid 
on composition. As the temperature is increased, however, these 
| nuclei fail to grow at a normal rate. It could not be determined 


the rate of nucleation was affected, but it appeared that there was 
. 


erential nucleation in zones which were deficient in precipitate. At 
higher temperatures where growth did begin, it was very selective 
curred at a rapid rate. It is this selective growth which is re- 
nsible for the large recrystallized grains. In turn, it is the precipitate 
h obstructs normal growth of nuclei and creates a sort of “dis 
tinuous recrystallization,”” somewhat analogous to “discontinuous 
1 growth” where normal growth is inhibited by a second phase dis 
rsion (13). 
[he precipitate in unhomogenized 3003 must have some character 
to distinguish it from most other precipitates which do not affect 
recrystallization in such a distinct manner. This uniqueness is probably 
stability at temperatures within the hot rolling and annealing range 
hereas other precipitates might be in the process of dissolving or 
lescing in this temperature range the manganese precipitate con- 
ues to form and has extremely little tendency to coalesce. Three fac 
influence this behavior: 
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The tendency of manganese to saturate or even supersatur; 
the solid solution during solidification. 

The low solubility of manganese at the temperatures con 
cerned, especially with iron and silicon impurities present 
The extreme sluggishness of manganese due to its low rat 
diffusion in aluminum. 


It is very likely that there is a critical maximum particle size or mini 
mum concentration which must exist before the inhibition of recrystalli 
zation becomes observable. . 

It is of interest to note the work of Gregory and Smith (16) o1 
internally oxidized silver alloy single crystals. These authors found that 
the recrystallization temperature was definitely raised by the presenc: 
of a finely dispersed oxide. Some of the fundamental aspects of th 
inhibition of recrystallization by a dispersion of fine particles might well 
be studied in alloys of the type used by Gregory and Smith. 

It was observed consistently that the solid solution decomposed to a 
greater extent in unhomogenized than in homogenized 3003 alloy (se« 
Tables II, III, and VII). This fact seems at variance with the supposi 
tion that equilibrium is less readily obtained in unhomogenized materia! 
and, therefore, the solid solution should be more, rather than less satu 
rated. The explanation for this anomaly may rest with the resid) 
silicon content of the matrix, as indicated by Table IV. The equilibrium 
diagram for the aluminum-manganese-silicon system (9) shows that 
small silicon contents produce a marked decrease in solid solubility o! 
manganese. Assuming that the actual matrix composition, and not th 
overall alloy composition, governs the solid solution of a major portiot 
of the alloy at temperatures in the hot working and annealing range, it 
is conceivable that small differences in residual silicon can have a sig 
nificant effect. This factor can likewise explain the fact that ingots su 
as those produced by the tilt mold process do not particularly requir 
a high temperature homogenization heat treatment for grain size cot 
trol (4). Tilt mold ingots are solidified more slowly and show a muc! 
larger proportion of aAl( Mn,Fe)Si to (Mn,Fe) Alg in the cast stru 
ture. This signifies that much of the silicon has already been withdraw 
from the matrix. Lesser differences in solidification rate from sur! 
to center of direct chill ingots also seem to be reflected in the differenc« 
in hardness, recrystallization temperature, and grain size shown 
Tables I, V, and VI and in Fig. 1. 


1 


CONCLUSIONS 
The major microstructural difference between wrought prod 
from 3003 aluminum alloy ingot which has or has not been given 
high temperature homogenization heat treatment lies in the great 
quantity of fine precipitate particles in the latter. This high concentr 
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of constituent particles leads to a modification of the normal re 


rystallization process in a manner which favors the formation of coarse 


recrystallized grains. The grain size in either case is a function of the 
ecrystallization process only, subsequent grain growth being negli- 
gible. The highly concentrated precipitate imparts slightly higher 
trength, in addition to its effect on recrystallization behavior and grain 


r¢ 
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DISCUSSION 


Written Discussion: By E. C. W. Perryman, Head, Research Metallurgy 
\tomic Energy of Canada Limited, Chalk River Project, Chalk River, Ontario 

First I would like to congratulate the author in attempting to solve a very diffi 
cult problem, namely that of the effect of a second phase on the recrystallization 
process. The most interesting result from the author’s work is that recrystalliza 
tion of the homogenized alloy leads to a fine equiaxed grain structure while un 
homogenized material gives a coarse grain size, see Fig. 3a and 3b, which is 
similar to that produced by discontinuous grain growth. This difference was mucl 
more apparent with the 0.130 inch sheet than with the 0.070 inch sheet whic! 
had been rolled to 95% reduction. Since the hardness of the former was less than 
that of the latter in the as-rolled condition, it would appear that increasing 
amounts of cold work may be decreasing the grain size differences betweer 
homogenized and unhomogenized material after recrystallization. These results 
are quite similar to the results G. Marchand and myself obtained a few years ag 
in aluminum—5% magnesium alloys. In this work it was found that secondary 
recrystallization occurred in the commercial alloy (5% Mg, 0.25% Fe, 0.13% Si 
0.27% Mn) but that this was very dependent on the amount of cold work and or 
the annealing temperature and annealing time, see Fig. 12. Subsequent work 
showed that this phenomenon was associated with the manganese content. For a 
given annealing temperature and amount of cold work, secondary recrystallizatior 
was found to increase with manganese content up to a certain level and the: 
decrease with further increase in manganese. Similar effects could also be pr 
duced by a chromium addition, the only difference being that smaller amounts of 
chromium were necessary to produce the same effects. These effects of manganest 
and chromium are illustrated for a 5% Mg, 0.1% Fe, 0.1% Si alloy in Fig 
Electrical resistivity and metallographic examination showed that durin 


crystallization a manganese or chromium-rich phase was being precipitated ar 
that this was responsible for the discontinuous grain growth. This was confirm: 
by preheating to precipitate the second phase followed by cold rolling and annea 
ing. In this case, it was found that preheating prevented the formation of lar 

secondary grains, see Fig. 13. It would seem, therefore, that discontinuous grai 


growth can be produced if the rate of precipitation of a second phase is of the 
correct magnitude just as it can be if the rate of solution of a second phas 
correct. 

The results given by the author in Table VII show that precipitation of 
manganese-rich phase is occurring during annealing at 425°C (795°F) and t 
there is more precipitate being formed in unit annealing time with unhomogeniz: 
material than with homogenized material, cf HT No. 4, 5, 6 and 7 in Table \ 

[ would suggest, therefore, that in homogenized material the precipitate is 
being produced sufficiently fast to produce discontinuous grain growth. If this ex 
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Fig. 13—60% Cold Work—Annealed 18 Hours at 975 °F. 


The fact that precipitation is taking place during annealing may also serve t 
explain the apparent difference in the rate of recrystallization between homog 
enized and unhomogenized material in the early stages as shown in Fig 10 of th 
author’s paper. It is difficult to see why a precipitate which is being formed at th 
same time as new recrystallized grains should influence the rate of nucleatio 
However, it will decrease the rate of growth of these new grains and so show 1 
the recrystallization process. 

Written Discussion: By Gilles Marchand, Physical Metallurgy Divisi 
Aluminum Laboratories Ltd., Kingston, Ontario, Canada. 
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temperatures required for recrystallization of unhomogenized sheet and the a 
companying higher mechanical properties. 

Mr. Sperry is to be congratulated on a very worthwhile paper. It would be 
worthwhile to further determine the effects of the actual particle size of the con- 
stituent or dispersoid upon the recrystallization behavior of the alloy. 

Written Discussion: By D. N. Williams, Battelle Memorial Institute, Columbus, 
Ohio. 

This is the second paper which Mr. Sperry has published describing his very 
interesting studies of the metallurgical reactions occurring in 3003 alloy. My 
comments regarding the present paper are not related to the data given, which 
would appear to be most carefully obtained, but rather to the interpretation of th 
data. 

The author has shown the existence of a relationship between coarse ultimate 
grain size in 3003 alloy and the presence of a very fine precipitate. This relation 
ship is contrary to that normally observed. Studies underway at a number of 
laboratories aimed at improving the creep resistance by alloying to produce an 
insoluble dispersion illustrate this quite clearly. It has been observed that th 
dispersed phase when present in small amounts (1-3% by volume) decreases 
rather than increases creep resistance. This effect has been traced to the marked 
grain refining action of the dispersion, the loss in creep resistance due to grait 
refinement more than offsetting the gain due to the presence of the dispersior 
Therefore, the author’s conclusion that coarse grain size is caused by the presence 
of a very fine precipitate is somewhat difficult to accept. An alternate explanation 
would seem preferable. 

Both in this paper and its predecessor, Mr. Sperry has pointed out that th 
principal reaction occurring during homogenization is the conversion of (Mn,Fe) 
Als to aAl(Mn,Fe)Si which is accompanied by a noticeable reduction in the 
silicon content of the matrix. It has also been pointed out that the presence of 
silicon in solid solution reduces the solubility of manganese. Therefore, I wonder 
whether the correlation between amount of fine precipitate and grain size may 
not be of secondary origin and may not be confusing the true cause of the effect 
the amount of silicon remaining in solid solution. It seems reasonable that pré 
cipitation will be much greater in a high silicon alloy than in a low silicon all 
due to the differences in manganese solubility. Relating grain size to silicon con 
tent would require the assumption that silicon can exert such a strong influenc: 
on the recrystallization process in an Al-Mn solid solution that even the presenc« 
of a fine dispersed phase is not able to suppress its action. The data given in th 
present paper does not appear in any manner to contradict this explanation. How 
ever, there may be objections to this explanation which are not apparent to m 
which are even more significant than those which I have raised regarding the 
original explanation of the data. 

I wish that the author would comment on this alternate explanation of his dat: 


and also indicate, on the basis of his considerable familiarity with this alloy sys 


tem, whether there is any reason to suspect that silicon might affect recrystalliz 
tion behavior in the manner suggested. 


Author’s Reply 
In reply to Dr. Williams’ question concerning the effect of silicon, there is 1 
evidence that the silicon itself substantially influences the recrystallization proces 
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absence of manganese, silicon in any amount up to its saturation limit has 

ery minor effect on recrystallization temperature of aluminum, and, to my 
vledge, has never resulted in abnormally large grain sizes. However, it is 
elieved that the presence of silicon contributes greatly to the coarsening effect by 
reasing the potential quantity of precipitate and 


what is probably more im- 
rtant—accelerating the rate of formation of the 


fine precipitate. This latter 
fect has been shown very nicely in a Japanese article which appeared too recently 
have been referred to in my paper.’ 
\s Dr. Williams states, it is difficult to associate a precipitate dispersion with a 
ursening of the grain when normal experience dictates that the opposite is gen- 
rally true. That is why I state that there is undoubtedly a critical concentration 
und particle size necessary to produce this effect. This leads to Mr. Marchand’s 
juestion regarding the probable dimensions involved. No measurements have been 
made as yet, but numerous observations indicate that the particles of importance 
lie just at or beyond the resolving power of the optical microscope (~0.2) 
[he critical spacing may be in the same order of magnitude as the fine substruc 
tures which appear in aluminum preceding recrystallization. The crux of the 
irgument for coarsening is that the precipitate dispersion is not uniform—there 
fore, the extent of inhibition is not uniform. This leads to a situation in which 
small recrystallized grains lie in contact with large unrecrystallized regions and, 
is higher temperatures are attained, some grains are favorably disposed to over 
me the inhibition and grow at a rapid rate (Fig. 4 of paper). In the hypothetical 
ase that the critical precipitate was absolutely uniformly distributed throughout 
he alloy, I would hesitate to predict whether such 


an alloy would be fine or 
oarse grained upon recrystallization. However, 


when the precipitate has 
ursened or coalesced beyond the critical point, the recrystallized grains are 
refined, in accordance with normal experience. 


[he answer to Mr. Marchand’s question on the lack of difference in final grain 
size between samples with treatment Nos. 1 and 2 is difficult to find. Again, it is 
pointed out that when the critical dispersion is absent, other constitutional var 
iables become predominant. One factor in apparent lack of grain refinement was 
the large initial grain size of the cast material, which limited the extent of refine 
ment possible. (A greater initial grain size leads to a greater final grain size.) 
\nother factor was mentioned in Dr. Perryman’s comment upon a variable which 
I have only touched upon briefly—that is the effect of a precipitation process oc 
urring concurrently with recrystallization. This effect, indeed, may account for 
some of the lack of marked difference in grain size in 


he seven heat treated ingot 
blocks after final annealing. However, contrary to Dr. Perryman’s suggestion, | 
am certain that no secondary recrystallization—or discontinuous grain growth 


ccurred in these materials. This was established by the detailed examinations of 
recrystallizing specimens. Therefore, we 


are concerned only with primary re- 
ystallization. Furthermore, if the rate of precipitation were a major factor in 
grain coarsening, then the material with H. T. No 


would be expected to show 
most pronounced effect, which was not the cas¢ 


\nother reason for believing 
hat the precipitation taking place during annealing has a minor effect, is that the 
ecrystallization characteristics of homogenized and unhomogenized materials 
emain the same after a second cold working and annealing, when there is much 
ss further decomposition of the solid solution 


*K. Shimizu, Y. Nakatani and M. Yoshizaki, Light Metals (Japan), Vol. 7, March 1957, 
26 (Metals Review, August 1957, Item 216N). 
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In answer to Dr. Perryman’s question, differences in type of preferred ori 
tion after recrystallization were sought without success. All materials had a 
deformation type of texture after recrystallization. 

Mr. Marchand’s observation on the terminology used is well-taken. To ol 
a fine grained material, the homogenization which is achieved is incidental t 
principal purpose of heating the ingot, which is to cause both precipitatior 
coalescence. The conditions of heating should be such as to obtain maximum pr 
cipitation and coalescence in a minimum time. Heating first to a high temperature 
and then cooling to the hot rolling temperature meets these requirements. A: 
ogous heating cycles are used on many other aluminum alloys, with the maii 
purpose of homogenizing—hence, the use of that term. 

The effect of heating rate on grain size mentioned by Mr. Marchand is a y 
interesting subject, but one which would require too much room to includ 
this discussion. 


In closing, I would like to emphasize the importance of a thorough and 


plete correlation between microstructural changes in alloy constitution and 


companying changes in grain structure for all studies of recrystallization and grait 
growth. I believe that much valuable work has been wasted or minimized in valu 
by a lack of such correlations. 


I wish to thank the discussers for their interest in this paper 





THE OCCURRENCE OF LAVES-TYPE PHASES 
AMONG TRANSITION ELEMENTS 


By R. P. ELtiotr anp W. RosTOKER 


Abstract 

The periodic variation of the crystal structure type of the 
Laves phases of titanium, zirconium, hafnium, niobium and 
tantalum may be correlated with electronic variations. Al- 
lotropy is the exception rather than the rule and occurs only 
for those binary phases that have electron:atom ratios near 
a critical value. 

Consideration of ternary Laves-type phases indicates that 
there are two Brillouin Zone overlaps governing the struc- 
ture type. On the assumption that the valency of titanium 
is near four, it has been possible to calculate the valencies 
of the first transition elements as follows: titanium, 3.92; 
zirconium, 3.25; vanadium, 2.19; chromium, 1.69; man- 
ganese, 1.35; tron, 0.92; and cobalt, 0.72. Valencies of 0.25 
and 0.00 for nickel and copper, respectively, are consistent 
with the foregoing valencies. (ASM International Classi- 
fication: M26; T1, Zr, Hf, Cb, Ta) 


SOMORPHS of MgCus, MgZnz and MgNie, commonly referred 
to as Laves-type phases, occur frequently in alloy systems among 
the metals of the first, second and third transition series. A detailed 
tudy of the occurrence, miscibility ranges and nonoccurrence of these 


ntermediate phases can serve as a basis for understanding the factors 
hich govern their existence. Such a study could yield other useful 
products. In the work (1)* on pseudo-binary and pseudo-ternary 


stems of the three prototype Laves phases among themselves and 
vith aluminum, silver and silicon, there was convincing evidence that 
lectronic concentration was an operative factor governing the range 
miscibility of single-phase fields. One might hope that a similar cor 
lation would exist in Laves phases among the transition elements 
d, accordingly, a basis provided for estimating at least their relative 
ilencies. 


figures appearing in parentheses pertain to the references appended to this paper. 


paper represents, in part, a thesis submitted by R. P. Elliott to the Graduate School of 
linois Institute of Technology in partia! fulfillment of the requirements of the degree 
f Philosophy in Metallurgical Engineering 

\ paper presented before the Thirty-Ninth Annual Convention of the Society, 
d in Chicago, November 4-8, 1957. Of the authors, R. P. Elliott is Research 
tallurgist, and W. Rostoker is Assistant Manager, Metals Research, Armour 
esearch Foundation of Illinois Institute of Technology, Chicago. Manuscript 
eived January 7, 1957. 
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The effective valencies of the transition elements in alloy formation 
have been a subject of question and controversy for many years. So 
far there has not been convincing evidence that Brillouin Zone effects 
have any bearing on alloy formation among transition metals. Thy 
possibility also exists that their valency characteristics with nontransi 
tion elements are not the same as with members of the three transition 
series. The present study has undertaken to systematize and complete 
the state of knowledge on the existence of Laves phases in binary sys 
tems and selected ternary systems with transition elements and to 
deduce therefrom whether a self-consistent valency assignment to the 
individual elements can be correlated with the information so derived 
and the estimated Brillouin Zones for the crystallographic structures 

“Laves Phases” are compounds of the general formula AB». The 
three crystal types which are characteristic of this group of phases are 

(a) MgCus, cubic C15 type, 24 atoms per unit cell, a = 7.03 kX 
(b) MgZne, hexagonal C14 type, 12 atoms per unit cell, 

a= 5.1SK&X, c/a = 165 
(c) MgNis, hexagonal C36 type, 24 atoms per unit cell, 

a = 4.81 kX, c/a = 3.28 


There is marked similarity among the structures of the three com 
pounds. These consist of double layers of hexagonal arrays of magn 
sium atoms surrounded by tetrahedra of the B elements. The MgCup 
structure consists of such layers stacked ABCABC, while MgZne con 
sists of such layers stacked ABABABAB. MgNie may be regarded as 
a transitional phase between the MgCusz structure and the MgZno 
structure with a stacking of these layers ABACABAC. 

The existence of the Laves phases appears to correlate with the ratio 
of the diameters of the atomic species. Space can be filled most con 
veniently with spheres in which the ratio of the atomic diameters is 
d,/dg = \/3/2, or 1.225, where d, and dx are the atomic diameters of 
the A and B atoms. Such a closely packed structure has an average 
coordination number of 13.33, which is indicative of the metallic nature 
of these phases. 

Elements selected for investigation are shown in Table I with their 
Goldschmidt atomic diameters. Combinations of the selected elements 
with a diameter ratio greater than unity were selected for study. Exist 
ing literature was consulted. Alloys were made of all known Laves 
phases and for those compositions in which the known phase equilibria 
were questionable. 


BINARY INVESTIGATIONS 


Since the transition elements have melting temperatures in excess 
of 1000°C (1830 °F), specialized techniques as have been employed 
in the melting of refractory elements (2) were necessary. The melting 
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Table I 
Elements Investigated for Laves-Type Phases 


Element Goldschmidt's Atomic Diameter, kX 
Period 4 

Ti 

Vv 

Cr 

Mn 

Fe 

Co 

Ni 

Cu 


Period 5 
Z 


ir 
Nb (Cb) 
Mo 

Period 6 
Hf 3.169 
Ta 2.940 
Ww 2.816 


*Calculated from Y-Mn structure, a face-centered tetragonal 


operation was done by the use of a nonconsumable electrode arc fur- 
nace and inert atmosphere protection using a water-cooled copper 
crucible. Ten and twenty-five gram melts were adequate. The best 
quality materials obtainable were used as melting stock. All, with the 
exception of hafnium, had purities in excess of 99.5%. Alloys contain- 
ing tungsten were difficult to prepare because of the very high melting 
temperature of tungsten. Powder metallurgical techniques were re- 
sorted to in these instances. 

X-ray diffraction is the standard technique for determining the 
crystal structure. Diffraction patterns were made with nickel-filtered 
copper radiation using a Straumanis camera of 14.324 centimeters in 
diameter. If the as-cast ingot was brittle, powder was prepared by 
crushing to —200, +325 mesh. Ductile ingots were filed and the 
powder subsequently annealed. 

For those compositions which proved to have a crystal structure iso- 
morphous with one of the Laves-type phases, the melting temperature 
was determined by incipient melting techniques (2) if it had not been 
previously established. Pieces of ingot were then annealed at 200°C 
390 °F) intervals from 600 °C (1110 °F) to the melting temperature. 
\nnealing times varied from 312 hours at 600°C (1110°F) to 0.1 
hour at 2000 °C (3630 °F). High temperature anneals were done by 
suspending samples on tungsten wires in a vacuum resistance fur- 
nace (3). 

The very close similarity between the powder patterns of the three 
types of Laves phases makes identification of allotropic types difficult. 
There is an equivalence of reflections of similar interplanar spacing 
in the three structures. The MgCue pattern can be identified very 
easily, since it has relatively few reflections. The difference between 
the MgZne and MgNiz structures is much more difficult to detect. The 
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Table Il 
Equivalence of Indices 
of Interplanar Spacings of Laves-Type Phases 


MgCue MgZn:z 


11.0 
11.2 
00.4 
30.0 
30.2 
22.0 
10.7 


Table III 
Summary of Data for Binary Laves Phases 


Crystal Parameters, kX 
Type a c 


MgCu:z 6.908 
MgZn: 5.064 210 
MgeCu: 7.011 
MgZnz 4.970 109 
MegNiz (?) 006 334 
MgNiz (?) 330 17.312 
MeCuz 562 
MgCuz 397 
MgCue 556 
MgCus 
MgCuz 
MgZn:z 
MgZnz 
MgCu:z 
MgZn:z 
MgZnz 
MeZnz 
MeCu: ’ 
MeCus 6.926 
MgZn2 4.890 
MgZn:z 4.750 
MgZnz 4.807 
MgZn:z 4.735 
MgCus 6.940 
MeCu: 7.193 
MeZn:z 5.092 
MeCue 7.056 
MgZn2 5.099 
ZrMo MeCue 7.581 
ZrV2 MeCue 7.43 
ZrW:? MeCu: 7.600 


RADNNIUANH 


*Peritectix 
tDecomposes into solid 


MgNiz structure produces all the reflections of the Mg7Znz structur 
but with doubled / indices since it is based on a cell of double the 
parameter. On the other hand, (hk/) planes with / odd in the MgN 
structure have no equivalence in the MgZn. structure. The X-r 
powder pattern of the MgNie structure is, therefore, the same 
MgZn, pattern but with extra lines. Such a similarity arises becaus 
of the stacking configurations in the two structures. Table II sho 
the equivalence of reflections occurring in the three structures. 
The lattice parameter of the cubic MgCus type was determir 
most exactly by extrapolating against the function of Nelson and Ril 
(4) to @= 90°. The parameters of the hexagonal MgZns and MgN 
types were calculated by least squares solutions of the back refle: 
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lines. The accuracy for such a solution is not as good as the ex- 
olation, since diffraction lines could be indexed only to interplanar 
ings of about one kX unit. 

e experimental data are summarized in Table III. Some of the 
ndings of the present investigation differ with previously published 
lata by various‘authors and hence should be discussed. Such dis- 
ussions are included in the appendix. 

[he three Laves structures were shown to exist primarily on the 
sis of geometrical considerations. Each of the three structure types 
son this basis equally probable. Other factors, obviously then, must 
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letermine which structure is stable. Experiments of Laves and Witte 
showed that the MgCups structure could dissolve elements of higher 
Jency until an electron; atom ratio of approximately 1.8 was reached. 
he MgZng structure similarly could dissolve elements of lower va 
lency replacing zinc. These experiments indicated that the structure 
hoice was a function of the electron: atom ratio. Recently, Berry and 
Raynor (5), in their examination of the existing literature, concluded 
hat the MgZnz structure types exist at atom diameter ratios near the 
ideal of 1.225, while the MgCug structure type occurs at values other 
han the ideal. This latter hypothesis may be tested by examination of 
data of Table III. For convenience, these data are plotted in Fig. 1. 
is obvious that such a simple factor as deviation from the ideal 
llameter ratio does not control occurrence of the structure type. 
If the size factor were the only requirement governing the existence 
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Table IV 
Crystal Structures of Laves Phases 
in Transition Elements 


A Element B Element 
V Cr Mn Fe 
Ti MgZnot MegZnz MgZn 
MeCuott 
Zr MgCue MeCuot MgZnz MgCuz Met 
3 MgZnoett 
Hf MgCuz MgCust MgNiz (?) MeZno Mat 
MegZnott 
Nb -- MeCus MgZnz MgZn:2 Mat 
Ta — MeZn2 MgZn:z MgZn2 Met 


iHigh Temperature 
ttLow Temperature 


of Laves phases, such phases would be expected for the stoichiometri 
compositions HfCue, HfNie, MoCoso, MoNie, NbNise, TaCus, TaNi 
TiCus, TiNis, WCoo, WCus, WNis, ZrCus and ZnNio, all of whicl 
have a diameter ratio within the prescribed range. The nonexistence 
of Laves phases at such compositions is further indication that som 
thing else such as electronic concentration is important. 

If the Laves-type structure for a given A element is plotted for i1 
creasing atomic numbers for the first transition series, as in Table [\ 
it is observed that there is a trend for the alloys with cobalt to be of the 
MgCus type, while the alloys with iron and manganese are usually 
the MgZn, type. In terms of the work of Laves and Witte, this trend 
indicates that there is a progressive decrease in valency in the progres 
sion from manganese to cobalt. Similarly, intermediate phases with 
chromium and vanadium show a high frequency of occurrence of the 
MgCup type of structure. Thus, it might seem that as the first transi 
tion series is traversed from chromium to cobalt there is an increas¢ 
and subsequent decrease in the electronic valency. The electron: ator 
ratios would be interpreted to increase from a value in which the 
MgCuz type is stable to a value in which the MgZnz type is stable, and 
subsequently to fall again to a value in which the MgCup structure is 
stable. Fig. 2 shows hypothetical electron : atom ratios for Laves phases 
of the first transition series with titanium assuming such a variatior 
in valency as the transition series is traversed. It will be noted tl 
the electron : atom ratio of TiCro is indicated at the critical value of 1.83 
A variation in electronic valency or specific heat as a function of ten 
perature will cause this phase to undergo the allotropic change. 

The transition from the MgCusz type to MgZnz and back to MgCu 
could also be interpreted with a continuous decreasing (or increasing 
valency, but with a density of states curve containing two maxima fo! 
the MgCup structure with a single maximum for the MgZng structure 
at an intermediate electron: atom ratio. Witte (6) has calculated the 
electron: atom volumes of Brillouin Zones for the Laves-type cot 
pounds and has shown the discontinuity for the MgCuse type to be 
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Fig. 2—Schematic Rationalization of Variation ot 
Crystal Type for the Laves Phases of Titanium. 
an electron: atom ratio of 1.83, and the discontinuities for MgZne to 
be at 1.93 and 2.32 electrons : atom. There is no indication in these cal- 
culations that at higher electron : atom ratios there should be a reversion 
to the MgCupz type structure. This second explanation for the variation 
of crystal structure is also shown schematically in Fig. 2. The non- 
existence of TiV» as a Laves phase is justified by an unfavorabie size 
factor. 


TERNARY INVESTIGATIONS 
[he systematic variation of crystal structure type with the position 
in the periodic table of the B element for a constant A element sug 
gests that an approach similar to that of Laves and Witte would yield 
lata that can be interpreted on the basis of electron: atom ratios. A 


series of quasi-binary phase diagrams was therefore investigated. The 
uloy systems studied are shown in Fig. 3 
len gram alloys were prepared at ten atomic per cent intervals 
(hese alloys were arc melted and then heat treated. With the exception 
f the alloy system Zr(V, Co)o, the zirconium systems were annealed 
r 24 hours at 1200 and 800 °C (2190 and 1470°F). The system Zr 
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ZZZ) MgCuz Structure Type 
CJ MgZn, Structure Type 
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ZrV> ZrFe, 
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Fig. 3-—Miscibility Ranges of Laves-Type Phase in 
uasi-Binary Sections. 


(V,Co)s was annealed at 1100°C (2010°F). A single temperature 
level of 1000°C (1830°F) was investigated for the titanium alloys 
X-ray powder patterns were made of the annealed alloys. 

Examination of the data presented in Fig. 3 indicates that the 
valency change of the elements of the first transition series is conti 
uous. This is indicated by the fact that the systems Zr(V,Co)» and 
Zr(V, Fe)» exhibit the MgZng structure at intermediate compositions 
Similarly the system Zr(Cr,Co)»2 at 1200°C (2190 °F) has an inte 
mediate range of stability of the MgZne structure. If the valencies ris¢ 
and fall as the atomic number increases, alloys between ZrV»2 or ZrCr 
and ZrFes or ZrCoz would have electron: atom ratios in the range of! 
the MgCup stability at all intermediate compositions. 

A set of relative valencies of the transition elements can be synthe 
sized on the assumption that two critical electron: atom ratios govern 
the range of stability of these phases. For computation, it has been 
assumed that the MgCug structure is stable to an electron: atom rati 
of 1.80, that the MgZng structure is stable from this value to 2.32, and 
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the MgCug structure is stable at electron: atom ratios greater than 2.32. 
he upper critical electron: atom ratio of 2.32 was selected in prefer- 
ence to 1.93 for two reasons: 
(a) The higher electron : atom ratio has a greater energy gap (0). 
(b) The prototype quasi-binary systems showed no change in 
structure at the electron: atom ratio of 1.93 (1). 


The line of reasoning in calculating the valencies of the transition 
ements is as follows: 

a) Itis seen in Table II that TiF es is isomorphous with the MgZnz 
tructure, while ZrFes is isomorphous with the MgCup structure. Since 
the crystal structures of the Laves phases differ only in stacking con 
gurations and since the elements are very similar, it is assumed that 
he valencies of the elements do not change. Hence, for a constant 
valency for iron, titanium must have a greater valency than zirconium 

order that the electron: atom ratio of ZrFes be below 1.80 while that 

riFes is greater than this value. 

It has been assumed here that only those binary alloys with electron 
itom ratios near the critical values exhibit allotropy. Thus, at a first 
pproximation, it would appear that the electron: atom ratio of ZrCr» 
ind TiCrs is 2.32. Since titanium and zirconium have different valen 
ies, this, of course, cannot be. On close examination, it may be seen 
that ZrCre and TiCrz do not behave identically. The allotropic modi 
cations of these two phases are reversed; the low temperature struc 
ture of TiCre is MgZng, while that of ZrCr. is MgCuy. This is easy to 
rationalize. Since titanium has a higher valency than zirconium, it 
vould be expected that at low temperatures where specific heat and 
free energy curve effects are minimized that TiCre, having a higher 
electron: atom ratio than ZrCre, would be of the MgCuy type while 
he latter is of the MgZng type. Apparently the effect of temperature on 
the allotropy is important for those compounds near a critical electron: 
itom ratio. 

lhe low temperature quasi-binary sections are used in all instances 

calculation in order to divorce the electronic effects from the tem 
perature effects as much as possible. 

(b) On the assumption that the critical electron: atom ratios of 1.80 
ind 2.32 govern the ranges of stability of the MgCus and MgZng struc 
tures, equations may be written for the valencies of the elements at 
the composition limits of these structures in the quasi-binary systems 
shown in Fig. 3. The systems Zr(V, Co)» and Zr(V, Fe)2 permit a 
pair of equations to be written. When these equations are solved simul 
taneously, the electron: atom ratios of the binary structures are deter 
mined. Adjustment of the compositions substituted in the simultaneous 
equations for the quasi-binary systems containing vanadium was made 
within the experimental limits of data such that the calculated electron : 
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atom ratio of ZrV.2 was very nearly the same when solved from th 
two systems Zr(V, Co)». and Zr(V, Fe)». For an assumed valenc 
zirconium, the valencies of vanadium, cobalt and iron can be made 
The electron: atom ratios of ZrV»2, ZrFes and ZrCoe used for calcula 
tion are, respectively, 2.54, 1.70, and 1.56. 

(c) Equations for the valencies of chromium and manganese ma‘ 
be written from the quasi-binary sections Zr(V,Mn)»o and Zr(Cr 
Co). The electron: atom ratio of this composition-dependent chang 
of structure is 2.32. The valencies of vanadium and cobalt must first be 
determined by the method outlined in (b). 

(d) The valency of titanium may be calculated in terms of the 
valencies of the elements of the first transition series for an assumed 
valency of zirconium. This is done by considering the composition at 
which the MgCus structure changes to the MgZnz structure at 
electron : atom ratio of 1.80 in the quasi-binary system Ti( Fe, Co)» 

Independent investigators have shown that titanium may | 
sidered to be tetravalent. Rostoker (7) has shown experimentally tl 
a discontinuity of lattice parameters of a-titanium-aluminum occurs 
the predicted electron : atom ratio if titanium is considered to be tetra 
valent in the presence of trivalent aluminum. Hume-Rothery and Ra 
nor (8) consider experimental evidence of the linearity of interatom! 
distances, compressibilities, coefficients of linear expansion, and t 
melting temperatures of the elements potassium, calcium, scandiu 
and titanium as indicative that titanium is tetravalent. In the titaniut 
copper system, there exists the intermetallic compound TiCug, whi 
has a deformed hexagonal close-packed structure. This may be cot 


e cou 
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sidered to be a 7/4 electron compound if titanium is considered to be 
etravalent. 
Solutions of the valencies of the transition elements were made for 
‘rious assumed valencies of zirconium. For an assumed valency of 
3.25 for zirconium, the valency of 3.92 is calculated for titanium, which 
is near the desired value of four. Using 3.25 as the assumed valency 
( 


f zirconium, the following valencies are calculated: 


Ti 3.92 
Zr  & 

\ 2.19 
ty 1.69 
Mn Loo 
Fe 0.92 
Co 0.72 


These are plotted in Fig. }. 
\s a check, the electron: atom ratios for the binary alloys and com- 
sitionally dependent structure changes are compared with the theo- 


etical values. 


Structure Electron: Atom Ratio 

Calculated Theoretical 

riCr, 2.43 >2.32 

TiMns 2.21 <2.32, >1.80 

TiFe 1.92 <2.32, >1.80 

TiCo 1.79 <1.80 

ZrV; 2.54 >2.32 

ZrCr2 2.21 <2.32, >1.80 

ZrMn 1.98 <2.32, >1.80 

ZrFe 1.70 <1.80 

ZrCo 1.56 <1.80 

Zr + 0.6 Fe 1.4 \ 2.29 2.32 

Zr+18 Fe+0.2 V 1.77 1.80 

Zr+0.4Co+16V 2.35 2.32 

Zr + 1.5 Co+0.5 V i.81 1.80 

Zr +08 Mn4+1.2V 2.32 2.32 

Zr + 0.6 Cr + 1.4 Co 1.7 1.80 

Ti+ 1.8 Co+0.2 Fe 1.80 1.80 

Zr+18Cr+02 V 2.24 2.32 

Ti+ 1.8 Cr+ 0.2 Fe* 2.38 2.32 


* Data taken from Reference 9. 


The synthesized valencies presented above permit an agreement be- 
tween calculated and theoretical electron: atom ratios which is excep- 
ionally good. The stability ranges of the binary Laves phases with 

tanium and zirconium are shown graphically in Fig. 5. This graph 
replaces the hypothesized diagram shown in Fig. 2. 

There are no Laves compounds composed of titanium, zirconium, 

iinium, tantalum or niobium as the A element with nickel or copper 
s the B element, although the diameter ratio is favorable. In these 
nstances the nonexistence of Laves type structures must therefore 
be rationalized as a result of an unfavorable electron: atom ratio. The 
valency of one for copper, as is the usual case in electronic concentra- 
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tion rationalizations of the alloy systems with nontransition element 
cannot be valid in the alloy systems of Laves phases with transit 
elements. If copper were monovalent, the existence of TiCus as a | 
phase would be predicted on the basis of a favorable diameter 1 
and a favorable electron : atom ratio. 

If the trend in valencies as calculated is extrapolated, valencic 
about 0.25 for nickel and 0.0 for copper are deduced 

Transition Laves phases can dissolve appreciable amounts of 
nickel and copper as is shown in Fig. 3. If nickel or copper is adde: 
a MgZny, structure, on a consideration of electron: atom ratios, a rar 
of existence of the MgCuy structure would be expected. Experiment 
data do not show this to be the case. Ranges of miscibility of nickel 
copper in Laves phases of titanium and zirconium, and vanadiuw 
lLaves phases of titanium can be rationalized on an electron: ator 
sideration, however. 

The data for vanadium, copper and nickel seem to indicat 
when added to a particular binary Laves phase, the miscibility rang 
of that particular structure is controlled by electronic concentrati 
but reversions to other Laves phases are inexplicably forbidden. T! 
vanadium can be added to a MgZng structure until the electron 
ratio reaches 2.32 but can be added to the lower MegCup structures 
only until the electron: atom ratio reaches 1.80. 

Additions of copper or nickel to the lower electronic range Met 
This cou 
correspond to the energy of a tangency of the Fermi sphere to o1 
the faces of the Brillouin Zone as predicted by Schubert (10) 


structures indicate a lower electron : atom limit of about 1.4 


i 


Electron: Atom Ratio 
Calculated Theoret 
Vanadium added to MgZn 


Ti+ Fe+ \ 

ri+1.2 Mn+08 \ 
Vanadium added to MgCu 
ri+1.9 Co+01 V 


Copper or Nickel added to MgZn 

1.6 Fe+ 0.4 Cu 

1.2 Fe+ 0.8 Ni 

Copper or Nickel added to MgCuz 

Zr + 0.4 Fe + 1.6 Ni 1.3. 
Zr + 0.8 Co+ 1.2 Ni Le 


ri + 
ri + 


Che upper limit of the Laves phase miscibility in the system Ti 
Cr le probably corresponds toa port where the size factor | 
unfavorable. The systems Ti(Mn,Co)o, Ti(Mn,Ni)s and Ti 
Cu)» were also studied. The electron:atom ratio of the limits of 
MgZnz structure in these systems are 2.00, 2.06, and 2.12, respectiv: 
These values are higher than the predicted 1.80. A systematic anal) 
in these systems is difficult because the Laves phase comes into equilil 
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itn) with a body centered cubic phase based on a solid solution ol 


elements in beta-titanium. It 1s entirely possible that the phase 
undary is being restricted by free energy consideration of the inter 
diate beta-titanium phase 
[here are no Laves-type phases in the quasi-binary system Ti(V, 
, although over a range of compositions both the electron: atom 
| diameter ratios are favorable. 


VALENCIES OF THE TRANSITION ELEMENTS 


[he numerous attempts to develop the systematic valency behavior 
, 


he elements of the first transition series fall into two general cate 
ories. In the first of these, correlations have been made with electron 

















ncies or “bonding” electrons based on the atomic structure concept 
forth by Pauling (11) to account for the magnetic behavior of the 
lements and their alloys. Papers by Rideout, et al. (12), Sully (13), 
Greenfield and Beck (14,15) on the occurrence of sigma phases 
in this vein. These approaches must be criticized because in the 
illouin Zone concept of phase stability, the electronic concentration 
the distribution of permissible electronic states are unseparable 
\ccordingly, any critical derived electronic concentrations must corre 
te with the occurrence of zones for the particular structure under 
nsideration. Without this correlation, a truly electronic concentra 
tion dependent effect may be analyzed by a wide variety of numerical 
stems. In the particular case of sigma phases, Bloom and Grant (16) 
ved at this conclusion. 
Other groups, notably, Hume-Rothery, et al. (17), Geach and 
Summers-Smith (18.19). and Hume-Rothery and Haworth (20) have 
sed the phase limits imposed by transition elements on terminal solid 


lutions and 3/2 electron compounds to interpret their valency char- 
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Table V 
Valencies of the Transition Elements As Used 
by Various Investigators in Alloy Formation 
Bloom Geach and 
Rideout and Greenfield Summers- Haw 
Ekman Raynor et al. Sully Grant and Beck Smith Hume 
(21) ( (12) (13) (16) (14,15) 18,19) 
Titanium 
Vanadium ; 5.66, 4.88 
Chromium 466 4.66 4.66 
Manganese 3.66 3.66 . 3.3 
Iron 2.66 2.66 2.66 
Cobalt -1.71 1.71 1.71 
Nickel -0.61 0.61 0.61 


acteristics. Ekman (21) showed that intermediate phases of iron 
nickel with zine could be rationalized as electron compounds if 1 
transition elements are considered zero-valent. Raynor ( 
subsequent investigators correlated proposed systems of electror 
concentration with the structure and ternary equilibrium behavior 
Al-rich intermediate phases with transition metals. These treatments 
are basically correct within the framework of the zone theory but ar 
based on the premise that the ionization behavior of transition element 
in association with nontransition elements is the same as that 
their own kind. In the particular case of the work of Geach 
Summers-Smith (18,19) on the terminal solid solubility of transit 
elements in gold, there is always the question of whether the det 
mined solubility limits were not influenced unduly by the relative fre: 
energies of the first intermediate phases. In early work on 
theory, this was termed the electrochemical effect, but its implicati 
are broader in present perspective. A summary of the results of tl 
various authors is given for easy visual comparison in Table \ 

By concentrating on the compositional correlations of the structut 


ally similar Laves phases in all-transition metal systems, it is hope 
that this investigation has avoided the uncertainties implicit in pri 
work. There is, however, a reasonable comparison with the results oi 
Geach and Summers-Smith (18,19) in the Ti, V, Cr sequence and 
Haworth and Hume-Rothery (20) in the Mn, Fe, Co, Ni sequence 
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Appendix 
In several instances the data reported in this paper are in cont! 
diction to previously published work or have never been previous 
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eported. The disputed compounds in all instances are those which have 

| electron: atom ratio near one of the critical values. Contamination 

f melting stock and the similarity of diffraction patterns can account 

r these discrepancies. 

HfCoso, HfCre, HfFeo, HfMne, HfMoso, HfVe, and HfW.—There 
re no published data on the alloy systems in which these compounds 

ur. A separate publication is planned in which these data will be 
discussed. 

TaCr2—Duwez and Martens (24) have shown this phase to have an 
llotropic change with the MgCuy, type at low temperatures and the 
MgZnz type at high temperatures. In contradiction to the above au- 
thors, it was found that TaCre was isomorphous with MgZnp at all 
temperatures from 600 ° to 2000 °C. 

TiCozg—Wallbaum (25) and later Duwez and Taylor (26) report 
that TiCoz occurs only in the MgNip structure. The present work indi- 
cates TiCog is the cubic MgCuy type with no allotropy in the temper- 
ature range 600 ° to 1200 °C. 

ZrtV2—Wallbaum (27) had shown this phase to be isomorphous 
vith MgZno. Zr Ve was found to be of the MgCug structure from 600 
to 1500 °C, the temperature of decomposition by peritectic reaction 
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DISCUSSION 


Written Discussion: By A. E. Dwight, Argonne National La 
Illinois 

This discussion is concerned primarily with the structure of the TiCos cot 
sition. Two alloys were prepared having the nominal compositions 64 and 69 a 
cobalt. Crystal bar titanium and electrolytic cobalt were used, and the alloys wet 
prepared by arc melting in a water cooled copper crucible under argon 
Diffraction patterns were taken with cobalt radiation both in the 
and after annealing for 23 hours in vacuo at 1200 °C (2190 °F) 

The Ti + 64 a/o Co alloy after annealing at 1200 °C (2190°F) gave a patter 


containing 21 lines, 6 of which were indexed as the CsCl-type TiCo phase and 
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vhich were indexed as the MgCuz-Type TiCoz phase. The a, of the latter phase 
6.706 A or 6.693 KX, which is in good agreement with the results obtained in 


e paper under discussion. 

The Ti+ 69 a/o Co alloy after annealing at 1200°C gave all the lines of 
ie MgCue-type phase plus 13 more lines, yet metallographically the alloy ap- 
eared to be a single phase. However, 27 of the 28 lines could also be indexed 
is a MgNis-type TiCoz phase, with a, = 4.719 A, co = 15.452 A and c/a = 3.274. 
[he lattice parameter values were obtained by the method of successive approxi- 


ations. 
Our data confirm the phase relations originally reported by Wallbaum and 
Vitte? in that the MgCuz and MgNie-type phases both appear to be stable and 
be dependent on the cobalt content for their existence 


Authors’ Reply 

[he data presented in this paper were for stoichiometric compositions only. It 

interesting to note that these anomalous composition-dependent structures in 
binary systems have been reported for TiCos, NbCos, TaCos, and ZrFes. On 
pseudobinary sections it is observed that these compositions have electronic con- 
entrations such that slight contamination can cause other structures to become 
stable. 

The most expeditious means of answering the discussion was by duplicating 
the alloys of Mr. Dwight. Ten-gram ingots of Ti + 64 atomic % Co and Ti+ 69 
itomic % Co were arc melted. Iodide titanium and electrolytic cobalt were used 
the latter obtained from Mr. Dwight). Two additional melts were prepared in 
vhich the alloys were purposely contaminated with oxygen to an extent of one 
per cent of the titanium. (Mr. Westbrook of General Electric Research Labora 
tory, Schenectady, N.Y. in an oral discussion had suggested that oxygen con 
tamination could be the source of these crystal structure anomalies. ) 

Powder patterns were prepared of material in the as-cast condition only since 
time limitations precluded annealing. Filtered copper radiation was used. No 
evidence was observed to indicate that the MgNis structure existed. The Ti + 64 
atomic % Co alloy had additional lines of the BCC TiCo phase. 

Powder patterns were then prepared using iron radiation. The Ti + 69 atomic 

Co had additional lines which could be indexed as MgNiz although the principal 
pattern was of the MgCue structure. The Ti + 64 atomic % Co alloy containing 

oxygen as acontaminant was MgCuz type with a pattern of TiCo. The authors 
nust therefore concur with Mr. Dwight that the MgNie structure does exist in the 
binary titanium-cobalt system. The presence of oxygen does not appear to influ- 
ence the formation of the MgNiz structure. 

The existence of the MgNie structure at the nonstoichiometric composition in no 
vay negates the theory presented in the paper. It does, however, pose the addi- 
tional problem of rationalizing the factors influencing the stability of the MgNiz: 


tructure in binary alloys. 


*H. J. Wallbaum and H. Witte, Zeitschrift fiir Metallkunde, Vol. 31, 1939, p. 185 





BRITTLE FRACTURE OF MILD STEEL 
IN TENSION AT —196 C 


By W. S. Owen, B. L. AversAacun AND M. Conen 


Abstract 


The tensile fracture behavior of a mild steel at —196 °( 
(—320 °F) has been studied in some detail. With the aid of 
long thin strip specimens loaded at controlled crosshead 
speeds bet 9.9 x 10-* and 1.6 K 10-1 inch per min 
ute, the strain pattern and microscepic changes preceding 
fracture were observed, and the local strain situation was 
measured. Specimens heat treated to alter the tendency to 
ward brittle behavior, but maintaining ferrite-pearlite struc 
tures, were also examined. 

Under these conditions, all the Liiders’ bands display 
microcracks in some ferrite grains. However, the as 
recetved and normalized specimens do not fracture at low 
yield stresses (slow loading speeds) during the spread of the 
Liiders’ bands. By raising the loading speed, a critical stress 
is reached when fracture occurs after a delay time, the for- 
mation of microcracks and fracture always being preceded 
by gross yielding. On further increasing the loading rate, 
the fracture stress rises along with the yield stress. 


Deductions from the dislocation pile-up theory of frac 
ture in polycrystalline metals are not compatible with the 
experimental data. It is concluded that the microcrack model 
suggested by Low is more appropriate. 

Some observations are included on the creep occurring 
in Liiders’ bands during their propagation at —196 °( 
(ASM International Classification Q26s, 1-13 ; CN) 


INTRODUCTION 


M:! IST RECENT discussions of brittle fracture in polycrystalline 
metals (1-7)! have utilized a model elaborated by Stroh (1,2 
and applied by Petch (3,4), in which it is assumed that the local stre 
concentration necessary to cleave a crystal is produced by an extensive 
defect in the form of piled-up dislocations against a grain boundar 
It has been implied (2,7) that this is, in effect, a restatement of th 


' The figures appearing in parentheses pertain to the references appended 


\ paper presented before the Thirty-Ninth Annual Convention of the Societ 
held in Chicago, November 4-8, 1957. Of the authors, B. L. Averbach and 
Cohen, are associated with the Department of Metallurgy, Massachusetts Institut 
of Technology, Cambridge, Massachusetts, and W. S. Owen is presently at 
University of Liverpool, Great Britain. Manuscript received March 20, 1957 
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Griffith (8) concept of fracture in terms of dislocation theory. How- 
ever, Low (9,10) maintains that, at least in mild steel, real cracks of 
uberitical size are actually formed before the main fracture occurs 
nd, thus, a more direct application of the Griffith model (as modified 
Orowan (11) ) is appropriate. 
The experimental evidence supporting these theories is not ex 
tensive. Stroh and Petch rely principally upon two related experimental 
bservations: that the fracture stress (o¢) at —196°C (—320°F) is 
inearly related to the recipre ical of the square root of the mean grain 
liameter (d), and that the proportionality constant so determined is 
f the expected magnitude (2). However, Low (9) demonstrated the 
<istence of subcritical cracks in iron deformed by slow bending at 
196°C (—320°F); he also found a linear op versus d-!/" rela 
tionship by tension tests, and deduced a value of the proportionality 
onstant which is compatible with the Griffith-Orowan theory. Clearly, 
omparisons over a wider range of experimental data are required to 
issess the applicability of these theories to the low temperature frac 
ture of mild steel. In the present work, the search for subcritical micro 
racks is extended to specimens tested in tension, and the predictions 
of the two theories are compared with the experimental fracture stress 
ind strain as a function of the loading rate 
\s the stress is increased slowly in a simple tensile test at —196 °C 
320°F), four stages of nonelastic strain are identifiable. First, 
there is a preyield microstrain which is less than about 50 & 10~°. 
[his 1s followed by a microcreep strain, occupying an appreciable 


time interval before it is replaced by a third stage, the generation of 
Luders’ bands (12). The —196 °C (—320 °F 
| 


be as large as 10~*, and is accompanied by 


I) microcreep strain may 
the appearance of fine slip 
markings. During the propagation of the Liiders’ bands, the stress is 
reasonably constant, but it increases again in the fourth stage (strain 
hardening ) after bands have covered the whole specimen. Subsequent 
fracture is still predominantly by cleavage, and it was in this range 
that Low (10), using a slow-bend technique, observed microcracks 
vhich did not propagate until the stress was further increased. Petch 

+) also obtained much experimental data in this range. Considering 
that such specimens exhibit appreciable ductility before final rupture, 

would seem more appropriate to examine the theories of brittle 
iracture in relation to data where the plastic strain preceding fracture 
$a minimum. 

Mild steel specimens which fracture at —196 °C (—320°F) with 
very small overall ductility are readily obtained by suitable heat treat- 
nent, but relatively few accurate measurements of the nonelastic strain 
have been reported. During the spread of a Liiders’ band, the deforma- 
tion is heterogeneous on a macroscale as well as on a microscale, and 
observations over a 1 or 2-inch gage length give no indication of the 
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strain in the vicinity of the fracture. Furthermore, the recorded str 
is dependent upon the geometry of the specimen. In the present ex; 
ments, a technique was employed by which the local strain pat 
could be observed both in the vicinity of the fracture and in sir 

locations where no fracture occurred. 


EXPERIMENTAL METHODS 


The miid steel * investigated here was of the rimmed type, and 
received in the form of a hot-rolled 34-inch plate. The effects of a 
variety of heat treatments on this material have been studied in det 
using Charpy V-notch and low temperature standard tensile tests (13 
It has been found that the —196°C (—320°F) properties can 
varied from extreme brittleness (950 °C furnace-cooled) to excellent 
ductility (950°C air cooled), all with normal equiaxed ferrite plus 
pearlite microstructures. Specimens treated in this way and some 
the as-received condition were used in the present series of tests 
standard-test data are shown in Table I. 


Table I 
Standard Test Data for Mild Steel* 


Yield Stress Fracture Stress Reducti in 
Charpy V-notch at —196°C at 196°C Area at 196°¢ 
Transition ( —320°F) Round 320°F) Round 320°F) Round 

Heat Treatment Temp. °C Bar Tensile Bar Tensile Bar Tensile 

Test, 10%psi Test, 10°psi Test 
950°C, Furnace 22.4 119 122 0.3 

Cooled 

As-Received 


5 117 122 


15.7 
950°C, Air —23.1 140 186 
Cooled 


*See footnote at bottom of page for composition of steel 


The heat treatments were carried out in a helium atmosphere 
full-plate thickness blanks. The specimens, flat strips 0.035—0.040 
inches thick with a parallel-sided gage section of 5 inches long and 
0.25 inches wide, were machined from the center, the last 0.010 inch 
being removed by slow grinding with a well lubricated porous whee 
Deep etching revealed no evidence of overheating. The specimen ai 
plate surfaces were mutually parallel, the specimen axis coincidit 
with the rolling direction. One surface of each specimen had a grou 
finish with all the scratches (corresponding to about 0 emery pape! 
running longitudinally. The other was taken down to 000 paper befor 
being polished with diamond paste. An accurate scribing machine w 
used to mark a scale with 1-millimeter intervals on the ground sid 
along the whole length of the specimen, the short transverse scratch¢ 
being hardly deeper than the longitudinal grinding marks. 

The tests were conducted with a modified Hounsfield tensile n 

! Analysis 


C 0.22, Mn 0.36, T° 16. 8 0031, Si 0.002, Cu 0.17, Ni 0.13, Cr 0.08, \ 
Al 0.009, Sn 0.012, As 0.001, O 0.006. 
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The load was applied through an electrically driven screw and 

r train, and measured by the deflection of a stiff spring. The overall 

of strain was the independent variable, the range of crosshead 

eds lying between 8.9 10~* and 1.6 & 107! inch per minute. 

he resulting yield stress was indicated on a semi-automatic load 
tension recorder. 

the specimen did not break, the test was discontinued when the 


iiders’ bands covered almost the whole gage section (yielding time 








1200 


8.9 x 10°4 in 











received 


{0-60 minutes). After each run the specimen was removed from the 
uid nitrogen bath, warmed to room temperature in cold water, and 

lried with alcohol and a warm air blast. The strain pattern was easily 
bserved on the prepolished surface, and was examined subsequently 
optical microscopy. The plastic strain along the length of the speci 
en was determined by measuring the inscribed millimeter scale undet 
low power microscope with a Hurlbut counter 


EXPERIMENTAL ReEs1 
The Stress-Strain Conditions 
rhe preyield nonelastic phenomena and the initiation of Liders’ 
rain at —196 °C (—320 °F) in these specimens have been described 
elsewhere (12). Typical load-extension curves are shown in Fig. 1. As 
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nticipated (21), the yield stress was found prope irtional to the loga- 


m of the crosshead speed (v.) (Fig. 2). The maximum drop in 
id during yielding in any specimen corresponded to a decrease of 
3500 psi, based on the original cross section. Contrary to the 


classical model of Liiders’ band propagation, the average strain over 
the length of the bands increased with the time of loading (Fig. 3). In 
iddition, the local strain within a well developed Liuders’ band was 

t uniform (Fig. 4), being a little greater near the point of initiation 

the shoulder of the specimen. An average “true” stress was cal 

lated from the measured load and the corresponding average Liiders’ 
strain at selected times. Although the load decreased somewhat as the 
Liiders’ strain increased during the time-dependent yielding, the stress 
remained constant to within about 500 psi, which is an appreciably 
smaller variation than the experimental reproducibility of the vield 
stress (about 2000 psi). 

Fisher and Rogers (14) have demonstrated the existence of creep 
it —78°C (—108 °F) in mild steel wires after the whole specimen 
is covered by Liiders’ bands. The time-dependent Liiders’ strain at 

196 °C (—320°F) observed in the present experiments appears 

be a related effect. According to Fisher and Rogers (14), the 
Liiders’ strain depends upon the applied stress and is not directly af- 
fected by the testing temperature. Unfortunately, the Liders’ strain 
is also influenced by the stiffness of the testing machine and the geom- 
etry of the specimen (15), so that it is not feasible to compare data 
btained by different techniques. After normalizing at 950°C 
(1740 °F), there was a striking increase both in the creep rate and in 
the maximum strain (Fig. 3.) At the same loading rate, the normalized 
specimen had a yield stress 6000 psi greater than the as-received speci- 

en, but it seems improbable that this 5.1% increase in stress is suffi- 
cient to account for the 130% difference in Liiders’ strain. Thus, it 
appears that at —196°C (—320°F) the Liiders’ strain is sensitive 
to changes in heat treatment. 

Liders’ bands started at both ends and moved slowly towards each 
other. Between the bands, the steel was stressed above the elastic limit 
and contained a small nonelastic microstrain (stage 1) which then in- 
creased slowly with time (stage 2) (12). At very slow crossheac| 
speeds, the maximum load could be applied for several hours before 
the Liiders’ bands traversed the whole specimen, and during this time, 
ne slip lines could be observed between the bands. However, no new 
Liiders’ bands were initiated although it seems probable that, with 
longer specimens or still slower loading rates, this could occur. 


Influence of Loading Rate on Cleavage Fracture 


\t constant stress, the time to fracture or, if no break occurred, to 
termination of the test was measured from the onset of gross yield- 
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Fig. 5—Time of Yielding Before Fracture as a Function of the 
Crosshead Speed (ve). Steel air-cooled from 950 °C (1740 °F) and 
tested at —196 °C (—320 °F). X—specimen broke. O—no fracture 


ing as indicated by the load extension curve. There was always a time 
delay before fracture which, as an example, is plotted as a function of 
the crosshead speed for the air-cooled specimens in Fig. 5. In this cas 
there was a well defined crosshead speed (8.5 & 10~* inch per minut: 
above which the specimens fractured quickly and below which th 
were ductile. All the specimens furnace-cooled from 950 °C (1740 °F 
broke in a short time, but showed a decrease in time-to-fracture wit 
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increase in crosshead speed, corresponding to the right-hand branch 
of Fig. 5. The slowest loading rate for brittle fracture of the as-received 
specimens lay between those for the other two series. At crosshead 


speeds greater than 3.6 & 10~* inch per minute, all the as-received 


specimens broke after some delay. However, in seven tests at this 
borderline speed, three specimens broke quickly while the remaining 


four did not fracture in long-time tests. 
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Fig. 6—Elongation in 5-inch Gage Length as a 
Function of Crosshead Speed (1 erature 


Temy 
196 °C (—320 °F). X—specimen broke. O 
no fracture 


The overall elongation (in 5 inches) was governed by the extent 

Liiders’ strain and the distance covered by the bands during the 
time of the test. The measured elongation is shown as a function of the 
rosshead speed in Fig. 6. 

When the overall elongation is plotted against the average “‘true”’ 
tress in the Liiders’ bands at the end of each test, the curves shown in 
ig. 7 are obtained. These suggest that in each series there is a stress 
ibove which the steel is brittle. In the normalized series, the demarca- 
tion was well defined, but in the furnace-cooled specimens, a sufficiently 
low stress to permit ductile behavior was not attained. The lowest 
stress achieved experimentally for the as-received specimens was very 
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close to the transition stress, and the scatter in the ductility data prob 
ably resulted from small differences in specimen dimensions or hetero 
geneity in the steel. 

As the crosshead speed was increased in the brittle range, the viel 
and fracture stresses increased (Figs. 2 and 7) and the time to fractyr: 
decreased (Fig. 5). However, no fracture occurred without prior gross 


= | 


deformation. The average Liiders’ strain in fractured specimens was 
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between 2.1 and 5.2%, while the maximum strains in 3 millimet 
were between 3.2 and 6%. Larger average strains were found in m 
of the ductile specimens. For example, average strains greater tl! 
7% (with a maximum in 3 millimeters of 10.1% ) were observed 
normalized specimens tested at slow speeds such that no fracture 
curred during the run (Fig. 3). 


Metallographic Observations 
sy visual examination of the polished surface it was noted that ¢ 
fracture was located within a Liiders’ band. This was true even at t 
fastest crosshead-speeds where the Liiders’ bands spread only about 
1 millimeter before fracture. Although the fracture was often fair! 
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Examples of Microcracks formed at —196 (—320 °F) in Ductile Specimens 
x 1 
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Assembly of Microcracks in Specimen Without a Complete 
Fracture. (a) and (b) the same area. (a) * 1000, (b) ] 
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Fig. 10—Unusual Slip Markings Observed After 
) and (b) are the same area with different positi 
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close to the leading edge of a band, it never coincided with the inter 
face and in some instances was more than '%-inch behind the front 

Microcracks were observed in the Liiders’ bands of all the specimens 
even those which behaved in a ductile manner. Usually the cr 
traversed only one or two ferrite grains (Fig. 8) although there 
instances of several microcracks joined by very severe local defor: 
tion, the whole assembly extending across five or more grains (Fig. 9 
The longest strings of cracks were found in specimens subjected t 
the slowest loading rate and lowest stress. It appears that some sing| 
grain microcracks spread slowly by inducing cleavage in neighboring 
grains, and at low stresses this process is able to continue for some tim« 
before fracture results. 

A few twins were seen in the Liders’ bands, but these were easil 
distinguished from the microcracks both by their general appearance: 
in rotated oblique illumination and by repolishing and re-examining 
the unetched surface when the cracks, unlike the twins, persisted. Th 
twins were not associated with the microcracks. In the area between th: 
Liiders’ bands, no microcracks were noted in any of the specimen 

The genesis of the microcracks proved elusive. None smaller than a 
grain diameter was found, and all produced secondary deformation 
at their ends tending to obliterate the original slip traces. In addition 
to the microcracks, numerous markings indicating slip at variance with 
the predominant slip orientation and with exceptional step heights 
were observed (Fig. 10). However, no direct evidence connecting 
these with the subsequent formation of microcracks was obtained. 


DIscusSION 
Comparison of the Stroh and Low Theories 


Stroh (1,2) has postulated that a cleavage crack can form when 1 
(lislocations, piled up under the action of a shear stress, o,, satisfy the 
condition 


nbeo.—12y¥ Equation 1 
where b is the Burger’s vector and y the surface energy of the cleave 
faces of a single crystal. Assuming the blockage is provided by a graii 
boundary, the piled-up dislocations are pictured to occupy a lengt! 
equal to half the grain diameter, d, and the fracture stress, op, is then 


or = 4 [67G/m (1 — v)] **d-” Equation 2 


where G is the shear modulus and v is Poisson’s ratio. At a give! 
temperature, 


or = kd” Equation 


which has been verified experimentally for polycrystalline zinc b 
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Greenwood and Quarrell (5). To fit the experimental data for iron 

steel at —196°C (—320°F) Petch (3,4) found it necessary to 
ntroduce a second constant oo, the yield stress of a single crystal at 
the testing temperature, so that 


or = 0 + kd” Equation 4 


t 


Low (10) also observed a linear relationship between of and d—1/? 
for low carbon iron at —196 °C (—320 °F), but explained the result 
in terms of the Griffith-Orowan concept : 


or = [4E p/x]** d-” Equation 5 


where E is Young’s modulus and p is an energy term which includes 
the surface energy and the plastic work done during fracture. 

\ccording to Stroh (2), the proportionality constant k in equa- 
tion (3), (which does not include a plastic work term) agrees with 
experimental values deduced from the Petch (3,4) and the Greenwood- 
Quarrell data (5). On the other hand, Low (10) maintains that the 

lastic work term far outweighs the surface energy term since the 
experimental value found for p in Equation 5 is at least two orders 
of magnitude greater than the known surface energies of metals. 

\n important stimulus to the development of the dislocation theory 
has been the belief that subcritical Griffiths cracks do not exist in a real 
metal prior to brittle fracture. The present work has shown clearly 
that this belief is unfounded in the case of mild steel since microcracks 
are formed before fracture. 

The dislocation pile-up theory does not account for either the loca- 
tion of the fracture or the effects of loading rate observed in the present 
experiments. In this view (2), fracture and yielding are taken to be 
competitive processes, cleavage resulting from the normal stresses and 
vielding from the shear stresses around a queue of dislocations. The 
shear stress required to activate a dislocation source in a neighboring 
crystal increases as the temperature is decreased, so that at some tem- 


perature the necessary normal stress for cleavage is achieved before 
the shear stress to induce further slip is reached. The present experi- 
ments were carried out well below Stroh’s estimated temperature (2) 

{ transition from slip to cleavage behavior, and also below the meas- 


ured tensile transition temperature (16). Consequently, the strain 
preceding fracture should be only that resulting from the pile-up of 
lislocations, its magnitude being about the same as that of the first- 
tage microstrain. In other words, brittle fracture should occur either 
before gross yielding in the vicinity of the stress concentration near 
he specimen ends or, subsequently, at the front of the Liiders’ bands. 
in none of the experiments did fracture occur in either of these 
situations. 

he time required to build up a dislocation queue at a constant ap- 
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plied stress should be that necessary to establish the microstrai; 
(stage 1). These times for mild steel, at different stresses and temper 
atures, have been measured by Clark and Wood (17-19). At the stat 
yield stress, they are very small compared with the delay time fo: 
yielding. Thus, since there is no term in Equation 2 suggesting 
built-in time dependence for cleavage, the Stroh theory predicts that 
the fracture stress should be less sensitive than the yield stress t 
increase in the loading rate, and that the probability of fracture wit! 
out prior gross yielding should be greater when the crosshead spe: 
is increased. In the present experiments, fracture was always preced 
by gross yielding and the fracture stress increased with the yield str 
The Low concept of brittle fracture in iron at —196 °C (—320 
rests on two propositions : 
1. Fracture is preceded by yielding and the formation of mic: 

cracks of a size related to the grain diameter. 

The fracture stress is that stress which causes the microcracks 

to propagate to complete failure, the critical conditions being 

defined by Equation 5. 


The relation between yielding and fracture was demonstrated experi 
mentally by showing that in coarse-grained iron the fracture stres: 
tension coincides with the yield stress in compression when both test 
are conducted at —196°C (—320°F) and at the same strain rate 
\ separate slow-bend test was used to demonstrate the presence of su 
critical microcracks. These were caused to propagate to complet: 
failure by increasing the applied stress. Thus, the conditions were con 
parable with those in the fourth stage of the nonelastic strain in a tet 
sion test, that is, after the Liders’ bands have covered the specimet 
The present experimental data, which show this behavior even in the 
situation of minimum ductility in tension at —196 °C (—320 °F), pro 
vide substantial support for Low’s viewpoint over a range of testing 
speeds. At all stresses which produced gross yielding at —196 °( 
(—320 °F), microcracks were found in the Liiders’ bands. In the air 
cooled and as-received specimens, these did not propagate to failur: 
within the time of testing (about 40 minutes) unless the stress was 
greater than a certain minimum (Fig. 7D). It is reasonable to assume 
that in the more brittle furnace-cooled specimens, the yield stress was 
always greater than the ininimum stress required to cause the micro 
cracks to spread rapidly. 


General Discussion 
To form a microcrack it is necessary to cause appreciable plasti 
deformation and to reach a sufficiently high stress. The minimum stress 
necessary at —196°C (—320°F) could not be ascertained since 
microcracks were produced at the lowest yield stress attainable. No 
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s it possible to obtain any direct information about the mechanism 

which the microcracks are generated. Single crystal techniques 
ppear to be more appropriate for studying this problem. 

\t a constant applied stress, there is a time delay before cleavage 
fracture (Fig. 5). This has three components: the delay time for the 
initiation of Ltiders’ bands, the time for formation of microcracks, and 
the interval between their formation and propagation to complete frac- 
ture. The first component is not significant in the present data since 
the times were measured from the start of gross yielding. In the slow 
peed tests on air-cooled specimens, microcracks were found in less 
than 30 seconds after the initiation of Liiders’ strain, although the 
bands continued to spread for an additional 40 minutes without frac- 
ure. Evidently, the propagation of the cracks is the major time- 
leciding factor. 

The delay in propagation cannot be understood in terms of Equa 
tion 5 which does not contain any time-dependent factors. The average 
plastic strain (although time dependent ) is not a criterion for fracture 
since the slowly-loaded specimens which did not break contained a 
much larger Ltuders’ strain than the specimens which fractured at 
higher stresses. As explained earlier, the average stress on a Liiders’ 
hand did not fluctuate more than about 0.4%. While it is possible that 
this fluctuation could account for the delay in fracture, it seems more 
probable that the important changes occur on a much smaller scale. 

The delayed fracture is thought to be a consequence of the time de- 
pendence of the Ltders’ strain at low temperatures (Fig. 3). As 
neasured on the millimeter grid, the strain along a band is not uniform 

Fig. +) and frequently fractures are not located near the maximum 
strain even on this scale. Microscopically the deformation is very 
heterogeneous. The stress-strain pattern in the vicinity of any one grain 
is not accurately reflected by the average measurements, and it changes 
ontinuously as creep progresses. Under these conditions the develop 
ent of microcracks is complex. The material surrounding a crack 1s 
not isotropic, as assumed by Equation 5. Further the relative grain 
rientations must be a factor in determining the probability that one 
if the original microcracks will induce cleavage in a neighboring grain 
When cracks have formed in several connected grains, d in Equa- 
tion 5 should be replaced by the length of the crack assembly, and the 
same applied stress can now drive the fracture through more unfavor 
ble environments. There is some critical size such that fracture can 
progress through any surroundings it encounters, and then catastrophic 
ilure ensues. 

\ sequence of cracks extending through a number of grains, N, 
Fig. 9) was observed in several of the specimens which had yielded 
extensively at stresses below the minimum stress for failure. Similar, 


but less extensive, arrays of cracks were observed in some of the frac- 
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tured specimens in locations remote from the main fracture. It is ey; 
dent that at stresses close to and below the minimum fracture stress 
the critical size for final failure is appreciably greater than that for 
the first-formed microcrack. If Equation 5 is used to compute the mini 
mum fracture stress, d must be replaced by N*d, N* being the number 
of single-grain microcracks in the assembly of critical size. Then 


ov = Const. (P/N*d)*” Equati 


The present experimental conditions approximate the situation wher 
the applied stress, a, is held constant while N increases with time 

Fracture occurs if the total crack length (Nd) reaches a critical 
value in the time available. It may be that the growth rate of a sub 
critical crack is affected by the grain size and heat treatment, but nm 
information on this point is available. However, it is clear that 
critical crack length is determined by the value of P. Grain size is ar 
important factor in fracture behavior and, thus P must be a function 
of d. This is readily understood if the contributions to the plastic wor! 
term are considered. The two major sources of energy absorption ar 
the deformation which occurs at cleavage steps within the grains (9,20 
(Estep) and the shear deformation required to join adjacent cleavages 
(Etear). The lattice affects a large volume of metal (Figs. 8 and 9) and 
certainly appears to be the major contribution. Since the number 
discontinuities in the cleavage, and therefore the number of shear 
volumes, must increase with a decrease in grain size, it seems like] 
that the grain size effect operates by virtue of its influence on Exe, 
and thus on p. 

It has been suggested that of is proportional to d~!/* (3,4,9,10 
(thus, if the preceding argument is correct, P is proportional to d 
but the minimum fracture stress as revealed by the present experiments 
conforms only very approximately to this relation (Table II). Th 
range of d investigated was small but appreciable effects were pro 


Table Il 
Variation of cr 5 Ana Heat Treatment 
Min 


min. value of 
Heat Treatment rd!/2(1b/in® 
950 °C (1740 °F), Furnace-Cooled <3.97 
As-Received 4.18 
950 °C (1740 °F), Air-Cooled 3.22 


duced by changes in heat treatment. For example, at 125 « 10° ps! 
the furnace-cooled and as-received specimens fractured in a short tim 
while the air-cooled specimen was ductile (Fig. 7d), thus reinforcins 
a previous conclusion (13) from work on these steels that changing 
the cooling rate produces greater effects than can be accounted for o1 
the basis of grain size alone. 
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yw (10) and Petch (4) employed short tensile bars of circular 
cross section and probably loading rates* approaching the most rapid 
used in the present experiments. Under their conditions, the creep 
and delayed fracture phenomena are not significant because the spect 
nen is at the constant lower yield for only a short time. As stated by 
Low (10), in coarse-grained steel microcracks form and propagate 

) failure at the yield stress, but when the grains are small they do not 

pagate until the continuously increasing applied stress reaches some 
higher value. In the former case, og closely corresponds with oysg and 
both are the same linear function of d~'/*. The second situation, when 
the specimens show some ductility, is complex. Then the first-formed 
microcrack (about one grain diameter) is smaller than the critical 
size (N*d) and, consequently, it is expected that the effective crack 
size (Nd) increases as the stress (o) is increased. P also is expected 
to increase with o since further plastic deformation occurs. Low found 
experimentally that the additional stress required to cause crack propa- 
gation to failure was proportional to d~!/? although the data indicated 
appreciable scatter, and subsequent investigations have shown that 
grain size is not the only heat treatment sensitive variable in this 
situation (13,22). 

CoNCLUSIONS 

The following refers only to mild steel, long-strip specimens, tested 
in tension at —196°C with testing speeds between 8.9 x 10~* and 
1.6 X 10—? inch per minute. 

|. Fracture is always preceded by gross yielding; thus, when the 
testing speed is increased, the fracture stress increases with the yield 
stress. Microcracks and complete fractures are located only in the 
Liders’ bands, usually some distance behind the moving front. 

2. Although microcracks are formed at all loading rates within the 
stated range, there is a minimum stress required for complete fracture, 
this minimum stress is materially affected by heat treatment. 

3. The magnitude of the Liiders’ strain is time dependent and sensi 
tive to changes in heat treatment. 

+. Fracture occurs in stages: first microcracks, about one grain 
diameter, are formed. By inducing cleavage in neighboring grains, these 
nicrocracks spread subsequently across a number of grains, the indi- 
vidual cleavages being connected by regions of very severe deforma- 
tion. Finally, the assembly of cracks reaches a critical size and propa 
gates rapidly to failure. 

5. At a constant stress during yielding, there is a time delay to 
racture. This appears to be a result of the creep which occurs in the 
Luders’ strain. 

In general terms, these observations are compatible with Low’s ap- 


* Their loading rates are not given. 
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plication of the Griffith-Orowan concepts rather than with the dis 
tion pile-up theory which does not appear applicable to the brittl 
ture of mild steel. 
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DISCUSSION 


Written Discussion: By G. Schoeck and E. T. V 


Vessel, Westinghouse Electric 
poration, Research Laboratories, Pittsburgh. 

he authors made a valuable contribution to the investigation of brittle frac 
ture in steel. They show that for mild steel at —196°C (—320°F) fracture oc- 


I 


curs only after a Liiders’ band has been formed, and that before fracture many 
stable microcracks are formed within a Liiders’ band. Under the conditions of 
these tests therefore the fracture stress is not the stress necessary to initiate cracks 
but is the stress that is required to propagate existing cracks. 

From their observations the authors conclude that the dislocation pile-up theory 
of fracture is not compatible with the experimental results. A critical examination 
of the arguments shows, however, that this conclusion seems not to be justified. 
The authors imply that the pile-up theory predicts 


(a) There exist no cracks prior to brittle fracture. 

(b) At the temperature of the experiments the strain prior to brittle frac- 
ture should be only of the first stage micro-strain i.e. of the order of 
€ 5°10”. 

(c) Fracture should occur prior to gross yielding and dislocation theory 
is not able to account for the delay time for fracture. 


Che pile-up theory of brittle fracture *, however, makes at least in its later devel- 
pments *° a distinction between crack formation and crack propagation. Stroh’s * 
riterium for fracture 


nrb = 12¥ 


number of dislocations in pile-up, r= shear stress, b = Burgers vector, 
surface energy) is the condition for nucleation of a crack. In order to obtain 
large enough pile-up always some deformation has to proceed the crack 
formation. 
Let us consider the conditions quantitatively. Since the maximum shear stress is 
ual to Yer the number of dislocations necessary to form a crack is from Stroh’s 
Iculation 
Nr — 24y ber 


using the value of y ~ 2000 erg cm™ for the surface energy of iron and the 
lue of oy = 120°10° psi for the fracture stress we obtain 


ny ~ 230 


\. N. Stroh, Proceedings, Royal Society, Vol. 223 


\. N. Stroh, Philosophical Magasine, Vol. 46, 195 


N. F. Mott, Journal, Iron and Steel Institute, Vol. 174 
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On the other hand we can correlate the number n of dislocations per grain 
have moved over the grain diameter d, with the plastic strain e by the relat 


e ~ nb/d 


Since the grain diameter in these tests was of the order of d ~ 4°10™ cm th 
number of dislocations ni per grain to produce the microstrain of e ~ 5¢10* 


would be 
n~8 


This number is obviously too small to produce a crack. If we consider, howey 
a Liiders’ band where the strain is of the order of 4°10 we obtain as the number 
of dislocations per grain 
Ne ~ 6400 


These dislocations will be produced, of course, by different Frank-Read sources 
and if about 30 sources are present each of them would produce enough dis 
locations to initiate a crack. 

The crack which is formed by a pile-up, however, can be stable and it will only 
propagate if there exists a large enough tensile stress to make it spread and if it 
is not damped out by plastic flow around its apex. In order to prevent plasti 
flow the Frank-Read sources have to be locked effectively and this itself depe: 
on the temperature and on the velocity of crack propagation. A theoretical analysis 
is rather complex. The delay time for fracture, however, could well be interpreted 
that by the increase in Liiders’ strain with time finally the condition for crack 
propagation is reached either by accumulating of more dislocations until a critical 
crack size or stress concentration is reached or by joining up of several individ 
cracks. 

It has to be emphasized here that the occurrence of fracture changes wit! 
temperature and it is interesting to compare the present results with similar 
vestigations. Wessel ® has studied fracture of the same kind of material (rimmed 
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Fig. 11—Comparison of Fracture Appearance and Type 
of Stress-Strain Curves for Various Test 
Temperatures (6). 


®E. T. Wessel, Proceedings, American Society for Testing Materials, Vol. 56, 1956, p 
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d steel) over a wide temperature range from —269°C to —50°C (—452 to 
<8°F). An extensive discussion of these experiments has been given else- 
here.” 7 but the important result is shown in Fig. 11. The tests were made at a 
sec”. It is possible to distinguish between 3 


nstant strain rate of about 2°10° 
lifferent regions : 
1) from —269 to —200°C (—452 to —328 °F) cleavage fracture occurs 
during the drop in load usually associated with yielding. 

II) from —200 to —160 °C (—328 to —256°F) cleavage fracture occurs 
after the yield drop, usually during the lower yield point elongation 
(propagation of Liiders’ band). 
above —160°C (—256°F) fracture occurs during deformation fol- 
lowing the Liiders’ strain. Rupture starts after necking as shear frac- 
ture which converts later to cleavage 


It is important to notice that in these tests the deformation before the yield drop 
was of the order of 10°. This corresponds to about 300 dislocations per grain 
which is of the order of magnitude necessary to initiate microcracks. 

The authors’ tests were made in region II slightly above the transition temper- 
ature from region I. The present experiments show that in region II the fracture 
stress is that for crack propagation. In region I the situation is different. There 
is no evidence that cracks are formed before the “yield drop”. Hence here the 
‘yield drop” may actually be caused by crack formation and a crack once started 
is able to propagate and lead to gross failure. Therefore in region I it is likely 
that crack formation occurs before the formation of a Liiders’ band, although 
further studies will be necessary to confirm this point 


Authors’ Reply 
The discussion by Schoeck and Wessel highlights some of the main issues in 
1e dislocation pile-up hypothesis for brittle fracture. It is now clear that, at least 
n the present tests, a distinction must be made between the conditions leading to 
the formation of microcracks and their subsequent propagation to fracture. Stroh’s 
quations deal with the problem of nucleating a crack, but the predictions have 
been compared with the experimental fracture stress rather than with the local 
stress required to nucleate a microcrack. 
Once it is granted that the microcracks do not form until after gross deforma- 
n has occurred, as is the case at hand, there is no longer a competitive situation 
etween plastic deformation and cleavage fracture during the early stages of 
loading. The theory requires that one or the other should take place, but since 
gross plastic deformation intervenes, we do not have the neat dislocation queues 
) explain the subsequent microcracks. 
\ccording to the analysis given by the discussors, enormous dislocation pile-ups 
vould be needed to account for the origin of the microcracks. But inasmuch as 
homogeneous yielding has already occurred before the microcracks are ob- 
erved, these dislocations have clearly broken through the grain boundaries and 
he specimen surface in the gross deformation and they can no longer furnish the 
ile-ups demanded by the theory. 
[t appears that the resolution of this dilemma must await a clearer picture of 
he conditions under which the microcracks in steel are generated. 


E. T. Wessel, Transactions, American Institute of Mining and Metallurgical Engineers, 
1. 212, 1957, p. 930. 





THE INITIATION OF BRITTLE FRACTURE 
IN MILD STEEL 


By J. A. Henprickson, D. S$. Woop, anp D. S. CLARK 


Abstract 


This paper presents the results of a study of the condi 
tions underlying the initiation of brittle fracture in an an 
nealed low-carbon steel. Notched tensile specimens have 
been tested at temperatures of —23, —110, and —200 °F 
(—30, —79 and —129°C) at rates of application of nom- 
inal stress ranging from 10? to 10’ psi per second. 

The magnitude of the maximum nominal stress (fracture 
stress) has been determined for those tests in which brittle 
fracture occurred. The distribution of stress on the cross 
section at the root of the notch at the instant of brittle frac- 
ture has been determined analytically. The effect of local 
plastic deformation at the root of the notch has been taken 
into account by employing an elastic-plastic stress analysis. 
The analysis makes use of values of the upper yield stress of 
the material determined in a previous investigation as a 
function of temperature and rate of stress application. 

The maximum tensile stress within the specimen occurs 
at the boundary of the region of local plastic deformation 
directly beneath the root of the notch. The magnitude of this 
stress at the instant of brittle fracture is found to be inde 
pendent of both the temperature and rate of stress applica 
tion. This critical tensile stress is not attained in the speci 
mens when the conditions of temperature and rate of stress 
application are such that ductile behavior occurs. These 
results indicate that the initiation of brittle fracture in mild 
steel is governed by a critical tensile stress which is inde 
pendent of temperature and rate of loading. The influence 
of temperature and rate of loading upon brittle fracture 
arises entirely from the influence of these variables upon the 
yteld stress. (ASM International Classification: Q26s; 
CN) 


INTRODUCTION 


HE PROBLEM of brittle fracture in steel has been of ever i 
creasing interest. Extensive research has been devoted 
subject in an attempt to understand the underlying principles. Certai1 
conditions such as low temperature, a triaxial stress state as prevails 
A paper presented before the Thirty-ninth Annual Convention of the Societ 
held in Chicago, November 4 to 8, 1957. Of the authors, J. A. Hendrickson 
research | Lacy D. S. Wood is Associate Professor of Mechanical Engineeri' 


and D. Clark is Professor of Mechanical Engineering, California Institut 
oat alas Pasadena, California. Manuscript received April 6, 1957 
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beneath a notch, and a high rate of stress rise are known to be con 
ducive to brittle fracture. However, the particular combinations of 
these parameters which will cause the initiation of brittle fracture are 
not well understood. 

An understanding of the interdependence of these parameters is of 
importance from two points of view. First, such an understanding is 
necessary for the establishment of quantitative methods by which the 
susceptibility of structures to brittle fracture in service may be pre- 
dicted from the results of laboratory fracture tests. Second, quantita- 
tive knowledge and control of these macroscopic parameters is a pre- 
requisite to the planning and interpretation of experimental investiga- 
tions concerning the microscopic or atomistic mechanism of the 
initiation of brittle fracture. Investigations of the latter type are the 
means by which a fundamental understanding of the influence of metal 
lurgical variables, such as grain size, chemical composition, heat treat- 
ment, etc. upon the initiation of brittle fracture may be obtained. An 
understanding of the mechanism by which brittle fracture is initiated 
may require new rather than traditional avenues of approach as has 
been indicated by Shank (1)! in an excellent summary of progress in 
the field of brittle fracture. 

srittle fracture of the type associated with a transition temperature 
in conventional notched bar impact tests has been found to occur in 
many, if not all, of the metals which exhibit the body-centered cubic 
crystal structure. While some of the hexagonal close-packed metals 
also exhibit this transition temperature, the face-centered cubic metals 
do not (1). It is significant that the classification of metals on the 
basis of their crystal structure also differentiates those which do and 
do not exhibit distinct yield points or discontinuous yielding in their 
conventional stress-strain relations. The metals that crystallize in the 
body-centered cubic structure and some of those that have the hex- 
agonal structure exhibit distinct yield points while the face-centered 
cubic metals do not. Those metals that exhibit a transition temperature 
and distinct yield points, also exhibit delayed yielding (2,3,4,5,6). The 
probability is thus strong that the existence of a ductile to brittle transi 
tion temperature and delayed yielding are closely related. 

This paper presents the results of an investigation of the behavior 
of notched tensile specimens of annealed mild steel subjected to differ- 
ent constant rates of loading at different temperatures. The purpose 
of this investigation is to determine quantitatively the inter-relationship 
between temperature, loading rate, and stress state beneath a notch 
which governs the initiation of brittle fracture. 


THEORETICAL CONSIDERATIONS 


The stress condition beneath a notch, in a tensile specimen, includes 
triaxial tensile stresses. Such a stress condition suppresses general 


1 The figures appearing in parentheses pertain to the references appended to this paper. 





658 TRANSACTIONS OF THE ASM 


yielding of the material and hvuce is conducive to fracture with greatly 
reduced plastic flow or brittle fracture. The fact that some plastic de- 
formation in a local region near the notch root precedes brittle fracture 
even in the case of extremely sharp notches, is rather well established 
(7). Brittle fracture appears to be initiated at some distance beneat! 
the notch surface (8), presumably at some point near the boundary be 


¥ 
p 
P=2a0, 


Fig. 1—Elastic-Plastic Solid with Hyperbolic 
Notches. 


tween the region of elastic behavior and the plastically deformed region 
Since plastic deformation occurs prior to the initiation of brittle fra 

ture, the stress distribution beneath the notch at the instant of initiation 
of fracture cannot be determined solely by means of the theory of 
elasticity. Thus a suitable form of the theory of plastic deformation 
must be employed in the region of plastic flow, while the theory of 
elasticity is employed for the remainder of the specimen. 

An elastic-plastic stress analysis appropriate for application to th 
experimental results obtained in this investigation has been derived 
The stress analysis has been made for a solid body having the cros 
section shown in Fig. 1. The notch surfaces are formed by the tw 
sheets of an hyperbola having an included angle of 29° between the 
asymptotes. The ratio of the half width at the minimum cross-section 
a, to the radius of curvature at the root of the notch, p, is a/p = 15 
The body is of infinite extent in the plane of Fig. 1 and in the directior 
normal to that plane. All cross sections parallel to the plane of the 
figure are the same. Thus the problem is one of plane strain. 

The tensile load, P, per unit thickness normal to the plane of th 
figure acts in the direction perpendicular to the plane of the minimun 
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ross section. This load is assumed to be applied by suitably distributed 

surface forces acting on the body at an infinite distance from the mini- 
mum cross section. The load may be expressed in terms of the nominal 
stress, op, acting on the minimum cross section by the relation 
P = 2ads. 

This elastic-plastic body does not coincide with the actual specimen 
shape employed in the experimental portion of this investigation. The 
specimen shape is axially symmetric with the notch surface in the 
form of an hyperboloid of revolution. However, the results of the stress 
analysis are believed to provide a close approximation to the stress 
state in the test specimen, as will be discussed later. The plane strain 
approximation is employed in the analysis because a method of solu- 
tion for this problem is available while a method applicable to the 
.xially symmetric case is not. 

The stress analysis for the elastic-plastic body in plane strain is based 
upon the following assumptions : 

(a) The material (mild steel) is assumed to be homogeneous 
and isotropic in both the elastic and plastic regions. This as- 
sumption means, in effect, that the stresses and strains are only 
considered as average values over regions larger than the grain 
size of the material. 


(b) Hooke’s Law, implying a linear relation between stress and 
strain, is assumed to apply at any point in the elastic region. 


(c) Plastic deformation occurs when the maximum shear stress, 
Tmax, Teaches a critical value, r,. This is the commonly used 
Tresca Yield condition and holds quite well for steel which 
exhibits a distinct yield point. 


(d) The material is non-strain hardening. This assumption holds 
true in mild steel for small plastic strain. The inclusion of strain 
hardening considerations in this investigation would require a 
modification of the yield condition with an attendant increase in 
mathematical complexity. 

(e) The direction of the maximum shear stress, tmax, iS as- 
sumed to always lie in the plane of Fig. 1. Hence the component 
of plastic strain in the direction normal to the plane of Fig. 1 is 
always zero. When plastic deformation is first initiated at the 
root of the notch, this condition is satisfied. Thus it may also 
be expected to hold true for a small penetration of the plastic 
region beneath the notch. 


(f) The displacements at the free (notch) surface are small 
enough that the change in shape of the notch contour during plas- 
tic deformation need not be taken into account. The justification of 
this assumption comes from the solution of the problem. Namely, 
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the plastic region existing at the instant of initiation of brittl 
fracture is always small and confined to the immediate vicinity 
of the notch root. Thus the plastic strains are small (of the order 
of elastic strains), and therefore the displacements of the free 
surface are negligible. 


(g) The load is applied in a monotonically increasing manner 
and the strain in any element of the body increases monotonically 
This corresponds with the type of loading employed in the ex- 
perimental work. 


The origin of the coordinate system employed in the stress analysis 
is at the center of symmetry of the body as shown in Fig. 1. The z 
coordinate is normal to the plane of the figure. The x axis is in the di 
rection of the applied load and the y axis passes through the notch root 

The deformation is entirely elastic for small values of the applied 
nominal stress, o,. The stresses for this case have been determined 
analytically by Neuber (9). The maximum stress is 4.96 times the 
nominal stress, for the particular notch employed in this investigation. 
This maximum stress occurs at the root of the notch in the direction of 
the applied load. When the nominal stress is increased to the value 
on = 1/4.96 aya, where aya is the yield stress of the material in simple 
tension, plastic deformation begins at the root of the notch. 

There is no known method for obtaining analytical expressions for 
the stress once plastic deformation begins. However, solutions may be 
obtained by a technique of step by step numerical calculations known 
as the relaxation method (10). This method has been employed by 
Allen and Southwell (11) to obtain the solutions of problems of elastic 
plastic deformation similar to that of this investigation. The calculations 
have been performed for four values of the ratio between the nominal 
stress and the yield stress, namely, o,/ayqa = 0.70, 0.81, 1.12, and 1.35 

The principal stresses at the minimum cross-section are shown as a 
function of position, (a — y)/p, near the root of the notch in Fig. 2 for 
the case o,,/cya = 0.81. The full lines represent the stresses for elastic- 
plastic deformation and the dashed lines show the stresses for purely 
elastic deformation. The maximum stress, (o,)max in the case of 
elastic-plastic deformation is the stress in the x direction at the elastic- 
plastic boundary. The value of this maximum tensile stress in the 
notched bar has been determined for several values of nominal stress 
for which the elastic-plastic stress analysis has been made. The rela- 
tionship between (oa) max/oya and o,/oya for the notch considered in 
this investigation is shown in Fig. 3. 

The position and shape of the elastic-plastic boundary within the 
body are also obtained from the stress analysis calculations. These are 
shown later. The regions of plastic deformation which occur for the 
cases in which 1/4.96<0,/osa<1.35 are confined to the immediate 
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Fig. 2—Stresses on Minimum Cross Section of a Plane Hyperbolic 
Notch with a/p = 15 and oa/ecya = D.BI under Tension. 


vicinity of the root of the notch. However, when o,/oya exceeds about 
1.35, narrow regions of plastic deformation extend toward the axis 
of the specimen but away from the minimum cross-section. This mode 
of plastic deformation is very similar to that found by Allen and South- 
well (11) for “v” notched specimens when a critical load is exceeded. 
The extended regions of plastic deformation join with small isolated 
plastically deformed regions which form on the axis of the specimen 
away from the center of symmetry. Thus for the notch considered in 
this investigation the confined plastic regions at the root of the notch 
become unstable at a nominal stress of o, = 1.35 oya, and plastic de- 
formation extends completely across the body with very little further 
increase in the applied load. As Hill (12) has pointed out, the present 
method of solution is no longer strictly valid for loads which exceed 
this critical value. For this reason the relation between (04) max/cya 
and o,/eyq shown in Fig. 3 is terminated at the value o,/oyq = 1.35. 
A consistent definition of “brittle” as opposed to “ductile” fracture 
in notched specimens may be made on the basis of the foregoing results. 
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Namely, “brittle” fracture is a fracture which takes place while the 
plastically deformed regions are confined to the vicinity of the notch 
root. Thus any fracture which occurs in the particular notched speci 
men employed in this investigation, at a nominal stress o,/oyq<1.35 is 
a “brittle” fracture. Conversely any fracture which occurs after plasti: 
deformation has progressed to the axis of the specimen, i.e., when 
o,/tya> 1.35, is a “ductile” fracture. This definition of the distinction 
between brittle and ductile fractures should correlate well with the 
transition in the amount of energy absorbed by the notched specimen 
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Fig. 3—Maximum Stress Ratio, (¢.)max./gya vs. Nominal Stress 
Ratio, ¢a/cya, for a Plane Hyperbolic Notch with a/p = 15 under 
Tension. 


since the total energy absorbed will increase markedly when the plas- 
tically deformed region extends to the specimen axis. 

The results of the theoretical investigation provide a means for com 
puting the maximum stress beneath the root of the notch at the instant 
of initiation of brittle fracture. These calculations can be made pro- 
vided the values of the nominal fracture stress, on¢, and the yield stress, 
gya, are determined experimentally. 


MATERIAL TESTED AND TEST SPECIMENS 


The material used in this investigation is the same 0.17% carbon 
steel employed in previous studies (2,3). Thus its delayed yield be- 
havior under rapidly applied constant stress in the absence of notches 
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is known for extensive ranges of stress and temperature. This steel 
vas obtained from the Columbia Steel Company, Torrance California 
Works, where it was hot rolled to 5 inch diameter bars from one 
billet of heat number 32882. The analysis as given by the mill is as 


follows: 
Carbon 0.17 % 
Manganese 0.39 % 
Phosphorus 0.017% 
Sulphur 0.040% 


The material was tested in the same annealed condition employed 
previously (2), namely, the specimens were annealed by heating at 
1600 °F for 50 minutes followed by slow cooling in the furnace. The 
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Fig. 4—Notch Test Specimen 


entire annealing treatment was done in an atmosphere of dry hydrogen 
iter all machining operations on the specimens had been completed. 
[he average grain size of this material is ASTM No. 6.5. 

The form of notch chosen for the experimental investigation is a 
hyperboloid of revolution. This form was chosen for two principal 
reasons: First, a complete elastic stress analysis is available from the 
work of Neuber (9), and second, a notch of this type may be accurately 
machined by a generating process. 

The use of a specimen in the form of a wide plate with two symmetric 
hyperbolic notches on the faces would be preferable for the purpose of 
affording a direct relationship between the experimental results and 
the theoretical elastic-plastic stress analysis. However, with the avail- 
able rapid load testing machine, the use of wide plate specimens would 
introduce experimental errors which would offset their theoretical 
idvantage. Also, the wide plate specimens would be quite difficult to 
manufacture, since a notch in a plate cannot be generated. 

rhe profile of the experimental notch is the same as the notch con- 
sidered in the stress analysis. The ratio between the radius of the speci- 
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men at the minimum cross section and the radius of curvature of the 
root of the notch is a/p = 15, with a= 0.150 inch and p = 0.010 inch 
The notches are cut in a cylindrical specimen of 0.600 inch diameter 
Thus the stress analyses for an infinitely deep notch does not strictly 
apply. However, since the notch root radius is small compared with 
the notch depth, the errors introduced in this way are negligible. The 
specimen design is shown in Fig. 4. The notch was ground with a gen 
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Fig. 5—Comparison of Shape of Actual Notch with Theoretical 
Hyperbolic Notch, a/p = 15. 


erating type of operation. The principle involved in this grinding opera 
tion is based on the fact that a hyperboloid of revolution can be gener 
ated by straight lines. 

The dimensions of the notches produced were determined by means 
of an optical comparator. The measurements show that the notches cor 
respond quite well to the theoretical shape as indicated in Fig. 5. The 
radius of curvature at the root of the notch is reproducible to within 
10% from specimen to specimen. 


EQUIPMENT AND TEST PROCEDURE 
Rapid Load Tests on Notched Specimens 


The load was applied to the specimens at the desired constant rates, 
by means of a hydro-pneumatically operated rapid load tensile testing 
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wn 


chine described previously (2). This machine is capable of rates of 

ad application up to about 10° pounds per second. The extension of 
the specimen is limited to a maximum of about 0.05 inch. Therefore 
specimens which exhibited a substantial degree of ductility were not 
fractured in the tests. 

The applied load was determined as a function of time during each 
test by means of a dynamometer, described previously (13), employing 
type AB-14, SR-4 wire strain gages. The signal from the dynamometer 
was recorded on photographic paper by means of a recording oscillo- 
graph and associated amplifying equipment. The time resolution of 
the recording system is about one millisecond. The load acting on the 
specimen at any time could be determined to within an estimated over- 
all error of about 4%. The rate of loading and the load at fracture 

when fracture occurred), could be easily determined from the oscil- 

lograph records. Fracture was always very abrupt so that the load 
trace on the record exhibited a discontinuous change in direction at 
the fracture load. 

The notched mild steel specimens were tested at temperatures of 

-23, —110 and —200 °F (—30, —79 and —129 °C). These specimen 
temperatures were obtained by means of a thermostatic bath of Freon 
12 held in a suitable container surrounding the specimen and portions 
of the grips. The temperature of —23 °F (—30°C) was obtained by 
allowing the Freon to boil. The use of dry ice in the bath provided the 
temperature of —110°F (—79°C). The temperature of —200°F 
(—129°C) was obtained by placing liquid nitrogen in a concentric 
container surrounding the inner container of Freon. A controlled elec- 
tric heater in the Freon bath then permitted the desired temperature 
to be maintained. 

The temperature of the notched specimens was determined by 
means of copper constantan thermocouples secured to the specimen by 
“Scotch” electrical tape. A thermocouple was secured to the specimen 
at each of two positions about 4 inch on each side of the notch. Read- 
ings during tests indicated that the total temperature difference across 
the notch was less than +4°F for the tests at a temperature of 
—200°F (—129°C), and negligible for the other two test temper- 
atures. The temperature variation during a test and from test to test 
was about +3°F at —200°F (—129°C) and negligible at temper- 
atures of —110 and —23 °F (—79 and —30 °C). 


Location of the Elastic-Plastic Boundary 


The position of the elastic-plastic boundary was determined experi- 
mentally for several of the notched specimens that fractured at test 
temperatures of —110 and —200 °F (—79 and —129°C). The frac- 
tured specimens were sectioned longitudinally along the axis of sym- 
metry and mounted in lucite. The specimens were then alternately 
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Table I 
Experimental Results and Computed Values of the Maximum 
Tensile Stress, (7) max 


Nominal Fracture Nominal Stress o nf Temperature (oa) 
Specimen Stress Rate 
Number oat Ib/in? on Ib/in.? sec o yd °F 103 Ib 


128.0 x 108 1.03 102 1.64 
135.5 x 10° 4.91 x 10? 

133.8 x 108 19? 

122.1 x 108 2 108 

105.6 x 108 3.2 10¢ 

102.2 x 108 4 10* 

98.35 x 108 105 

89.32 x 108 19 

89.27 103 196 

94.70 x 108 106 

90.60 x 108 106 

90.22 x 108 106 

85.30 x 108 106 

95.67 x 1% 10° 

No fracture 105 

No fracture 105 

No fracture 106 

No fracture 108 

113.0 x 108 106 1.17 
196.0 x 108 106 ( 1.07 
106.9 x 108 106 ( 1.06 
88.59 x 108 10° 0.86 
92.20 x 108 10° 0.99 
83.23 x 108 10° ( 0.81 
85.90 x 103 107 3) 0.82 
No fracture 106 

No fracture 108 

No fracture 106 

No fracture 10° 


max 


Dw 


Ne ON 


co) 


SNe RO UN ee 
t t 
‘ > a 
| RRA RRR KR AR KR KR KR RR KR KKK KR KK KKK KKK RK 


(1) Not obtainable since on/ aya> 1.5. (Not brittle fracture) 


(2) Not obtainable since yield stress not established for these rates 
(3) Based on extrapolation of yield stress vs. stress rate curves to high 
established. 


polished and etched to remove the cold-worked surface layer. A micro 
hardness survey was then made in the vicinity of the root of the note! 

The hardness determinations were made with a Tukon Hardness 
Tester using a 136-degree diamond penetrator and a 0.2 kilogram load 
Hardness readings were taken at a sufficient number of points to estab 
lish the position of the elastic-plastic boundary. All hardness readings 
were taken in regions of ferrite grains since the pearlite is harder than 
the ferrite and any overlap of the penetrator between the two structures 
would give a misleading hardness indication. 


EXPERIMENTAL RESULTS 


Rapid Load Tests on Notched Specimens 

The results of the tests on notched specimens are shown in Fig. ( 
for temperatures of —110 and —200 °F (—79 and —129 °C). These 
results are also listed in Table I together with the results obtained at 
a temperature of —23 °F (—30 °C). Fig. 6 shows the relation betweer 
the nominal fracture stress (on¢) and the logarithm of the rate of 
nominal stress application (nominal stress rate). The trend of the test 
points is represented by straight lines for both test temperatures. The 
specimens tested at a temperature of —110°F (—79°C) fractured 
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6—Stress Rate versus Nominal Fracture Stress for Hyperboli 
Notch a/p = 15 Annealed 0.17% Carbon Steel 


when the nominal stress rate at the minimum section was greater than 
about 2 & 10° psi per second. Nominal stress rates of less than about 
2X 10° psi per second did not produce fractures at a temperature of 
110°F (—79 °C) within the range of maximum obtainable nominal 
stress (140,000 psi) and maximum attainable specimen extension 
0.05 inch). The results of tests at a temperature of —110°F 
79 °C) in which fracture did not occur are shown with arrows in 
Fig. 6, indicating that fracture would eventually occur if there were no 
restrictions on specimen extension or applied load. 
Fractures occurred in the notched specimens tested at a temperature 
200°F (—129°C) within the entire range of applied nominal 
stress rates (1.4 « 10? to 1.4 & 10% psi per second). Fractures did not 
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Hardness in Elastic Region = 116 +7 DPH 


Fig. 7—Hardness Numbers (DPH) Below Notch of 

Fractured Specimen Showing Elastic-Plastic Boundary, 

For ¢gnt/cya = 0.90, Temp. —110 °F (—79 °C), An 
nealed 0.17% Carbon Steel. 
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a ao -— - { oo 4 4 
| Hardness in Elastic Region = 121+ 8DPH 
Fig. 8—Hardness Numbers (DPH) Below Notch of 
Fractured Specimen Showing Elastic-Plastic Boundary, 
For ¢at/cya = 1.64, Temp. --200 °F (—129 °C), An 
nealed 0.17% Carbon Steel. 


occur in any of the four tests at a temperature of —23 °F (—30°C 
which included the range of stress rates from 5.7 & 10° to 1.49 & 10 
psi per second. 

Location of the Elastic-Plastic Boundary 


Examples of the resuits of the surveys of micro-hardness on th 
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ross-sections of notched specimens that fractured are shown in Figs. 7 
ind 8 for the tests in which the values of on:/oya were 0.90 and 1.64 
respectively. Surveys were also made on specimens for which the 
values Of on¢/oya were 0.79 and 1.25. The means of obtaining the ratio 
ont/oya Will be explained later. The values of the hardness in the region 
ff elastic behavior obtained in these surveys were determined by 10 
measurements taken at positions remote from the notch root. The 
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Fig. 9—Comparison of Elastic Stresses at the Minimum Cross Section 
of Axially Symmetric (¢Z’, or, oe) and Plane (cx, cy, cZ) Bars with 
Hyperbolic Notches (a/p = 15) in Tension. 


elastic-plastic boundary, shown by the solid lines in Figs. 7 and 8, 
bounds the region within which the hardness is greater than the maxi- 
mum hardness obtained in the elastic region. The dashed boundary 
shown in Fig. 7 is the elastic-plastic boundary as predicted by theory. 
The theory is not applicable to values of on¢/oya>1.5, hence there is no 
theoretical elastic-plastic boundary shown in Fig. 8. The experimental 
elastic-plastic boundary shown in Fig. 8, is based on the results of 
about 140 hardness readings. 


DISCUSSION 


The maximum stress within the notched test specimens at the instant 
f initiation of brittle fracture may be determined by application of the 
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elastic-plastic stress analysis to the experimental results. However, j 
is necessary to consider the fact that the stress analysis is made for 
plane strain deformation whereas the experiments were performed on 
axially symmetric specimens. An exact comparison between the stresses 
in axially symmetric and plane bodies of the shape considered in this 
report may be made in the case of purely elastic deformation. This is 
possible since Neuber (9) has obtained analytical solutions for both 
of these problems. This comparison is shown in Fig. 9. This shows 
that in the region extending a distance of about one root radius, p, be 
low the root of the notch, the elastic stresses, o,’, o,, and og in the axial. 
radial, and circumferential directions respectively, are smaller in the 
anxially symmetric body than the corresponding stresses, ox, oy, and o, 
in the plane body under the same nominal stress, op. 

The region extending for a distance of about one root radius 
curvature below the root of the notch is the region of primary interest 
for this investigation. This is true because the depth of penetration of 
the plastic deformation which occurs prior to the initiation of brittle 
fracture is limited to this region, as shown in Fig. 7. The elastic 
stresses in this region in the axially symmetric bar are nearly equal to 
those in the plane bar when the nominal stress in the axially symmetri: 
bar is ten per cent greater than the nominal stress in the plane bar 
This should also be the case when small plastic strains take place in 
the immediate vicinity of the notch root. Therefore in the application 
of the elastic-plastic stress analysis to the experimental results it wil 
be assumed that the nominal stress acting on the test specimen for a 
given state of stress is ten per cent greater than the nominal stress 
which is required to produce the same state of stress in the plane bat 
Thus the value of the nominal stress ratio, ¢,/oya, which produces a 
given maximum axial stress ratio, (oa) max/oya, in the test specimen 
is taken to be ten per cent greater than the value shown by the curve in 
Fig. 2. For example the critical nominal stress ratio which produces 
instability of the region of plastic deformation in the test specimens 
will be taken as (op/¢ya) crit = 1.5 rather than the value 1.35 shown 
in Fig. 2. 

The application of the elastic-plastic stress analysis to the experi 
mental results requires that the value of the yield stress, aya, be known 
as a function of the rate of load application and temperature. The yield 
stress versus stress rate has been established for the steel employed in 
this investigation (15) and is presented in Fig. 10. 

The relationship between the yield stress in unnotched specimens 
and the yield stress in notched specimens is now required. This rela 
tionship may be obtained as follows: the rate of increase of the axial 
stress at the root of the notch during the period of purely elastic de 
formation, o,, in the notched specimen is equal to the product of the 
nominal rate of stress application, o,, and the axial stress concentration 
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factor, k = 4.03. Thus yielding in the notched specimen will begin 
when the axial stress at the root of the notch is equal to the yield stress 
as determined from tests on unnotched specimens for the same temper- 
ature but for a rate of stress application in the unnotched specimen 
equal to k times the nominal stress rate, o,, for the notched specimen. 
The yield stress actually varies as yielding spreads from the root of 
the notch toward the axis of the specimen since the rate of stress rise 
at the elastic-plastic boundary varies as the boundary moves inward. 
However, the assumption will be made that the yield stress remains 
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constant and equal to the initial value. The error introduced by this 
assumption is expected to be small in the case of brittle fracture since 
the plastic strain is confined to a small depth of penetration beneath 
the root of the notch. Thus the ratio of the measured nominal fracture 
stress to the yield stress, ont/aya, May be computed for each test on 
notched specimens in which brittle fracture occurred. These values 
are given in Table I. A knowledge of the value of on¢/oya for a par- 
ticular fracture test allows the results of that test to be compared with 
theoretical predictions. 

The validity of the application of the elastic-plastic stress analysis 

the experimental results may be checked by means of the hardness 
surveys. The position of the elastic-plastic boundary determined from 
nicro-hardness measurements may be compared with the position 
alculated by the analysis for different values of op¢/oya<1.5. This 
mparison is shown in Fig. 7, and substantiates the validity of the 
ssumptions and the accuracy of the relaxation calculations made in 
he elastic-plastic stress-analysis. 

The elastic-plastic stress analysis shows that the axial tensile stress 
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is amaximum at the elastic-plastic boundary on the minimum section of 
the notched specimens. The value that the maximum axial stress attains 
at the instant of brittle fracture may be computed by applying the an ily- 

sis to the experimental results obtained in this investigation. The method 
of determining this stress may best be illustrated by reference to Fig. tL 
Figs. 1la and 11b are schematic representations of Figs. 6 and 10 re 
spectively. Fig. 1lce is a schematic representation of Fig. 3. The latter 
represents the theoretical relation between the maximum axial stress 
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Fig. 11—Graphical Representation of Method of Determin 
ing the Maximum Axial Stress at the Instant of Brittle 
Fracture. 


ratio, (¢)max/oya, and the nominal stress ratio, ¢,/oya. The values « 
o,/oyq in Fig. 11¢ are considered to be the values in Fig. 3 plus ten per 
cent, as discussed previously. 

Fracture occurs at a nominal stress of o’,¢ when a nominal rate 
stress rise o’, is applied to the notched specimen at a temperature T 
as shown in Fig. 1la. The yield stress, o’ya, is obtained from Fig. 11! 
for a stress rate of ko’, and the temperature T;. Now the ratio o’a¢/o' ys 
may be obtained and if this ratio is less than 1.5 the ratio of (0’,) mo: 
o’ ya can be determined as indicated in Fig. 1lc. Hence the value of th: 
maximum axial stress beneath the notch at the instant of brittle fra 
ture, (oa) max may be obtained. 

Table I shows the value of (oa) max computed for each brittle fra 
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observed at temperatures of —110°F (—79°C) and —200 °F 
129°C) in all cases where the necessary information is available. 
The values of (o,)max presented in Table I are constant within the 
probable experimental and theoretical errors, namely within the range 
from 200,000 to 226,000 psi with an average value of 210,000 psi. Thus 
the results of this investigation show that brittle fracture is initiated at 
a point in the material when the stress at that point attains a critical 
value (210,000 psi). The results also show that this critical stress is in- 
jependent of temperature and rate of loading. 

The evidence obtained thus far indicates that a necessary and suffi- 
ient condition for the occurrence of brittle fracture in the notched steel 
specimens of this investigation is that a critical value of the tensile 
stress of about 210,000 psi is reached before plastic deformation ex- 
tends to the axis of the specimen. 

The critical value of tensile stress is never reached in some tests on 
notched specimens before plastic deformation progresses to the axis of 
the specimen (o,/oya>1.5). The fracture which ultimately occurs in 
such tests is ductile rather than brittle. This is the case for those tests 
at —110 °F (—79°C) in which the nominal stress rate was less than 
2 10° psi per second and all the tests performed at —23°F 

30 °C). Thus transition from brittle to ductile behavior, for the par- 
ticular notch investigated, occurs when o,/osa = 1.5 at the instant 
max — 210,000 psi. Fig. 3 shows that the transition from brittle to 
luctile behavior for the notch employed in this investigation occurs 
when (oa) max/@ya = 2.34 or for oya = 210,000/2.34 ~ 90,000 psi. 
Hence these notched specimens behave in a ductile fashion when the 
yield stress is less than 90,000 psi. Fig. 10 shows that a yield stress of 
90,000 psi occurs in unnotched specimens at temperatures of —110 °F 

79°C) and —200 °F (—129°C) when the rate of stress applica- 
tion is about 4 « 10° and 10* psi per second respectively. Hence the 
transition from ductile to brittle behavior in notched specimens should 

ur at nominal stress rates of about 10° and 2 & 10° psi per second 
(og ke,) for temperatures of —110 and —200°F (—79 and 

129°C) respectively (rates greater than these correspond to brittle 
behavior). Fig. 6 shows that a discontinuous change occurs in the rela- 
tionship between the nominal fracture stress and the nominal stress 
rate at a rate of 10° psi per second for the tests at —110 °F (—79 °C). 
[his is in agreement with the prediction. However the results obtained 

—200 °F (—129°C) do not exhibit a discontinuity at a nominal 
stress rate of 2 < 10* psi per second. Nevertheless the hardness surveys 
f specimens tested at—200 °F (—129 °C) at nominal stress rates less 
than 2 & 10° psi per second show that these specimens exhibit greater 
ductility than those tested at rates greater than 2 & 10° psi per second 

An example is given by the results of the hardness survey of the 
specimen tested at a rate of 1.03 10? psi per second shown in Fig. 8. 
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This shows that plastic deformation has progressed very nearly t 
the axis of the specimen as expected. 

Fig. 6 indicates that at a temperature of —200°F (—129 °C) tl 
may be a change in the fracture behavior for nominal stress rates gr 
than about 10° psi per second. The fractures occurring in this rang 
are of the brittle type since on¢/oya<1.5. However, Fig. 6 indicates 
that at a temperature of —200°F (—129°C) the nominal fractur 
stress is constant for nominal stress rates exceeding 10° psi per second 
This behavior is probably attributable to an independence of the yiel 
stress upon stress rate in this range. This range in notched specimens 
corresponds to stress rates greater than 4 & 10° psi per second in ur 
notched specimens. 

Fig. 10 indicates that if the yield stress is constant for rates of stress 
application greater than about 107 psi per second at a temperature of 
—200 °F (—129°C) the maximum value of the yield stress would be 
about 120,000 psi. A stress of 120,000 psi corresponds approximately to 
the upper limiting stress in the stress vs. log delay time relationshij 
for this material at a temperature of —320°F (—196°C) (3). Ar 
upper limiting stress was not observed in the stress vs. log delay time 
relationship at a temperature of —200°F (—129°C) at the shortest 
delay time investigated, namely 10-? second. However, it is not un 
reasonable to expect that such an upper limiting stress exists at delay 
time shorter than 10~? second. Therefore the constancy of nomina 
fracture stress with respect to nominal stress rate for rates exceeding 
10® psi per second at a temperature of —200°F (—129°C) may bx 
attributable to this upper limiting yield stress. 

Brittle fractures were not observed in the tests at a temperature of 
—23 °F (—30 °C), within the range of stress rates investigated. This 
behavior is consistent with the criterion for the occurrence of britt! 
fracture deduced from the results obtained at lower temperatures. This 
consistency may be shown by considering the conditions existing at 
the maximum nominal stress rate, 10’ psi per second, for tests o1 
notched specimens. Lower stress rates are less conducive to britt! 
fracture. This nominal stress rate in a notched specimen corresponds t 
a stress rate of 4 < 107 psi per second in unnotched specimens (oc, 
ko;,). A theoretically derived relation (15) between upper yield stres 
and stress rate for a temperature of —23°F (—30°C) is shown 1 
Fig. 10. The yield stress corresponding to a stress rate of 4 & 10° | 
per second is about 85,000 psi. Ductile behavior of the material is « 
pected since this yield stress is less than 90,000 psi (o*yq). 


SUMMARY AND CONCLUSIONS 


The true distribution of stress on the minimum cross section 0! 
notched specimen subjected to tensile loading has been determined | 
means of an elastic-plastic stress analysis. This analysis takes int 
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unt plastic deformation which is limited to the immediate vicinity 
‘the root of the notch. The analysis provides a theoretical prediction 

he position of the boundary between the regions of plastic and elastic 
leformation. 


\n experimental investigation has been conducted on notched speci- 
nens subjected to tensile loading at different temperatures and rates of 
ding. The position of the elastic-plastic boundary determined ex- 
nerimentally is found to be in agreement with the position predicted 


by the stress analysis. 

[he nominal stress at the instant of fracture in notched specimens 
sa function of nominal stress rate has been determined experimentally 
it two temperatures —110 and —200°F (—79 and —129°C). The 
true tensile stress at the position and at the instant of initiation of brittle 
fracture has been determined from the experimental results by the ap- 
plication of the stress analysis. The results show that brittle fracture is 
initiated in the material employed in this investigation when a critical 
tensile stress of about 210,000 psi is attained. This value is found to be 
independent of stress rate and temperature. 

Brittle fracture in notched specimens depends on the notch acuity, 
the stress rate, and the temperature. This investigation shows that the 
nfluence of temperature and stress rate on the initiation of brittle 
fracture is associated entirely with the dependence of the yield stress 

1 temperature and stress rate. 

[he results of this investigation indicate that it should be possible to 
predict the conditions under which brittle fracture will occur in speci- 
mens of mild steel having any notch geometry. This is possible pro- 
vided the influence of stress rate and temperature on the yield stress 

| the true fracture stress for the material under consideration are 


known. 
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DISCUSSION 


Written Discussion: By J. R. Low, Jr., General Electric Company, Resear« 
Laboratory, Schenectady, New York. 

The authors’ finding that a substantially constant fracture stress is observed 
for two different temperatures and a wide variation in rates of loading is very 
interesting, particularly since the yield strength of their material is markedly 
affected by these two variables. Their analysis suggests that the fracture should 
be nucleated below the surface of the notch in their specimens and at a spe 
zone in the cross section. I would like to ask if they have any eviclence, eith 
from the examination of fracture surfaces or from their metallographic work, that 
their fractures did in fact start below the surface of the notch. 

The fracture stress value of approximately 210,000 psi is presumably character 
istic of the particular structure existing in their specimens. Do the authors have 
any information on the effect of varying the dimensions of the microstructure, e.g 
ferrite grain size or pearlite spacing, on the value of the fracture stress determin 
in this manner? 
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lly, did the authors examine their specimens for decarburization after 
treatment described? Since the finish-machined specimens were heat 


the heat 


treated in hydrogen the critical region at the notch root may have been affected. 


Written Discussion: By C. Crussard, J. B. Lean, J. Plateau, and Y. Morillon, 
Inctitut de Recherches de la Siderurgie, 185 Rue President-Roosevelt, St- 


Germain-En-Laye, France. 

The authors are to be congratulated on the considerable experimental ingenuity 
jisplayed in their investigation ; the development of a generating method of grind 
ing hyperbolic notches should greatly facilitate the practical application of 


Neuber’s stress-analysis in researches of this nature. 
We note the similarity between the results obtained in the authors’ theoretical 
plastic” analysis and in our practical investigations (Ref. 8 of the text), 


sti 


value of 1.31 in Ref. 8 and 1.35 in the authors’ paper for the ratio on/oyd 
complete plastification of the notched section takes place, are in good agree 


t considering the different notch geometrics aad steels employed in the two 


t 


vher 


ases 

We would like to re-direct the authors’ attentior 
for the experimental mapping of the elastic plastic boundary surface. We have 
used microhardness tests in conjunction with Fry’s reagent with very good accord 
etween the two results for slowly deformed notches. However, we consider the 
microhardness tests insufficiently sensitive in the case of dynamic loading ; 
mparison of Fig. 33 with Fig. 39 of Ref. 8, and of Figs. 14 and 15 of Green 
1d Hundy’s paper (Journal of the Mechanics and Physics of Solids, Vol. 4, 
128 to 144), shows that the authors’ microhardness tests must have been 
have been fragmented into 


to the use of Fry’s reagent 


"1 ; 
sé t 


sa 

Pp 
arried out in areas where the deformation bands 
ete lines following directions of maximum shear stress, this combined with 


r 


the presence of pearlite would render the mapping of the boundary between the 
lastic and the elastic zone somewhat difficult. 
While we are in complete accord with the authors’ thesis that there is some 
itical strength for brittle fracture, we cannot agree that the experimental figures 
reported in Table I support their statement that this critical strength is independ- 
nt of temperature. Recent tests carried out at IRSID, as yet unpublished, have 
established (for a range of three low temperatures, three speeds in the brittle 
range, in tension tests of unnotched specimens, breaking a mean of five test 
pieces at each temperature) an average variation of o- with temperature of the 
rder of 0.10 Kg/mm?/°C. A. S. Eldin and S. C. Collins (Journal of Applied 
ics, Vol. 22, 1951, p. 1296) over a wide range of low temperatures give 


figures from which a variation of approximately 0.17 Kg/mm?/°C may be deduced. 


\ccepting the fact that the authors’ experimental variation is almost as great 
hat a simple statistical analysis, 


that due to the effect sought, we find, however, t 
adjusted for small samples, of the 15 figures for (c,) max given in the paper re- 
200 °F and —110 °F tests is 
legrees of freedom. The cal- 
is then 0.11 Kg/mm/?*/°C and 


eals that the difference between the means of the 
nificant at between the 5% and 1% levels for 
ilated variation of (¢.) max with temperatur: 
erefore, although the authors prudence in not drawing conclusions from these 
gures is justified considering the possible systematic errors involved in their 
eoretical approach to the measurement of (¢,) max, their results are in excel- 
ent agreement with other estimates of the effect of temperature on the critical 
rength. 

Finally we would like to ask the authors whether complete plastification of the 
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cross section is, in their experience, a sufficient as well as a necessary conditior 
for ductile fracture? Have they been able to establish from the broken surfaces 
a change in the appearance of the fracture, or a change in the position of the initia 
tion of fracture accompanying this plastification. We are investigating this 
problem in tensile tests and would be most interested in the authors opinion 

Written Discussion: By Dr. C. J. Tipper, Cambridge University Engineering 
Department, Cambridge, England. 

The outstanding conclusion of this investigation is that a critical tensile stres 
must be reached before a brittle fracture is initiated and that the value is independ 
ent of stress rate and temperature. It is not quite clear from the definition of 
“ductile” and “brittle” given in the paper, that “brittle” is synonymous with 
cleavage, but it may be inferred that it is so. Hence, it must also be inferred that 
there is a true brittle fracture strength for a given material, a contention that was 
put forward first by Ludwik and by numbers of subsequent investigators. Befor: 
the conclusions in this paper can be accepted fully, another material should be 
submitted to a similar investigation, or the same material tested with a different 
test-piece geometry. 

The writer considers that further useful information could have been derived 
from a study of the microstructure of the broken test pieces. For example, the 
break in the curve in Fig. 6 showing the relation between stress rate and fracture 
stress at —200 °F (—129 °C) might be due to a change in the mechanism of yield 
ing. Moreover, the connection between the yielded zone and the path of fracture 
has not been stated. It is to be hoped that the authors will supplement their valu 
able results by giving this information. 

Written Discussion: By Marian Szczepanski, Director of Research, Abrasive 
Dressing Tool Company, Detroit. 

Opinion on the subject whether resistance to initiation or resistance to propaga- 
tion is more important, is divided. Obviously fracture cannot be propagated if it is 
not initiated. This probably is the reason why some authors suggest that resistancé 
to the initiation of a fracture is of greater practical importance than the re 
sistance to its propagation. 

In view of this it is interesting to examine if fracture can be prevented from 
starting. 

Notches of one sort or another are always liable to be present, although good 
design and workmanship can minimize their effect and severity. Cracks due t 
fatigue, stress corrosion or welding are practically impossible to avoid. It m 
then be accepted that even with the best of material, workmanship and desig: 
it is impossible to eliminate completely small cracks or notches which can b« 
garded as incipient fracture of varying degrees of sharpness. 

If then it is impossible to avoid initiation of fracture, the resistance to its propa 
gation becomes of prime importance. 

Some investigators express the view that once the fracture begins it progresses 
in a brittle manner. This is not always true. It was shown experimentally, that 
some artificially initiated fractures progressed under the influence of tensile stres 
in a ductile manner, provided the temperature of the steel was above the transit 
temperature of the material as found by notch tensile or impact test. 

To give a more definite answer to the question discussed, it would be a 
vantageous ; 

(a) to separate and measure energy of initiation and propagation. 
(b) to find out the influence of temperature on the initiation and propaga 
tion respectively. 
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e two energies cannot be separated by normal (without special equipment) 
t test. This can be done, however, by notch bend testing. 
vould be interesting to find out how temperature affects each energy respec- 
This could be a good clue to decide which energy determines whether frac 
is brittle or not. 
If. for example, it was found that resistance to initiation does not depend to a 
ve extent on temperature, it could not be accepted as a criterion, because it is 


wn that service behavior of the material is a function of temperature. 
Sharpness of the notch and the speed of loading are other factors which prob 


ly influence each energy in a different manner 
Jaffe, Reed and Mann proved that brittle transgranular fracture of polycrystal- 
metals does not originate at a point and propagate continuously across the 


iterial, but rather develops at numerous related points, leading to a series of 
rocracks which subsequently link up. 

In the regions close to a brittle transgranular fracture a number of discontinuous 
rocracks have been observed. This observation has been made in fatigue speci- 

ens, impact specimens and failed parts made from steel forgings and castings. 
[he presence of the series of microcracks can be explained in the light of the 
ry of discontinuous crack propagation. This theory suggests that a crack 
pagates along a crystallographic plane, in a brittle fashion, until it is stopped 

a grain boundary or by a particle of a second phase. New cracks are likely 

) start in the zone of stress concentration at the end of the arrested crack. The 

ess then repeats itself, leading to discontinuous branching chains of micro- 
racks. The cracks may also stop because the elastic energy released by their 
further spread would not be sufficient to propagate the cracks (to form the new 
surfaces). In this last case, new cracks would have to be at orientations which 
uld provide greater energy release. 

Gilbert, using nodular cast iron has shown that the unnotched Charpy impact 
test gives the energy required for the initiation of fracture, whereas V-notched 
Charpy test measures primarily the energy required for the propagation of frac- 

ire. It seems, therefore, that the transition in unnotched Charpy specimens repre 
ents a transition in energy required for crack initiation whereas in V-notched 

harpy specimen it corresponds to transition in crack propagation energy. 

Both transitions occur in either test piece but each of them is particularly suit- 
ible for detection of one transition only from the impact properties point of view 
Both transitions can be detected with the use of a keyhole notch. 

ther criteria can also be used to distinguish initiation and propagation energies 
ordinary tensile testing for example, the elongation corresponding to the 
ximum force acting on the specimen is an approximate measure of the energy 
uired for crack initiation and the elongation which occurs during “necking” 
licates the amount of energy required for crack propagation. 


Authors’ Reply 

[he authors wish to thank those who have discussed this paper for their 
interesting and stimulating comments. Dr. Crussard and his associates, Dr. Low 
Dr. Tipper have all asked whether microscopic observations of the fracture 
surtaces were made in connection with this investigation. This was not done. 
However, cross sections through the fracture surface containing the specimen 
is were polished and etched in connection with the microhardness surveys 
hese showed that the ferrite and fine pearlite structure, normal for an annealed 
low-carbon steel, existed in all regions including the region at the root of the 
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notch. Thus no decarburization of the critical region at the root of the notch 
evident, which was of concern to Dr. Low. The dew point of the hydroge: 
ployed in the annealing treatment was reduced to —196°C or lower and 
time at the annealing temperature was relatively short compared with the time 
usually employed in wet hydrogen decarburizing treatments. Hence no detectab\; 
decarburization was expected. 

Microscopic examination of the cross sections containing the fracture surface 
also showed that a few twins (Neumann bands) had been produced adjacent t 
the fracture surface. Previous investigators have indicated that this is commonly 
observed in brittle fractures. 

Attempts were made to delineate the plastically deformed regions by means 
of Fry’s reagent, as suggested by Dr. Crussard. However, this was not found t 
be effective for the particular steel investigated. Probably this is characteristic of 
a killed steel such as that employed in the present investigation, as opposed t 
rimmed steel. The authors agree that the microhardness method for determining 


| 


the position of the elastic-plastic boundary leaves something to be desired in th 


matter of accuracy. 

No direct evidence for the position of the initiation of fracture was obtained, a 
asked by Dr. Low. However, the micro-fractographs obtained by Dr. Crussard 
and his collaborators using electron microscopy (8) show that brittle fracture 
in notched specimens is initiated at or near the boundary of the plastic zone, as 
suggested by the stress analysis given in the present paper. 

Dr. Tipper has inquired about the relationship between the path of fractur 
and the yielded zone. The fracture surface remained quite close to the minimur 
cross section of the specimen in both the yielded and unyielded zones. Thus the 
fracture passed essentially through the middle of the yielded region. A very small 
shear lip was observed at the root of the notch in a few specimens. However, this 
deviation of the fracture surface from the plane of the minimum cross secti 
was small compared with the size of the yielded region. 

Dr. Tipper and Dr. Crussard have both inquired regarding the definitions of th 
terms “brittle” and “ductile” as applied to the fractures reported in the paper. Th 
definitions adopted for the present paper are based upon the relative amounts of 
energy absorbed prior to fracture rather than upon the appearance of the fracture 
surface. Thus, if the region of plastic deformation extends completely across th 
specimen, the fracture is considered to be ductile since a relatively large volume 
of material has been plastically deformed and hence a relatively large amount of 
energy absorbed. Conversely, fractures which occur while plastic deformation is 
confined to a localized region at the root of the notch are defined in the paper a 
“brittle”. 

Dr. Crussard and his associates have pointed out that the results given in the 
paper may be interpreted in such a manner as to indicate that the brittle fractur 
stress, (oa) max, depends slightly upon temperature. Namely that this stress may 
increase by about 5% when the temperature is decreased from —110°F t 
—200 °F. This interpretation depends upon a statistical analysis of the experi 
mental results. The assumption is made that the sum of all systematic errors 
which may exist in the experimental measurements and stress analysis calcula 
tions are substantially less than 5%. The authors are not satisfied that the ex 
perimental results and the associated calculations are free from systematic erro! 
to this degree of accuracy. Thus the results presented in the paper are inadequate 
to either prove or disprove this suggestion of Dr. Crussard, et al. 
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he authors agree with Dr. Low and Dr. Tipper that further experimental 

on different materials, using the techniques presented in the paper, is 

ied. The fracture stress value of 210,000 psi is expected to be a function of 

he metallurgical variables, such as grain size, as Dr. Low has suggested, although 
heir effects have not beer determined. 

Some additional experiments, using a different specimen geometry, as suggested 

y Dr. Tipper, have recently been completed and will be reported in the near 

uture. This work employed the standard Izod impact specimen and method of 

ting. The results substantiate those given in the present paper within experi- 

' 


il and computational accuracies. Further improvement of these accuracies 


needed and remain to be accomplished. 

The problem of the propagation of a brittle fracture, which Mrs. Szczepanski 
as discussed, is not mentioned in the paper. However, this omission is not in- 
tended to imply that the problem of fracture propagation is less important than 
the problem of fracture initiation. Further understanding of both of these aspects 
f brittle fracture is needed. 

Mrs. Szezepanski also points out the fact that both the initiation and propagation 
f a brittle fracture proceed by the generation and subsequent joining of individual 
microcracks, rather than by initiation at one submicroscopic point and continuous 
growth of a single crack from that point. The point of view adopted in the paper 

| the results obtained are not inconsistent with this microscopic mechanism of 
brittle fracture. The paper is limited to a consideration of the macroscopic param- 
eters which influence the initiation of brittle fracture. For example, the brittle 
fracture stress discussed in the paper cannot be considered to be the true stress 
acting on areas within the specimen corresponding to a single grain or less. This 
fracture stress is an average value pertaining to regions no smaller than that 
ccupied by several grains. Nevertheless it is a stress which may be considered 
to be localized with respect to the macroscopic dimensions of the specimen. Thus 
the local fracture stress defined in the paper has more physical significance than 
the nominal fracture stress given by the ratio of the load at fracture to the area 
f the minimum cross section of the specimen 





A STUDY OF THE ROLE OF CARBON 
IN TEMPER EMBRITTLEMENT 


By E. B. Mixus anp C. A. SIEBERT 


Abstract 

Electron microscopy and autoradiography using carbon- 
14 were used to study the distribution of carbon in tough and 
temper-embrittled structures of a SAE 3140 steel. Iso 
thermal heat treatments up to 500 hours were investigated. 
In light of these studies a number of theories on the mech- 
anism of temper-embrittlement were evaluated and a new 
mechanism was proposed based on the development of 
strained prior austenite boundaries during the embrittling 
heat treatment. (ASM International Classification Q26S, 
2-14; AY) 


INTRODUCTION 


HE TERM temper embrittlement has been used to describe the 

adverse effect on the impact properties of a tempered low allo) 
steel when the material has been either slowly cooled through a tempe1 
ature region of 1250-700 °F or isothermally held in this temperature 
range for an extended period of time. This phenomenon leads to a 
brittle fracture which occurs along prior austenite grain boundaries 
In most of the recent work in this field the degree of embrittlement 
was determined by using the shift in transition temperature as a 
criterion. 

In spite of a large number of investigations and the accumulation of 
experimental data, there has evolved no consistent mechanism for ex 
plaining temper embrittlement. In many of these suggested mechanisms 
carbon atoms or carbide particles were considered to be a dominant 
factor in promoting temper embrittlement. The object of this investiga 
tion was to study the influence of carbon on the temper embrittlement 
of a susceptible steel. For this purpose a severely temper embrittled 
condition was used to compare with the tough condition. The role of 
carbon in this phenomenon was studied from the point of view of how 
these atoms were distributed in the two conditions of heat treatment 


This paper is based on part of a thesis by E. B. Mikus, submitted in partial fulfiilment of t! 
requirements for the degree of Doctor of Philosophy to the Department of Chemical and 
Metallurgical Engineering, University of Michigan, Ann Arbor, Michigan. 


A paper presented before the Thirty-Ninth Annual Convention of the Society 
held in Chicago, November 4-8, 1957. Of the authors, E. B. Mikus is Researc! 
Engineer, General Motors Corporation, Research Staff, Detroit, Michigan, and 
C. A. Siebert is Professor of Metallurgical Engineering, University of Michigan 
Ann Arbor, Michigan. Manuscript received April 16, 1957. 
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Electron microscopy was used to study the size, shape, and distribution 
of the carbide particles as well as a stripping film autoradiographic 
technique using carbon —14. 


Influence of Alloying Elements 

In considering the substitutional alloying elements it seems that 
these can be classified into two categories: those that retard or play 
passive roles and those that actively contribute to the development of 
temper embrittlement. In the former group are found nickel, molyb- 
denum, tungsten, and columbium. In the latter group, the common 
elements that are associated with low alloy steels and temper embrittle- 
ment, are found manganese, chromium, phosphorus, and vanadium. In 
general, there is fair agreement among investigators on the effects of 
substitutional elements on temper embrittlement. This has not been 
the case for carbon. 

Opinions as to the role of carbon have varied from a positive to a 
completely negative contribution. Jaffe and Buffum (1)? and Libsch, 
Powers, and Bhat (2) have suggested that plain carbon steels are very 
susceptible to temper embrittlement, so much so, that they become 
embrittled during the quench from the tempering temperature. How- 
ever, Woodfine (3) has pointed out that factors other than the pres- 
ence of carbon were present which accounted for the observed changes 
in impact strength. Woodfine states that plain carbon steels with 
manganese contents less than 0.5% are not susceptible to temper em- 
brittlement. 

Jolivet and Vidal (4) have shown that when the carbon content of 
a chromium steel was reduced from 0.22 to 0.073%, the temper em- 
brittlement was reduced but not removed. Jaffe (5) has reported that 
a vacuum-melted nickel-chromium steel with 0.016% carbon was sus- 
ceptible to temper embrittlement. Buffum, Jaffe, and Clancy (6) 
claimed to have found no temper embrittlement in an alloy contain- 
ing 1.5% nickel, 0.6% chromium, and 0.003% carbon. Preece and 
Carter (7) also found no embrittlement in a series of synthetic chro- 
mium, phosphorus, iron, and manganese, phosphorus, iron alloys where 
the carbon was at a level of 0.003%. On the other hand Hultgren and 
Chang (8) reported that a series of synthetic SAE 3300 steels pre- 
pared by melting under helium and free from carbon were susceptible 
to temper embrittlement as measured by the transition temperature 
criterion on specimens slowly cooled through the susceptible temper- 
ature region. 


Theories of Temper Embrittlement 
A number of theories have been advanced in attempts to explain the 
temper embrittling mechanism. However, many of these theories have 


The figures appearing in parentheses pertain to the references appended to this paper. 
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been shown to be in error in light of recent work. In this discussion 
the theories which seem to be most promising will be considered. 

In general these attempts to explain temper embrittlement can be 
cataloged into three groups: 1) those that consider a precipitate of 
carbide, nitride, or phosphide (3,9) occurring at the prior austenite 
grain boundaries during the embrittling treatment ; 2) those that con 
sider a diffusion of some alloying element or elements to the prior 
austenite grain boundaries on a submicroscopic scale during exposure 
to the embrittling temperature (3,10,11) ; and 3) those that consider a 
carbide modification and dispersion reaction as being responsib\i 
(12,13). 

The difficulty with the precipitation theories is that as yet, no pre 
cipitate has been detected in temper-embrittled steels which can lx 
established as being responsible for the phenomenon. Micrographs 
showing the effects of special etches on temper-embrittled material cd 
not reveal a boundary phase, but merely a grain boundary attack. 

This discrepancy between observation and theory has been circum 
vented in the theories suggesting a diffusion of elements to the prior 
austenite grain boundaries on a submicroscopic scale. Both interstitial 
as well as substitutional alloying elements have been suggested as being 
responsible. 

In the third group a carbide modification or carbide dispersion in 
the matrix has been suggested, but how this modification can account 
for several important experimental observations on the characteristics 
of a temper-embrittled material has not been elucidated. As an example, 
how does a carbide modification account for 1) brittle failure occurring 
at prior austenite grain boundaries, 2) delineation of the prior austenit 
grain boundaries by special etchants, 3) the reversibility of the temper 
embrittling phenomenon with temperature as well as time, and 4) the 
apparent absence of temper embrittlement in plain carbon steels ? 


EXPERIMENTAL PROCEDURES 
A commercial heat of SAE 3140 steel was used in this investigation 
The steel had a No. 8 grain size with the following composition : 


Cc Mn Si a S Cr Ni Mo 
0.39 0.78 0.28 0.010 0.019 0.61 1.26 0.04 


Samples used for electron microscope examination were obtaine 
from fractured impact bars representing tough and severely temper 
embrittled conditions. The tough condition was obtained by tempering, 
after hardening, for 1 hour at 1250 °F in a salt bath. To obtain th 
severely temper-embrittled condition some of the tempered tough speci 
mens were given an additional treatment consisting of 500 hours at 
850 °F in a vertical muffle furnace. The shift in the impact transition 
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temperature produced by this embrittling treatment using a criterion 
of 50 ft-lbs fracture energy amounted to 181 °F, from —162 °F for 
the tough condition to 19 °F for the temper-embrittled condition. These 
samples were electrolytically polished in 20% perchloric acid-alcohol 
solution and etched with an ethereal picric acid solution for 10 seconds. 
\fter etching, collodion replicas were prepared. Polystyrene-latex par- 
ticles of a known size were placed on the replicas prior to shadowing 
with palladium to facilitate an easier interpretation of the electron 
micrographs. 

Specimens used for autoradiography studies were prepared in the 

llowing manner: the carbon in the original SAE 3140 steel was re- 
noved by decarburizing in moist hydrogen; then, recarburized with 
specific amounts of radioactive carbon —14. This was carried out in a 
copper-plated capsule which contained charcoal and BaCOs. A portion 

f the carbon in the BaCQOs consisted of C-14 which produced an ac- 
tivity of 0.0282 millicuries per milligram of BaCO3. The sealed capsule 
was then heated for 72 hours at 1700 °F for the carburizing treatment. 
\ll samples were examined microscopically to determine the extent and 
homogeneity of carburization. Table I lists the various charges used in 
this investigation and the estimated carbon transfer into the metal as a 
result of carburization. 

\fter carburization the samples were sealed in vycor tubing under 
a vacuum, heated to 2000 °F for 1 hour, and quenched into oil to pro- 
duce martensite. All of the samples were sealed again in an evacuated 
vycor tube and tempered 1 hour at 1250 °F in salt to produce a tough 
condition in the steel. The embrittled condition was produced in a 
number of samples utilizing additional tempering cycles of 100 and 500 
hours at 850 °F. All samples were water-quenched after all tempering 

perations. 

After heat treatment the radioactive specimens were mechanically 
polished and etched with ethereal picric acid solution. Autoradiographs 
were then made using exposures ranging from 1 to 12 days. These were 
examined at magnifications up to X 1000. The specific activity of each 
sample was not determined but various levels of specific activity were 
studied on the basis of the amount of active BaCOs charged into the 
carburizing capsule as indicated in Table I. 

The stripping film used in this investigation was obtained from East- 
man Kodak, known as Experimental Permeable Base Autoradiographic 
Stripping Film. The film consisted of a beta-ray sensitive emulsion 
layer of about 5 microns thick supported by a pure gelatin layer of 
equal thickness. These layers were further supported on a cellulose 

cetate base. The film was applied to the specimen after the gelatin 
emulsion base was stripped from the cellulose acetate backing with the 
emulsion side towards the specimen. 
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Table 
Charge Distribution for Carbon-14 Carburizing Runs 
Estimated 
Carbon-14 Active* Inactive Weight Carbon Content 
Carburizing BaCOs, BaCOs, Charcoal of Metal, After 
Run No. Milligrams Milligrams Milligrams Milligrams Carburizing 
10.0 . 1405.8 0.4 
4.8 . r 1450.3 0.4 
1410.2 0.4 
1390.7 0.4 
1435.1 0.4 
1769.8 0.4 
2024.2 0.1 
2155.6 0.2 
1589.1 0.3 
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The procedure for preparing a specimen for autoradiographic exami 
nation has been adequately described by Yukawa (14). However, in 
the actual examination of the emulsion and microstructure after devel 
opment of the film, a somewhat modified procedure was adopted. In 
examining the microstructure of an autoradiographic sample one actu 
ally looks through the developed photographic emulsion which is in 
intimate contact with the specimen. Since the microstructure of tem 
pered martensite appeared as a distribution of carbide particles, which 
appear as black spots in a white ferrite matrix, difficulty was encoun 
tered in distinguishing these carbide particles from the black, developed 
silver grains of the photographic emulsion. By focusing on the metal 
structure and then focusing on the emulsion this difficulty was circum 
vented but required two photomicrographs of the same area. By this 
means the distribution of the active carbon atoms in the material could 
be traced without confusing these activity centers with normal carbon 
carbides. At a magnification of X 1000 this method could be applied 
successfully because of the small depth of field characteristic of the lens 

Autoradiographic studies were performed on samples in the toug! 
condition and the 100-hour and 500-hour temper-embrittled condi 
tions. Various etching times, exposure times, and specific activity levels 
were used in an attempt to maximize the conditions for observing an) 
segregation of the carbide particles or carbon atoms that might tak« 
place. 

RESULTS 
Electron Microscopy 

It has been shown by several investigators (15-18) that temper 
embrittled steels are selectively etched by certain etching reagents at 
prior austenite grain boundaries ; whereas, the same steel in the tough 
condition is not susceptible to this type of attack. 

Fig. 1 is a typical electron micrograph of a tough structure obtained 
by 1 hour at 1250 °F after hardening. The black ball appearing in the 
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micrograph is a polystyrene-latex particle of a given size such that its 
diameter in millimeters times 4000 gives the magnification. The pres- 
ence of these polystyrene-latex particles is also helpful in interpreting 
the micrographs properly. It must be remembered that these particles 
were placed on the stripped replica prior to shadowing with palladium. 
Therefore, these particles were actually above the surface of the replica 
causing the white rim that is found near them in the electron micro- 
graphs. The side on which the white rim exists was the side that “saw” 
less palladium atoms during shadowing. Therefore, any particle hav- 
ig a white rim on a side opposite that of the polystyrene-latex ball is 
a depression in the replica and consequently a particle in relief on the 
original metal surface. A white rim on the same side of a particle or im- 
pression as that which exists near the polystyrene-latex ball means that, 
on the replica, this particle or impression was in relief above the surface 
of the replica, and consequently, below the surface of the original metal. 
Even though with the light microscope no grain boundary attack was 
evident in a tough structure when etched with ethereal picric solution, 
a slight indication of such an attack is revealed in the electron micro- 
graph of Fig. 1. This attack seems to follow the outline made by the 
larger carbide particles found in the structure. Figs. 2 to 6 are electron 
micrographs of temper-embrittled structures with increasing degrees 
of embrittlement. As the severity of embrittlement increases at 850 °F 
due to holding times of 1, 10, 50, 100, and 500 hours, the boundary 
attack becomes more severe. In Figs. 5 and 6 the outlines of the larger 
grains, which are believed to be the prior austenite grain boundaries, 
are very well delineated from the matrix. In most cases the prior 
austenite grain boundaries follow the larger carbide particles found in 
the structure. However, no change in size or distribution of these car- 
bide particles can be discerned between the tough and temper-embrittled 
structures. Furthermore, no evidence of a continuous film around the 
prior austenite grain boundaries is evident. It is apparent that the out- 
lines of these prior austenite grains are grooves in the original inetal 
surface and not an etching stain. It can also be observed that the par- 
ticles appearing in the boundaries and matrix are in relief on the metal 
surface and not holes created by an etching reaction which eats away 
the particles, leaving the matrix behind. 


Autoradiography 


Figs. 7 and 8 show typical autoradiographs obtained on tough and 
temper-embrittled samples of Carburizing Run Number 5 illustrating 
the effect of etching time on the amount and distribution of carbon in 
the steel. Both sets of autoradiographs were obtained with 6-day ex- 
posures. Fig. 7 compares the tough and temper-embrittled structures 
as revealed by a 10-second ethereal picric immersion etch. The tough 
sample shows no grain boundary attack ; whereas, the temper-embrittled 
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Fig. 1—Electron Micrograph of Structure Produced by Tempering 1 Hour at 
1250 °F, Water-quenched, Tough Condition. Electrolytic polish. Ethereal picri 
immersion etch—10 seconds. X 10,000. 


Fig. 2—Electron Micrograph of Structure Produced by Embrittling Cycle of 
1 Hour, 850 °F, Water-quenched, Preceded by 1 Hour, 1250 °F, Water-quenched, 
Electrolytic Polish. Ethereal picric immersion etch—10 seconds. x 10,000. 
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Fig. 3—Electron Micrograph .of Structure Produced by Embrittling Cycle of 
10 Hours, 850 °F, Water-quenched, Preceded by 1 Hour, 1250 °F, Water-quenched, 
Electrolytic Polish. Ethereal picric immersion etch—10 seconds. X 10,000 


Fig. 4—Electron Micrograph of Structure Produced by Embrittling Cycle of 59 
Hours, 850 °F, Water [oer Preceded by 1 Hour 1250 °F, Water-quenched, 


Electrolytic Polish. Ethereal picric immersion etch—10 seconds. X 10,000 
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Fig. 5—Electron Micrograph of Structure Produced by Embrittling Cycle of 10 


Hours, 850 °F, Water-quenched, Preceded by 1 Hour, 1250 °F, Water-quenched, 
Electrolytic Polish. Ethereal picric immersion etch—10 seconds. X 10,000. 
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Fig. 6—Electron Micrograph of Structure Produced by Embrittling Cycle of 500 
Hours, 850 °F, Water-quenched, Preceded by 1 Hour, 1250 °F, Water-quenched, 
Electrolytic Polish. Ethereal picric immersion etch—10 seconds. * 10,000. 





TEMPER EMBRITTLEMENT 691 


structure shows a slight grain boundary attack even with this light 
etch. The black specks appearing above the grain boundaries in the 
embrittled structure are the result of C-14 atoms emitting beta radia- 
tion which have exposed the film emulsion in intimate contact with 
the metallic surface. Fig. 8 shows the sample etched for 2% minutes 
in ethereal picric solution. In this case the etchant has attacked the 
crain boundaries of the embrittled steel to a great extent. Again, there 
are activity centers directly above the delineated grain boundaries in 
the embrittled structure. Fig. 9 shows another set of autoradiographs 
obtained on tough and severely temper-embrittled structures containing 
less specific activity than the previous structures shown in Figs. 7 and 8. 

An examination of the presented autoradiographs shows that al- 
though some carbon is found in the prior austenite grain boundaries of a 
temper-embrittled steel, it is by no means extensive. The presence of 
some activity centers in the prior austenite grain boundaries is expected 
since inspection of microstructures with light and electron microscopes 
reveal their presence. However, no significant segregation of carbon 
or carbides to the prior austenite grain boundaries appears evident. 
Nor can a continuous film of carbon or carbide be detected by the auto- 
radiographs obtained in this investigation. Although, in some cases, a 
line-up of activity centers can be observed in the autoradiographs of the 
embrittled structures, it is not believed that these are responsible for 
temper embrittlement since similar line-ups can be seen in the tough 
structures, also. 


DISCUSSION 


Bush (18) has proposed that interstitial elements are responsible 
for the early stages of embrittlement ; whereas, the substitutional ele- 
ments come into play at a more advanced stage of embrittlement by 
diffusing to prior austenite grain boundaries. An analysis of the transi- 
tion shifts reported by Bush and Siebert (10) using a reaction rate 
type plot of log embrittling rate versus reciprocal temperature leads 
to an activation energy for temper embrittlement of about 39,000 
calories per mole. Since the activation energy for carbon diffusion in 
alpha iron is in the order of 20,000 calories per mole, whereas, for 
substitutional elements the value is closer to 80,000 calories per mole, 
evidence lends support to the claim that carbon is contributing to the 
early stages of temper embrittlement. Further evidence of carbon con- 
tributing to the embrittling reaction has been noted in studies indicated 
previously. Evidence of a contribution to embrittlement by substitu- 
tional elements, phosphorus, chromium, manganese, etc. is well founded. 
Although this theory does not recognize the existence of a precipitated 
phase or film existing about the prior austenite grain boundaries, it does 
postulate the existence of segregation of interstitial and substitutional 
elements to these regions. However, the results of the autoradiographic 
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Fig. 7—Six Day Exposure Autoradiograph on Samples of Carburizing Run Number 

Carburized with 20.1 milligrams of active barium carbonate. Hand polished. Etherea 

picric immersion etch—10 seconds. X 1000. (a) 1 Hour, 1250 °F, water-quenched, tough 

condition. Focus on metal; (b) 1 Hour, 1250 °F, water-quenched, tough condition. Focus 

on film; (c) Tough condition + 100 Hours, 850 °F, water-quenched. Focus on metal 
(d) Tough condition + 100 Hours, 850 °F, water-quenched. Focus on film 
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y. 8—Six Day Exposure Autoradiograph on Samples of Carburizing Run Number 5 


Carburized with 20.1 milligrams of active barium carbonate. Hand polished. Ethereal 
cric immersion etch—2.5 minutes. KX 1000. (a) 1 Hour, 1250 °F, water-quenched, 
tough condition. Focus on film; (b) Tough condition + embrittled 100 hours, 850 °F, 


water-quenched. Focus on metal; (c) Tough con 


ition + embrittled 100 hours, 850 °F, 
water-quenched. Foct 2 fil 
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9—Six Day Exposure Autoradiograph on Samples of Carburizing Run Number 3 
Carburized with 11.1 milligrams of active barium carbonate. Hand polished. Ethereal 
picric immersion etch—2.5 minutes. X 1000. (a) 1 Hour, 1250 °F, water-quenched, 
tough condition. Focus on film; (b) Tough condition + embrittled 500 hours, 850 °F 


water-quenched. Focus on metal; (c) Tough condition + embrittled 500 hours, 850 °F, 
water-quenched. Focus on film. 
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tudies in this investigation do not indicate the presence of carbon segre- 

gated to the prior austenite grain boundaries in any form. Therefore, 
the idea of carbon segregating to the prior austenite grain boundaries 
contributing to temper embrittlement is not substantiated. 

Other mechanisms of temper embrittlement have been proposed 
which involve only a diffusion of substitutional elements to the prior 
austenite grain boundaries (11,15). In the hypothesis advanced by 
Woodfine (15) substitutional elements are believed to diffuse to the 
prior austenite grain boundaries on a submicroscopic scale from the 
ferrite matrix at the embrittling temperature as well as from the aus- 
tenite matrix existing during the initial hardening of the steel. Wood- 
fine’s theory is not consistent with the activation energy for temper 
embrittlement obtained from the data of Bush and Siebert (10). This 
calculation gave a result which was closer to that of an interstitial ele- 
ment than any of the substitutional elements that contribute to temper 
embrittlement. Nor is it easy to understand how a reaction occurring 
in the austenite can influence temper embrittlement when the embrittle- 
ment can be completely removed by a retempering operation below the 
lower critical temperature where the material is completely ferritic. 
Furthermore, carbon additions to a susceptible steel will increase the 
degree of embrittlement attainable by a given heat treatment. Addi 
tional evidence against the theory of substitutional elements diffusing 
to the prior austenite grain boundaries leading to embrittlement is the 
fact that plain nickel steels are not susceptible to temper embrittlement 
It appears that this theory is not adequate to explain the complexity of 
the temper embrittlement in its entirety. 

The fact that the prior austenite grain boundaries during etching are 
preferentially attacked in a brittle structure and that this attack progres- 
sively increases with increasing embrittlement suggests two alterna- 
tives. Either the chemical composition of the boundary regions is altered 
during embrittlement so that they are selectively etched or a severe 
stress concentration is present in these regions which leads to a stress- 
corrosion type of attack. Since in the preceding discussion the idea of 
segregation to the prior austenite boundaries of interstitial and/or sub- 
stitutional elements was shown to be unsupported by existing experi- 
mental evidence, the strain mechanism for temper embrittlement needs 
to be examined as a possible explanation. 

The enrichment of cementite in alloy content in an embrittled steel 
has been reported by Maloof (13). If it is assumed that during the em- 


brittling process a modification of carbides in the matrix comes about 
through a reaction between the existing carbides and the alloying ele- 
ments dissolved in the matrix, then a strain could be developed across 
the prior austenite grain boundaries by virtue of the contracting ferrite 
grains. It is known that the lattice parameter of a temper-embrittled 
steel is smaller than a corresponding tough steel (10,13). This may 
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mean that carbon and some of the carbide forming elements have « 
out of solution from the ferrite matrix. Since these elements aré 
believed to diffuse to the prior austenite grain boundaries, the ren 
ing likely positions that are available are associated with the existing 
carbide phases. In this manner carbon could still be responsible for th 
initial rapid rate of embrittlement and the substitutional elements wit! 
the latter stages of embrittlement. The return of toughness by reheating 
a temper-embrittled structure below the lower critical temperatur: 
would be brought about by a relief of strain at the higher temperaturs 


and a re-solution of some elements into the ferrite matrix. 


CONCLUSIONS 


1. No continuous film of any kind is observed in the prior austenite 
grain boundaries of a temper-embrittled structure developed in a SAI 
3140 steel. 

2. Although carbides are observed in the prior austenite grain bound 
aries of an embrittled structure, it is unlikely that these have any effect 
on temper embrittlement since carbides are also observed in similar 
positions in the tough condition. 

3. The prior austenite grain boundaries as revealed by an ethereal 
picric etch are actual grooves between the grains which increase wit! 
etching time and degree of embrittlement and are not a staining effect 
of the etchant. 

4. Autoradiographic studies using carbon-14 and electron micr 
scope observations of embrittled structures of a SAE 3140 steel do not 
reveal that carbon atoms or carbides have segregated to the prior aus 
tenite grain boundaries. 

5. Temper embrittlement is brought about by a strain developed 
across prior austenite grain boundaries at the embrittling temperaturé 
as a result of a contraction of the ferrite lattice when dissolved alloying 
elements are removed from solution in the ferrite by a reaction with the 
existing minor carbide phases. 
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DISCUSSION 


Written Discussion: By Dr. A. E. Powers, General Electric Company, Power 
Tube Department, Schenectady, New York 

The authors have dismissed the theory that temper brittleness may be due to 
the grain boundary segregation of substitutional alloying elements. They cite a 
measured activation energy for temper embrittlement of around 39,000 cal. per 
mole as being too far removed from the activation energy of 80,000 cal. ner mole 
for the diffusion of substitutional elements in alpha iron. The figure of 80,000 cal 
per mole seems to be too high when one considers such measured values as 73,000 
and 59,800 cal. per mole for the self diffusion of iron ** and 57,700 cal. per mole 
for the diffusion of molybdenum in alpha iron.* A while ago, I attempted to find 
the activation energy for embrittlement from the slopes of isoembrittlement curves 
for SAE 3140 constructed by Carr, Goldman, Jaffe, and Buffum.® Their diagram 
is one of the most detailed and precise embrittlement diagrams available.® The 


2C. E. Birchanall and R. F. Mehl, “Self Diffusion in Alpha and Gamma Iron,” Transactions 
\merican Institute of Mining and Metallurgical Engineers, Vol. 188, 1950, p. 144-149 
I. S. Buffington, I. D. Bakalar, and M. Cohen, Chapter 6, The Physics of Mctals, W. E 
ngston, editor, McGraw-Hill Book Company, 1951 
‘J. L. Ham, “The Rate of Diffusion of Molyhb!enum in Austenite and in Ferrite,”” Tras 
tons, American Society for Metals, Vol. 35, 1945, 1 31-361. 
F. L. Carr, M. Goldman, L. D. Jaffe, and D. C. Buffum, “Tsothermal Temper Embrittlement 
f ‘eC 3140 Steel.” Transactions, American Institute of Mining and Metallurgical Engineers, 
197, 1953, p. 998 
®°A. E. Powers, “‘A Study of Temper Brittleness in Cr-Mn Steel Containing Large Amounts 
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derived activation energy for embrittlement was between 46,000 and 60,000 
per mole. This is so far removed from the activation energy for diffusion of ca 
that it is difficult to understand how the diffusion of carbon can have anything 
do with temper brittleness. 

Modification of the carbides during embrittlement is difficult to understa 
since embrittlement is known to develop without any significant tempering of t 
steel. Whether or not any significant tempering has occurred during embrittling 
can be estimated from Holloman and Jaffe’s tempering parameter, T(C + log t 
Any strain that is developed across grain boundaries should be relieved by cr 
during aging, even at temperatures below 1000 °F. The authors’ theory of graii 
boundary strain suggests that temper brittleness should lead to stress-corrosi 
cracking. Such cracking has never been observed to be a consequence of temper 
embrittlement. In fact, the nature of the grain-boundary attack has lead Perryn 
to suggest that the embrittled grain boundaries are cathodic to the matrix rath 
than anodic.’ 

In speaking of the contraction of the ferrite lattice during embrittling, the au 
thors have not provided any distinction between lattice contraction as a cons¢ 
quence of embrittling treatments and as a consequence of normal tempering 
processes. It is probable that in all cases where lattice contraction has been noticed 
the state of tempering was advanced slightly, as measured by the growth of car 
bides or changes in hardness or calculated precisely by the tempering parameter 

In 1955, I attempted to detect intergranular microsegregation of radioactive 
phosphorus in temper-embrittled steel, using the same autoradiographic stripping 
film method as used by the authors. The results were negative presumabl; 
because of insufficient resolution conferred by the beta rays. I came to the « 
clusion that the only chance for detecting intergranular segregation by aut 
radiographic techniques would be with the utilization of an alpha-emitting element 

Written Discussion: By G. K. Bhat, Staff Metallurgist, Research and Devel 
opment Laboratory, Crucible Steel Company of America, Pittsburgh. 

The authors have presented some interesting results on the role of carbon i 
temper embrittlement. The writer is in agreement with authors’ general conclusiot 
that carbon does not seem to segregate to prior austenite grain boundaries. Ther: 
fore, carbon might not play a significant role in causing 900 °F embrittlement 

However, the attention of the authors is directed to a few misquotations an 
unwarranted conclusions which they have drawn from earlier work 

The temper embrittlement phenomenon leads to brittle fracture not only along 


prior austenite grain boundaries but also along ferrite graih boundaries. Brittl 
fracture along prior austenite grain boundaries has been seen in specimens en 
brittled at 800 to 975 °F. In specimens embrittled at 1100 to 1250°F, fractur 
occurs predominently along ferrite grain boundaries. Specimens embrittled in th 


range 975 to 1100 °F tend to show mixed fractures.* * ” 


of Molybdenum, Tungsten, and Vanadium”, Journal of the Iron and Steel Institute Vol 
July. 1957, p. 323-328. 
Gc Perryman, “Grain Boundary Attack on Aluminum in Hydrochloric Acid a 

a lium Hydroxide, Transactions, American Institute of Mining and Met ur; gical Engineet 

Vol. 197, 1953, p 911-917. 

*G. K. Bhat, “Embrittlement During Tempe ring Engineering Alloy Steels and Its Causes,’ 
Ph.D. Dissertation, Lehigh Unive rsity, 195 

*G. K. Bhat and J. F. Libsch, “Studies aa the Development and Causes of Embrittlem« 
in Alloy Steels,” First Partial Report on Contract DA 36-034-ORD-1583 WAL 801 
Lehigh Institute of Research, December 1954. 

 L. D. Jaffe and D. C. Buffum, “Upper-Nose Temper Embrittlement of a Nickel-Chromiun 
Steel,” Journal of Metals, Transactions Section, January 1957, p. 8 
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oembrittlement diagrams for nickel alloy steels are now available. It has been 
early shown that nickel alloy steels of the type AISI 2340 are susceptible to 

per embrittlement. A definite opinion concerning the influence of nickel per se 

the development of embrittlement cannot be found in the references cited by 
e authors. Yet, the authors without presenting any evidence, claim that plain 
ickel steels are not susceptible to temper embrittlement. 

Libsch, Powers and Bhat™ have not stated that plain carbon steels become 

brittled during the quench from the tempering temperature. These authors have 

arly pointed out that in plain carbon steel embrittlement develops so rapidly 

it it could be prevented only by restricting the time at tempering temperature 

is to be noted, that in plain carbon steel maximum embrittlement develops at 

nperatures much higher than 900 °F. Woodfine * does not consider embrittle 
ment occurring at temperatures above 900 to 975°F as temper-embrittlement 
Since the present authors consider that temper embrittlement occurs in steels 
tempered in the range 700 to 1250 °F, it is difficult to accept their statement that 
plain carbon steels are not susceptible to temper-embrittlement. 

[he present authors have quenched their carburized steel from 2000 °F. Quench 
ing an AISI 3140 steel from temperatures above 1750 °F increases the tendency of 
austenite retention. Retained austenite is known to retard the development of 
embrittlement.* In view of this, have the authors noticed any retained austenite 
in their specimens quenched from 2000 °F ? 

[he authors have stated that “in most cases the prior austenite grain boundaries 
follow the larger carbide particles”. In studies made by the writer, larger carbide 
particles seemed to form at prior austenite and also at ferrite grain boundaries, 
depending upon the embrittling temperature and times used and the alloy content 

f the steel. 

For a clearer understanding of the mechanism of embrittlement in constructional 
steels, a study of the kinetics of the embrittlement in the temperature range 750 °F 
up to the lower critical temperature of the steel is very necessary. 

\n inspection of isoembrittlement diagram available for several steels * 
shows that embrittlement in alloy steels proceeds according to at least two modes 
a high temperature mode and a low temperature mode. Without going further into 
these two modes of embrittlement, the cause of embrittlement appears to be dif- 
ferent, for the embrittlement developed in the high and low temperature regions 
The reaction itself is very complex and values of the activation energy of the 
reaction at any temperature do not help one to pin down the element responsible 

embrittlement. Arguments presented in this paper on the basis of activation 
energy values are largely open to question. 

For an explanation of the mechanism of embrittlement, it is desirable to follow 

hanges occurring in the steel from the austenitizing stage. The iron lattice is in 
1 distorted state at the grain boundaries. Consequently, atoms nearer to the grain 
boundary could be in a state of tension or compression. The distortion of the 
ystem as a whole would be reduced if alloy atoms, during austenitizing, occupy 
he grain boundary sites. The austenite-martensite transformation may be con 
idered a diffusionless process. When the quenched steel is tempered, the first ele 


J. F. Libsch, A. E. Powers and G. Bhat, ‘‘Temper Embrittlement of Plain Carbon Steels,” 
RANSACTIONS, American Society for Metals, Vol. 44, 1952, p. 1058. 

2B. C. Woodfine, “Temper Brittleness: A Critical Review of the Literature,” Journal, Iror 
nd Steel Institute, Vol. 173, No. 3, 1953, p. 229. 

* A. E. Powers and R. G. Carlson, “The Effect of Boron on Notch Toughness and Temper 
mbrittlement,’”” Transactions, American Society for Metals, Vol. 46, 1954, p. 483. 
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ment that diffuses appreciably is carbon, other interstitials would be expect 
behave similarly to carbon. An element which diffuses rapidly is least like 
segregate. The present authors’ results tend to confirm this view 

During the early stages of tempering there may be a residual concentratior 
certain types of atoms at the grain boundaries since substitutional alloy atoms ar; 
slow to diffuse at low temperatures (800 to 1000°F). This might cause a ten 
porary change in the behavior of the grain boundary material. This situation mig 
be responsible for low temperature embrittlement. 

The authors’ suggestion that strain developed across prior austenite gr 
boundaries is the cause of embrittlement remains unsupported. Tempering straii 
are normally considered insignificant when tempering is done above 600 °F 
especially so for medium carbon, low alloy steel. 

The removal of low temperature embrittlement by heating embrittled specim« 
to higher temperatures might be due to a homogenization of composition betwee 
grain interior and the grain boundary material by diffusion of alloy atoms. S 
of the alloy atoms may also combine with carbon to form stable carbides 

At temperatures above 1100°F, increasing amount of carbon and proba 
other interstitial elements having low solubility in ferrite separate and these s« 
to precipitate “ in some form along ferrite grain boundaries. This could als 
the cause of embrittlement in plain carbon steels in which maximum embrittlement 
develops at about 1250 °F. 


Written Discussion: By A. S. Keh, Edgar C. Bain Laboratory For Fund 
mental Research, United States Steel Corporation, Research Center, Mont 
ville, Pa. 

This new addition to the literature of temper embrittlement is very welcot 
The strain theory as proposed by the authors is very enlightening, and the writer 
would like to see more experimental evidence in the future. 

The autoradiographic technique is a very useful research tool in the field of 
metallurgy. However, in the opinion of the writer, it is not sensitive enough ir 
the present case. The resolution of an autoradiograph is about 2 microns; hi 


ever, the mean carbide spacing as shown in the electron-micrographs (Figs. 1— 
much smaller than 2 microns. That means each localized black spot on the aut: 
radiograph actually represents a cluster of carbide particles. It is known that tl 
layer of grain boundary segregation of any solute atom is not more than 10A 


thick. If there is carbon segregation at the grain boundaries, its contribution t 
the intensity of the autoradiographic film is but a very small fraction of that du 
to the carbide particles. Therefore, the autoradiographic results shown in th 
paper do not necessarily prove that carbon is not segregated to the grain bour 
aries of iron. 


Written Discussion: By S. R. Maloof, Nuclear Metals, Inc., Cambridge, Mass 
chusetts. 

The possibility that strain may contribute to temper embrittlement should 1 
be overlooked. In an earlier publication,” it was shown that the back-reflecti 
lines of the (310) reflection from the ferrite matrix were more diffuse for tl 


%G. K. Bhat, “A New Look at Temper Brittleness,”’ Jron Age, January 24, 1957, p 

1S. R. Maloof, “Some X-Ray Diffraction and Electron Microscope Observations on Ten 
Brittle Steels,” Transactions, American Society for Metals, Vol. 44, 1952. See Fig. 13 
page 281 
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rittled samples (slowly cooled from the tempering temperature of 1200 °F) 
for the tough samples (water-quenched from 1200 °F). This is contrary to 
it one might have anticipated, and it appears that internal strains are generated 
he ferrite lattice during the diffusion of alloying elements from the ferrite 
itrix into the existing carbide phase (cementite) and/or during the precipitation 
arbide from solid solution. 
[he authors’ disclosure that the larger carbide particles outline the prior 
sustenite grain boundaries is in agreement with the earlier observations of 
writer. These larger carbide particles presumably form at the high tem 
ring temperature (1250°F). During the embrittling treatment, enriched ce 
entite ({Fe,Cr]sC) particles form in situ and appear to stand in relief from 
irticles of the more massive and irregular-shaped cementite (FesC). These 
lings are not evident in this study, in spite of the fact that the steel used by the 
thors is very similar in composition to that investigated by the writer. Further 
ore, the extent of grain boundary attack is not as marked as that shown in the 
riter’s samples. It is believed that this difference is due to the fact that the authors 
d an ethereal picric acid solution to etch their specimens, whereas a Zephiran 
ride etch was used by the writer. Earlier work on both of these etchants dis 
sed a definite difference in their etching behavior. The Zephiran chloride etch 
appeared to attack the grain boundaries more markedly than did the ethereal picri 
id solution. Possibly the authors have investigated this point? 
\s the authors point out, a change in chemical composition in the immediate 
inity of a prior austenite grain boundary could also explain the increased 


eferential attack in embrittled samples. Enriched cementite ([Fe,Cr]sC) par 


les formed in situ would drain the surrounding matrix of its chromium content 

1 hence accelerate the grain boundary attack. Possibly a micro x-ray spectro 
raphic technique could shed some light on this proposed mechanism ? 

[he authors are to be congratulated for their continued interest in such a diff 
ult problem. More research of this type would indeed be welcome 

Written Discussion: By Spencer H. Bush, Hanford Laboratories Operation, 

neral Electric Company, Richland, Washingtor 

[he authors are to be complimented on their < ach to the problem of temper 

brittlement. It is only through such studies that the true mechanism of such 

brittlement will be ascertained. 

Unfortunately, there are still several questions left unanswered by this study 

e autoradiographic results when analyzed do not indicate a gross movement of 
rbon to the prior austenite grain boundaries. This in itself is significant, but 
here is no assurance that more than a limited change in carbon content is required 

ich is below the threshold of detection of the autoradiographic technique. Com 

sitional changes of a few parts per million are known to cause marked changes 

everal metallic systems. Conceivably the same may be true here. 

[he authors propose a mechanism based on a straining of the prior austenite 
ain boundaries. Certainly some etchants attack these boundaries selectively, 

ating the existence of foreign atoms or strains. Even so their statement that a 

ntraction of the ferrite grains results in such strain requires clarification. Thi 

traction which has been observed in x-ray diffraction studies *® ™ could strain 


h, “An Investigation of the I 

Thesis, University of Michigan (1 ; 

Maloof, “Some X-ray Diffraction and Electron Microscope Observations on Temper 
Steels," Transactions, American Society for Metals, Vol. 44, 1952, p. 264 
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Correlation of Transition Temperature and Lattice Parameter 
For 5140 Steel After Various Heat and Embrittling Treatments 








50 ft-lb 50 Per cent 
Heat Treatment Impact Energy °E Brittle Fracture 

1600 °F, 1275 °F, 5 hours * K —103 8¢ 
1050 °F, hour — 81 2.8614 
1050 °F, 10 hours 861 
1050 °F, 24 hours _ 8610 
1050 °F,’ 100 hours 7 — 67 2. 8¢ 
1050 °F, 1000 hours 56 —§ Re 
1050 °F, 3000 hours — § 2.8614 


* Base condition, all other specimens have this initial heat treatment unless otherwise not 


the ferrite boundaries equally well yet most evidence points to a failure throug! 
the austenite rather than the ferrite boundaries in an embrittled steel. 

Another point requiring clarification or amplification in their grain boundary 
strain theory is the reversal in transition temperature and lattice parameter ol 
served in extended tempering as shown in the accompanying Table.”* 

Such reversals of embrittlement with time as shown in the table would indicate 
a variation in grain boundary strain, but the authors’ mechanism requires some 
additional explanation if such changes are to be explained. 


Authors’ Reply 

The authors appreciate the comments received on this paper. The lively response 
indicates the controversial nature of this interesting subject. 

Controversial as the subject may be, some workers confuse the issue further by 
attributing all phenomenon which leads to an increase in transition temperature 
obtained by impact testing as temper embrittlement. Apparently, Dr. Bhat holds 
this viewpoint when he claims that his work shows that plain carbon steels ar 
susceptible to temper embrittlement. It has been clearly and irrevocably pointed 
out by Woodfine “ 
transition shifts observed by them were not due to temper embrittlement but 


in his review of the paper by Bhat and co-workers that th 


to an increase in ferrite grain size as tempering progressed. A further analysis by 
Queneau ™ substantiates this conclusion. 

While Jaffe, Buffum, Bhat and co-workers all have indicated that plain carbor 
steels are very susceptible to temper embrittlement, only the former authors have 
suggested that they become embrittled during the quench from the tempering 
temperature. We intended no misrepresentation and thank Dr. Bhat for clarifying 
this point. 

References (3) and (11) in the paper and footnote (19) in this discussion cit 
examples which indicate the nonsusceptibility of plain nickel steels. The general 
opinion concerning nickel in its relation to the temper embrittlement is that alon 
nickel has little or no effect but in the presence of other elements that promote en 
brittlement nickel will increase the susceptibility. 

Only the carburized steel samples used for autoradiographic studies were aus 
tenitized at 2000 °F. The criterion used to establish embrittlement was the respons 
of the ductile and brittle samples to the ethereal picric etch. In all cases the ductil 
samples exhibited no prior austenite grain boundary attack; whereas, the samples 
heat treated to give a brittle structure exhibited an attack comparable to that 
“a8 B.C. Woodfine, “‘Temper-Brittleness: A Critical Review of the Literature,’ Journal, Iror 
and a Institute, Vol. 173. No. 1, 1953, p. 234 


Queneau, The Embrittlement of Metals. American Society for Metals, Cleveland, 
Ohio, 1955, p. 35. 
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htained on the virgin 3140 steel samples temper embrittled by an identical temper- 

y treatment. 

This investigation was concerned only with the embrittled structure obtained 
in 3140 steel at 850 °F. At this temperature the larger carbide particles were ob 
served in the prior austenite grain boundaries. Tempering at a higher temperature 
results in a general carbide conglomeration in which case the ferrite boundaries 
may become populated with these larger particles as well, as Dr. Bhat has 
bserved. 

regard to Dr. Bush’s remarks it is true that the segregation assumed to take 
lace may be below the limit of detection of the autoradiographic technique em- 
ved. However, as will be pointed out in answer to Dr. Keh’s comments, the 
technique employed is highly sensitive. In our investigation it was observed that 
when a severely embrittled structure was etched long enough with ethereal picric 
solution some ferrite boundaries began to appear along with the prior austenite 
grain boundaries. This would indicate a degree of strain at the ferrite boundaries 
but somewhat less than that existing at the prior austenite boundaries. Ferrite 
boundaries are rather mobile and at the embrittling temperature they move about 
and thereby reduce the strain in these regions. On the other hand prior austenite 
grain boundaries do not tend to move at the embrittling temperature. Therefore, 
they lack the opportunity to relax the strain by diffusion 

In the reversal in transition temperature observed by Dr. Bush it should be 
noted that in no case was complete recovery achieved at long times at the em- 
brittling temperature. Since the temper embrittling reaction is complex in nature, 
nvolving many elements with significant differences in diffusion rates, the partial 
reversals observed can be explained on the basis of the different times at which 
various elements come into play in the embrittling reaction. The interstitials such 
is C and Ne operate first and the substitutional elements later. Therefore, a partial 

lance between the strain set up in the prior austenite grain boundaries by a given 

ment taking place in the reaction with existing carbides and the relaxation 
rded by the tempering temperature could be observed before another element 
ving a lower diffusion rate becomes predominating 

Concerning Dr. Keh’s comments, the authors would like to point out that in this 

vestigation the question of resolution of the autoradiographic technique is not 
ritical. The important factor in this type of autoradiography is the level of specific 

tivity available. Calculations on the specific activity available in these experi 

nents using the data of Towe and co-workers ” indicate that a segregation as small 

is 10 A on each side of a prior austenite grain boundary containing carbon in the 
mint present in FesC would be readily detectable 

The authors agree with Dr. Maloof that a micro probe technique might shed 

me light on the mechanism of temper embrittlement. In addition, we believe valu- 

le information could be obtained through internal friction as well as further 
itoradiographic studies. 

\s pointed out in the discussion above, resolution is not an important factor in 

se particular autoradiographs. May we suggest to Dr. Powers that his results 

negative not because the resolution was poor but perhaps because temper 
brittlement does not occur by this mechanisn 

In considering the sezregation theories of temper embrittlement, it is difficult to 

oncile a formation of a submicroscopic layer of foreign atoms about the prior 

1. C. Towe, H. J. Gomberg, and reeman, ition Autoradiography, N: A 


Note 3209, July 1954, p. 14 
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austenite grain boundaries with the gradual increase in transition tempera 
embrittlement becomes more severe at a given temperature. It would seem | 


to assume that once a layer of foreign atoms has been established about the 
austenite grain boundaries, the structure would have achieved maximum britt 
ness. Further segregation which would take place on continued tempering 
not be expected to affect the susceptibility of the structure to brittle fracture. 0; 
the other hand a strain concept as proposed by the authors would explain the ol 


served fact that the transition temperature increases with the severity of en 
brittlement. 





BRITTLE TO DUCTILE TRANSITION 
TEMPERATURES OF BINARY 
CHROMIUM-BASE ALLOYS 


By E. P. AprAnamson, II, AND N. J. GRANT 


Abstract 

A study has been made of the transition temperature for 
brittle fracture of chromium alloys with up to 30 weight 
percent of twenty-one different elements in binary combina- 
tions. 

A correlation between the rate of transition temperature 
change and the electron configuration of the solute element 
is shown and a tentative explanation of transition temper- 
atures is put forward. (ASM International Classification 
O23r,; Cr) 


INTRODUCTION 

THOUGH chromium-base alloys are attractive high temperature 
materials from an oxidation standpoint, the lack of room temper- 
ire ductility exhibited by these alloys presents a major development 
Iblem. Considerable progress has been made in producing chromium, 
small amounts, that is ductile at room temperature. However, all 
vork to date has shown that the addition of a second element to chrom- 
1 raises the brittle to ductile transition temperature. Sully, Brandes 
nd Mitchell (1)! have found this to be true for binary additions of 
luminum, copper, nickel, manganese, iron, silicon and tungsten to 
hromium. Wain, Henderson and Johnstone (2) and Smith and Sey- 
lt (3) have shown that nitrogen, in the absence of other elements, 
narkedly increases the transition temperature. On the other hand, 
o and for 

irbon and sulphur up to 0.02 and 0.1 weight %, respectively (3). 
[he purpose of this work, then, was to examine more broadly the 
vestigations mentioned above, and to expand the investigation to 
lude other alloying elements. It was felt that additions of ten or 


little effect was noted for oxygen up to 0.34 weight ‘ 


figures appearing in parentheses pertain to the references appended to this paper 


ised on a thesis submitted in partial fulfillment of the requirements for the 
ee of Doctor of Science, Department of Metallurgy, Massachusetts Institute 
echnology, Cambridge, Massachusetts. 


paper presented before the Thirty-Ninth Annual Convention of the Society, 

1 in Chicago, November 4-8, 1957. Of the authors, E. P. Abrahamson, II, is 

search Associate, and N. J. Grant is Professor, Department of Metallurgy, 

Massachusetts Institute of Technology, Cambridge, Massachusetts. Manuscript 
ived May 6, 1957. 
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more weight percent of a second element might have an effect whict 
corrects for the initial increase in transition temperatures noted 


MATERIALS AND EXPERIMENTAL TECHNIQUES 

Chromium of several grades of purity was alloyed with elements in 
Groups [Vx, Vg, VIz, VIIp, and VIII in the periodic table. These ele- 
ments, listed in Table I, were of the highest available purity. In addi 
tion, the effect of small individual additions of beryllium, aluminum, 
boron, carbon and silicon was investigated. Hydrogen purified electro 
lytic chromium was used ; it contained, in weight percent, 0.012 to 0.02 
oxygen, 0.008 to 0.015 nitrogen, 0.006 to 0.010 carbon, and 0.0004 t 
0.0006 hydrogen. 

All alloys were melted under purified argon in a water-cooled copper 
crucible, tungsten electrode arc furnace. The 100-gram buttons were 
inverted at least three times before a sample was sucked up in a %-inc! 
inside diameter quartz tube. This method of casting gave a relatively 
fine grain size that was essentially constant for all of the alloys. The 
rods were then electro-polished to remove the thin outer layer of silico 
contamination. This layer was found to raise the transition temperatur. 
by several hundred degrees Fahrenheit, although part of this increas: 
was probably ascribable to micronotches on the surface of the casti 


‘ “ 


All specimens were tested in the as-cast condition, the most unfavor 
able condition from the standpoint of transition temperature. 
The brittle to ductile transition temperature was measured by means 


of a bend test. The test apparatus consisted of a double specimen suy 
port giving a span of one inch and a load rod, both enclosed in a furnace 
capable of attaining 2200 °F. The testing temperature was measured at 
the specimen. All specimens were held at the testing temperature { 
five minutes prior to bending. Vacuum fusion analyses of the total sar 
ple showed no nitrogen pick-up during this time. A strain rate of from 


Table I 
Composition of Elements Used for Alloying with Chromium 


% Element ; Weight Percent Impurity 
Element Minimum Oo N H Cc Fe Ta Cu Si 


Nb 99.5 0.11 0.039 0.002 0.2 0.01 0.16 0.1 0.05 
. 98.8 0.007 0.001 - 
99.9 0.08 0.01 
99.95 0.001 
99.9 0.004 
99.98 0.005 0.004 0.004 
90 9 = 
99.98 + = 
99 98 + 
99.9 
99 8 
99.97 0.003 
99.9 _ 0.03 
99.9 0.018 0.006 0.011 0.013 
V 99.7 0.049 0.092 0.001 
Zr (in ppm) 500 
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0.01 inch per minute was applied manually by means of a lever 

More exact control was not warranted since Sully’s data (4) 
showed that a strain rate change from 0.003 to 0.77 inch per minute 
raised the transition temperature only 50 °C. 

The bend test results were plotted as a graph of the angle of bend, 
measured after fracture, versus test temperature ; see Fig. 1. This figure 
shows a change in transition temperature with a change in nitrogen, 
while the slopes are essentially equal. The maximum bend attainable 
was 130 degrees. As can be seen, the values of transition temperature 
for brittle to ductile behavior can be approximated by a straight line. 
A 65-degree bend was chosen as the arbitrary transition temperature. 
The temperature at which this amount of ductility was observed was 
plotted against the atomic percentage of solute element as shown in 
Fig. 2. 


[he alloy content was checked occasionally by chemical analysis. The 
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Fig. 1—Typical Bend Test Data 


deviation from the nominal content of alloying element was never 
greater than about two percent of the quantity added. 


RESULTS 

Figs. 2, 3A and 3B show that with the exception of ruthenium and 
ryllium, the addition of all other solute atoms investigated initially 
ncreased the transition temperature. Fig. 2 indicates that with additions 
of some elements, a composition is reached beyond which the transition 
temperature is no longer increased with increasing additions. At this 
position a decrease in transition temperature was noted. This de- 
crease occurred in both single and two-phase alloys, provided that a 
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Fig. 2—Transition Temperature for 65 Degree Bend Versus Atomi 
Percent Alloy Addition. Curves are for twe 


grades of chromiun 
continuous brittle phase was not formed. The elements palladi 
iridium, ruthenium and platinum brought about the greatest dec: 
in transition temperature. 


DIscussION 
As can be seen in Fig. 3A and Table II, the initial change in trai 
tion temperature is not a function of the atomic size. Elements hay 
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Fig. 3A—Initial Transition Temperature for 65 Degree Bend Versus 
Atomic Percent Alloy Addition. 


approximately the same atomic size as chromium, such as iron, cobalt, 
and nickel, exhibited marked differences in their effects. An even 
greater contrast between the effects of elements with the same size was 
noted between ruthenium and rhodium. The former element decreased 
and the latter increased the transition temperature. 

Fig. 3B shows similar lack of atomic size effect. Incidentally, the 
different transition temperature values listed for pure chromium are duc 
to differences in initial content of oxygen, carbon and nitrogen. In Fig 
3B it will be noted that the slopes of the curves for carbon and silicot 
additions on the one hand, and boron and aluminum on the other hand 
are approximately the same. This is especially interesting when on 
considers that carbon and boron are interstitial alloying elements and 
aluminum and silicon are substitutional. 

Ruthenium was the only metal investigated which decreased the 
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Fig. 3B—Initial Transition Temperature for Degree Bend Versus 
Atomic Percent Alloy Addition. Variety of chromium grades used 
as addition base 


transition temperature of chromium with the very first small additions. 
The decrease shown for beryllium additions was due to the scavenging 
effect on oxygen and nitrogen. Similar initial decreases in transition 
temperature were observed due to additions of titanium, aluminum, 
zirconium, and other strong deoxidizing and denitrifying elements to 
chromium of high transition temperature (about 1000 °F) (5). 

The chromium-palladium alloys in Fig. 2 indicate that the transition 
temperature of a binary alloy is dependent on the transition tempera- 
ture of the original chromium as well as on the particular alloying 
element. The slope of the curve was retained from one grade of chro- 
mium to another, but was transposed by an amount equal to the differ- 
ence in the transition temperatures of the chromium grades. This re- 
sult places added importance upon the further purification of chromium 
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to lower the transition temperature as low as possible and thus lowet 
the alloy transition temperature. 

The rate of transition temperature increase is periodic in nature 
depending upon the outer electron configuration of the solvent an 
solute atoms. This is seen in Figs. 4 and 5. The smallest effect on t 
65-degree bend transition temperature occurred for metals in the trat 
tion series having an outer configuration of 8 electrons. For exam] 
ruthenium (d‘s!) has the smallest effect, and iron (d®s*) has a slight 
larger effect ; (see Fig. 5). In the case of materials with unfiiled S 
P shells, the smallest effect on transition temperature is noted for 
configuration of 4 electrons, carbon and silicon both having p*s*; (s' 
Fig. 4). A similar effect was noted when this approach was applit 
to data obtained on molybdenum (6). 

Of interest is the effect of the change of one electron from the S s! 
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~ , , rey 
1 Change in Transition Temperat with t Addi of Elements 


with Unfilled D Shel 


the D shell as in the case of iron and ruthenium. Iron raised the tran- 
sition temperature while ruthenium lowered it. Fig. 5 is especially clear 
in showing the additive effect of S and D electrons on transition tem- 
perature. 
~ A correlation was found among the data for elements with unfilled 
D shells and unfilled P shells with the initial rate of change in transition 
temperature. This is shown by comparing Figs. 4 and 5. It would be 
expected that an extrapolation to zero P shell electrons would be the 
same as an extrapolation to zero D shell electrons; the element con- 
erned is beryllium. The figures show that, within experimental error, 
he agreement is quite good. 

It can easily be seen that, similar to the initial change in transition 
perature, the maximum transition temperature is not a function of 
atomic size of the added element. Furthermore, an examination of 

he data in Table I makes it doubtful that the extent of solubility of the 
second element in chromium is a primary factor. Although the maxi 

um temperature occurred near the solubility limit for Cr-Pt and 
Cr-Ir, a maximum was also found in the region of solid solubility in 
the Cr-Fe and Cr-Ru systems, and beyond the solubility limit in the 

Pd alloys. ; 

from Fig. 6 it would appear that the best relationship that can be 
und among the transition metals is between the maximum transition 
mperature and the initial slope of transition temperature versus 
tomic percent solute. The particular curve shown in Fig. 6 will main- 
tain the same slope but will change its intercept depending on the tran- 
ition temperature of the chromium used to make the binary alloy. 


The decrease in transition temperature following the maximum 
loes not appear to be affected by intermetallic compound formation, 
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or lack of its formation, provided the compound does not form a con 
tinuous phase. The alloys of Cr-Fe and Cr-Mn investigated are solid 
solutions and show a gradually decreasing transition temperature slope 
On the other hand Cr-Pt, which contained an intermetallic compound, 
had a much greater slope. Finally, Cr-Rh, which forms a continuous 
intermetallic phase in the microstructure, does not exhibit a maximum 
transition temperature or a decreasing transition temperature slope 
(The point for rhodium in Fig. 7 represents its probable position on 
the assumption of a noncontinuous second phase in the structure). 

The formation of a second ductile phase is not necessary for lower 
ing the transition temperature. If, however, the second phase is the 
continuous phase, there may be no discontinuity in the transition tem 
perature slope (note Cr-Pd). In comparing Cr-Ni and Cr-Pd, it was 
found that there was a very large difference in their slopes, although 
both systems form ductile second phases. 

It is not to be construed that the slope of the decreasing transition 
temperature as a function of atomic percent solute can be extrapolated 
to 100% of solute. Extrapolation becomes impossible when a continuous 
intermetallic network is involved or when a large amount of a second 
phase is present (that amount and its distribution cannot as yet be a 
curately defined or predicted ). 

The effect of an abundance of solute atoms on the brittle to ductil 
transition temperature is opposite to the effect of a few solute atoms 
In the latter case an increase in transition temperature with increasing 
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Fig. 7—Final Change in Transition Temperature with the Addi- 

tion of Elements in the Transition Series. 
solute content was noted; in the former case a decrease is noted. Both 
cases exhibit a periodicity which is dependent upon the configuration 
of outer electrons of the solute atoms as shown in Figs. 5 and 7. It will 
be seen that the curves representing various values for D shell electrons 
at constant S shell levels plot as straight line segments. The angles 
formed by these segments remain constant for both increasing and de- 
creasing slope. These plots differ in two respects: first, in the magni- 
tude of absolute value of slope and, second, in the relative positions of 
the elements in Group VIII. The latter difference can be seen by close 
comparison of Figs. 5 and 7. It will be seen that whereas nickel, plati 
num and cobalt additions to chromium cause the greatest initial change 
in transition temperature, palladium and iridium cause the greatest 
tinal change. This difference is roughly equivalent to a rotation of 
|80-degrees about an axis passing through the elements iron, ruthenium 
ind palladium. 
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The data of Sully et al. (1) were of considerable support i: 
lishing confidence in the curves used in Figs. 4 and 5. It will be 
that there is excellent agreement between their data and the p: 
results. Sully et al. unfortunately did not extend their alloying ir 
gation to higher compositions. 


THEORY 


A definition of the brittle to ductile transition temperature is | 
temperature at which some degree of ductile behavior (arbitraril 
lected) is first noted. At a given strain rate for a given alloy, the tem 
perature is variable depending upon whether the specimen is as-cast 
worked or annealed. Past experience has shown that the as-cast « 
tion invariably exhibits the highest transition temperature. 

The phenomenon of transition temperature has been noted in all 
hody-centered cubic metals, and occasionally in face-centered 
metal alloys. The former metals are particularly interesting due to thei 
18 slip systems which necessitates cooperative slip for deformation 

Body-centered cubic metals of very high purity have exhibited tran 
sition temperatures approaching absolute zero, From this it must be 
deduced that their usual high transition temperatures are due to cer 
tain solute elements which are normally present. 

In a body-centered cubic metal, any solute atom present interacts 
with its nearest neighbors, all of which lie in planes of slip. Slip : 
be inhibited on several planes directly, and on many more indirect! 
due to the need for co-operative slip. The data presented would indi 
that there is an interaction of the bonding electrons of the solute and 
solvent which in some manner contributes to an increase in transiti 
temperature for brittle fracture. The effect on the transition temper 
ture is not a major function of the total number of electrons per ator 
atomic size or position of the atom in the lattice. The solute-solute and 
solvent-solvent force fields are generally weaker than the solute-solvent 
force field. The interaction strength is a prime function of the number 
and position of the outer electrons in both elements. 

With the foregoing postulations, we may then picture the transitior 
temperature as that temperature at which the interaction force field i 
sufficiently weakened to allow deformation to take place. As th 
number of solute atoms is increased, an increase in thermal energ 
is needed to weaken the additional force fields. This therefore results ir 
a higher transition temperature. 

As the number of solute atoms increases, there is a higher probabilit 
of several solute atoms becoming nearest neighbors. This decreases th¢ 
number of interactions between solute and solvent and hence the tem 
perature will not rise as rapidly with solute atom additions or will start 
to decrease. The generally weaker solute-solute interaction may furthe: 
decrease the transition temperature. In cases where two different solute 
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toms 


ire present in small amounts, their effect on the transition tem- 


1) 


rature of the alloy will be additive, provided there is no compound 


rmed between the two solute elements. 


CONCLUSIONS 


Based on studies of as-cast chromium binary alloys with an arbitrary 
bend angle as a measure of transition temperature, the following 
nclusions are drawn: 

|. A characteristic transition temperature for brittle to ductile frac- 
ure has been noted for binary alloys of chromium with elements having 
unfilled S and D shells and unfilled S and P shells. There is a rapid 
increase in transition temperature with increasing alloy content to a 
naximum, after which there is a decrease in transition temperature 
vith further additions. 

2. An exception to the above is the case of Cr-Ru in which an im 

ediate decrease in transition temperature is observed. 

3. Another exception is the lack of a maximum or decreasing transi 
tion temperature when a continuous brittle intermetallic phase forms. 

+. The transition temperature versus percent alloying content curves 
shift up or down as the transition temperature of the chromium is 

iried, however the curves appear to stay parallel. 

5. A relationship has been observed between the rate of increase of 
transition temperature or the rate of decrease of transition temperature 
vith the configuration of the bonding electron of the solute element. 

6. Evidence is shown that room temperature ductile alloys based 
m chromium can be achieved if the transition temperature of the start 
ing chromium is sufficiently low. Such alloys will fall in the 60 to 90% 
chromium range. 
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DISCUSSION 

Written Discussion: By Daniel Maykuth and R. I. Jaffee, Battelle M 
Institute, Columbus, Ohio. 

In view of the exceptional correlation between mechanical behavior at 
tronic structure of chromium-hase alloys noted by the authors, as shown b 
it is appropriate to examine the methods and materials used. It is rare that 
remarkable correlation is achieved in experimental metallurgical studi 

Fig. 1, which was inserted in the paper with no explanatory notes, s! 
increasing the nitrogen content of chromium from 0.008 to 0.015% low 
ductile-to-brittle bend transition temperature. These data, if correctly 
are in direct conflict with the separate works of Wain, Smith, and Sey! 
which the embrittling effect of nitrogen in chromium was clearly established 

The authors determined bend ductility using a hand brake with no contr 
strain rate except that of the operator’s judgment. Also, the radius of the lo 
contacting the specimen was not mentioned, nor were the specimen din 
mentioned. 

The authors justify the use of variable strain rates in bend testing on t 
of Sully’s work which was carried out with a selected lot of chromium tl 
a much lower transition temperature (122°F) than that of any of the mat: 
used in the present work. The authors, thus, assume that the strain rate set 
of chromium is independent of the metal’s purity as well as alloy com; 
We question the validity of this assumption, particularly in view of current 
by the Armour Research Foundation for the Air Force which has show: 
ductility of chromium, with a tensile transition temperature of 690 °! 
sensitive to strain rate. 

[he authors state that, while the transition temperature versus pet 
content curves shift up or down as the transition temperature of chromiun 
varied, the curves appear to stay parallel. However, the only evidence furni 
to support this conclusion are the curves for the Cr-Pd alloys. On the other 
visual comparison of the slopes of the curves presented in Figs. 2 and 3a for 
dium, cobalt, iron, rhodium, rhenium, and manganese shows that the r 
effects of these metals are not the same in two of the different chromium 


used. Further, the relative order of these metals, arranged in the order of d 


ing slopes using the values in Table II is not consistent with the slopes indi 


for these metals in either Fig. 2 or Fig. 3a. In view of these inconsistencies, 
not at all clear as to how the slope values listed in Table II were obtained 
The authors state that good agreement was obtained in comparing their 
with those obtained by Sully. However, a spot check of Sully’s data fails t 
port this statement. For example, the calculated initial slope value for the ( 
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based on the curve presented in “Chromium,” A. H. Sully, Academic 
Inc., Fig. 63, p. 136, 1954) is 950 °F per atom %. This value indicates that 


tted points for tungsten in Figs. 3a and 5 should fall below the points fo 


instead of above them as indicated in these figures 

itional errors in plotting the data of Fig. 5 include the erroneous representa- 
of both iridium and platinum as having 9 d shell electrons since these metals 

n fact. 7 and 8 d shell electrons, respectively. Also, the rhodium data point 


l 


d for a slope value of about 400 °F per atom % while Table II indicates 
lue should be 280°F per atom %. Further, the graphic representation of 
the Cr-Ru system in Fig. 5 fails to take the negative value of this slop« 
nsideration. The significance of absolute slopes covering positive or nega 
lues is not clear 
appear to be serious questions conc¢ rning the accuracy of the transition 
ratures reported. It would follow that the slopes of the curves of transition 
ture versus alloy content would be further in error, particularly since 
rves were based on only two data points 
idering only these errors and inconsistencies, it is apparent that the corre 
of electronic configuration and bend transition temperature are not nearly 


1 


as indicated by the authors in Figs. 4 through 7, inclusive. Indeed, it is 
tionable whether any firm correlation between these parameters can be proven 
the basis of the data presented in this paper. 
Written Discussion: By Peter R. Kosting, director, Metallurgical and Engineer 
¢ Sciences Division, Office of Ordnance Research, U. S. Army, Duke University, 
North Carolina 
paper by Messrs. Abrahamson and Grant is considered to be very stim 
It suggests that the actual electron configuration of the solvent and 
itoms affect the ability for deformation to take place. When the paper is 
vith the help of a periodic table of the elements, such as that given in the 
| Handbook, the need for further careful study of this sort is immediately 
nt 
in the paper, the statement was made that the addition of a second el 
to chromium raised the brittle to ductile transition (b-d-t) temperature. The 
mental evidence negates this statement somewhat because, first, there was 
nt which caused a decrease with the very first small additions and, 
l, there was another element and, perhaps, there were at least three more 
caused a decrease when added to chromium of high b-d-t temperature be- 
usual effect of increase was noted. The development metallurgist has been 
ted in the latter aspect and has frequently demonstrated that the addition 
| amounts of a third element to a commercially pure chromium-base binary 
vas beneficial. As indicated in the paper, the reasons for this benefit are 
nt from the effect being studied by the authors 
indications in the paper are that the best as-cast chromium had a b-d-t 
rature when measured by bending to an angle of 65 degrees, of 350 °F. Data 
sed from chromium having b-d-t temperatures as high as 1050°F. The 
of the authors to bring order out of this vast variation is noteworthy. 
lig. 2, ruthenium is shown to cause a decrease in b-d-t temperature, which 
e is continuous with increasing alloy addition up to 15%. The slope of the 
hould be negative at all times. The data in Fig. 3a indicates the same is so 
hromium of another purity and additions up to about 6%. This is in conflict 
information in Table II, which indicates a positive final slope like the 
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initial slopes of all of the other elements. Table II also indicates that 
slope of the curves for such elements as Pd, Ir, Fe, Co, Mn, Ni are 


whereas they are negative in Fig. 2. It is unfortunate that there is no full « 
tion of the data listed in Table IT. 


Authors’ Reply 

As noted by Maykuth and Jaffee, Fig. 1 contained a typographical erro: 
has been corrected. These data are in agreement with that of Wain, Sn 
Seybolt. However, this plot was included not so much to indicate the 
nitrogen as to show typical bend test data. 

Though there was no exact control over strain rate, except the operator 
ment, retrials of many heats showed the data to be in good agreement 
original data (+30°F). The specimen size was one-eighth inch O. D. y 
rod contact radius was one-eighth of an inch. 

In regard to the findings of Armour Research Foundation on the effect of 
rate upon transition temperature, there appears to be an effect of the t 
test... . “The transition temperature of this grade of chromium thus ap; 
be dependent upon the type of stress system to which it is subjected, and 
case of torsion, to the grain size of the material.” * 

The experiment with two series of Cr-Pd alloys was considered a critical 
periment based in part upon the retention of initial slope upon changing th« 
of chromium. Unfortunately, the difference in scales and the reduction i 
from the originals of Figs. 2 and 3 may make these appear to be a differe: 
check with the experimental data, however, has not shown this to be so 

The authors appreciate the discovery of the misprint in Table II. The 
slope for Cr-Rh should read 450. In checking the original graphs, it was 
that there is complete agreement with Table II, other than the correction 1 

In comparing this work with that of Sully, Brandes and Mitchell,® the aut 
did not derive the values used in Figs. 4 and 5 from the curves, but rathe 
changing Sully, et al’s data in Table II to degree Fahrenheit and atomic 


‘ 


tion. This data was then plotted in a manner similar to Figs. 3a and 3b. A « 
of this data has been found to agree with Fig. 5. 

\s to configurations in the ground state of the free atom used in this wor 
values used were obtained from the latest source available.* 

The term “absolute slope” used in this paper is in keeping with mathem 
terminology, i.e., the values shown may be either positive or negative. In a p! 
the type of Fig. 5, it would be impossible to show both positive and negative val 
in any other way. 

We thank Dr. Kosting for having brought to light the oversight conc 
final slopes. Listed in Table II, all values shown should be negative. 

The data in Table II are a compilation of the results of this work plus infor 
tion concerning the atomic size, solubility and structures of any second phas« 
cerned. All three of these subjects are discussed generally in the paper ar 
data has been noted for the reader’s comparison. 

The statement that the addition of a second element to chromium rais¢ 


2A. G. Metcalfe and S. A. Spachner, Armour Research Foundation, Proj 
“Mechanical Properties of Unalloyed Chromium,” Quarter Report No. 9, p 

A. H. Sully, E. A. Brandes, and K. W. Mitchell, Institute of Metals, 
1953, p. 585 

*C. Kittel, “Introduction to Solid State Physics,” John Wiley & Sons, Ir 
York, 1956, p. 6¢ 
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mperature was made in regard to the conclusions of Sully, Brandes, and 


in the introduction. In our work, however, we have stated “that with 
ption of ruthenium and beryllium, the addition of all other solute atoms 
rated initially raised the transition temperature”. The initial effect of 
n was later explained to be that of scavenging the oxygen and nitrogen 


chromium. 





EFFECT OF MICROSTRUCTURE AND HEAT. 
TREATMENT ON THE MECHANICAL 
PROPERTIES OF AISI TYPE 431 
STAINLESS STEEL 


By G. E. DIETER 


Abstract 


Transverse tensile tests on commercial forgings of AISI 
Type 431 stainless steel show that the transverse ductility 
is considerably improved when the steel does not contain 
delta-ferrite stringers. Ordinary Type 431 steel with ferrite 
stringers does not possess adequate transverse ductility 
when heat treated to a tensile strength of 200,000 psi. Ex 
amination of the deformation process indicates that the low 
ductility is the result of localized cracking in the ferrite 
stringers. The ductility of a ferrite-free steel may also be 
affected by carbide precipitation at grain boundaries. The 
yteld strength depends on the amount of retained austenite 
present in the microstructure. (ASM International Classi 


fication: Q27a, 2-14, 3-21; SS) 


INTRODUCTION 


ANY CRITICAL applications in chemical equipment, aircraft 
and ordnance require a material of construction with high 
strength and good corrosion resistance. Frequently the strength re 
quirement exceeds that obtainable with austenitic or ferritic stainless 
steel and it is necessary to use one of the martensitic stainless steels 
AISI Type 431 (16% Cr, 2% Ni), the British-developed “two-score’ 
alloy (1),' is one of the most potentially attractive steels in this class 
because it provides the highest corrosion resistance of this series of 
alloys (2) and is capable of providing mechanical properties equivalent 
to those of low alloy steels with about the same carbon content 
However, there are a number of factors which have restricted the 
widespread use of this material. The tempering behavior of Type 431 
stainless steel is shown in Fig. 1. These curves are typical of those 
published in the literature. The rapid drop in hardness over a narrow 
temperature range makes it very difficult to control the hardness | 
heat treatment. In effect, this steel has two heat treated condition 


1 The figures appearing in parentheses pertain to the references appended to tiis pap¢ 


\ paper presented before the Thirty-Ninth Annual Convention of the Sox 
held in Chicago, November 4-8, 1957. The author, G. E. Dieter, is Research 
neer, Engineering Research Laboratory, E. I. duPont de Nemours & Co., In 
Experimental Station, Wilmington, Delaware. Manuscript received March 18 
1957. 
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Table I 
Compositions of AISI Type 431 Steels Investigated—Weight Per Cent 


Approx 

Per Cent 
Ferrite Cc 
10% 0.15 0.014 0.012 2.12 16.82 0.008 
1% 0.16 0.014 0.015 2.16 16.22 0.011 
Variable 0.16 0.015 0.010 > 9 16.15 0.011 
% 0.15 0.017 0.013 17 15.87 0.075 


4 S i . Cr N 


fi 


high hardness condition resulting from a low temperature tempering 
treatment or stress relief at 400-800 °F and a low hardness state result- 
ing from tempering above 1100 °F. In the low hardness condition the 
strength properties are not particularly attractive, while in the high 
hardness condition the ductility is apt to be low. The ductility in the 
transverse direction of forgings is particularly poor at high strength 
levels. This limits the use of this material in many applications where 
the principal tensile stresses occur in the transverse direction. 

Most commercially produced Type 431 stainless steel contains an 
appreciable amount of delta ferrite as a microconstituent. These ferrite 
regions become elongated during hot working and produce a highly 
anisotropic structure. The high alloying additions in this steel result 
ina low M, temperature and a relatively stable austenite phase, so that 
appreciable amounts of austenite are retained after quenching and tem- 
pering. Both delta ferrite and retained austenite can have appreciable 
effects on mechanical properties. 

The transverse tensile properties of a number of commercial forgings 
of Type 431 stainless steel, which were heat treated to a tensile strength 
of over 200,000 psi, were determined. The steels contained different 
amounts of delta ferrite, and the transverse ductility was correlated 
with the amount of this microconstituent. The mechanism of deforma- 
tion in this multiphase structure was studied as further confirmation of 
the importance of ferrite stringers in controlling the transverse ductility. 
The effect of retained austenite on the tensile properties and heat treat- 
ments for minimizing retained austenite were studied. 


EXPERIMENTAL PROCEDURI 

Commercial forgings of Type 431 stainless steel were obtained from 
three suppliers. The chemical compositions and approximate percent- 
age of delta ferrite in these steels are given in Table I. Steels A and D 
were obtained in the form of 5-inch diameter bars. Steel B was a forged 
slab with a cross section of 1.5 by 4.5 inch, while steel C was a 4-inch 
square forged billet. Steels A and C were reduced approximately 5:1 
by forging. The forging reduction was approximately 12:1 for steels 
B and D. 

Longitudinal and transverse tensile tests were made on steel A to 
determine the properties of a large forging of Type 431 stainless steel 
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Table Il 
Tensile Properties for Steel A As Function of Tempering Temperature 


Tempering Vield Strength Tensile Elongati 
perature Specimen (0.2% Offset), Strength, in 1 ir 
. Orientation p.s.i. p.s.i. 


A. Data for Specimens Austenitized at 1800 °F 
500 Trans 153.000 203,500 
700 Trans. 171,000 210,200 
Long 171,500 211,000 
890 Trans 164,000 207.000 
900 Trans 171,200 215.500 
Long 175,000 218.000 
1100 Trans 112,200 142.700 
Long. 115,000 144,500 

B. Data for Specimens Austenitized at 1900 °F 

500 Trans. 128,000 210,000 
700 Trans 133,600 192,700 
800 Trans 137,000 200,000 
900 Trans. 112.000 193,000 

Long. 119,000 202,500 9 
1100 Trans. 117,000 152,000 

Long 115,200 156,500 12 


containing an appreciable amount of delta ferrite. Steel B represents tl 
first ferrite-free Type 431 steel which was obtained, while the tests 
steel D may be considered representative of properties attainabl 
such a steel in a large section size. In addition, tensile tests were n 
on other steels for the purpose of illustrating the effect of ferrite strit 
ers on transverse ductility. 


Standard 0.252-inch diameter tensile specimens were machined fr 
the bars at half-radius position and from the slab at positions c 


sponding to one-quarter of the thickness. All specimens were hi 


treated after machining in a gas-fired muffle furnace with a slight! 
reducing atmosphere. The specimens were polished before testing 
remove oxidation products. Metallographic examination of the cross 
section of tensile specimens showed no evidence of reaction bet 
the steel and the furnace atmosphere. In view of the known (3) su: 
ceptibility of martensitic stainless steels to hydrogen embrittlement 
a check was made to see if there was any evidence of embrittlement 
No difference could be found between the ductility of specimens h 
treated as described above and heat treated in an argon atmospher 
Tensile tests were made with a hydraulic testing machine at a c1 
head speed of 0.02 inch per minute. A differential transformer ¢ 
someter was used to measure the initial portion of the stress-st1 
curve. Transverse tensile values are based, in general, on the averag' 
of two specimens. Individual values are given for transverse reducti 
of area (RAT) because of the known scatter in this property. 


EXPERIMENTAL RESULTS 
Tensile Properties 
The tensile properties for steel A, which contained a relatively hig! 
percentage of ferrite stringers, are given in Table II. Values are give! 
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for specimens austenitized for 0.5 hour at 1800 and 1900 °F, oil- 
quenched, and tempered 3 hours at 500, 700, 800, 900, and 1100 °F. 
The transverse reduction of area is quite low for tempering tempera- 
tures below 1100 °F. In fact, the longitudinal ductility is also below 
the average values to be expected in small section sizes, Fig. 1. The 
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Tempering Temperoture °F 
Fig. 1—Typical Trends for Variation of Mechanical Prop 
erties of Type 431 Stainless Steel with Tempering Tempera 
ture. 

ield strength is lower for specimens quenched from 1900 °F than those 
juenched from 1800°F. This point will be discussed in more detail 
ater. 
Tensile specimens cut from steel B, with the low ferrite content, 
owed much more encouraging results. Specimens were oil-quenched 
after 0.5 hour at 1900 °F, and tempered for 3 hours at the temperatures 
given in Table III. As can be seen from the table, there is still con- 
siderable anisotropy in reduction of area values, but the transverse 
luctility is quite acceptable for the high strength level. Fig. 2 shows 
that the transverse reduction of area for this material is superior to 
that of SAE 4340 at high strength levels. The data for SAE 4340 are 


sh 
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Tensile Properties for Steel B As Function of Tempering Temperature 
(Austenitized 44 Hr. at 1900°F.; Tempered 3 Hrs.) 





Tempering : , Yield Strength Tensile Elongation 
Temperature, Specimen (0.2% Offset), Strength, in 1 inch, 
°F. Orientation psi psi % 


500 Trans. 143,800 - 15 
Long. 143,500 
700 Trans. 161,700 
Long. 159,500 
Trans. 111,700 
Long. 111,000 











60 
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Fig. 2—Relationship of Transverse Reduction of Area 
to Transverse Tensile Strength. 


the average of four values for subsize tensile specimens cut from 5-inch 
diameter forgings. 

A comparison of the data for steels A and B suggests that the poor 
transverse ductility of Type 431 stainless steel is due to the pressure 
of ferrite stringers. However, these data do not by themselves present 
a clear-cut demonstration of the effect of ferrite on ductility, since the 
two steels had been given quite different forging reductions and the 
nonmetallic inclusion contents were not the same in the two steels 
The inclusion content was appreciably higher in steel B, which had 
the higher ductility and an almost complete absence of ferrite. Addi 
tional evidence for the effect of ferrite on transverse ductility will b 
given in the next section. 


EFFECT OF FERRITE STRINGERS ON TRANSVERSE DUCTILITY 


Steel C presented an excellent opportunity for studying the effect ot 
ferrite stringers on transverse reduction of area. A macro-etched disk 
from this steel showed a rectangular macroscopic segregation patter 
of the original ingot. Metallographic examination showed that the seg 
regated region was high in ferrite (Fig. 3a) while the nonsegregated 
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Table IV 
Transverse Tensile Properties for Steel C 
Austenitized 4% Hr. at 1900°F.; Oil-Quench and 3-Hr. Temper at 700°F.) 


Vield Strength Tensile Elongation Reduction 
sition (0.2% Offset), Strength, in 1 inch, of Area, 
Billet psi psi % %o 
Center Segregated 152,000 206,000 13.1; 14.5 
Region-High Ferrite 
Edges-Low Ferrite 153,000 209,000 43.5: 48.1 








Table V 
Tensile Properties of Am 350 Stainless Steel 


Vield Strength Tensile Elongation Reduction 
Specimen (0.2% Offset), Strength, in 1 inch, of Area 
Orientation psi psi % % 


Trans 130,000 164,500 2.3; 6.3 
Long 135,500 174,500 56.2 

Trans. 112,000 141,000 E a3 
Long 128,000 155,000 46.8 
Trans. 113,000 170,000 11.3 
Long. 125,500 176,500 54.3 





Heat Treatments 
1. Oil-quenched from 1750 °F, refrigerated at —100 °F for 2 hours; tempered at 880 °F 
for 2.5 hours. 
2. Oil-quenched from 1750 °F, aged at 1350 °F for 1 hour and air cooled; aged at 750 °F 
for 2.5 hours and air-cooled. 
3. Oil-quenched from 1800 °F, refrigerated at —100 °F for 2 hours; tempered 2.5 hours 
at 750 °F. 


4 x 
S 


~ 2. 
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Fig. 3a—Longitudinal Section from Segregated Region of Steel C. 


3bh—Longitudinal Section from Ferrite-Free Region of Steel C. Picral-HC1 etch, 
x 100. 
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case was almost completely ferrite-free (Fig. 3b). Transverse tens}, 
specimens were cut from these two regions. The results, after an oj 
quench from 1900 °F and a 3-hour temper at 700°F, are given ip 
Table IV. It can be seen that, for the same steel, there is a considerah\ 
improvement in transverse ductility when the steel does not contai; 
ferrite stringers. 

An extreme effect of ferrite stringers on transverse ductility was ob 


Fig. 4—-Longitudinal Section of AM 350 Stainless Steel. Picral 
HC1 etch, x 100. 


served on a 4-inch square forging of AM 350. This alloy does not con 
form strictly to the Type 431 stainless steel composition * ; but, sinc 
the microstructure consists of ferrite and tempered martensite, it 
felt that the results obtained are pertinent to this study. The micro 
structure of a longitudinal section through this material is shown i: 
Fig. 4. The structure contains about 20% ferrite. The tensile prop 
erties resulting from certain heat treatments are listed in Table \ 
There is a pronounced anisotropy in ductility, which must be du 
the pronounced fibering of the ferrite phase. This material was at 
experimental forging and may not be typical of the properties of 
AM 350. In fact, AM 350 in sheet form is reported (4) to be pra 
tically isotropic with respect to ductility values. Nevertheless, the data 
reported above are believed to substantiate the principle that elongated 
ferrite stringers will seriously decrease tensile ductility in a direction 
perpendicular to the length of the stringers. 

Some idea of the mechanism by which ferrite stringers affect 
tility was obtained by tests on flat bend specimens. Specimens were cut 
from the segregated region of steel C and were oriented so that the fer 
rite stringers ran either parallel or perpendicular to the directior 


duc 


* AM 350 has the following nominal chemical composition: 0.08% C, 0.60% Mn, 0.4 
17% Cr, 4.2% Ni, 2.75% Mo. 
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Sa—Localized Cracking in Ferrite-Stringer in Transverse Bend Specimen. Tensile 
stress in vertical direction, X 750. : 
5b—Localized Cracking in Ferrite-Stringer in Longitudinal Bend Specimen. Tensile 


stress in vertical direction, X 750. 


Fig 


the tensile stress. The specimens were supported as simple beams and 
slowly bent in a testing machine until a crack was observed. Micro- 
scopic observations were then made of the deformation on the tension 
surface of the specimen. Figs. 5a and 5b show that cracks form in the 
ferrite stringers in a direction roughly perpendicular to the tensile 
stress and at the interface between the ferrite and the matrix. Slip 
occurs in the ferrite at a low stress, but it is localized in these regions, 
and soon develops into fine cracks at strains which are well below those 
required for extensive deformation of the tempered-martensitic matrix. 

It is hypothesized that since the elastic moduli of the stringers and 
matrix are nearly equal, the transverse stringers do not constitute 
regions of high stress concentration until the ferrite regions start to 
deform. Deformation is restricted initially to the ferrite regions, and 
cracks soon open up. When the fracture stress of the ferrite is exceeded, 
all of the load is transferred to the matrix, continuity is disrupted, and 
the matrix experiences a stress concentration approaching that which 
would result if the ferrite regions were replaced by cavities. At a given 
strain, the stress in the matrix is greater for a specimen with transverse 
stringers than for one with longitudinal stringers, so that the trans- 
verse specimen reaches its fracture stress at a smaller average strain. 
Thus, there is a very considerable anisotropy of ductility for a steel 
with ferrite stringers. When the steel is ferrite-free, this anisotropy 
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Fig. 6a—Oil Quench from 1900 °F, Tempered 3 Hours at 700 °F. 


Fig. 6b—Refrigerated in Liquid Nz for 2 Hours Between Quench and Temper 
Fig. 6c—Oil Quench from 1800 °F, Tempered 3 Hours at 700 °F 
Fig. 6d—Oil Quench from 1900 °F, Tempered 3 Hours at 700 °F. 


is much less, and is due to other factors such as fibering, alignment 
of inclusions, and preferred orientation, which are not as readil) 


defined. 


RETAINED AUSTENITE 


The high alloy content of Type 431 stainless steel results in a stable 
austenite and a fairly low M, temperature, so that it is not surprising 
that retained austenite is found after ordinary quench and tempering 
heat treatments. Fig. 6a shows the microstructure after an oil-quencl 
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Table VI 

Transverse Tensile Properties of Steel D 
Vield Strength Tensile Elongation Reduction 
(0.01% Offset) (0.2% Offset) Strength, in 1 inch, of Area, 

psi psi psi % % 

105,000 144,300 203,000 16 35.4; 41.7 
111,500 153,000 207,400 13 24.4; 37.0 
130,000 173,500 234,000 12 31.8; 39.5 
162,000 216,000 & 12.4; 18.2 








Heat Treatments 
1. Oil-quenched from 1900 °F tempered 3 hours at 700 °F 
2. Oil-quenched from 1900 °F double tempered at 700 °F.—3 hours. 
Oil-quenched from 1900 °F refrigerated at —100 °F for 2 hours, tempered 3 hours at 
700 °F. 
Oil-quenched from 1800 °F tempered 3 hours at 700 °F 


from 1900 °F and a 3-hour tempering treatment at 700 °F. Austenite 
regions are readily visible and x-ray diffraction measurements indi- 
cate that there is about 30% retained austenite. When refrigeration in 
liquid nitrogen is used after the quench, the retained austenite is re- 
duced to a low level (Fig. 6b). 

It has been shown (5) that retained austenite decreases the yield 
strength in tension for heat treated low alloy steel. A similar effect was 
noticed with these steels. Quenching from 1900 °F results in a greater 
amount of retained austenite than quenching from 1800 °F because of 
the increased solution of carbon and nitrogen at the higher temperature. 
The increased amounts of retained austenite have been reported (2) 
to give higher impact strength when the steel is tempered at low tem- 
peratures, but as can be seen in Table VI, the yield strength is lowered 
when retained austenite is present. Table VI gives the tensile properties 
of steel D after various heat treatments which would be expected to 
affect the amount of retained austenite. Double tempering (treatment 
2) results in some transformation of retained austenite, but it is not as 
effective as refrigeration after quenching (treatment 3). The yield- 
strength values increase with decreased amounts of retained austenite 
and the ductility is not appreciably affected. Retained austenite can 
be minimized by austenitizing at 1800 °F, but the ductility is decreased 
by a carbide precipitation at the grain boundaries (Fig. 6c). 

DiscussION 

[hese tests have shown that the elimination of delta-ferrite stringers 
irom Type 431 stainless steel (16% Cr, 2% Ni) results in a significant 
increase in the transverse tensile elongation and reduction of area when 
the steel is heat treated to a tensile strength of around 200,000 psi. The 
same situation should exist for other hardenable stainless steels, such as 
Type 410 and 414, and for precipitation-hardening stainless steels such 
as 17-4 PH and AM 350 which contain delta ferrite. Because of the 
nature of the tempering behavior of the 400-series of hardenable stain- 
less steels, it is frequently only possible to use these steels at two levels 
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of strength. They usually possess adequate ductility in the longitud 
or forging direction of a bar at high strength levels, but, as has hee 
shown in this paper, the transverse ductility is poor when the 
contains ferrite stringers. Elimination of ferrite stringers by the proper 
balance of composition and careful mill processing results in a steel with 
good transverse ductility which can be used at a high strength level 
This can be quite important in the design of a part, such as a pressure 
vessel, where the principal tensile stresses act in the transverse dire: 
tion. As an example, for a pressure vessel with a 2-inch I.D. and a: 
8-inch O.D., the design equations (6) indicate that the yielding pres 
sure would be increased 25% and the bursting pressure increased 40 
when Type 431 stainless steel is used in the high strength rather thar 
the low strength condition. However, good design practice would on! 
permit this steel to be used in the high strength condition if it possessed 
some usable transverse ductility—and this requires a ferrite-free stee 

It would also be expected that the elimination of ferrite stringers 
would result in improved transverse fatigue properties. There are som¢ 
fatigue data for Types 414 and 416 to substantiate this (7), and further 
work is in progress at this Laboratory. 

There are several problems which may be encountered in using 
ferrite-free Type 431 stainless steel. Retained austenite can be trouble 
some, particularly when it is necessary to get the highest possible yield 


strength. Refrigeration may not always be practical as a means of mini 
mizing retained austenite, particularly in large sections where the 
teridency for quench-cracking is accentuated. There is also some indi 
cation that this material may be more notch-sensitive than low alloy 
steels at a tensile strength of 200,000 psi. Further work on this is 
needed, particularly to determine the role played by retained austenite 


CONCLUSIONS 

1. The transverse reduction of area of Type 431 stainless steel is 
considerably improved at high strength levels when the steel does not 
contain ferrite stringers. This should also apply to other hardenabl 
stainless steels. 

2. Fracture occurs in the ferrite stringers and results in high stres 
concentrations in the tempered-martensitic matrix. 

3. The transverse ductility is also somewhat sensitive to the quenc! 
ing temperature, reaching a low value in ferrite-free steel when the 
austenitizing temperature is one at which a grain boundary precipita 
tion of carbide occurs. 

4. Retained austenite reduces the yield strength of this steel. This 
effect can be minimized by a refrigeration treatment. 
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DISCUSSION 

Written Discussion: By R. H. Gassner, Chief Metallurgist, Douglas Aircraft 
El Segundo, Calif. 

The author is to be commended for pointing out the 


> importance of control of 
icrostructure in 431 stainless steel 


en transverse ductility is required. How- 
r, it should not be assumed that e! 


imination of banded ferrite fully guarantees 
in 


1 


ransverse ductility. Our experience licates a tendency towards overcorrection 

producers attempt to eliminate ferrite by rectification of chemical analysis 
his occurs, the resultant banded retained austenite 
nical properties similarly. 


affects transverse 


bandin 


Material containing banded austenite can be used effectively providing that the 
sa 


g is detected and eliminated before final heat 
perties obtained when these precautions are taken 
rigeration plus double 


he treatment. The mechanical 
and heat treatment includes 
are compared in the following 


ref tempering at 550 °F) 
ith those for ferrite containing material: 


pical Mechanical Properties of 431 Stainless Steel 


8-10 


ngitudinal Transverse 


185 


Because the austenite banding is a consequence of carbon segregation, alternate 
nds of high carbon and low carbon martensite result when refrigeration and 
| transformation; satisfactory trans 


uble tempering are used to ensure complete 
mechanical properties are not obtained from this structure, probably because 
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of its heterogeneity. Carbon segregation can be removed from 431 stainless stee! 
before heat treatment by soaking at 2200 °F for three 1-hour periods, cooling i: 
air to room temperature after each soaking period. (The three steps are neces 
sary in order to take advantage of the acceleration resulting from precipitatior 
of MeCe carbides at the grain boundaries during cooling through the 1250-850 

critical range.) The resultant large grained structure can be refined, and machi 
ability restored, by soaking at 1550 °F for 30 minutes, air cooling to room temper 


ature, and heat treating to 125-145 ksi. 

In order to assure detection of borderline conditions, specimens should always 

be heat treated prior to microscopic examination; a high tempering temperature 
; 


should be used and refrigeration and double tempering should be avoided 
course, final heat treatment should include refrigeration and double tempering 


N 
achieve optimum properties. 

The author states that transverse ductility is lowered by the presence of grait 
boundary carbides in ferrite-free material. Can it be assumed that longitudinal 
ductility was not similarly lowered by this condition? Our tests have shown that 
grain boundary carbides precipitated during slow quenching of ferrite-free mate 
rial affect longitudinal and transverse ductility approximately equally. | 
versely, they do not affect longitudinal ductility of ferrite containing material 
but produce more severe transverse brittleness than in ferrite-free steel. This 
difference is readily explained by the fact that precipitation in ferrite containing 
material occurs preferentially at the boundaries between the ferrite bands and 
the matrix while in the ferrite-free material, it occurs at the prior austenite grair 
boundaries. 

Written Discussion: By Edward A. Loria, staff metallurgist, Crucible Stee! 
Company of America, Pittsburgh. 

This is one of the first papers to show the transverse tensile properties of a 
hardenable stainless steel and it will stimulate further study in this important area 
Questions have been asked concerning the effect of ferrite on the impact strengt! 
fatigue strength, stress rupture and other properties of the 12 to 16% chromiu 
steels heat treated to high hardness or tensile strength levels. Type 431 appears 
to be a good candidate in this category of steels, provided that its ferrite cont 
can be removed by controlled nitrogen additions and proper mill processing 

Ferrite formation in type 431 is a function of the austenitizing temperaturs 


well as the composition balance between the ferrite forming elements and t 


austenite forming elements in its composition. It is surprising that tl 
not shown any difference in the % ferrite when the austenitizing temperatur: 
raised. For example, how much was the free ferrite lowered in steel A in tl! 
results shown in Table II? In 6 heats of a 12% Cr-Mo-W-V steel containit 
15-17% ferrite, when austenitized at 1800 °F, had only 4-12% when austenitize 
at 1900 °F. In Fig. 2, it is unusual to note that the 1% ferrite steel B had the sat 
RAT value at both the 140,000 psi and 210,000 psi tensile levels. 

The addition of nitrogen, coupled with other variations in analysis, can actual 
produce banded retained austenite in place of banded free ferrite in type 431. Su 
retained austenite bands are difficult to remove by several annealing treatment 


1e author 


and can create analogous problems. Refrigeration will not be practical as a m 
of minimizing retained austenite in large bars and billets. Would the author cot 
ment on the percent retained austenite in steel D, or any other heat containi1 
around 0.10% nitrogen? The retained austenite in Fig. 6a does not appear to be 
the form of bands which indicates that this particular material was not severe! 
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worked. Does the author feel that refrigeration will remove banded retained 


W 


austenite as easily as the uniformly dispersed areas shown in Fig. 6a? 

It should be noted that though delta ferrite may be designated as the culprit in 
lowering certain mechanical properties, it may actually be that segregation, or 
he partition of the composition in such a way that a duplex structure is produced, 


n 


1ay be the important factor and not delta ferrite per se. For example, when delta 
ferrite is observed, grain boundary carbides, carbide precipitate around ferrite 

id nonmetallic inclusions are also quite in evidence. The effect of carbide dis- 
tribution is well known in that the best properties (for example, impact strength) 
ire obtained when the carbides are dispersed randomly rather than along grain 
boundaries. 

Grain size and ductility will bear a close relationship. The presence of some 
lelta ferrite will actually be beneficial in regard to grain coarsening. For example, 
a martensitic stainless grade containing 15% ferrite avoided grain coarsening 
even after 4 hours at 2200 °F, whereas severe grain coarsening with decreased 
reduction of area occurs in ferrite free material when exposed to high temperatures 
for long periods of time. Could the author comment on the grain size differences 
between the low ferrite and high ferrite areas which produced the differences in 
tensile test results of Table IV ? 

It is surprising that the author did not include any impact test data. The relation 
of notch ductility to microstructure is supposed to be very good. Free ferrite is 
not deleterious, for example, to the notch ductility of type 410 for ferrite contents 
as high as 10%. However, this amount in bands might be lower in transverse 
ests. Also, it could be noted that notched bar tensile test results might be lower 
than the smooth bar results plotted in Fig. 1 in the 800-900 °F tempering range 
and would be the design limit. The author could elaborate on the decrease in 
impact strength in type 431 (with and without ferrite) within certain tempering 
ranges. Has he tried slow cooling (furnace) martensitic stainless through the 
M.-M¢ region, and thereby tempering the martensite as it forms. After a second 
temper, this procedure may produce better impact properties than a fast cool 
through the M, and then reheating for the first tempering treatment. 

In all of the test data reported, it would be well for the author to state if the 
heat treatments were made on tensile test bar coupons cut out of the 4-inch cross 
sections or were the heat treatments made on the full cross sections? Also, this 
same question applies to the cases where a refrigeration treatment was em- 
ployed. The matter of a balanced composition to lower or even eliminate ferrite 
has been shown to be possible in sections up to 5 inches. The question of being 
able to do this in larger sections for forging remains to be answered. Since a 
certain small amount of ferrite can be tolerated, is the author prepared to go so 
far as to set up a classification chart showing the microstructural limit of banded 
free ferrite which would be acceptable versus the rejectable amounts of banded 
free ferrite? 

Notched bar fatigue tests would be another good way of showing the detri 
nental effect of ferrite percentages around 15-20%. Martensitic stainless steels 
vith high per cent free ferrite are particularly notch sensitive in fatigue. In ferrite- 

ee martensitic stainless, the notched bar rupture strength is higher than the 

oth bar rupture strength indicating that such steel is not notch sensitive for 
ng holding periods. There are no conclusive data which indicate that ferrite 

entages have any effect on the stress rupture properties of longitudinal test 
ars. 
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The author shows that a second steel, AM-350, contains 2( 
forging, Fig. 2, and that, consequently, the transverse tensil 
poor, Table V1. He states that AM-350 in sheet form is reported to be 
isotropic and infers that the sheet product is free of ferrit \ctually, 
sheet still contains 15-20% ferrite and it is claimed that this high amount 
does not lower the transverse properties of continuous mill sheet 
, 


author care to comment on this apparent anomaly in line with his | 


ing theory? 


Author’s Reply 


It is encouraging to receive discussion which supplements so well tl 


presented in this paper. It is hoped that this degree of interest indicates that 


tional research is in progress to answer some of the problems which lit 
use of Type 431 stainless steel in the high-strength condition. 

Banded retained austenite can be a problem with ferrite-free 431 steel 
nately this was not encountered to any great extent in any of the steels 
studied, although steel D, with the high nitrogen, was the worst in this 
Mr. Gassner has ably discussed this problem and points out methods 
trol. We agree with him that grain boundary carbides would decreas: 
as well as transverse ductility. 

Mr. Loria has presented a number of specific questions which will be 
in the same order in which they appear in his discussion. No obviou 
was observed in the amount of ferrite in specimens austenitized at 
1900 °F. The author agrees with the discusser that it is unusual for ste« 
have the same transverse reduction of area at 140,000 psi as at 200,000 psi 
limited data are available at the lower tensile strength, so that it was not | 
to check on this point. Questions regarding retained austenite have been 
answered in Mr. Gassner’s discussion. The author agrees with Mr. Loria 
refrigeration may not be a practical means of minimizing retained austenite 
large size sections. We have experienced cracking when bars over 2 in. in diamet 
containing geometrical irregularities were refrigerated. On the other hand, 
Gassner reports what appears to be a successful use of a refrigeration treatment 
It would be interesting to know what sizes he is considering 

The grain size in the steels tested varied from ASTM No. 6 or 7 for a 
austenitization at 1800°F to ASTM No. 5 when austenitized at 1900 °] 
difference in grain size was found between the low and high ferrite aré 
produced the differences in tensile ductility shown in Table IV. All of tl 
data are for specimens heat-treated in the form of tensile bar coupons. We 
feel that our tests are extensive enough to establish acceptance limits based o1 
amount of ferrite stringers. However, we do feel that our results show t 
substantial reduction in the amount of ferrite results in optimum transverse t 
properties. Mr. Gassner’s data also support this statement 


1 


the fe 


\ limited amount of room temperature impact testing showed th 
free steels had somewhat higher impact resistance for the same tempering tr 
ment. Again, Mr. Gassner’s data illustrate this point. We agree that further te 
to establish the effect of heat treatment and microstructure on notch sensitivity 
required with this steel. 

The author did not mean to infer that AM-350 steel in sheet form does not « 
tain free ferrite. The reason that this sheet material yields isotropic elongati 
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es in tension is not particularly evident. This behavior is most likely related 
lower restraint to plastic flow of a sheet specimen compared with a cylin 


specimen which permits a more favorable redistribution of stress in the 


n of the second phase particles. It is also possible that the processing of the 


t results in ferrite particles which are less elongated than in forgings. 





EFFECT OF AGING CYCLE ON THE PROPERTIES 
OF AN IRON-BASE ALLOY HARDENED WITH 
TITANIUM 


By T. W. EICHELBERGER 


Abstract 


A study has been made of the effect of various aging 
cycles on the physical properties of an iron-base alloy hard- 
ened with titanium. It has been possible through this work 
to develop an aging treatment that increases the creep- 
rupture time for both plain and notch bar specimens. The 
notch sensitivity of the material in creep has been greatly 
reduced by this new aging treatment; however, no change 
has been produced in the room temperature or 1200 °F 
tensile properties. (ASM International Classification: N7a, 
J27d, Q3m, Q23s; Fe, Ti) 


INTRODUCTION 
URING the past decade the use of age hardening materials in en 
gineering applications has been expanding very rapidly. Severa 
Fe-Ni-Cr precipitation hardening alloys developed during this period 


for application at elevated temperatures, have been found to be very 
useful in the manufacture of rotors for jet engines and for bolts in both 
gas and steam turbines. In an effort to improve the properties of thes 
materials, considerable work has been directed toward the processing 
variables such as solution treatment time and temperature, and aging 
time, temperature and cycle. This paper covers the findings of the study 
involving the aging cycle and the development of a new and improved 


type of aging cycle. 

Several types of aging cycles are in common use in the commercial 
heat treatment of age hardenable “superalloys” intended for high tem 
perature applications. The first and simplest is aging at a single temper 
ature for a given time. This temperature is usually selected to give 
substantial hardening in a reasonable period of time, e.g., 20-40 hours 
(1)1. A second type of aging is called a “double age”. It is character 
ized by a high initial aging temperature and a lower final aging temper 
ature. The material may be cooled to room temperature between ages 
or it may be slowly cooled in the furnace in a period of about 1-10 


1 The figures appearing in parentheses pertain to the references appended to this paper 


A paper presented before the Thirty-Ninth Annual Convention of the Societ 
held in Chicago, November 4-8, 1957. The author, T. W. Ejichelberger, is asso: 
ated with the Metallurgy Department, Westinghouse Research Laboratori« 
Pittsburgh. Manuscript received May 14, 1957. 
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hours to the lower temperature (2). The advantages of the double 
age are more stable hardness and dimensions of the piece in service, 
a higher aged hardness for a given hardener content, and less effect 
of hardener content on aged hardness (2). A third type of aging cycle 
is called a “reversed age.”” The name was derived from the fact that 
aging is done first at a low temperature and then at a higher tempera- 
ture, i.e., the reverse of a “double age”. Present commercial practice 
is to air cool to room temperature between ages. 

These aging cycles have been adopted by various companies for a 
variety of reasons. However, there has not been a clear theoretical or 
experimental demonstration of the advantages or disadvantages of 
different cycles. With this in mind, a theoretical approach to the design 
of an optimum aging cycle was attempted. As a result of these con- 
siderations, a new aging cycle has been developed that produces marked 
improvements in creep and notched-bar rupture properties at elevated 
temperatures. This cycle will be referred to as the “genuage” * treat- 
ment and consists of a reversed age with a controlled rate of heating 
from the lower to the higher temperature. 


Theoretical Considerations 
The use of precipitation hardening is not confined to any alloy sys- 
tem or any particular type of alloy but could be used in almost every 
conceivable alloy base. The only requirement of an alloy to exhibit the 


precipitation phenomenon is to have a phase which has a decreasing 
solubility in the matrix with decreasing temperature. The extent of 
the hardening obtained on aging depends on the following factors: 


1. The degree of supersaturation, 

2. The lattice parameters of the precipitate and the matrix, 
3. The size and shape of the precipitate, 

4. The type of lattice of the matrix and of the precipitate, 
5. Relative sizes of the solute and solvent atoms. 


During precipitation many of the physical, chemical and mechanical 
properties of the alloy undergo rather marked changes. These changes 
are too numerous and varied for discussion here, however, there are 
several excellent references on this subject (3,4,5). 

The precipitation reaction is a temperature and time dependent reac- 
tion and is controlled by the rates of diffusion, nucleation and growth. 
The classical theory of this reaction suggests that nucleation occurs 
when groups of atoms of a size larger than a critical size grow with a 
decrease in the free energy of the atom group. The use of the term 
“critical size nucleus” is actually somewhat ambiguous since the critical 
size is dependent on such factors as: the perfection of the matrix lattice, 
grain boundaries, inclusion boundaries, slip bands and twins, and prior 


* Derived from the descriptive phrase: GEneral NUcleation, Accelerated Growth 
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precipitations. From visual observations of the growth of nuclei 
critical nucleus size is apparently smallest along grain boundaries 
slip bands, and largest inside of the grains. Twin bands appear t 
an intermediate case and the relative orientation of grains apparent! 
influences the critical nucleus size along their boundary, with th: 
critical size increasing as the grain orientation relationship approaches 
that of a twin relationship. It is felt that dislocations and other ato 
scale imperfections probably serve as sites for general nucleat 
within the grain. The term “critical size nucleus” will, therefor 
used to indicate the critical size under each of the above stated lattic: 
conditions. 

As the state of supersaturation of the system increases, the size 
the critical nucleus decreases. This increase in supersaturation ma 
accomplished by either a decrease in aging temperature or an increas: 
in solute concentration. A decrease in temperature decreases the amount 
of free energy required to form a new phase and, therefore, the criti: 
size of the nucleus is reduced. The equations which have been set fort 
by various investigators to predict the rate of nucleation from a soli 
solution are not very satisfactory in that one is not able to determi: 
the following information needed for a complete solution : 


1. The exact composition of the precipitating particle, 
2. The state of strain in the matrix and precipitating particl 
3 


. The interfacial energy between the matrix and the precipit 
ing particle, and 
. The shape of the precipitating particle. 


However, it is known in a qualitative way what results may be ob 
tained by changes in temperature of precipitation for a given solute 
concentration. The rate of nucleation just below the equilibrium temper 
ature for the solid solution will be very low. This is caused by the 
large size of the critical nucleus and the sma!! probability that such 
large nucleus will form. Precipitation will be localized and the particles 
will tend to be very large because of the high rate of growth. As tl 
temperature is lowered, the rate of nucleation will first increase be 
cause of a decrease in the size of the critical nucleus, but the rate oi 
growth will decrease due to a decrease in the rate of diffusion. The rat 
of nucleation will continue to increase with decreasing temperaturé 
until the rate of nucleation becomes controlled by the rate of diffusior 
and not by the decreasing of the size of the critical nucleus. The rate of 
nucleation will then decrease with temperature until the rate of dif 
fusion is so low that the reaction no longer occurs. The rate of growtl 
is controlled by the rate of diffusion at all temperatures and, therefor 
always decreases with decreasing temperature. 

By the use of this present knowledge of what takes place during pr 
cipitation reactions and the understanding of the mode of fracture 1 
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Table I 
Chemical Composition 
( Al V Fe 
0.036 0.11 0.068 Balance 
0.032 0.12 0.078 Balance 
0.032 0.11 0.078 Balance 
0.024 0.10 Balance 
0.02 0.19 - Balance 
0.038 0.06 Balance 
0.04 0.15 Balance 


creep, it was felt to be possible to design a new aging heat treatment 
to improve the creep-rupture properties of some alloys operating at 
elevated temperatures. The normal mode of fracture at high temper- 
atures during creep is by failure along the grain boundaries or in the 
material immediately adjacent to the grain boundary. If precipitation 
takes place at high aging temperatures a continuous hard, brittle phase 
is formed in the grain boundary with a soft phase immediately adjacent 
to it in the grain, this soft phase being caused by the diffusion of the 
hardener content from this area into the grain boundary. The presence 
of the continuous hard phase at the grain boundary and the adjacent 
soft phase in the grains makes it very easy for a crack to propagate in 
this area. Therefore, if this continuous path could be eliminated it 
should be possible to increase. the creep strength of the material. 


EXPERIMENTAL PROCEDURI 


All of the material used in this work was prepared in the following 
manner at the Research Laboratories. The virgin metal charge was 
melted in a 25-pound induction furnace in air and poured into a 2% 
inches square mold made of 0.038-inch thick sheet metal. The shell is 
surrounded by sand, rests on a water-cooled copper stool, and is cov- 
ered with a gas fired hot top. The ingots were all sound and had no 
porosity or pipe extending below the hot top. After removing the hot 
tops, the ingots were soaked for 4 hours at 2100 °F (1150°C) before 
the first rolling step. The ingots were reduced 30 to 35% during each 
of four rolling steps from 2100°F. The ingots were reheated to 
2100 °F between steps for periods of 114 to 224 hours to insure com- 
plete recrystallization. The next two reductions were made from 
1900 °F after 1 hour at that temperature. The reductions were again 
kept between 30 and 35%. The two final rolling steps were made after 
the bars had been at 1800 °F for 1 hour. The reductions were 30 and 
10% respectively. The final bar size was 5¢ inch diameter. 

Table I gives the chemical analysis of all of the heats used in this 
study. The basic composition of these heats is very much the same and 
the only important variables are in the titanium and molybdenum con- 
tents. The titanium is varied purposely in this study to show its effect 
on the heat treatment and properties. The molybdenum content was 
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varied only because these heats were available for study and somé 
data had already been collected on them for other studies. The onl) 
heats in which the molybdenum varies greatly from 344% are 6932 
and 6968, and as long as the data from these heats are only comparé 
with data from the same heat no serious difficulties should arise. 

The test specimens used in this study are shown in Fig. 1. The speci 
men shown in Fig. la was used for room temperature tensile tests, ir 
Fig. lb for 1200°F (650°C) tensile tests and 1200°F (650°C 


da 


4 
ry ole 
, g Dia. “| 


i g Rad. 


| 0.010 Rad. 


Short Time Threadless Notched 
Tensile Test Specimen Tensile Test 
Specimen Specimen 


1--Test Specimens 


creep-rupture tests, and in le for notched creep-rupture tests. The 
clastic stress concentration factor, Ky, for specimen lc was 3.35. Thi 
specimens were cut and solution treated prior to machining, grinding 
and polishing. After polishing the specimens were aged as described 


EXPERIMENTAL RESULTS 

In a preliminary program in which the aging reaction was being 
studied, using heat No. 6932, it was observed that a specimen aged 
400 hours at 1200 °F (650°C) had much better overall creep-ruptur 
properties than specimens given other single and double aging treat 
ments (See Fig. 2). The notch-bar properties given in Table II did 
not indicate any serious adverse effect of this treatment on the notch 
sensitivity of the material. It should be noted that as the top aging 
temperature was lowered, the creep-rupture properties in general im 
proved for both plain and notched-bar tests, with the exception of a 
slight decrease in notched-bar rupture time for the 400 hours, 1200 °! 
single age. The band shown by the dashed lines in Fig. 2 and subs: 
quent figures indicates the quality limits of other heats produced at the 
Research Laboratories and processed in a similar manner with an aging 
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Table II 
Effect of Various Aging Treatments on the Notched-Bar Creep-Rupture Properties of 
Heat No. 6932 at 1200°F 
All Specimens Solution Treated | Hour at 1950°F 


Hardness Rupture 
After 
Aging As Aged Testing Load Time 
Treatment DPH DPH PSI Hours 
274 295 70,000 83 
299 300 70.000 52 
255 274 65,000 131 
266 278 65,000 290 
262 276 65,000 86 
279 286 65,000 225 
266 72 65,000 126 
65,000 310 
65,000 212 
65,000 276 
65.000 260 
65.000 374 


13 
14 
15 
16 
17 
18 
19 
20 


? 


ON KWROUN RK ee 


? 

ging Treatment 
20 hours at 1350°F, cool to 1200°F in 4 hours, hold at 1200°F for 20 hours and air cool. 
20 hours at 1300°F, cool to 1200°F in 4 hours, hold at 1200°F for 20 hours and air cool. 
20 hours at 1300°F and air cool 
16 hours at 1325°F, cool to 1200°F in 3 hours, hold at 1200°F for 24 hours and air cool 
4 hours at 1400°F, cool to 1200°F in 20 hours, hold a 00°F for 20 hours and air cool 
400 hours at 1200°F and air cool 


treatment of 20 hours at 1350 °F (730 °C) cooling to 1200 °F (650 °C) 

nd holding at 1200 °F (650 °C) for 20 hours followed by an air cool. 
It will be noted that the “quality” of the specimen given the 400-hour 
ie at 1200 °F (650°C) falls above the previous limits. This type of 
uality plot has the advantage that the factors of strength and rupture 
luctility are both considered and the possible exchange of one for the 
ther by processing and composition variables can be evaluated. These 
results also agree very well with results obtained by Frey, Freeman 
ind White on Inconel X (6), and those by Clauss and Weeton on 
Stellite 21 (7,8). These data indicated that a finer more evenly dis 
tributed precipitate produces a more creep resistant material at ele 
vated temperatures than does a coarse precipitate. 

This heat treatment of 400 hours at 1200 °F (650 °C), however, is 
not commercially practical and, therefore, a way was sought to produce 
the same results in a shorter length of time. From the previous dis 

ussed knowledge of precipitation reactions, it was deduced that it 
should be possible to use the lower temperatures of 1200 °F (650 °C) 
to produce a large number of small generally distributed precipitate 
particles and then by slowly increasing the temperature of aging to 
llow these precipitated particles to grow more rapidly at an elevated 


temperature. The heating rate from the nucleating temperature is very 
critical ; if it is too rapid many of the small nucleated particles will be 


come unstable and will redissolve. This has been shown by the occur 
rence of retrogression in many of the property changes of alloys during 
rapid heating from a lower to a higher aging temperature. 

In line with this reasoning, a series of preliminary experiments was 
conducted to determine the proper heating cycle. These tests were 
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Aging Treatment 
20 Hours at 1350°F, Cool to 120¢ 
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Hold at Ii200° 


)0 °F for 20 Hours and 

20 Hours at 1300°F, Cool to 1200 °F 

Hold at |\200°F for 20 Hours and Air 

20 Hours at 1300°F, and Air Cool 

16 Hours at 1325°F, Cool to |\2O0°F in 3H 
Hold at |\200°F for 24 Hours and Air Coo 
4 Hours at |I400°F, Cool to 1\200°F in 20 
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Fig. 2—Creep Rupture Properties of Heat No. 6932 at 
60,000 PSI and 1200 °F. All specimens solution treated 
1 hour at 1950 °F 
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The Effect of Various Aging Cycles on the Hardness of Heat. No 
All specimens solution treated 1 hour at 1950 °F and oil-quenched 
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on Hardness After 
treated 1 hour at 


h time at 1200 °F (650°C), with 
heating rate from 1200 to 1300°F (650-705 °C), and with time at 


based on the change of hardness wit 


1300 °F (705 °C). These temperatures were based on previous aging 
data on these alloys, and may not be the optimum temperatures for best 


results, but are used here to demonstrate the features of this aging 
treatment. 

The specimens were all solution treated 1 hour at 1950 °F (1065 °C). 
Four specimens were then aged at 1200 °F (650 °C) for the following 
times: 4, 8, 16, 32 and 64 hours and air-cooled. One specimen from 

ich of the above groups was then heated at a constant rate from 1200 
to 1300 °F (650-705 °C) in 2, 4, 8 and 16 hours and air-cooled again 
\s a result of hardness data taken at this point in the experiment, the 
specimens were heated various lengths of time at 1300 °F (705 °C) to 
ybtain a desired hardness of 270-290 DPH (See Fig. 3). From Fig. 3 
it can easily be seen that part of the hardness and, therefore, presum 
ibly some of the nuclei are lost by too rapid heating between 1200 
ind 1300 °F (650-705 °C). It appears within the limits of this experi 
ment that the longer the holding time at 1200 °F (650°C) the more 
slowly the material must be heated to avoid this retrogression effect 
This is probably caused by the rapid rate of nucleation and the slow 


11 


rate of growth which results in an increasing concentration of smal 


nuclei which are dissolved by too rapid heating. Also, the supersatura 


on of the matrix is increasingly reduced the longer the holding time 
1200 °F (650°C) which results in a de 

precipitation. A more detailed picture of the effect of the rate of heat 

ing between 1200 and 1300 °F (650-705 °C) is given, for the speci 

men held 16 hours at 1200 °F (650°C), in Fig. 4. Three points have 


been added to this curve for heating in a salt pot (10 seconds), and a 


creased driving force for 
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Fig. 5—Room Temperature Tensile Tests of 
Heat No. 7040 Tested at a Constant Strain Rate 
of 750% Per Hour. (See table III for code.) 
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Fig. 6—Room Temperature Tensile Tests of 
Heat No. 7040 Tested at a Constant Strain Rate 
of 750% Per Hour. (See table III for code.) 
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furnace (10 minutes and 1 hour) to 1300°F (705°C). Here the 
effect of rapid heating on the hardness can be seen very easily. It was 
felt that the practical limit for aging time was about 44 hours as is 
now used for one of the present commercial aging treatments and, 
therefore, the selection of heat treatments for further investigations 
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Fig. 7—1200 °F Tensile Properties f Heat No. 


7040 at a Constant Strain Rate of 750% Per 
four. (See table III for le.) 


was limited by this consideration. From these tests the following 
cycles were chosen for comparison with this standard aging cycle: 


1. Age 4 hours at 1200 °F (650°C), heat to 1300 °F (705 °C) 
in 2 hours, heat at 1300 °F (705 °C) for 20 hours and air cool. 

2. Age 8 hours at 1200 °F (650°C), heat to 1300 °F (705 °C) 
in 8 hours, heat at 1300 °F (705 °C) for 20 hours and air cool. 
Age 16 hours at 1200 °F (650 °C), heat to 1300 °F (705°C) 
in 16 hours, heat at 1300°F (705°C) for 12 hours and air 
cool. 


Tests were conducted on these specimens as follows: Room temper- 
ature tensile tests, 1200°F (650°C) tensile test, notch-bar creep 
rupture tests at 1200 °F (650 °C) and 70,000 psi stress, and plain-bar 
creep-rupture tests at 1200°F (650°C) and 60,000 psi stress. The 
results of these tests are compared with test results (9) on specimens 
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Fig. 8—1200 °F Tensile Tests of Heat No 
at a Constant Strain Rate of 750% Per 
(See table III for code.) 
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Fig. 9—Creep Rupture Properties of Heat No. 7040 at 


60,000 PSI and 1200 °F. All specimens solution treated 
1 hour at 1950 °F. (See table III for Code.) 


given the previously mentioned double aging cycle in Figs. 5 through 9. 
The room temperature tensile tests show little or no change in the 
strength characteristics, however, some decrease is indicated in the rup 
ture ductility as shown by the reduction in area. This same decrease is 
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Table Ill 
Notch-Bar Creep-Rupture Tests of Heat No. 7040 at 1200°F 
All Specimens Solution Treated | Hour at 1950°F 


Aging 
Treatment 


4 
1 
2 
3 


Hardness 


As Aged 
DPH 
282 
282 
278 
268 


After 
Load 
PSI 
70,000 
70,000 
70,000 
70,000 


Testing 

DPH 
288 
304 


0S 


Rupture 
Time 
Hours 
127 
668 
602 
736 


Symbols 

For Fig. 5-9 
4 hours at 1200°F 
at 1265°F for 2 hou 
for 20 hours and a 
8 hours at 1200°F 
at 1300°F for 
16 hours at 1200°F 
12 hours and air coole« 
20 hours at 1300°F 
20 hours and air coole 


reased tc 5°F in 1% hours, held 
1300°F in 1 held at 1300°F 
held 


eased to 1300°F in 8 hours 


| 


1300°F in 16 hours, held at 1300°F for 


1200°F in 4 hours, held at 1200°F for 


Table IV 


12 


ours 


g Treatments for Table V and Figures 10 
20 hours at 1350°F, cool to 1200°F in 41 
Same as 1 except cool to 1200°F 3 hours 

e as 1* except hold at 1200°F for 17% hour 
20 hours at 1300°F, cool to 1200°F in 4 hours 
20 hours at 1325°F 
16 hours at 1200°F 
16 hours at 1200°F 
16 hours at 1325°F 


1200°F for 20 hours ar 


Sar 
t 1200°F for 20 hours ar 

t 1300°F for 12 hours and air cool 
t 1250°F for 16 hours and air « 


1300°F in 16 h 
1250°F 8 hours 


heated t 
heated to 


umber 


6966 6968 6969 
° Vv 


noted in the 1200 °F (650 °C) tensile tests. The strength properties of 
the double aged tensile specimen at 1200 °F (650°C) are higher than 
previous heats as given by the dashed zones in Figs. 7 and 8. The 0.2% 
ield strength has apparently been lowered by the genuage treatment 
it 1200 °F (650 °C), however, this difference was later proved to be 
lue to the chance specimen selection. 

The plain-bar creep tests in Fig. 9 indicate a general improvement 
in quality of the material given the genuage aging cycles over the mate- 
rial given the double aging cycle. The best combination of strength and 
luctility is shown by the specimen receiving treatment No. 3. How- 
ver, all of the genuage specimens show similar improvement in creep 


properties. 
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Table V 
The Effect of Various Aging Treatments on the 
Notched-Bar Creep-Rupture Properties at 1200°F 


Aging As 
Specimen Treat- Aged Te Load 
Number ment@ DPH DPH PSI 


6929-6 297 299 70,000 
9 186 282 70,000 

10 256 269 70,000 

14 258 273 70,000 

16 255 280 75,000 

18 274 283 65,000 

28 179 287 60,000 

29 258 320 60,000 

277 295 70,000 


328 326 70,000 
311 333 70,000 
339 318 70,000 
323 307 70,000 
304 323 65,000 
284 311 65,000 
298 329 60,000 
308 320 60,000 
295 331 70,000 


344 331 70,000 
333 349 60,090 
308 341 65,000 
304 334 60,000 
336 355 60,000 
336 355 70,000 


6966-4 
6 
8 

18 

19 

20 


** 


320 60,000 
60,000 
70,000 


6968-18 
-19 
-20 


6969-4 
6 
-8 

-18 

-19 

-20 


70,000 
65,000 
65.000 
60,000 
60,000 
70,000 


** 


RvVannw nu NUS eK FN Uw 


1] 


@—See Table IV for code 


} 


The notch-bar creep properties given in Table III show a 4 to 5 fold 
increase in rupture time over the double aging procedure for all th 
genuage treatments, however, the specimen receiving treatment No 
is again the best. It is obvious from these results that by the use of the 
genuage treatment it has been possible to increase creep-rupturé 
strength without reducing creep-rupture ductility. 

In order to confirm these results on alloys of varying titanium (hard 
ener) content, the notched-bar and plain-bar creep-rupture tests were 
repeated on alloys having five different titanium levels. (Heats Nos 
6929, 6931, 6966, 6968, and 6969.) The compositions are given i1 
Table I, and the results of the tests are given in Table V and Figs. 1 
through 12. The results of room temperature and 1200 °F (650°C 
tensile tests did not indicate any change in properties as a function o! 
the aging treatment. It is, therefore, shown that the decrease in ductility 
noted on tests of heat No. 7040 was only caused by a chance specimet 
selection. All of the results fall in the area of the dashed lines given f 
tensile data in Figs. 5 through 8 so no actual test data is reported her: 

The creep-rupture properties shown in Fig. 10 show that the tim 
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Creep-Rupture Pre pertie ( l with Several 
eatments Tested at ) PSI and 1200 °F, 
(See table IV for 


to rupture has been increased in most cases by a factor of two to four 

the genuage treatment, however, this has not resulted in the usual 
decrease in rupture strain. The aging treatment has not increased the 
rupture strain of the very high titanium heats, but it can be seen from 
he increase in the notched-bar creep-rupture times given in Fig. 11 
that the material is no longer notch sensitive 

Fig. 12 compares the results of the tests using the genuage treatment 
and the best of the previously used double aging treatments. The 
notched-bar creep-rupture properties are better with the genuage 
treatment at a stress of 70,000 psi than the notched-bar specimens with 
the double age at 60,000 psi. The plain-bar creep-rupture time and 
time to 1% elongation have also been improved substantially by the 
genuage treatment as can easily be seen from the curve. With the 
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1.4 1.6 1.8 2.0 2.2 
% Titanium 
Fig. 11—Notch Creep Rupture Tests of Alloys, with Several Dif 


ferent Aging Treatments, Tested at 70,000 PSI and 
table IV for code.) 


double aging treatment used for this comparison, the material beca 
notch sensitive at a titanium content of about 2.2%, however, non 
the specimens tested with the genuage treatment are notch sensiti 
as judged by comparison with previous data. 

Microstructural changes which occurred as a result of the aging 
treatments studied here are shown in Figs. 13 and 14. The specimer 
were etched for 50 seconds in a solution of 15 grams ferric chlorid 
l5ec.HCl, and 60 ce. alcohol. The electron microscope pictures it 
Fig. 13 are of specimens which received the three genuage treatment 
used in this work. The oval shaped spots in Fig. 13a are potystyret 
spheres which were placed on the surface of the replica to determin 
the elevation of the constituents which appear in the structure. Th 
structures of all three samples in Fig. 13 are relatively clear of distin 
precipitate particles in the grain boundary area but in addition to thi 
it will be noted that no precipitate particles are distinguishable in th 
grains themselves. 

Fig. 14 shows a comparison of the structure resulting from two « 
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commonly used commercial aging treatments with that resulting 
structures which are developed by 
commercial aging treatments show rather 
les in the grain boundary area. As might 
$s precipitation appears to be a function « 


he adjoining grains. It should also be n 
es show very small but distinct preci 


m the genuage treatment. The 


large ind distinct par 
he expected the extent of 
relative grain orientations 
ted that the grains them 


pitates in contrast to the speci 
ens shown in Fig. 13 or as shown in Fig. 14c 


pical structure resulting from the 


eenua 
> ~ 


Fig. 14c again shows 
ve treatment. 


SUMMARY 


The data presented here shows that the roon 
erties and the 1200°F (650°C 


1 temperature tensile 
properties are not af 


Stile 


ing 1s apparently the determining facto 
The creep-rupture properties, on th 
enced by the aging treatment. It 1s shown that the long time (400 
urs) low temperature (1200 °F) aging treatment produces excellent 
ep-rupture results, but this type of treatmet 


mmercial basis. These same results ma‘ 


ed by the type of aging treatment used. The hardness obtained on 


‘all tensile properties. 
her hand, are greatly in 


it is not economical on 


obtained by a new aging 
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Fig. 13—Electron Micrographs of the Grain Boundary Area of Specimens from Heat 

No. 7040 Given Three Different Genuage Treatments. Specimens were solution treated 

1 hour at 1950 °F and oil-quenched. X 4025. (a) Aged 4 hours at 1200 °F, raised t 

1300 °F in 2 hours, held 20 hours at 1300 °F and air-cooled. (b) Aged 8 hours at 

1200 °F, raised to 1300 °F in 8 hours, held 20 hours at 1300 °F and air-cooled. (c) 

Aged 16 hours at 1200 °F, raised to 1300 °F in 16 hours, held 12 hours at 1300 °F 
and air-cooled. 
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c 


Fig. 14—Electron ee of Specimens from Heat No. 6929, Comparing the 


Structure Resulting from Previous Standard Aging Cycles and the New Genuage 
Treatment. All specimens solution treated 1 hour at 1950 °F and oil-quenched. x 4025. 
(a) Aged 16 hours at 1325 °F and air-cooled. (b) Aged 20 hours at 1300 °F, cooled to 
1200 °F in 4 hours, held 20 hours at 1200 °F and air-cooled. (c) Aged 16 hours at 
1200 °F, raised to 1300 °F in 16 hours, held 12 hours at 1300 °F and air-cooled. 
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treatment called the “genuage treatment’, which requires a 
shorter time. This heat treatment consists of : 


1. Starting the aging reaction at a low enough temperatur: 
give rapid general nucleation and a minimum of diffusior 
the hardener content to nuclei in the grain boundary. 

The aging temperature is then raised slowly, to prevent ret: 


gression, to a higher temperature where the precipitated 

ticles will grow more rapidly. 

The material is then held at this higher temperature unti 
desired hardness is obtained. The material may then be 

a stabilizing age at a lower temperature but this is not « 
sidered to be necessary for most applications 


lhe temperatures used in this work for the first and second agi 
steps were 1200 and 1300°F (650-705 °C), however, these ar 
necessarily the optimum temperatures for every application. It appe 
that other factors may be involved in obtaining the optimum heat tr 
ment for a given part and a given application. Additional work is beit 
done along the same line to seek answers to some of the proble 
which have limited the use of this type of alloy in the past. It is possi 
that the same approach used here may also be applied to other preci 
tation hardening alloy systems to improve the creep properties 
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DISCUSSION 
Written Discussion: By Francis J. Clauss, Aeronautical Research Scientist, 
itional Advisory Committee for Aeronautics, Cleveland. 
[he strengthening action of a double-aging treatment, in which scattered 
ucleation sites are produced in solution-treated material by first aging at a low 
temperature and the precipitates are then developed in a reasonable period 
time by a second aging at a higher temperature, was described by John Weeton 
ind myself for the alloy HS-21, a cobalt-base superalloy, in an NACA report 
blished in March 1954, cited as reference 8 in the preprint of the author’s paper 
We found that the stress-rupture life of HS-21 could be increased by a factor of 
yhtly more than four-fold by aging first at 1200 °F (following solution treat 
nt) and then at 1500 °F, as compared to the life obtained when the nucleation 
ge at 1200°F was omitted. This was for stress-rupture tests at 1500°F and 
stresses that gave lives on the order of 100 hours. The fine precipitates developed 
double-aging HS-21 resulted in better stress-rupture strength than any of the 
ngle-aging treatments. Mr. Weeton and I suggested in our report that our con 
lusions for HS-21 should have general significance in the heat treatment of other 
temperature alloys, and we have since obtained additional indications that 
lis is true. We are glad to have the further confirmation provided by Mr. Eichel 
verger’s results 

While there are undoubtedly many applications where the use of double-aging 
heat treatments of the type discussed should be beneficial, a few words of caution 
should be voiced. First, since fine particles are more unstable than coarse ones at 
elevated temperatures, overaging can occur more rapidly with fine particles and 
the strengthening action of double-aging can be lost at very high temperatures 

id/or long times of service. In other words, although the fine dispersion of pre- 
cipitates should be strongest at low temperatures, a coarser structure is often 
stronger at higher temperatures or longer times 

Second, with many alloys the increase in strength due to a fine dispersion of 
recipitates is accompanied by a marked loss in ductility. This is not always the 
ase, as indicated by the author’s results. 

Third, to be entirely successful, double-aging should be preceded by a very 
thorough solution treatment which dissolves all secondary phases and leaves no 
residual particles for spurious nucleation. This insures that the nucleation sites 
vill be uniformly distributed by the first age at the low temperature. When some 
particles are undissolved after solution treatment, the double-aging treatment will 
be less successful, although large benefits can still accrue. As we have learned in 
everal of our programs at the NACA on the heat treatment of turbine blades for 
gas turbojet engines and turbosuperchargers, attempts to obtain complete solution 
treatment can introduce practical difficulties during heat treatment, particularly 
vhen the secondary phases are difficult to dissolve and high temperatures of solu 
tion treatment are necessary. Cast HS-21 turbine blades, for example, often suffer 
ronounced interdendritic segregation in the areas around the primary carbides, 

1 we have observed eutectic melting to occur in such blades when the solution 
treating temperature was too high, as was necessary to dissolve all of the carbides. 


e loss in strength due to eutectic melting more than offset any gain that might 


Francis J. Clauss, Floyd B. Garrett, and John W. Weeton, “Effect of Some Selected Heat 
‘reatments on the Operating Life of Cast HS-21 Turbine Blades,’"” NACA TN 3512, July 1955 





TRANSACTIONS OF THE ASM 


have resulted from subsequent double-aging. When segregation was less 
small castings, such as turbosupercharger blades of the same alloy, eutecti 
ing did not occur and heat treatments were more successful. Blades cast by di 
ent manufacturers were found to respond differently to heat treatment 
emphasizes that successful heat treatment of cast materials can depend upor 
as-cast microstructure, as influenced by the metal casting temperature, mold t 
perature, and rates of solidification and cooling. 

With forgings, we have found that certain areas sometimes contain cri 
amounts of deformation that lead to pronounced grain growth during solutio 
treatment at high temperatures.’ Such grain growth in forged turbine blades 
usually concentrated along the leading and trailing edges and can lead to earl) 
fatigue failures initiated in those areas. Although it is well known that the stress 


1 


rupture strength of many superalloys can be increased by raising the soluti 


+ 


treating temperatures, such side effects as grain growth, loss in ductility, and 


lowered fatigue strength have in the past ruled out high temperatures for s 
tion treatment. 

Properly carried out to avoid these practical difficulties, we feel that the us¢ 
of solution treatment and double-aging in the manner discussed can be very ber 
ficial in those applications where the service times and temperatures do not caus¢ 
marked overaging of the fine particles of precipitate. 


Author’s Reply 


The author wishes to thank Mr. Clauss for adding some of the recent results 
of his own work to this presentation. The results which are reported agree very 
closely with later results by the author on other alloy systems. However, t 
remarks on the effect of finer precipitate particles may prove to be a little mis 
leading. The following remarks pertain to precipitate particles which are sul 
microscopic in size and coherent with the matrix, since these are the particles 
which contribute the most to mechanical strength. A small precipitate particle is 
certainly less stable than a larger particle. However, if the small particles ar 
larger than a critical size nucleus, they will agglomerate and at some point durit 
their growth pass through the size range of the larger particles. This means that 
smaller initial particles take longer to overage 

A very coarse precipitate is required in some instances because the material 
overalloyed with hardening or precipitating elements. This over alloying producé 
a large quantity of precipitate in the grain boundary area which results in a weal 
material as indicated by the author in this paper. As the hardener content is 
creased, the material will finally become so notch-sensitive that it will show v 
poor results with the genuage type of heat treatment. If, however, the materia 
is intentionally overaged so that the grain boundary precipitate is agglomerated 
the brittle condition may be relieved enough to produce a usable material. It 
very easy to observe such behavior in the microstructure and come to the c 
clusion that a coarse precipitate is desirable; however, this conclusion is 
warranted when all factors are considered. 

Mr. Clauss’s comment on the desirability of complete solution treatment pri 
to aging is certainly in line with our experience, but as stated. it is not alv 
possible to achieve because of other factors. 

3 J. W. Weeton, F. J. Clauss, and J. R. Johnston, “Performance rged, Heat-Tr: 


} of As-F 
and Overaged S-816 Blades in a Turbojet Engine,” NACA RM E54K17, March 3. 1955 
classified Nov. 14, 1956). : Ae 





INFLUENCE OF NICKEL ON INTERGRANULAR 
CORROSION OF 18% CHROMIUM STEELS 


BECK AND M. G. FONTANA 


Abstract 

Type 304 (18-8) stainless steel is made susceptible to 
intergranular corrosion when jicated in the temperature 
range of approximately 1200-1400 °F. This heat Sdegegge 
imparts resistance to intergranular corrosion for Type 130 
(18% Cr) steels. Quenching from 1 1900-2000 °F fo ndes 
optimum resistance to Type 304 but makes Type 430 sus- 
ceptible to intergranular corrosion. The major composi- 
tional difference in these steels is nickel (8% and 09%). 
Alloys containing intermediate nickel pease were 
cast, rolled, heat treated, and tested to determine the in- 
fluence of this element on corrosion behavior. It was found 
that the transition occurs at about 2.5 to 3% nickel. Steels 
with higher nickel should be heat treated like the austenitic 
steels and those below like the ferritic steels. An unexpected 
result was the good resistance to intergranular corrosion of 
all of these alloys when water quenched from 1400 °F. 

(ASM International Classification R2h, 2-10; SS, Cr, Ni) 


INTRODUCTION 

GREAT DEAL of work has been performed during the past 
thirty years or so, on the mechanism and prevention of inter- 
granular corrosion of the austenitic stainless steels such as Type 304 
(18% Cr-8% Ni). Some work has been done in recent years, along 
these same lines, on the ferritic stainless steels such as Type 430 (16- 
Cr). The interest in the latter, or straight chromium steels seems 

to increase during periods when nickel is difficult to obtain. 

Types 304 and 430 steels can be made relatively immune to inter- 
granular attack or made susceptible (sensitized) through selected heat 
treatments. Of particular interest is the fact that a specific given heat 
treatment makes one steel immune and the other susceptible, and an- 
other specific heat treatment results in the reverse situation. In other 
words, a “good” heat treatment for Type 304 is “bad” for Type 430 


and vice versa. The question naturally arises—at what nickel content 


This paper is based on J. R. Upp’s thesis in partial fulfillment of the requirements for a 
Master of Science degree. 


_ A paper presented before the Thirty-Ninth Annual Convention of the Society, 

held in Chicago, November 4-8, 1957. Of the authors, Lt. J. R. Upp is project 
ngineer, Wright Air Development Center, Wright-Patterson Air Force Base, 
Ohio. F. H. Beck is associate professor, Engineering Experiment Station, and M. 

G. Fontana is professor and chairman, Department of Metallurgical Engineering, 
[he Ohio State University, Columbus, Ohio. Manuscript received April 1, 1957. 


759 








760 TRANSACTIONS OF THE ASM 


does the “switch” occur? The purpose of this investigation was to study 
18% chromium steels with intermediate nickel contents to deter: 
where the division or transition in the mechanisms of intergranu 
corrosion occurs and also the heat treatments required for optim 
corrosion resistance. 


SURVEY OF THE LITERATURE 
Type 304 Stainless Steels 

Much has been written on intergranular corrosion of austenitic (non 
magnetic ) stainless steels since the classic papers by Payson (1)! an 
by Bain, Aborn, and Rutherford (2). The phenomenon is well know: 
The chromium impoverishment theory is the commonly accepted ey 
planation as summarized by Fontana (3). When 18-8 steels are heated 
in the temperature range approximately 900 to 1400 °F, chromiu 
carbide precipitates at the grain boundaries. This precipitation “ties 
up” some of the chromium and lowers the chromium content in th 
surrounding areas adjacent to the grain boundaries, and this decreases 
the effective corrosion resistance of the metal. Immunity can be re 
stored by heating the steels to a high temperature, such as 1950 °F 
dissolve the carbides and then quenching to pass rapidly through the 
sensitizing temperature zone. Payson (1) states that the presence of 
ferrite phase decreases susceptibility to intergranular corrosion. Mahla 
and Nielsen (4) show the carbides as leaf-like structures exhibiting 
dendritic patterns. Intergranular corrosion can also be controlled or 
minimized (3) by adding strong carbide formers such as columbiur 
(niobium) and titanium and also by reducing the carbon content below 
0.03%. 


Type 430 Stainless Steels 
These are the ferritic steels that are not hardenable by heat tr 

ment. Previous work (5,6) shows that Type 430 steels become su 
ceptible to intergranular corrosion when cooled rapidly from ab 
1700 °F. Most authors agree that immunization may be imparted | 
short-time heating at approximately 1450 °F. Kiefer (6) proposes 
mechanism for intergranular corrosion of welded Type 430 steel. Hi 
found that martensite corroded preferentially to the ferrite when bot! 
constituents are present. The martensite formed a sheath around th 
ferrite. Houdremont and Tofante (5) hold that it is the precipitatior 
upon rapid cooling of nonresistant, easily attacked iron carbides, fro 
austenite, at the grain boundaries of the ferrite grains that produce 
material susceptible to intergranular attack. Upon heating to 1450 °] 
the iron carbide is changed to a chromium carbide, probably CrosC, 
which restores immunity to intergranular attack. 


' The figures appearing in parentheses pertain to the references appended to this paper 
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lhe latest explanation comes from Lula, Lena, and Kiefer (7). They 
have shown that austenite was not necessary for intergranular corro- 
sion, titanium stabilization does not prevent intergranular attack, the 
sensitizing temperature is independent of chromium content, and that 
intergranular corrosion was still present when the carbon content was 
0.005%. The mechanism they proposed is that upon rapid cooling a 
carbide or nitride is precipitated in the grain boundary causing excess 
strain of the material. It is this stressed material that is attacked. Short- 
time annealing at 1450°F relieves this stress next to the carbide or 
nitride. 

\ddition of increasing amounts of nickel to 18% chromium steel 
results in more and more retained austenite until a completely aus- 
tenitic structure is retained at room temperature when about 8% or 
more nickel is present (Type 304). Intermediate amounts of nickel 
result in duplex structures of ferrite and austenite. The addition of 
nickel increases the general corrosion resistance of the alloy. 


EXPERIMENTAL PROCEDURES 
Preparation of Alloys 


l'welve heats of 18% chromium stainless steels were prepared with 
> 


nickel contents ranging from 0 to 8.3%. All alloys were made up as 
3500-gram charges and melted in a high frequency induction furnace 


Table I 
Chemical Composition of Materials 


Element 


Material Cc Ni 
Commercial Alloys 
304* 0.08 10.39 
430 0.05 0.18 
Experimental Alloys 
1** 0.106 
? 0.069 
; 0.073 
4 0.072 
5 0.068 
6 0.075 
0.063 
8 0.069 
9 0.072 
10 0.085 
11 0.076 
12 0.097 


00 


te et es 
PU em me Ow ww he 
; moar 


*0.56% Mn, 0.41 Si, 0.022% P and 0.010% S 
**All experimental heats charged with 0.75% Mn and 0.50% Si. 


using magnesia crucibles. Each charge was prepared from ferro-alloys, 
Armco iron and electrolytic nickel. After melting, each heat was cast 
into a round bar. The results of wet chemical analyses of each heat are 
listed in Table I. The bars were rolled at 2000 °F into strips approxi- 
mately * inch thick and 2 to 3 inches wide, then air-cooled. Numerous 

inch by % inch specimens were cut from the center of the strip for 
heat treatment and corrosion testing. 
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Heat Treatment 

Heat treatment temperatures were selected from both the sensitizing 
and immunizing ranges of each steel. These were 2000 °F and 1400 °} 
An intermediate temperature, 1650 °F, was also used. Heat treatment 
consisted of water quenching, air cooling, and furnace cooling (300 1 
400 °F per hour) from each of the aforementioned temperatures, m 
ing a total of nine specimens for each alloy. Heat treating was don: 

a Globar tube furnace (air atmosphere) with temperature contr: 
at +10°F. Heat treating was performed on the alloys in the as-r 
condition. 

No preliminary heat treatment was performed because of the variance 
of composition and structures of each alloy. This allowed a direct cor 
parison of results to be made. A check was made to see if prior | 
treatment had any effect on the corrosion resistance of the alloy 


two process annealing treatments that are customarily used on Ty; 


304 and 430 were first given the 8.3% and 0.0% nickel alloys bet 

test heat treatments. These were water quenching from 2000 °F ar 
furnace annealing from 1400°F, respectively. After prior treating 
these alloys were heat treated the same as the experimental specimens 


Corrosion Tests 

In preparing the specimens for the corrosion tests, each was ground 
to a 120-grit finish on a belt grinder, measured, and the surface areas 
calculated. Then each specimen was degreased in acetone and weighed 

After weighing, each specimen was placed into individual glass 
cradles so as to provide a maximum surface area available to the acid 
Each specimen was submitted to a standard 240-hour Huey corrosion 
test with boiling 65% HNQs acid. This consists of five 48-hour periods 
At the end of the test, the corrosion rates for each specimen were cal 
culated. The rate in mils penetration (thousandths of an inch) per yeat 
was calculated by means of the following formula (3) : 


mils per year = 534w/D A T 


= weight loss in milligrams 
= specific gravity or density—grams per cubic centimeter 
= area in square inches 

* = time of test in hours. 


Metallographic Examination 


Because of the fact that intergranular corrosion cannot be detect 
entirely by the weight loss in the Huey test, each specimen was p 
ished, etched electrolytically, and observed under a microscope. Bot 
the structure and evidences of intergranular attack were noted. 
photomicrographs are shown in this paper in order to save space and 
because they are not absolutely necessary. 
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18 % Cr 
°C Base 
- Alloy 
00S ————— 
= ————————_ 





Fig. 1—Constitutional Diagram Showing the Effect 
of Nickel on 18% Cr-Fe Base Alloys with Negligible 
Carbon (8). 


Table Il 
Corrosion of Alloy X-1 (0.00% Ni) by Boiling 65% Nitric Acid 


Rate in Mils per Year 


Material First hird Fifth 
Condition (a) Period (b) Period 
WO 2000 330 
AC 2000 
FC 2000 
WO 1650 
AC 1650 
FC 1650 
WO 1400 
AC 1400 

1400 


Specimens held at temperature 1 hr. before cooling. \ water-quenched; AC —air-cooled 
F¢ furnace-cooled (300 to 400°F per hr.) 

) 48-hr. periods. Second and fourth periods on ll tables to save space. These two 
periods all ‘‘line-up"’ in good shape. Periods needed t how effect of time on corrosion 


RESULTS AND DISCUSSION 


Corrosion data on the 12 experimental alloys and the two com- 
mercial alloys are shown in Tables II through XVII. Details of heat 


treatment are also included in these tables. Alloy X-1 (Table II) repre- 
nts the 18% chromium steel without nickel (Type 430) and alloy 
12 (Table XIV) represents the 18-8 (Type 304). Alloy X-12 con- 
ins slightly higher carbon than normal Type 304 but this had no 
ignificant effect for this study. Alloys X-1 and X-12 form the basis 
r comparison for the alloys with intermediate nickel contents with 


regard to intergranular corrosion behavior. 





764 TRANSACTIONS OF THE ASM 


Although nine heat treatments were used, only four of them provided 
valuable and pertinent information. Specimens treated at 1650 °F 
showed approximately the same corrosion resistance and structures as 
those heated at 2000 °F, with the exception of X-8 (4.33% Ni) and 
X-9 (4.80% Ni). This is because these two steels fell into the solid 


gamma field (Fig. 1, Reference 8) at 1650 °F, while at 2000 °F they 


300 
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4 
% Nickel 
Fig. 2—Summary of the Effect of Nickel and 
Heat Treatment on Corrosion of 18% Chr 


mium Stainless Steels. (Average corrosion 
rates for five 48-hr. periods.) 


were in a two-phase region. Air cooling from all temperatures produc 
structures very similar to those structures exhibited by the solutio 
quenched specimens. The major difference observed was that the ai 
cooled specimens were attacked more severely than the quenched speci 
mens. A good example of this is X-1 quenched from 2000 °F. (Tabk 
[1). Hence, the most valuable information was gained from four treat 
ments, namely water quenched and furnace cooled from 2000 °F, and 
water-quenched and furnace cooled from 1400 °F. 

These treatments are both sensitizing and immunizing, dependit 
on the steel in question. Fig. 2 is a plot of these four heat treatment 





CORROSION OF 18% CHROMIUM STEELS 


Table Ill 
Corrosion of Alloy X-la (0.00% Ni) by Boiling 65% Nitric Acid 
'S ac Specimens furnace annealed (cooled at 100°F per hr.) from 1450°F to 1100°F prior to 
S as further heat treatment. (a) 
and Corrosion Rate in Mils per Year 
1: 
olid Material First Third Fifth 
hey Condition (b) Period (c) Period Period Average 
b WQ 2000°F 28 180 265 55 


AC 2000°F 60 525 
FC 2000°F 41 ‘ 135 
WQ 1650°F 22 ‘ 75 
AC 1650°F : 381 
FC 1650°F 75 
WQ 1400°F 2 20 
AC 1400°F 2 ‘ 29 
FC 1400°F 24 


Specimens held at 1450°F 4 hr. before cooling 

Specimens held at temperature 1 hr. before cooling. WQ—water-quenched; AC—air-coole 
FC—furnace-cooled (39) to 490°F per hr 

48-hr. periods 


1V 


Table 
Ni) by Boiling 65% Nitric Acid 


Corrosion of Alloy X-2 (1.70% 
Rate in Mils per Year 


Material First iird Fifth 
lition (a) Period (b) rio Period Average 

WQ 2000°F 28 45 35 
AC 2000°F 50 : 225 155 
FC 2000°F 85 2 355 255 
WQ 1650°F 30 3s 33 
AC 1650°F 34 40 
FC 1650°F 42 : 70 
WQ 1400°F 34 40 
AC 1400°F 39 7 50 
FC 1400°F 34 40 


Specimens held at temperature 1 hr. before cooling. WQ—water-quenched; AC —air-cooled; 
FC—furnace-cooled (300 to 400°F per hr.) 
b) 48-hr. periods 


Table V 
Corrosion of \iloy X-3 (2.21% Ni) by Boiling 65% Nitric Acid 


Corrosion Rate in Mils per Year 


Material Third Fifth 
Condition (a) t Period Period Average 
WO 2000°F 32 36 32 
AC 2000°F 135 165 
FC 2000°F 350 330 
WO 1650°F 2 36 38 
AC 1650°F p 52 57 
FC 1650°F 7 80 90 
WO 1400°F : 38 41 
AC 1400°F : 42 46 
FC 1400°F ‘ 40 43 40 





Specimens held at temperature 1 hr. before cooling. WQ—water-quenched; AC—air-cooled; 
F¢ furnace-cooled (300 to 400°F per hr.) 
b) 48-hr. periods 


is a function of nickel content. It can be seen that for all heat treatments 
volved, there is a rather sharp change in the shape of the curves in 
range of 2.5 to 3.0% nickel. It might then be postulated that to the 

left of this zone the mechanism of intergranular corrosion would be 

that exhibited by ferritic steels, while to the right the austenitic type of 
echanisms would be dominant. 
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Table VI 
Corrosion of Alloy X-4 (2.92% Ni) by Boiling 65% Nitric Acid 


Corrosion Rate in Mils per Year 


Material First Third Fifth 

~ondition (a) Period (b) Period Period 
2000°F 30 31 $4 

> 2000°F 32 39 

> 2000°F 100 310 
1650°F 30 ‘ 32 

> 1650°F 33 ‘ 70 

> 1650°F 76 7 180 

O 1400°F 40 48 

> 1400°F 48 62 
1400°F 46 62 


Specimens held at temperature 1 hr. before cooling. WQ—water 
FC—furnace-cooled (300 to 400°F per hr.). 
(b) 48-hr. periods. 


Table VII 
Corrosion of Alloy X-5 (3.24% Ni) by Boiling 65% Nitric Acid 


Corrosion Rate in Mils per Year 


Material First Third Fourth 
Condition (a) Period (b) Period Period 
WO 2000 3 31 32 
> 2000° 
> 2000 


F : 
F 34 
F 
O 1650°F 
F 
F 
F 
F 
FE 


305 


> 1650 
> 1650 
O 1400 
> 1400 
> 1400 


pecimens held at temperature 1 hr. before cooling. WQ—water-quenched; A¢ 
FC—furnace-cooled (300 to 400°F per hr.). 
48-hr. periods. 


Sr 


Table VIII 
Corrosion of Alloy X-6 (3.67% Ni) by Boiling 65% Nitric Acid 


Corrosion Rate in Mils per Year 


Material First Third 

Condition (a) Period (b) 
WO 2000°F 
2000°F 
2000°F 
1650°F 
> 1650°F 
> 1650°F 
1400°F 
1400°F 
1400°F 


Specimens held at temperature 1 hr. before cooling. WQ—water 
FC—furnace-cooled (300 to 400°F per hr.) 


48-hr. periods 


This is further verified by an examination of the microstructures 
2. Specimens 


those specimens from which data are plotted in Fig. 2 
(0.00% Ni), X-2 (1.70% Ni), and X-3 (2.21% Ni) at 2000 
| a two-phase area, predominantly ferrite with from 10 to 4 
martensite, while at 1400 °F the structure consisted of masses of dat 


s} lOW CC 





rage 


10 
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Table IX 
Corrosion of Alloy X-7 (3.89% Ni) by Boiling 65% Nitric Acid 


Corrosion Rate in Mils per Year 


Material First Third Fifth 
( lition (a) Period (b) Period Period Average 
WO 2000°F 21 20 22 20 
AC 2000°F 21 20 22 20 
FC 2000°F 42 175 215 160 
WO 1650°F 20 20 22 20 
AC 1650°F 21 22 24 22 
FC 1650°F 51 180 205 150 
WO 1400°F 27 30 32 30 
AC 1400°F 29 34 44 37 
FC 1400°F 31 48 53 45 


Specimens held at temperature 1 hr. before cooling. WO 


FC—furnace-cooled (300 to 400°F per hr.) 
b) 48-hr. periods 


water-quenched; AC —air-cooled; 


Table X 
Corrosion of Alloy X-8 (4.33% Ni) by Boiling 65% Nitric Acid 


Corrosion Rate in Mils per Year 


Material First Third Fifth 
Condition (a) Period (b Period Period Average 
WO 2000°F 18 17 20 8 
AC 2000°F 19 22 26 22 
FC 2000°F 66 300 375 260 
WO 1650°F 22 4 26 24 
AC 1650°F 23 32 38 30 
FC 1650° 41 120 135 102 
VO 1400°F 27 31 35 30 
\C 1400°F 29 41 47 40 
FC 1400°F 32 62 70 55 
Specimens held at temperature 1 hr. before WQ—water-quenched; AC—air cooled; 
F¢ furnace-cooled (300 to 400°F per hr 
48-hr. periods 
Table XI 
Corrosion of Alloy X-9 (4.80% Ni) by Boiling 65% Nitric Acid 
Corr Rate in Mils per Year 
Material First Third Fifth 
{ lition (a) Period (b Period Period Average 
WO 2000° 27 4 25 25 
\C 2000°F 30 8 31 29 
FC 2000°F 120 160 310 205 
VO 1650°} s S 30 28 
\C 1650°F 37 43 49 43 
C 1650°F 75 10 200 170 
VO 1400°F 35 36 37 35 
AC 1400°F 3 48 52 46 
FC 1400°F 44 1) 80 65 
Specimens held at temperature 1 hr. before ] WO—water-quenched; AC uir-cooled 
FC—furnace-cooled (300 to 400°F per hr 


48-hr. periods 


rbide in an all-ferritic matrix. X-1 in e-Cr system, might not be 


expected to have martensite present, but because of the carbon, the 
two-phase region of the gamma loop is moved toward the right, hence 
i two-phase structure with no nickel present in the alloy. The mar- 
ensite and carbides were elongated due to the worked condition of the 
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Table XII 


Corrosion of Alloy X-10 (5.46% Ni) by Boiling 65% Nitric Acid 


Material 
Condition (a) 
WOQ 2000°F 
AC 2000°F 
FC 2000°F 
WOQ 1650°F 
AC 1650°F 
FC 1650°F 
WO 1400°F 
AC 1400°F 
FC 1400°F 


First 


Period (b) 
24 


Corrosion Rate in Mils per Year 


Third Fourth 
Period Period 
1 17 
21 

80 

36 

245 

33 


50 


a) Specimens held at temperature 1 hr. before cooling. WQ— water 


FC 
b) 48-hr. periods 


furnace-cooled (300 to 400°F per hr.) 


Table XIII 


Corrosion of Alloy X-11 (5.84% Ni) by Boiling 65% Nitric Acid 


Material 
Condition (a) 
WO 2000°F 
AC 2000°F 
FC 2000°F 
WOQ 1650°F 
AC 1650°F 
FC 1650°F 
WO 1400°F 
AC 1400°F 
FC 1400°F 


1) Specimens held at temperature 1 hr. before cooling. WQ 
furnace-cooled (300 to 400°F per hr.) 


FC 
b) 48-hr. periods 


First 


Period (b) 


14 
14 
20 
16 
18 
43 
24 
26 
70 


‘ 
r Year 


Corrosion Rate in Mil 
Third 


water 


Table XIV 


Corrosion of Alloy X-12 (8.29% Ni) by Boiling 65% Nitric Acid 


Material 
Condition (a) 
WO 2000°F 
AC 2000°F 
FC 2000°F 
WO 1650°F 
AC 1650°F 
FC 1650°F 
WO 1400°F 
AC 1400°F 
FC 1400°! 


First 


Period (b) 


10 
10 
14 
10 

9 
23 
10 
11 
39 


Corrosion Rate in Mils 


Third 
Period (c) 


per Year 


51 


260 


(a) Specimens held at temperature 1 hr. before cooling. WQ-—water 
FC—furnace-cooled (300 to 400°F per hr.) 


b) 48-hr. periods 


(c) This period was only 36-hrs. in duration. 


material. The attack in these specimens was primarily along the mat 
tensitic grain boundaries and at times in the martensite itself. X 
(2.92% Ni) was somewhat of a borderline case, neither one side n 
the other, but located approximately in the center of the transitior 
zone. From Fig. 1 it can be seen that X-4 falls almost in the middle of 
the two-phase area. The structure was continuous martensite wit! 





Table XV 
Corrosion of Alloy X-12a (8.29% Ni) by Boiling 65% Nitric Acid 
Specimens were water-quenched from 2000°F prior to further heat treatment. (a) 


Corrosion Rate in Mils per Year 


Material First Third Fifth 
Condition (b) Period (c) Period Period Average 
WQ 2000°F 10 7 7 
AC 2000°F 9 6 7 
FC 2000°F 11 9 124 


12 


AC 1650°F 9 
70 


FC 1650°F 11 3 

VQ 1400°F 10 1 

AC 1400°F 10 18 
FC 1400°F 18 


WO 1650°F 9 x 
9 


Specimens held at 200°F \% hr. before quenching 

Specimens held at temperature 1 hr. before cooling. WQ—water-quenched; AC 
F( furnace-cooled (300 to 400°F per hr.) 

48-hr. periods 


Table XVI 
Corrosion of Wrought Commercial Type 304 (0.08% C) by Boiling 65% Nitric Acid 


Corrosion Rate in Mils per Year 


Material First hird Fifth 

Condition (a) Period (b) eriod Period Average 
WO 2000°F 9 6 6 7 

AC 2000°F 9 5 5 6 

FC 2000°F 9 54 185 75 
WOQ 1650°F 9 9 12 9 
AC 1650°F 10 15 35 19 
FC 1650°F 115 1090 1060 890 
WO 1400°F 10 3¢ 220 70 
AC 1400°F ll 105 345 150 
FC 1400°F 230 1540 1200 1100 


I 
P 


Specimens held at temperature 1 hr. before cooling. WQ—water-quenched; AC—air-cooled 
FC—furnace-cooled (300 to 400°F per hr.) 


b) 48-hr. periods 


Table XVII 
Corrosion of Wrought Commercial Type 430 (0.05% C) by Boiling 65% Nitric Acid 


Mils per Year 


Material First i Fifth 
Condition (a) Period (b) »riog Period 
WO 2000°F 2 370 
AC 2000°F : 445 
FC 2000°F 5 240 
WO 1650°F 54 
AC 1650°F 135 
FC 1650°F 2 2 240 
WO 1400°F 33 
AC 1400°F , 42 
FC 1400°F 52 
a) Specimens held at temperature 1 hr. before cooling. WO water-quenched; A( 
FC—furnace-cooled (300 to 400°F per hr.). 
b) 48-hr. periods 


ipproximately 20-25% ferrite and was not typical to either mechanism. 
he attack was at heavy carbide precipitates in the grain boundaries 
next to the ferritic material. 

At 2000 °F, specimens X-5 (3.24% Ni) to X-9 (4.80% Ni), con- 
tained approximately 10 to 15% ferrite with the continuous phase being 
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martensite. At 1400 °F, the structure was a tempered martensite 
stringers of ferrite. These alloys still exhibited a two-phase structu: 
as might be expected from Fig. 1. X-10 (5.46% Ni) and X-11 (5.84 
Ni) just began to reach the solid austenitic field and some austet 
was present in the structure at room temperature after treatment 
2000 °F. The furnace-cooled 1400 °F specimens were beginning 
corrode rather severely in the grain boundary areas. The matrix 
ferritic with large precipitated carbides. X-12 (8.29% Ni) was 
wholly austenitic alloy and the furnace-cooled 1400 °F specimen ¢ 
hibited very severe intergranular attack. 

It might be mentioned here that the curve for specimens furnac: 
cooled from 2000°F in Fig. 2 shows increasing corrosion rates up t 
a maximum at the transition, then decreases with increased nickel 
This might be due to one of two reasons, or both. One that in the con 
dition of equal ferrite and austenite the material is more susceptibl 
after a short heat treatment than if the specimen had been held at tem 
perature for a longer time. These specimens were held at temperatur: 
for only 1 hour. Also, it was noted that, in this zone, a maximun 
amount of carbides were precipitated, which were severely attacked 
As the nickel was increased, the amounts of carbide seemed to decreas 
slightly. 

One unusual fact was noted. All specimens when water-quenche 
from 1400 °F did not exhibit any intergranular attack. To the left of 
the 2.5-3.0% nickel zone, this temperature is the immunizatior 
temperature for ferritic steels. Specimens with higher nickel, exhibit 
a martensitic or austenitic structure. The carbides present were sca 
tered in and out of the grains. From Fig. 1 it can be seen that specimer 
X-10 (5.46% Ni) through X-12 (8.29% Ni) at 1400°F are in th 
complete austenite area the same as at 2000 °F. Thus the carbides ma 


+ 


be in solution to some degree, and when quenched it possibly has the 
same effect as quenching from 2000 °F. Without further investigatior 
it would be difficult to explain completely this phenomenon 

When the proper heat treatment to impart immunity was applied 
(1.e., furnace annealing X-1 and solution quenching X-12), extremel 
good corrosion resistance was observed. 

As mentioned above, there was some doubt as to the effect that 
prior heat treatment might have on the validity of the results. Speci 
men X-la (Table III) was furnace annealed and X-12a (Table X\ 
was solution quenched prior to test heat treatments, then corroded 
were the other specimens. Tables II, III, XIV, and XV _ show that 
there is very little deviation in actual values, and a close agreement as 
to the rates of corrosion at each heat treatment. The microstructuré 
were almost identical excepting some variation in grain size. This was 


a spot check and was not performed in all experimental alloys. 
Huey tests were run on commercial Types 430 and 304 steels. It was 
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found that the correlation in susceptibility between commercial and 


xperimental alloys was good, but in the susceptible conditions the 


commercial alloys corroded at rates much higher than those of the ex- 
perimental alloys. 

Thus from corrosion rates obtained from the Huey tests, plotted as 
a function of nickel content, and a microscopic examination, it is the 
authors’ belief that 18% chromium steels containing from 0 to 2.5% 
nickel can be properly treated (insofar as intergranular corrosion is 
concerned ) as ferritic steels, and those containing 3% or more nickel, 
fall into the category of austenitic steels and should be heat treated 
accordingly. 


SUMMARY AND CONCLUSIONS 

1. Alloyed nickel is the direct cause in the shift of the mechanism 
of intergranular corrosion of Type 429 to that of Type 304. 

2. The transition from one meci anism to the other was found to 
occur at 2.5 to 3.0% nickel. 

3. 18% Cr steels with less than 2.5% nickel should be heat treated 
as ferritic stainless steels and those above 3.0% nickel as austenitic 
stainless steels. 

4. Prior heat treatment to the as-rolled material did not show any 
appreciable change in corrosion resistance. 

5. Furnace cooling specimens in the transition range (2.0 to 3.5% 
nickel) from 2000 °F brought on extreme cases of intergranular attack. 

6. None of the alloys exhibited intergranular corrosion when water 
quenched from 1400 °F. 
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DISCUSSION 
Written Discussion: By Stephen F. Urban, Director of Research, Tita 
\lloy Manufacturing Division, National Lead Company, Niagara Falls, N 
The data presented in the paper by Messrs. Upp, Bec! 


‘ 


X 


nd Fontana ag 
shows that inflection points on the corrosion curves in nitric acid probably « 


spond to changes in microstructure. It is regretable that photomicrographs 
not included but from the Society's viewpoint, this is understandable 

If another group were to attempt to duplicate results described in a genet 
fashion, this goal will be attained. If one expected more precise checks, one w 
be disappointed and I believe mostly because melts from two sites would conta 
variable nitrogen contents. For example, if we select any arbitrary compositi 
say 14% chromium, depending upon the melting technique, one will obtain any 
where from 0.015 to about 0.08% nitrogen. This is extremely important becaus¢ 
nitrogen is a very powerful austenite former and a fairly good stabilizer. Becaus 
of these circumstances, two pieces of metal made at two different sites woul 
with a given heat treatment, have different structures in correspondingly quit 
different corrosion rates. This would be true despite the fact that chromiur 
carbon and nickel contents were identical. 

The authors conducted their work in nitric acid and it may be interesting t 


note that similar differences are sometimes obtained when hydrochloric acid 
the medium. 


Authors’ Reply 
The authors wish to thank Dr. S. F. Urban for his interesting discussion 
We believe that the effect of increasing nitrogen would be to shift the inflecti 
point to the left, i.e., towards a lower nickel content. Both nickel and nitrogen ar 
austenite formers. 
The heats described in the paper were made with low nitrogen ferro-chrome 
so the nitrogen contents should be on the low side. Attempts to produce hig 


nitrogen heats resulted in “gassy” ingots so this portion of the work was dis 
continued. 


1 
} 
I 


The last paragraph in Dr. Urban’s discussion also makes an interesting poi! 
Other work is in progress here on the effects of microstructure differences 
corrosion of “18-8” by other environments including hydrochloric acid 
acid, and calcium chloride. We expect to publish this work at a later date 





PHASE RELATIONSHIP IN AUSTENITIC 
Cr-Mn-C-N STAINLESS STEELS 


By Cui-Met Hstao anp E. J. Dutts 


Abstract 

The stable austenite region in the Cr-Mn-C-N steels con- 
taining 0.10/0.80% C, 10/28% Mn, 12/28% Cr, and 
0.10/0.80% N has been determined. At 2100 °F, the mini- 
mum amount of carbon plus nitrogen required for a com- 
pletely austenitic structure increa. ith increasing amount 
of chromium, and this relationship can be represented by 
the expression C+ N=0.078 (Cr-12.5%). When the 
chromium is over 15%, about 12% manganese is required 
to stabilize the austenite; and when the chromium is be- 
tween 12 and 15%, 12 to 18% manganese is required. 

The microstructural changes associated with (a) the solu- 
tion treatment at different temperatures (1900 to 2300 °F) 
and (b) the three solid-state reactions (precipitation, mar- 
tensite transformation, and sigma phase formation) that 
could occur during or after aging in the range 1200 to 
to 1600 °F for up to 100 hours have been extensively in- 
vestigated and the results are presented. Also, the solution 
hardening and the hardening due to different aging reac- 
tions have been discussed. (ASM International Classifica- 
tion: N8, N7a; SS-e) 


INTRODUCTION 

NE PHASE of a program aimed at the development of nickel 
() free austenitic stainless steels for elevated temperature applica- 
tions was the establishment of the relationships among composition, 
heat treatment, and phase formation in iron-rich Cr-Mn-C-N alloys. 
\ knowledge of these relationships is important in obtaining the com 
prehensive understanding of the characteristics of these steels that is 
required for a new steel development program. 

Most of the early studies and developments on austenitic Cr-Mn 
steels were made in Germany and Russia, probably because of the 
shortage of nickel in those two countries. The low carbon (up to 
0.10% ) austenitic Cr-Mn steels were investigated by Becket (1),’ 

he figures appearing in parentheses pertain to the references appended to this paper 

This research was supported in part by the United States Air Force under Contract AF33 


116)-3318, monitored by the Materials Laboratory, Wright Air Development Center, Wright 
Patterson Air Force Base, Ohio. 
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eld in Chicago, November 4-8, 1957. The authors are associated with the Re 
earch and Development Laboratory, Crucible Steel Company of America, Pitts 
urgh. Manuscript received April 11, 1957. 
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Koster (2), Gunzberg et al. (3), Schmidt and Legat (4,5), Bur 
and Forgeng (6), Bruhl (7), and Borzdyka (8,9). One of the n 
interesting findings of these investigations was that the amount 
austenite produced in a Cr-Mn steel at high temperatures is almost 
entirely a function of its chromium and carbon contents. That is, th 
addition of manganese does not increase the amount of austenite appr: 
ciably ; however, manganese does increase very markedly the stabilit 
of the austenite at low temperatures. 

The austenite-forming ability of nitrogen in high Cr steels was noted 
by Krivobok (10), Franks (11), and Colbeck and Garner (12). Als 
some studies on nitrogen-bearing Cr-Mn steels were made by Kraine: 
and Mirt (13), Rapatz (14), and Schaeben (15). However, in these 
latter studies, nitrogen contents were limited to a maximum of 0.25 
Recently, Franks et al. (16) determined the austenite regions for 0.10 
carbon steels containing 12 to 18% chromium, 1 to 22% manganes: 
0 to 14% nickel and 0.03 to 0.19% nitrogen. A similar investigation was 
made by Whittenberger et al. (17) on 0.12% carbon steels containing 
15 to 21% chromium, 12 to 18% mangangese, 0 to 3% nickel and 0.25 
to 0.45% nitrogen. Both investigations were limited to low carbon 
steels, and the austenite was formed and stabilized by the addition of 
nitrogen and manganese. It is of interest to note that manganese in 
excess of about 10% tends to enlarge slightly the delta ferrite-austenit 
region when the chromium content is greater than 15% (16,17). Other 
investigations on Cr-Mn-C-N steels include those reported recently 
by Zackay et al. (18) and Carlson and Zackay (19). 

A related investigation on the phase relationships in Cr-C-N ste 
has been made recently by Tisinai et al. (20). In these steels, th 
austenite formed by the addition of C and N was not sufficiently stabl 
and could be retained at room temperature only by rapid cooling. T! 
austenite decomposed either during moderately slow cooling from the 
austenitizing temperature, or when reheated to temperatures belov 
the austenitizing temperature. 

The primary purpose of the present investigation was to determin 
the base compositions of the Cr-Mn-C-N steels that contain no delt 
ferrite, and which do not transform to martensite after different heat 
treatments. Fully austenitic steels are more desirable than those wit! 
mixed structures because of their superior hot working characteristi 
and superior mechanical properties at temperatures over about 1200 °| 
In this study, the following two factors were determined as a functiot 
of composition : 


e 


(a) whether the steel was wholly austenitic after a solutir 
treatment, and 

(b) whether the wholly austenitic steel was stable after an agin 
treatment. 
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MATERIALS AND PROCEDURES 


lhe experimental steels of this investigation encompassed the follow- 
ing composition ranges: 0.10/0.80% carbon, 5/28% manganese, 
12/28% chromium, and 0.10/0.80% nitrogen. The steels were prepared 
as 15-pound induction-melted heats, and the ingots from these heats 
were forged to 54-inch square bars. The compositions of these steels 
are given in Table I. 

The heat treatments used in this investigation included solution 
treating and aging. The solution treating consisted of heating the speci- 
mens (54-inch square by %-inch high) for %4 to 2 hours at tempera- 
tures in the range 1700 to 2300 °F and water quenching to room tem- 
perature. The aging treatments consisted of heating the solution-treated 
specimens at temperatures in the range 1200 to 1600 °F for various 
periods of time and water quenching. 

The microstructures of all experimental steels in both the solution- 
treated and the solution-treated and aged conditions were examined 
to determine the following: 

(a) The presence of delta ferrite and martensite, 

(b) The amount of residual carbides and nitrides, 

(c) The grain size, and 

(d) The structural changes that occur during or after aging. 


Delta ferrite was delineated from austenite by deeply etching the test 
samples in 20% hydrochloric acid in alcohol. The ferrite occurred as 
stringers of polygonal areas in the austenite matrix. The microscopic 
detection of the presence of delta ferrite was in general agreement with 
the Magne-Gage measurements. A calibration curve (Magne-Gage 
readings versus % of delta ferrite) was determined by using lineal 
nalyses to establish the amount of ferrite present. Although the mag- 
netic test is simpler and more sensitive, the direct observation by micro 
scopic methods was also used because this method differentiates between 
he two magnetic phases, delta ferrite and martensite, which oceur in 
some of the steels. 


¢ 


\t each stage of heat treatment, magnetic tests (Magne-Gage) were 
ade to detect the possible formation of the magnetic constituents 
errite and/or martensite. Also, room temperature Rockwell hardness 
tests were made on the specimens after each heat treatment in order 

to evaluate any aging reactions that might have occurred. To determine 
the solution-hardening attributable to the presence of the interstitial 
ements, carbon and nitrogen, the microhardness of the austenite of 
some specimens was measured by a Reichert microhardness teste: 
lo identify the phases present in the steels, x-ray diffraction tests 
pplemented by chemical analyses were made on selected specimens. 


or these tests, electrolytically extracted residues were studied by pro- 
edures which were described previously (21). 
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Chromium 


12.41 
11.95 
12.04 
11.71 


Table I 
Composition of Steels 


Manganese Carbon 


13.72 0.062 
11.84 0.055 
10.35 0.103 
0.112 
0.097 


0.102 
0.116 
0.110 
0.105 
0.092 
0.30 
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AUSTENITIC STAINLESS STEELS 


Table 1 continued 


Manganese Carbor Nitrogen 


3.55 0.63 0.29 
39 0.57 0.39 
0.67 0.31 

0.62 0.44 

0.79 0.47 

0.80 0.49 

0.64 0.72 

0.40 0.43 

50 0.36 

47 0.43 

43 0.48 

65 0.34 

0.34 

31 0.78 

0.44 

0.44 

0.40 

0.40 


0.22 
0.18 
0.44 
0.25 


NNNNNNe 
x 


NN Dons 


> 
~ 


28.74 10.05 
28.66 10.25 
30.03 16.25 
29.91 18.06 
29.77 14.40 
29.01 13.12 


RESULTS AND DISCUSSION 
Based on the results of microstructural studies, magnetic measure- 
ments, and hardness tests, the experimental steels were classified into 
the following three groups: 


(a) Stable austenitic steels—These are austenitic after solution- 
treating, and after solution-treating and aging. 
Duplex steels—These contain austenite and ferrite after 
solution treating and austenite, sigma, and/or ferrite after 
aging. 
Unstable austenitic steels—These are austenitic at the 
solution-treating temperatures but transform into martensite 
(completely or partially) during cooling to room tempera- 
ture or after subsequent aging. 


AUSTENITE FORMATION 
Austenite-Austenite plus Ferrite Boundary 
The austenite-austenite plus delta ferrite phase boundary at 2100 °F 
was plotted as a function of chromium content versus carbon plus nitro- 
gen content, Fig. 1. Also, the manganese content and the aforemen- 
tioned classification of the individual steels is denoted on the graph. 
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Fig. 1—Phase Relation in Fe-Cr-Mn-C-N System at 


The boundary line between the austenite and austenite plus ferrit 


fields, Fig. 1, indicates that the minimum amount of carbon plus nitr 
gen required for a completely austenitic structure increases with ir 
creasing amount of chromium, and this relationship can be represente 
by the following equation : 


C+ N=0.078 (Cr-12.5) Equation 1 


This equation is applicable for steels that contain from 5 to 14% man 

ganese ; no extensive work has been done for higher manganese steels 
The equivalence of carbon and nitrogen in their ability to forn 

austenite has also been found recently by DeLong et al (22). 

It should be noted that the boundary line in Fig. 1 is for the iso 
thermal section at 2100 °F. At temperatures other than 2100 °F, thi 
boundary line will be shifted. 

The effect of solution-treating temperature on the amount of delt 
ferrite is shown in Table II. For the high carbon steels (W11, W19 
and W54), the amount of delta ferrite decreased with increasing 
solution-treating temperature. This behavior in the high carbon steels 
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is attributable to the availability of residual carbides to go into solutio: 
at the high solution-treating temperatures, whereas in the low carb 

steels all the carbides go into solution at low solution-treating tempera 
tures. (The effect of composition and solution-treating temperature, ‘1 

on the solution of residual carbides and nitrides will be discussed later 

The effect of increasing the carbon and chromium in solution is such 
that the carbon increases the amount of austenite that forms despite th: 
opposing tendency of chromium. For the low carbon steels (W33 
W97, W98, and W99) the amount of delta ferrite increased with in 
creasing solution-treating temperature. This behavior is in agreement 
with the well known effect of temperature on the formation of delta 
ferrite and is illustrated by the familiar loop phenomenon on the Fe-Cr 
equilibrium diagram. For the medium carbon, high chromium steel 
(W38, W49, and W53), the amount of delta ferrite first decreas: 

and then increased with increasing solution-treating temperature. This 
is a combination of the aforementioned two cases and is related to th 
minimum temperature for complete solution of carbides. The presence 
of delta ferrite at very high temperatures, e.g., 2300 °F, could be pre 
vented by a slight increase in the amount of carbon and/or nitrogen 
This is evident by comparing the data for the following steels: W31 


W33, and W32; W99 and W100, Table II. 


Residual Carbides and Nitrides 

The amounts of residual carbides and nitrides in the steels that had 
been solution-treated were found to decrease with increasing solution 
treating temperature. The lowest temperature, T, for the completé 
solution of the residuals was determined by solution-treating selected 
steels in the temperature range 1600 to 2300 °F (in 50°F intervals) 
and examining the microstructures of the steels after these heat treat 
ments. The test results show that T increases with increasing amounts 
of chromium and carbon and decreases slightly with increasing amounts 
of manganese, Fig. 2. Also, T is independent of the amount of nitrogen 
present in the steels. The curve for the 18% chromium steels of this 
investigation agrees fairly well with the published results for 18-8 
Cr-Ni stainless steels (23). 

The dependence of T on the amounts of chromium and carbon indi 
cates that, as expected, the solubility of chromium carbide in austenite 
increases with increasing temperature, and that in steels high in chro 
mium and carbon, large amounts of chromium and carbon are available 
to form chromium carbide. The effect of nitrogen on T is probably 
masked by the pronounced effect of chromium and carbon. Also, the 
effect of manganese on T is small; for example, in the 28% manganese 
steels, T values are slightly lower than those of comparable 10% man 


ganese steels, Fig. 2. 
To indicate the compositions that contain residual carbides in the 
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Fig. 3—Isothermal Section of Cr-Mn-C Steels at 2100 °F 


isothermal section at 2100 °F, Fig. 3 was prepared. In this figure, line 
\ was plotted from Fig. 1 assuming no nitrogen is added, and line B, 
from Fig. 2. Fig. 3 can be used for designing austenitic Cr-Mn-C-N 
steels free from both delta ferrite and residual carbide. For example, 
1 minimum amount of carbon and nitrogen required for a 21% chro- 
mium austenitic steel is 0.66% at 2100 °F (Fig. 1 and Line A, Fig. 3), 
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and the maximum amount of carbon which could be dissolved at tl 
temperature is 0.30% (Line B, Fig. 3). Therefore, a steel which cor 
tains 0.30% carbon, 21% chromium, 0.36% nitrogen would remain 
austenitic and free from both delta ferrite and residual carbides by 
2100 °F solution treatment. As discussed previously, 12% manganes: 
is required to stabilize this steel from martensite transformation 


Grain Size 


As expected, the grain sizes of the experimental steels were found to 
increase with increasing solution-treating temperature. An example of 
this effect is shown in Fig. 4. The grain size varies from steel to steel 
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Fig. 4—Effect of Solution Treating Temperature on Grain Size 


and ranges from ASTM grain size No. 1 to No. 10. The effect of com 
position on the grain size appears to be related to the lowest solution 
treating temperature for complete carbide solution, i.e., grain growth 
is retarded by the presence of residual carbides and nitrides. 


AUSTENITE STABILITY 
Martensite Transformation 


Whether the austenite that formed at the solution-treating tempera 
ture or that existed at the aging temperature would resist transforma 
tion to martensite during cooling to room temperature depends on the 
compt sition of the austenite. The effect of cx ym pt sition on the Ms tem 
perature of 18-8 type stainless steels has been determined by Eichelman 
and Hull (24) to have the following relationship: 


Ms = 75(14.6—Cr) + 110(8.9-Ni) + 60(1.33-Mn) + 
50(0.47-Si) + 3000 [0.068-(C + N) ] Equation 2 
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Although the compositions of the experimental steels in the present 
investigation are beyond the compositional range from which Equation 
2 was derived, it is believed (based on the well known characteristics 
of the additive elements) that the relative effects of the alloying ele 
ments on Ms temperature are applicable. Also, it is of interest to not 
the effect of chromium in the equation, i.e., chromium retards the 
martensite transformation when it is over 14.6%. This effect has als 
been observed in other studies on the Fe-Cr-C-N system (20). 

The following conclusions can be deduced from the experimental 
results shown in Figs. 1 and 5, and these conclusions are in agreement 
with the results of other published investigations in regard to the rela 
tive effects of chromium, manganese, carbon, and nitrogen in stabilizing 
the austenite from transforming to martensite 

(a) When the chromium is over 15%, about 12% manganese is re 
quired to stabilize the austenite to avoid a martensitic transformation 
The excess amount of C + N over that required to form a completely 
austenitic structure at solution treating temperatures does not prevent 
the transformation of austenite to martensite during cooling to room 
temperature after aging. For example, at 18% chromium, the minimum 
amount of C-+-N required for a completely austenitic structure is 
0.43%, however, a steel with 0.88% (C+ N) and 9% manganese 
is unstable, whereas a steel with 0.60% (C+ N) and 12% manganese 
is stable (Fig. 1). 

(b) When the chromium is between 12 to 15%, the amount of man 
ganese required to stabilize the austenite to avoid a martensite trans 
formation varies from 12 to about 18% (extrapolated from Fig. 6 
The variation depends upon the amounts of chromium and of (C + N 
in the steel. For example, at the 12% chromium level, Steel W17 
(0.73% carbon + nitrogen, 11% manganese) showed no martensiti 
transformation even after aging for 100 hours, whereas Steel W95 
(0.17 C+ N, 12% manganese ) transformed to martensite during cool 
ing from the solution-treating temperature. The strong effect of man 
ganese in stabilizing the austenite is also evident by comparing the 12% 
chromium steels, W25, W26, W27, and W42 (Fig. 7), whose compo 
sitions are (0.41 C+ N, 5% manganese), (0.38 C+ N, 7% manga 
nese), (0.29 C + N, 10% manganese), and (0.31 C + N, 12% man 
ganese ), respectively. 

The relative effect of manganese, carbon, and nitrogen on stabilizing 
austenite after various aging treatments implies that little, if amy 
manganese would be present in the precipitated carbides and nitrides 
This phenomenon has been observed previously (21) and is further 
confirmed by the new experimental data, Tables III and IV. 

Some of the experimental steels, e.g., W25, were austenitic in th 
solution-treated condition, but became magnetic and showed a substan 
tial increase in hardness after aging, Fig. 8. This behavior indicated 
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Table Ill 
Chemical Analyses of Residue and Matrix of Steel W48 
Heat Treatment: Solution-treated 2100°F and aged 100 hours at 1400°F 


Weight Chemical Composition (Weight ‘ 
(grams) Iron Chromium Manganese Carbon 


Sample Prior to Extraction 61.718 66.10 20.15 12.61 0.094 
Extracted Residue §.497 14.36 64.70 4.63 1.05 
Remaining Matrix 56.221 71.17* 15.06 13.35 0.01* 


Note: *Calculated from the material balance 
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Fig. 8—Martensitic Hardening of Cr-Mn-C-N Steel (W25). Composi 
tion: 0.28% carbon—5% manganese—13% chromium—0.13% nitrogen. 


that martensite formed during the aging treatment, and the micro 
structural studies have confirmed this explanation, Fig. 7a. Within th 
individual austenite grains, four different directions of martensite plate: 
were observed, Fig. 9. This observation indicates that the habit plan 
of martensite is the (111) plane of the austenite (25). 

This type of hardening has been utilized in some commercial stain 
less steels such as 17-7 PH, AM350, etc. 


Precipitation Reactions 
Metallographic studies were made on all the experimental steels after 
solution treating at 2100 °F and aging at different temperatures in the 
range 1200 to 1600 °F. Besides the carbide precipitation along the grain 


Table IV 
Distribution of Iron, Chromium, Manganese, Carbon, and Nitrogen between 
Precipitate and Matrix of Steel W48 (Wt. % 


Heat Treatment: Solution-treated 2100°F and aged 100 hours 
at 1400°F 
Total Iron Chromium Manganese Carbon 


Matrix 91.9 98.1 70.4 96.7 0.5 
Precipitate 8.1 1.9 29.6 3.3 99.5 


ee —-. —__— 
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id twin boundaries, two other types of precipitation reactions, grain 
youndary tae and general precij itation, occurred during the aging 
f austenitic Cr-Mn-C-N steels (21). The grain boundary reaction 
is devaiaied by the formation of lamellar nodules and occurs by a 
nucleation and growth process. General precipitation is characterized 
by a Widmanstatten pattern and is controlled by the crystallographic 


. 


Fig. 9—Microstructures of Steel W27—Habit Plane of Marten 
site. Heat treatment: 2100 °F, water-q hed, plus 1400 °F for 
100 hours. Etchant: 20% HCl in alcohol < 500. 


relationship between the precipitate and the matrix. The precipitates in 
the lamellar nodules were identified to be either CrosC, or CroaN de- 
pending upon the composition of the steel, whereas the general precipi- 
tate was identified to be CrogCg. The identifications were made by x-ray 
diffraction analyses supplemented by chemical analyses on the elec- 
trolytically extracted residues. 

[he predominance of one reaction over the other depends on the 
composition of the steel and on the aging temperature. During aging 

1400 °F, the grain boundary reaction product was found predomi- 
nantly in the high nitrogen steels, and the general precipitation product 
was found predominantly in low nitrogen, high carbon steels. The rela- 
tionship between carbon and nitrogen in controlling the type of pre- 
ipitation reaction is shown in Fig. 10, and the illustrative microstruc- 
tures are shown in Figs. 11 through 13. 

It is expected that for aging temperatures other than 1400 °F, the 
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Fig. 10—Effect of Composition on the Solution-Treated and Aged 
Microstructure 


boundary line in Fig. 10 will shift downward for higher temperatures 
and upward for lower temperatures. The faster diffusion rate at higher 
aging temperatures favors the grain boundary reaction. These conclu 
sions are based on the results of experiments carried out on fourteet 
selected steels by aging them at 1200, 1300, 1500, and 1600 °F for 10) 
hours. The results of the microstructural study on these specimens aré 
summarized in Fig. 14. These curves indicate the effect of aging tem 
perature in addition to the effects of carbon and nitrogen in controlling 
the types of precipitation reactions. 


Formation of Sigma Phase 
The increase in hardness with an accompanying decrease in mag 
netic response in the duplex steels (austenite plus ferrite) during aging 
Fig. 15, is due to the transformation of the delta ferrite to sigma phase 
Fig. 16a shows the partial transformation of ferrite to sigma around th 
clear large ferrite grains ; and Fig. 16b shows large particles of sigm 
(black) and the partially transformed delta particles (duplex stringers ) 
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SK 


Fig. 11—Microstructures of 19Cr-12Mn Steels—Effect of C and N. Heat treatment 
100 °F, water-quenched, plus 1400 °F for 1 hours. Etchant: 20% HCl in alcohol 
500. a. Steel W31 .32C-.14N. b. Steel W32 .3 35N. c. Steel W33 .13C-.45N. 


[he formation of large sigma particles has also been observed in 
vholly austenitic steels, usually associated with the lamellar nodules of 
the grain boundary reaction product, Fig. 12d. 
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Fig. 12—-Microstructures of 0.1C Steels—Effect of Nitrogen. Heat treatment 
water-quenched, plus 1400 °F for 100 hours. Etchant: 20% HCl in alcohol x 
a. Steel W42 12Mn-12Cr-.20N. b. Steel W30 11Mn-16Cr-.31N. c. Steel W33 12 
45N. d. Steel W48 13Mn-20Cr-.63N 


HARDNESS 


Solution-Treated Condition 


In general, the hardness of the ferrite-free austenitic steels in tl 
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Fig. 13—Microstructures of 0.3C Steels—Effect of Nitrogen. Heat treatment: 2100 °F, 
water-quenched, plus 1400 °F for 100 hours. Etchant: 20% HCl in alcohol x 500. a. Steel 
W46 12Mn-18Cr-.28N. b. Steel W50 12Mn-21Cr-.41N. c. Steel W35 13Mn-21Cr-.48N 
d. Steel W8a 29Mn-13Cr-.67N. 


solution-treated condition increases with increasing amounts of carbon 
and nitrogen and with lowering of the solution-treating temperatures. 
lhe compositions of the austenitic steels and the solution treatments 
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Fig. 14—Effect of Composition and Aging Temperature o1 
the Solution-Treated and Aged Microstructure 
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15—Sigma Hardening of Cr-Mn-C-N Steel (W4). Composition 
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18—-The Effect of Solution-Treating Temperature on the Contributing Factor 
Influence the Hardness of Steel W35. Composition: 0.29 ¢ 12.7 Mr 
Cr—0.48 N 


given to them could affect their hardnesses by changing the followin; 


items: 
(a) The amount of solutes in the austenite, 
(b) The amounts of residual carbides and nitrides, 
and 
(c) The grain size. 


Inasmuch as the amounts of the interstitial elements that could b 
dissolved by the solution treatments at definite temperatures are lin 
ited, Fig. 2, the hardness of the austenite due to solution hardening 
should also be limited. Beyond this limit, the hardness of the steels i 
attributable to the residual carbides and their effect in retarding grait 
growth. 

The effect of solution hardening is illustrated in Fig. 17, in whicl 
the microhardness of the austenite is plotted against a compositional 
variable (C + N), where carbon and nitrogen represent the amount 
(wt. %) of carbon and nitrogen in the austenite, respectively. Th 
linear relationship shown in Fig. 17 indicates that the effects of carbo 
and nitrogen in solution hardening of the austenite are about equal ; thi 
is expected, as both carbon and nitrogen are dissolved in the austenit 
interstitially, and their atomic radii are about the same (0.77 A f 
carbon and 0.70 A for nitrogen). The grain size of the five steels it 
cluded in Fig. 17 varies from ASTM No. | to 2. 
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he effect of solution-treating temperature is illustrated in Fig. 18. 
The measured Rockwell C macro-hardness of the steel (Line 1) is the 
sum of the three contributing components: hardness of the austenite 

Line a), amounts of residual carbides and/or nitride (Line b), and 


grain size (Line c). 

Empirically, the hardness of the austenitic Cr-Mn-C-N steels 
(0.1/0.8% carbon, 10/14% manganese, 12/28% chromium, 0.1/0.8% 
nitrogen), after being solution treated at 2100 °F appears to increase 
linearly with the compositional variable (1.5 C-+ N), Fig. 19, where 
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Effect of Composition on Hardness of Stable Austenitic Steels 
Heat treatment: 2100 °F, % hour, water-quenched. 


carbon and nitrogen are the weight % of carbon and nitrogen in the 
steel, respectively. The experimental data indicate that the amounts 
of chromium and manganese have either no effect or much smaller 
effect than those of carbon and nitrogen. 


Solution-Treated and Aged Condition 

Precipitation causes hardening of austenitic Cr-Mn-C-N steels (21). 
Inasmuch as composition controls the type and the amount of the pre- 
cipitates, the maximum hardness (H max.) which could be developed 
for fixed solution and subsequent aging treatments depends on the 
mposition of the steel. This relationship is shown in Fig. 20, in which 
iso-hardness contours for H max. are plotted as a function of the 
mounts of carbon and nitrogen. These are the maximum hardness 
alues of the experimental steels that had been solution-treated at 

2100 °F and subsequently aged at 1400 °F for 100 hours. 
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The effects of solution-treating temperature and of aging tempera 
ture on the response of the experimental steels to hardening are jj 
agreement with the familiar age-hardening phenomenon. 
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Fig. 20—Effect of Composition on the Maximum Hardness 
of Stable Austenitic Steels. Heat treatment: 2100 °I 


, water 
quenched, + 1400 °F, 100 hours cumulative! 


The hardening due to martensitic transformation and sigma phas¢ 
formation has been described in the previous sections. 


SUMMARY AND CONCLUSIONS 

The stable austenite region in the Cr-Mn-C-N steels containing 
0.10/0.80% carbon, 5/28% manganese, 12/28% chromium, and 
0.10/0.80% nirogen has been determined. 

At 2100 °F, the minimum amount of carbon plus nitrogen (C + N 
required for a completely austenitic structure (delta-ferrite free) in 
creases with increasing amount of chromium, and this relationship cat 
be represented by the following equation : 


C+ N =0.078 (Cr-12.5%) 


This equation is applicable for steels that contain from 5 to 14% man 
ganese ; no extensive work has been done on higher manganese steels 
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(he effect of solution-treating temperatures in the range 1900 to 
2300 °F on the amount of delta ferrite that forms has been discussed 

Whether the austenite that formed at the solution-treating tempera- 
ture can be retained at room temperature and whether it is stable after 
being subjected to aging treatments depend on the composition of the 
ustenite. When the chromium is over 15%, about 12% manganese is 
required to stabilize the austenite to avoid a martensite transformation. 
When the chromium is between 12 to 15%, the amount of manganese 
required to stabilize the austenite to avoid a martensite transformation 
varies from 12 to 18%. In addition to the effect of chromium, the 
variation in the amount of manganese that is required to stabilize the 
ustenite also depends upon the amount of (C + N) in the steel. That 
is, for lower chromium and (C + N) contents, higher manganese con 
tents are required for stabilization of the austenite. 

[he grain size is increased and the amounts of residual carbides and 
nitrides are decreased with increasing solution-treating temperature. 
[he minimum temperature for the complete solution of the residual 
irbides increases as the amounts of carbon and chromium increase. 
Nitrogen and manganese contents have little influence on the solution 
temperature. 

The solution hardening and the hardening due to different aging 
reactions have also been discussed. 

Two types of precipitation reactions, grain boundary reaction and 
general precipitation, were found in the experimental steels that had 
been solution-treated and subsequently aged. The grain boundary re 
iction product was found predominantly in high nitrogen steels, and 
this reaction was favored at higher aging temperatures; whereas the 
general precipitation product was found predominantly in low nitrogen, 
high carbon steels. Also, sigma phase formation during aging has been 
discussed. 

The results of this investigation are applicable (a) for designing 
ompositions of stable austenitic Cr-Mn-C-N steels and (hb) for under- 


standing the various elevated temperature solid state reactions that 
cur in these steels. Thus, as a result of understanding the factors that 
mtrol the different reactions, and, thereby, the structural characteris- 
tics of the steels, heat treatments can be developed that would result 
in optimum mechanical properties at both room and elevated tem 
peratures. 
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DISCUSSION 


Written Discussion: By H. E. McCune, Allegheny Ludlum Steel Corporation, 
earch and Development Laboratories, Brackenridge, Pa 
lhe work of the authors has appreciably increased the available knowledge of 
istenitic chromium manganese steels. Equation 1, C + N =0.078 (Cr-12.5) 
hich relates the temperature of formation of delta ferrite to the chemical com 
ition, is interesting in that it contains no factor for the effect of manganese 
rk which was done by Allegheny Ludlum Steel Corporation and the United 
States Steel * shows that the manganese content will effect the maximum amount 
f chromium which can be tolerated. Fig. 21 shows the amount of chromium neces 
to form delta ferrite over a range of manganese contents at a constant tem 
erature and a constant nitrogen content. From the graph it can be seen that 
the manganese content is increased the chromium content must be decreased 
irder to maintain a completely austenitic structure. There is also an indication 
it the negative slope of the plot increases as the nitrogen content is increased 
is believed that the relationship between the alloying elements could be more 
urately expressed by the following equatio1 
C +f: (N (K + fo(Mn)) (Cr-12.5) 
f fo 


K Constant at the minimum manganese content 


We have also found that the hardness of the stable alloys will increase during 
ging. It is of interest to note that in the accompanying table the hardness in 
ased from Rockwell C-25 to 29, but the strength was not increased. The yield 


ength decreased 13000 psi, the tensile strength remained essentially the same, 


| the elongation decreased 31%. Fig. 10 of the authors’ paper predicts that the 


D . “High Nitrogen Steels: New Stainle mily,” / 1. 137, November 





TRANSACTIONS OF THE ASM 


Mn Si 
14.80 


Yield 
Strength 
Treatment Hardness (0.2% Offset 
25 RC 86,8 PSI 
F, 1 hour 26 RC 82.260 PSI 
F, 4 hours 28 RC a PSI 
F, 8 hours 29 RC 73, ) PSI 


1400 °I 
1400 ° 
1400 ° 





GC % Mn % Si % Cr 


Se) (<) 





0.10 8.00-17.00 0.50 Max 14.00-20.0C 
Ata Constant Temperature 


Ni; >No>N3 








% Manganese 


Fig. 21—-Phase Relationship in Fe-Cr-Mn-N Systen 


reactions involved should be predominantly grain boundary reactions, and 
was found to be true. With a heavy grain boundary precipitate the de 
in elongation could be expected. 

Written Discussion: By F. K. Bloom, Research Metallurgist, Research Labora 
tories, Armco Steel Corporation, Baltimore. 

We have studied this paper with more than usual interest and would like 


congratulate the authors for their thorough study. The photomicrographs ac: 


panying this paper are of unusually fine quality, bespeaking most careful wor! 

The writer’s laboratory has been engaged for a number of years in the deve 
ment of alloys falling in this same composition range and, in general, wher 
parable data were obtained on the effects of composition on structur: 
agreement is excellent. 

It may be of interest to the readers of this paper to know that the austenit 
high-carbon, high-nitrogen, chromium-manganese alloys have been found t 
sess properties which make them particularly well suited for internal combusti 
engine exhaust valves. One such alloy, which has been described by P. A. Jennit 
in U.S. Patent 2,698,785 (January 4, 1955), was found to have a hot hardne 
at 1400°F of 185 Brinell as measured by the cold ball method. Alloys of tl 
type are characterized by excellent resistance to attack by the combustion produ 
of leaded fuels and by good resistance to stretch under high stress 

Similar alloys containing small amounts of nickel are being widely used t: 
in our modern high compression automobile engines. The typical analysis a 
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chanical properties after solution treating at 2150 °F and aging at 1400 °F are 


iven below 


Cr Ni N 
20.50 3.50 40 


Short-Time Tensile Properties at Room and Elevated Temperatures 
Room Tested at 900 °F 1400 °F 


timate Tensile Strength, psi 162.01 114,000 62,000 
% Yield Strength, psi 102.00 58,000 37,000 
— 


FE.ongation in 2", % 20.0 18.0 
Reduction of Area, % 21.0 25.0 
Brinell Hardness { 236 194 


Fig. 1 from Hsiao and Dulis suggests that this composition should be free from 
lelta ferrite when quenched from 2100 °F, and this is found to be the case. Their 
Fig. 5 suggests that the alloy might exhibit some austenite to martensite trans 

rmation. We have seen no evidence of this as the alloy is found to be stable 
ven after prolonged heating at 1400 °F. No doubt, this is the result of the pres- 

ce of 3.5% nickel, which depresses the M, temperature more markedly than 


inganese 


Authors’ Reply 

We were pleased to have Mr. McCune’s informative comments on the effect 

manganese content and on the tensile properties of a steel that formed grain 

undary reaction products during aging. We were well aware of the effect of 
nanganese on the phase boundary relationships in low carbon chromium- 
nanganese-nitrogen steels. Indeed, as early as 1936 Schmidt and Legat (Ref. 4) 
showed that as the manganese content increased the chromium content had to be 
lecreased to maintain a completely austenitic structure in a 0.1% carbon steel 
However, in this early work and in subsequent works, the reported effect of 
nanganese was practically negligible. For example, Franks, Binder, and Thomp- 
son (Ref. 16) reported that in a 0.10 to 0.12% carbon 0.08 to 0.15% nitrogen 
hromium-manganese steel containing no nickel, the chromium content had to 

lowered from about 15.2 to 14.8% when the manganese was increased from 

§ to 22%. Therefore, for the relatively high carbon plus nitrogen steels of the 
present study, the effect of manganese could reasonably be considered uegligible 
ind the relationship given in Equation 1 of the paper is correct for all practical 
purposes. 

The decrease in yield strength and elongation that was caused by the formation 
of grain boundary reaction products during aging at 1400°F (Table I of dis- 
cussion) is in agreement with our unpublished findings. However, it is important 
to point out that aging reactions per se do not necessarily cause a decrease in 
room-temperature tensile and yield strengths and ductility. When the composition 
and aging temperature are such that a general precipitation (rather than a grain 
boundary nucleated lamellar precipitate) occurs, an increase in strength with little 

icrifice in ductility is found. An example of this behavior follows on next page. 

We were pleased to learn of the agreement between our work and that of 
\rmco Steel Company’s Research Laboratory. Mr. Bloom’s comments on the 
ommercial application and the tensile properties of a chromium-manganese 

arbon-nitrogen steel that contains 3.5% nickel were of considerable interest. Be 
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Effect of Microstructure on Room Temperature Tensile Properties 


Steel Composition: 0.40 ( 12.5 Mn —18.4 Cr 39 N 


Hard Tensile Yield Strength, 
Heat Micr ness, Strength, 
Treatment structure Re ps 
°F, W.Q Austenite 27 141,700 
2100 °F W.Q ° Austenite + fine 145,300 
+ 1200 °F for general ppt 
24 hours 


2100 °F, W.Q Austenite 


4+. 1600 °F for. lamellar ppt 
24 hours 


cause of some of their unique properties, we believe that chromium-mangar 
carbon-nitrogen austenitic steels might find expanded applications in the futur 
In regard to the effect of 3.5% nickel in stabilizing the austenite of the 8.5 
manganese steel against a martensitic transformation, we are wholly in ag 
ment with Mr. Bloom. However, as can be noted from Fig 


increase of manganese should accomplish the same effect 


5 of the paper, a 3.5 





CARBIDE PRECIPITATION AND BRITTLENESS 
IN AUSTENITIC STAINLESS STEEL 


By A. Kramer AND W. M. BaALpwin, Jr. 


Abstract 


The tensile ductility of three 18-8 austenitic stainless 
steels—AISI Types 304 ELC (extra low carbon, 0.024% 
carbon), 304 (0.060% carbon), and 302 (0.09% carbon) 
in both the annealed and the sensitized condition (carbide- 
precipitated condition)—was determined as a function of 
testing temperature (—321 to +500°F) and strain rate 
(0.05 to 19,000 inch per inch per minute). 

The ductility of all three steels in the annealed condition 
dropped as the strain rate was increased, the drop being 
greatest at room temperature. The ductility showed a maxi- 
mum at about room temperature at low strain rates, but at 
high strain rates it increased steadily with temperature. 
Magnetic measurements of the martensite formed during 
deformation confirmed earlier results that the y—a trans- 
formation cannot account for all these behaviors. All these 
features were retained in the sensitized Type 304 ELC. 
Sensitization of Types 304 and, to a greater degree, 302 re- 
sulted in severe embrittlement in a critical range of low tem- 
peratures at low strain rates. Beyond this range, the ductil- 
ity behavior of sensitized and annealed material was almost 
identical. 

Thus, neither carbide precipitation nor the y—a trans- 
formation can explain the high speed embrittlement en- 
countered in austenitic stainless steels as a class. (ASM 
International Classification Q23p, N8&; SS-e) 


[INTRODUCTION 
|, pmenyaden stainless steels lose ductility when deformed at high 
strain rates. For a number of years this has been observed in 
the laboratory (1—5)' and in industry (6,7,8). In most attempts to 
rationalize this phenomenon, it has been assumed that strain rate em- 
hrittlement is related to the martensite transformation which occurs 


he figures appearing in parentheses pertain to the references appended to this paper 


s paper is based upon a portion of a research program conducted in the Department of 

llurgical Engineering, Case Institute of Technology, in cooperation with the Office of 

1 Research. The data were used as the basis of a thesis submitted by Mr. Kramer in partial 
fillment for the Degree of Master of Science 


\ paper presented before the Thirty-Ninth Annual Convention of the Society, 
held in Chicago, November 4-8, 1957. Of the authors, A. Kramer is research assist 
int and W. M. Baldwin, Jr. is research professor, Case Institute of Technology, 
Cleveland. Manuscript received May 15, 1957 
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during plastic deformation (9,10), but this has recently been . 
counted (11). 

A search of the literature disclosed that little was known about t 
effect of carbide precipitation upon the ductility of austenitic stainles 
steels, except that in some general way they were embrittled.? Udy’ 
results (12) indicate that the effects of sensitization upon the imy 
toughness of AISI Type 302 are much more critical at —300 °F than 
at room temperature. In order to determine whether carbide precipit 
tion is responsible for high speed embrittlement in stainless steels ar 
to characterize completely the relationship of ductility with strain 1 
and temperature of deformation, tensile tests of both annealed 
sensitized austenitic stainless steels of varying carbon content w 
conducted over a wide range of temperatures and strain rates. 


MATERIAL AND PROCEDURE 
Three commercial austenitic stainless steel grades differing in carbo: 
content—AISI Types 304 ELC (extra low carbon), 304, and 302 
were selected for this investigation. The compositions of these 18\ 
SNi grades are listed in Table I. 


Table I 
Composition of Steels Studied 


ca Si S P Mn 
0.024 0.49 0.018 0.024 1.33 
0.060 0.55 0.030 0.029 1.38 
0.09 0.69 0.010 0.040 0.88 


* Check analyses for Types 304 ELC, 304 and 302 were 0.022, 0.054, and 0.099, respective 


Tensile specimens, 1% inches long with a minimum diameter 
0.212 inch, were machined from 34-inch rod after annealing and after 
sensitizing. The annealing treatment consisted of heating to 1980 
for 5 hours and water quenching. The sensitizing treatment consiste 
of heating the annealed rod at 1200°F for 24 hours * and cooling 
air. The annealed material was single-phase, with Type 302 of a som 
what smaller grain size than the other two grades. Sensitizing result 


in a localized carbon precipitation at the grain boundaries and twin 
planes, with the amount of carbide precipitation increasing with carbo 
content. The microstructures of the sensitized Types 304 and 302 ar 
shown in Figs. la and Ib. 

Tensile tests were made at temperatures of —321, —200, 

2 The effect of carbide precipitation on intergranular failure under corrosive conditions i 
course, well known. We are concerned here with purely mechanical effects 

% Mahla and Nielsen (13) found that the size, shape, and distribution of the carbide 
tate changes progressively with time, and that the maximum rate of t 
1200 °F. Although no systematic study was conducted, preliminary 
indicated that the sensitizing time has a small but progressive effect 
and tensile ductility. For example, reduction-in-area values of Type 304 
annealed value of 82%, at room temperature and low strain rate, to 74% 
1200 °F for 168 hours. Effects of this order of magnitude were also noted 
temperatures of 1100 ° and 1300 °F 
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Fig. 1—Microstructures 
Stainless Steel. (a) Steel type 304; 


om temperature, 200, 350, and 500 °F, and at strain rates of 0.05, 
10, 100 and 19,000 inch per inch per minute. Each ductility value, e = 2 
ln d,/de, was obtained as an average of six measurements of the initial 
nd final diameter on an optical comparator at 20 magnifications. Mag- 
etic measurements were made at room temperature on broken tensile 
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specimens to detect the presence of any alpha-phase (martensite) w1 
had formed during the tensile test. Oscilloscope readings gave a qi 
tative measure of the amount of martensite present. The details of th 
tensile testing and martensite-measuring procedures have been de 
scribed in detail previously (11). 


RESULTS AND Discussion 
Annealed Stainless Steels 
The ductility of the three steels is plotted as a function of strain 1 
for various temperatures in Fig. 2. The ductility behavior of Types 304 
ELC, 304, and 302 in the annealed condition is the same, and n 


-321°F , -200°F , -SO°F 80 °F 200 °F 350 °F 
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Fig. 2—Ductility of Three Austenitic Stainless Steels as a Functior 
at Various Test Temperatures. (a) Steel 304 ELC (0.024% Carbon; | 
(0.060% Carbon); (c) Steel 302 (0.090% Carbon) 
be represented over the entire range of temperatures and strain rat 
by the three-dimensional graph of Fig. 3 (solid lines), using the dat 
points for Type 304. This plot reveals three major characteristics of 
the ductility behavior, which are in complete agreement with the pr 
viously reported (11) behavior of annealed austenitic Type 303 (sul! 
phurized 18 Cr-10 Ni, 0.045%C) and Type 310 (23 Cr-20 Ni 
0.044% C) : 
(a) The strain rate sensitivity is most pronounced at room ten 
perature, while it is relatively small at low temperaturé 
and disappears at 500 °F. 
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Annealed ---- Sensitized 


Functior 
304 Stain! 
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(b) At low strain rates the ductility shows a maximum at room 
temperature. 
\t high strain rates the ductility rises slowly, if irregularly, 
with temperature 
hus, for a fairly wide range of carbon contents (the carbon present 


solid solution) the annealed austenitic stainless steels behave as a 


The relative amounts of martensite present, as measure by oscil 


cope readings of broken test specimens, are plotted as a function 


strain rate for various tensile test temperatures in Fig. 4. Parallel 
tterns are obtained for annealed Types 304 ELC, 304, and 302, which 
e in close agreement with those reported for annealed Type 303 
'. The major characteristics of these patterns are: 
(a) No martensite is detected in tensile testing above room tem 
perature 
(b) Ata given temperature below room temperature, the amount 
of martensite drops with increasing strain rate.° 
(c) At a given strain rate the amount of martensite drops with 
increasing temperature. 


comparison of these curves with the ductility curves shows that the 


) martensite was detected on straining Type 310 a peratures as low as —321 °F 
A. W. McReynolds (14) is of the opinion that the decrease of martensite with increased 
uin rate results from the fact that the process is adiabat The rapid deformation heats t 
imen to a temperature above the Ma point (the tem ture above which no martensite 
ed) preventing further transformation. He further po.nts out that the heating would be 
ted to be localized at the slip bands where transfort n presumably occurs. The present 


Its do not contradict his p 


resump 


i 
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amount of martensite in annealed austenitic stainless steels cannot by 
correlated with the ductility. For example, in the range where 1 
tensite is found, a drop in temperature at a constant strain rate incr 
the amount of martensite and decreases the ductility; however, ar 
increase in strain rate at constant temperature lowers both ducti 
and the amount of martersite. These findings are in agreement 
those reported for Type 303 (11). 


Sensitized Stainless Steels 


The ductility behavior of sensitized Type 304 ELC is the sam 
that of the annealed material, Fig. 2a, indicating that the sensiti: 
| 


treatment did not embrittle this steel. The resistance of Type 304 | 
to sensitization is not surprising since the carbon content is so 


(0.022% carbon) that it precludes precipitation of significant amount 
of carbides. (Carbon is soluble to the extent of 0.02% at the sensiti 
ing temperature of 1200 °I’.) 

In contrast to Type 304 ELC, the ductility behavior of Types 
and 302 is affected by the sensitizing treatment, differing from 
nealed material in one major respect : 

Sensitizing results in severe embrittlement in the range of 
temperatures at low strain rates (see Fig. 2, and compare 
solid and dotted lines of Fig. 3). Beyond this range the effect 
sensitization is minor, the ductility of the sensitized materi 
paralleling that of the annealed material at a somewhat | 
level. 


The embrittlement of the higher carbon grade (Type 
pronounced than that of Type 304. 

An interesting feature of the ductility behavior of the sensitiz: 
Types 304 and 302 at low temperatures (—321 and —200 °F) is tl 
the ductility level at high strain rates is greater than that at low str 
rates. This ductility increase may be due to a rise in specimen temp« 
ature as a result of the greater heat of deformation at high testi: 
speeds.° 

Metallographicaiiy, sensitized specimens of Type 304 and 302 show 
definite intergranular breaks for all test temperatures below room tet 
perature at all strain rates, Fig. 5. Above this range, the mode of fra 
ture could not be determined with any definiteness. All of the annea 
steels and the sensitized Type 304 ELC appeared to fracture trai 
granularly under all test conditionis. 

A comparison of the ductility curves with the amount of martens 
formed during deformation reveals a number of interesting featur 
which serve as further evidence that the aniount of martensite for 
"6 The heat effect may explain the absence of strain rate embrit 


it liquid nitrogen temperatures, the embrittlement being masked by a ris 


ture 
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iring straining cannot be correlated with the ductility. For example, 
he amount of martensite in sensitized Type 304 ELC is somewhat 
ess than that in the annealed material under identical tensile test con 
itions, Fig. 4a, but their ductilities are at the same level, Fig. 2a 
Surprisingly enough, this is the reverse of the anticipated behavior. 
lhe sensitizing treatment is expected to result in a less stable austenite 
nd therefore more martensite during deformation, since carbon, a 


trong austenite stabilizing element, is precipitated from solution (as 
romium carbide ). 


Sensitized | 


Annealed 


| 
faa mm me mmm od 


Fig. 4 (a Effes f Strain Rat n the Magnetic 
Behavior (Measured f ree Austenitic Stain 
less Steels at Vario . | Temperatures 


artensite in the sensitized 
[ype 302 specimens broken at low strain rates in liquid nitrogen might 


Che formation of only a small amount of m 
1 


be expected from the little deformation that occurred before fracture 
Under the same test conditions the sensitized Type 304 displayed the 
same ductility but a higher martensite cor 


; 


tent which may be attributed 
martensite formation is enhanced at 
low carbon concentrations (15). However, it is noted that this latter 


lifference in behavior between 


) its lower carbon content since 


line of reasoning could not explain the 
innealed and sensitized Type 304 ELC 


Lastly, it should not be construed from the ductility behavior of 
sensitized stainless steels, Fig 


3 (dotted lines), that the ductility-test 
temperature data at a low strain rate follows a typical ductile-brittle 
transition curve. This is unlikely for a number of reasons. The austen 
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5—Intergranular Fracture of Carbide-Embrittled 

? Stainless Steel. (a) Steel type 304 tested at 8 

Steel type 302 tested at l 
1S/ 


in/in/min.; (b) 
in/in/min. Oxalic acid etch. x 1 


itic stainless steels are face-centered cubic, and single-phase metals 


this crystal system do not display a transition temperature,’ which is 


7 Single-phase, face-centered cubic alloys of copper-antimony (16,17) and antimony-b 
3 a form of low temperature brittleness which is of a differen 
In Cu-Sb alloys for exar 


70 brass (18) show ‘ 
than that exhibited by body-centered cubic iron, chromium, etc 
the drop in ductility with decreasing temperature is moderate; occurs 


ture range; and does not react to strain rate as does iron 
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haracteristic of many non face-centered cubic metals. It might be 
rgued that the sharp drop in ductility experienced by the sensitized 


stainless steels below room temperature is due to the formation of 
martensite (body-centered tetragonal) ; however, the amount of mar- 
tensite decreases as the test temperature is lowered, as shown in Fig. 4. 
[hese features, coupled with the fact that the apparent ductile-brittle 
urve does not shift to higher temperatures with increased strain rate, 
establishes conclusively that the embrittlement under consideration 
here is actually due to carbide precipitation. 


CONCLUSIONS 

The following conclusions are drawn from tensile tests of annealed 
ind sensitized austenitic stainless steels of varying carbon content 
Types 304 ELC (0.024% carbon), 304 (0.060% carbon), 302 (0.09% 
arbon )—tested over a wide range of temperatures and strain rates 

lor the annealed material, the present findings are in complete agree- 
ment with those previously reported (11) for annealed Types 303 
nd 310: 

1. At low strain rates, austenitic stainless steels exhibited a 
maximum in tensile ductility at room temperature as the test 
temperature was varied from —321 to 500 °F. 

At high strain rates, the steels gained steadily in ductility as 
the test temperature was increased. 

\t constant temperature, stainless steels lost ductility as the 
strain rate increased ; the greatest loss occurred at room tem 
perature. 

The amount of martensite formed during deformation cannot 
be correlated with the ductility 


or the sensitized material : 
The degree of sensitization was a function of the carbon level 
Type 304 ELC (0.024% carbon) was not embrittled, whereas 
Type 304 (0.060% carbon) was embrittled but to a lesser 
extent than Type 302 (0.090% carbon). 
Carbide embrittlement manifested itself primarily in the range 
of low temperatures at low strain rates. 
The carbide-embrittled specimens fractured inter-granularly 
Carbide embrittlement cannot account for the high speed em 
brittlement which is characteristic of austenitic 18—8 stainless 
steels as a class. 
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DISCUSSION 


Written Discussion: By H. F. Ebling, Metallurgical Research Departme 
\. O. Smith Corporation, Milwaukee. 

The authors have made a valuable contribution to the study of brittlen 
austenitic stainless steel. The fact that the loss of ductility at temperatures 


321 °F and low strain rates was not revealed by the sensitized type 304 | 


material was of interest. The reason for this probably stems from the definit 
of sensitize. I believe originally sensitize was used in reference to a structur 
condition which caused the material to be susceptible to intergranuiar corros 
This structural condition could be caused by heating the material over a rans 
temperatures and times. 

To prove the material was sensitized required a corrosion test such a 
nitric acid test or acidified copper sulphate test. With the regular types of 
rials, 0.06 to 0.10% carbon, apparently a standard sensitizing temperatut 
1200 °F was used with a soaking time of one or two hours. This treatment, as 
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know, always made the material susceptible to intergranular attack. However 
the introduction of the 0.03% max. carbon type 304 material, this sensitizing 
' 


le to intergranular attack 
Thus I would say that 1200 °F is not a sensitizing temperature for type 304 ELC 


erature does not make the material susceptil 


my opinion, without fact, that the embrittlement is a function of a grain 
dary precipitate but not as to the quantity of the precipitate but more in its 
listribution and character. 
If it is possible for continuing this investigation, I would suggest sensitizing 
ne tests at a lower temperature for longer time periods. For the type 304 and 
2 materials, a temperature of 900 °F for 100 to 500 hours, and type 304 ELC a 
mperature of 1000-1050°F for 350 to 1000 hours are known to be far more 
vastating as far as intergranular corrosion resistance than the 1200 °F treat 
nt. The embrittlement of the materials after these heat treatments may be like 
ise affected. 
Written Discussion: By R. D. Wylie, Chief Metallurgist, The Babcock & 
x Company, Barberton Works, Barberton, Ohio 
We have reviewed with interest the data presented by the authors. The subject 
f the effects of strain rate on the mechanical properties of austenitic steels has 
eived new emphasis recently because of the sharp temperature fluctuations which 
inticipated in operating nuclear power equipment. It is surprising to find that 
re is little published data on the effect of strain rate changes on the tensile 
yperties of these steels 
We, therefore, were somewhat disappointed that the authors in their paper 
id not report tensile strength and offset yield strength as a function of rate of 
rain. We wonder whether load deformation curves were obtained, and if so 


hether additional valuable information might be derived from these test results 


Authors’ Reply 
Mr. Ebling’s comments are well taken. We have no doubt that 304 ELC stain 
steel can be sensitized by proper heat treatment—or should we say improper 
ind that once sensitized it would be brittle at low temperatures and strain rates 


original purpose, of course, was to determine whether the precipitation of 


bides was the cause of high speed embrittlement in austenitic stainless steels 
to this end we chose such steels and heat treatments that would produce 
ipitation and, for comparisons sake, would not produce precipitation 

We are very sorry that we cannot supply the data requested by Mr. Wylie, but 

is information is very difficult to obtain at high strain rates and requires special 


uipment which we do not possess 





EFFECTS OF TEMPERATURE-TIME HISTORIES ON 
THE TENSILE PROPERTIES OF AIRFRAME 
STRUCTURAL ALUMINUM ALLOYS 


By R. E. Fortney anp C. H. Avery 


Abstract 


As a means of analyzing the effect of complex combina 
tions of temperature-time exposures on the strengths of 
structural airframes, generalized expressions have been de 
veloped for the tensile properties of 7075-T6 and 2024-T3 
alclad sheet. 

To obtain generalizations tensile tests were performed 
at room temperature, 200, 300 and 400 °F after single and 
sequential exposures sampling the temperature ranges of 
300-600 °F (2024-T3) and 250-500 °F (7075-T6) and th 
time range of 0.1-1000 hours. Normalization and general 
ization procedures were applied to the yield and ultimate 
tensile strength data, using semi-empirical parameters based 
on the rate-process theory. Statistical calculations wer: 
made to determine the degree of conformance of test data 
and generalized equations. 

The conclusion was reached that the yield and ultimate 
strength generalized equations are adequate for analyzing 


the effects of those service time-temperature exposure his 
tories within the range room temperature to 500°F and 
1.0 to 1000 hours on the room temperature to 400 °F ten 
sile strengths of subject airframe alloys. (ASM Interna 
tional Classification: Q27a, 2-11; Al, SGB-s) 


INTRODUCTION 

HE EXTENSION of airframe operating speeds into the aerod 

namic heating region presents an extensive and important ne¢ 
for information relating the effects of service temperature-time-stres 
histories to the mechanical properties of metallic materials. The reali 
tion of this need caused instigation of an investigation being conduct 
by Northrop Aircraft, Inc. under contract with Wright Air Develo 
ment Center (1)'. This paper represents certain phases of the 


1 The figures appearing in parentheses pertain to the references appended to ‘his 1 


\ paper presented before the Thirty-Ninth Annual Convention of the Societ 
held in Chicago, November 4-8, 1957. Of the authors, R. E. Fortney is Set 

Ingineer, Structures Research Section, Structures Dept., and C. H. Avery 
Senior Engineer, Metallurgical Section, Materials and Process Engineeri 
Northrop Aircraft, Inc., Hawthorne, California. Manuscript received April 

1957. 
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stigation and deals with the effect of temperature-time exposure 
stories on the yield and ultimate tensile strengths of 2024-T3 and 


7075-T6 alclad sheet for those exposure conditions considered most ap- 


plicable to airframe design. Generalized equations applicable to com- 
plex temperature-time conditions are developed from relationships 
btained under single and sequential exposure test conditions and con- 
lusions made regarding limits for prediction of tensile strengths under 
omplex temperature-time conditions. 


MATERIALS, METHODS AND DatTA 
Reference 1 presents full details of the material, equipment and 
procedures used to obtain the data for this investigation. However, a 
summarized presentation of the materials and methods is necessary to 
weigh the results obtained. 

Two full sheets each of 0.064 gage 2024-T3 and 7075-T6 alclad 
et were utilized. Each sheet was cut into panels, fourteen tensile 
specimens wide with the axis of each specimen transverse to the rolling 
lirection of the sheet. Twelve elevated temperature exposure speci 
ens were tested from each panel and the two center specimens were 
used to determine the original room temperature tensile properties of 
panel. By expressing all other tensile properties in terms of “per 

ent of room temperature properties” and by comparing the properties 
f those specimens of any one panel exposed to elevated temperatures 
with the room temperature specimens from the same panel, it was 
hoped to minimize the effect of inherent material variability on the 
tensile properties obtained. This was accomplished to the extent shown 


2024—T3 Alclad 7075—T6 Alclad 


Yield Ultir : Vield Ultimate 
Strength Strengtl Strength Strength 
psi) psi (psi) psi) 
al Expected Properties 45,000 65,000 67,000 76,000 
mum Expected Properties 40,000 62,000 62,000 72,000 
t Material Average Properties 44.300 68,000 67,100 78,200 
t Material Minimum Properties 42,700 66,600 64,300 75,700 
faximum Variation in Test 
Material Properties 2,900 ? 600 5,000 4,600 
Maximum Variation Between 
\djacent Panel Properties 1,300 1,300 2,200 1,700 


ibove. The variation in test material properties between the centers of 
djacent panels was roughly one-half the total test material variation 
since the distance between the room temperature specimens of adja 
ent panels is the same as the length of a single panel, the maximum 

riation between adjacent panels is the same as the maximum varia 

n within each panel. Also, as shown above, the test material has 
nsile properties close to those of typical material. Thus, the results 
{ this paper should represent those of typical 2024-T3 and 7075-T6 
ilclad sheet. 
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Conventional air furnaces were utilized for all elevated temperature 
exposure and tensile testing. Temperature control of the tensile s; 
mens was maintained to +5.5°F or less of temperatures listed for 
0.1 and 1.0 hour exposures and all tensile testing and to +8.0 °F o1 
less for longer exposures. The time interval of elevated temperat 
exposures was controlled to a maximum variation of 1 minute for 100 
and 1000 hour exposures and, by contact of the specimens with massi 
aluminum blocks, to a maximum variation of 20 seconds for 0.1, 1 a1 
10 hour exposures. Tensile testing equipment was of a conventiona 
type with hydraulic or mechanical load application, hydraul 
pneumatic load measurement and differential transformer follower 
electronic-mechanical recorder strain measurement. Load and strai: 
measuring systems were checked and standardized twice during the 
investigation. 

The testing sequence consisted of inserting a specimen in an ai 
furnace, soaking at the exposure temperature for the required time 
removing from exposure furnace and re-exposing in another furnace 
as many times as required (sequential exposure tests) or removing 
from the exposure furnace and inserting in the tensile test air furnace 
(end of single or sequential exposures), and finally tensile testing 
Although the exposure times could be closely controlled it was n 
possible to control the time at temperature during tensile testing. Since 
the rate of straining was maintained near 0.005 inch per inch pet 
minute throughout tensile testing, the time at temperature varied frot 
about 3 to 33 minutes, depending on the total elongation of the speci 
mens. 

To initiate testing a series of single exposure tests were perform 
which served as a base with which to compare subsequent sequential 
exposure tests. 


Single Exposure Conditions 
2024—T3 7075—T6 
Temp., °F Time, Hours Temp., °F Time, Hour 
300 1.0, 10, 100, 1000 250 100, 1000 
400 , 1.0, 10, 100, 1000 300 0.1, 1.0, 10, 100, 1006 
500 1.0, 10, 100, 1000 400 0.1, 1.0, 10, 100, 1001 
600 , 1.0, 10 500 0.1, 1.0, 10, 100, 1006 


Then a series of sequential exposure tests were performed. Thos 
tests were selected so that each exposure of a sequence equally sampl 
the inclined portion of the Larson-Miller type curves obtained fror 
the single exposure tests (Figs. 1, 2, 3 and 4). 

After each single or sequential exposure condition triplicate tensil 
specimens were tested at each of the temperatures: R.T., 200°! 
300 °F, 400 °F. The average tensile properties for each group of thre: 
specimens, expressed nondimensionally as “percent of room tempet 
ature properties” as explained previously, are used for all subsequent 





AIRFRAME ALUMINUM ALLOYS 


Sequential Exposure Condit 
ist Exposure 2nd Exposure 3rd Exposure 4th Exposure 
. Temp. °F Time, Hrs. Temp. °F Time, Hrs. Temp. °F Time, Hrs. Temp. °F Time, Hrs 
: 2024—T3 Alloy 


600 1.0 555 465 99.6 
555 1.0 510 ) 3 420 126.1 
510 1.0 465 2 : 375 164.0 
465 1.0 420 § 37 330 219.0 
7075 
500 1.0 460 ? 380 
460 ) 420 38 320 
420 1.0 380 : 34 300 
380 1.0 340 3 260 


ta generalization procedures. The test data for the tensile tests listed 
ibove are shown in reference 1. 


DATA GENERALIZATION 


] 


In the first attempt to generalize the test data of the seventy-two 


1 
le exposure test conditions for each of the materials, 2024-T3 and 


lO 
~ 
/ 


5-T6 alclad aluminum alloy sheet, the well-known Larson- Miller 


} 
6 = To, (20 + logo tnr) Equation 1 


2) parameter was utilized. This parameter has previously been ap 

plied to various creep and other phenomena. In this paper the pa- 
rameter is applied to the over-aging behavior and with certain modifi 
cations provides a means of predicting the tensile strengths of the 
bove materials at room temperature through 400°F after single 
exposures as severe as 1000 hours at 500°F or after an equivalent 
spectrum of exposures. 


Single Exposures 
After slight modifications of the above parameter to achieve a bette: 
verall agreement among the various exposures, the single exposure 
test data for the 2024-T3 alclad sheet was found to show the least 
scatter when utilizing the modified parameter 


6” = To, (20 + 1.3 logio tne) Equation 2 


vhile for 7075-T6 alclad sheet the best concurrence of time and temper 
ture was obtained with 


0 = To, (20 + 1.46 logio tnr) Equation 3 


\t first glance the parameters 2 and 3 may seem unduly different from 
similar parameters appearing in the literature which have modified 
he constant 20 of Equation 1. However, mathematically they can be 
shown to be equivalent. 

The results of the utilization of 6” and & are shown in Figs. 1, 2, 3 
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and 4. Statistical analyses have been made which show that over 95 
of the test data points fit the curves within 8% of the respective not 
dimensional tensile strength. By using these curves it is possible t 
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redict the tensile yield or ultimate strength of either material at R.T.., 
00, 300 and 400 °F after almost any normal, single, service exposure 
to which these materials will be subjected. This generalized data pre- 
entation materially assists analysis of temperature-time exposures 
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but the analysis of tensile test temperatures is very restricted. 
To remove this restriction the four curves in each of Figs. 1, 2 
and 4 were normalized with respect to the test temperature, i.e., mat! 
matically reduced to a single curve. To do this the nondimensi 
tensile strength was replaced by a ratio of the general form 
Nondimensional Strength at Test Temperature After Exposure 


Nondimensional Strength at Test Temperature, No Exposure 
Equati 


R = 


Further degrees of complexity were required of Equation 4 in s 
cases to empirically minimize the scatter of the test results. The spe 
ratios utilized in the normalized curves, Figs. 5, 6, 7 and 8, ar 
shown below : 

% R.T. Fey (T, 6”) 


% R.T. Fey (T)+[100 — % R.T. Fry (Tt) { —< | Equatior 


% R.T. Fea (T, 6”) 
% R.T. Fes (T)+[100 — % R.T. Feu (T)] | “eH ] Equation 


% R.T. Fey (T, @) 
—— _ — = #’ — 14,090 Equatio1 
% R.T. Fey (T)’+[100 — % R.T. Fry (T)’] [ = ] wea 


R= o RT. Feo (T, 0’) Equatior 


Jo R.T. Frsy(T) 


where 
R.T. Fry (T, 6”) = Nondimensional yield strength at 


temperature T after exposure 0”, 

% R.T. Fry (T) = Nondimensional yield strength at 
temperature T, no prior exposure, 

R.T. Fra (T, 6”) = Nondimensional ultimate strength 
temperature T after exposure 6”, 

J R.T. Fea (T) = Nondimensional ultimate strenet! 
temperature T, no prior exposure, 

R.T. Fry (T, &) = Nondimensional yield strength at 
temperature T after exposure @, 

% R.T. Fey (T)’ = Nondimensional yield strength at test 
temperature T after 0.1 hr., 300 °F exposurt 


R.T. Fra (T, &) = Nondimensional ultimate strength at test 
temperature T after exposure @. 
Statistical analyses have been made of the normalized data points 
Figs. 5, 6, 7 and 8 and again it was shown that over 95% of the dat 
points fit the curves within 8% of the respective nondimensio1 
strength. Using these curves it is possible to predict the yield or ult 
mate tensile strength of either material at any temperature betwee 
room and 400 °F after almost any normal, single, service exposure t 
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Fig. 6—Tensile Ultimate Strength Ratio, Re, for 2024-T3 Alclad Sheet versu 
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vhich subjected. Thus these normalization procedures have increased 
the usefulness of the data in that it is no longer necessary to approxi 
mate by interpolation test temperatures other than room, 200, 300 
nd 400 °F. However, use of the data is still restricted to single ex 


sure environments. 
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Unfortunately service environments are seldom one of a sil 


2 


exposure, but usually one of a spectrum of exposure temperatures at 


times. 
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Sequential Exposures 
(hus, the next very logical step is to determine an analytical method 
calculate an effective #” or @ for a spectrum exposure consisting of 
umerous single exposures. The method determined and utilized re 
uires only simple calculations to determine the equivalent or effective 
‘or 6,’ for any sequence of exposures. The procedure for the cal- 
ulation of 6,’, for example, of any sequence of exposures at temper- 
tures T;, Tz... T, for times ty, te, .. . t, respectively, is outlined as 
NlIOWS: 
1. Choose a reference temperature T, 
2. Calculate 6’, 62’, . . . 6,’ for each individual exposure of the 
sequence. 6;’ = Tiop (20 + 1.46 logio ti,,) 
Determine tr), tro .... tr, the times at the reference tem- 
perature, T,, which would give 6,’, 62’, . . . . 61’ respectively. 
The general formula for t, in the determination of 6,’ is 


6,’°/Tr —20 : ‘ 
tr) = anti logio v’ Equation 9 


Likewise, the general formula for t,; in the determination of 
fe 2 


A. 18 


0," /T1 ‘ : 
tr, = anti logy [ : Equation 10 


Now that each individual exposure is represented by times at 
a reference or “common denominator” temperature, T,, these 
times may be added to obtain the total effective time at T, since 
tr = Otr,- 

Utilizing T, and t, the reference temperature and total effec- 
tive time of the sequence respectively the exposure parameter, 
6,’, for the sequence can be calculated as 


6° =Tr,, (20+ 1.46 logi tr, ) 


The same value of 6,’ will be obtained regardless of the chosen 
reference temperature. 


With the derivation of the analytical method above it is now possible 
to compare and determine whether the sequential exposure data is in 
igreement with that of the single exposure tests. The curves of Figs. 5, 
, 7 and 8 all approximate a horizontal portion followed by a steep 
negative slope and then another horizontal portion. Although the 2024 
uloy curves have humps due to the strengthening occurring during 
rtificial aging of the —T3 (naturally aged) temper of this alloy, the 
nerease in strength cannot be generally utilized in structural analyses 
because maximum loads must be supported before the strengthening 


f 
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Fig. 10—Comparison of Sequential Exposure Data 
with Single Exposure Curves for 7075-T6 Alclad 
Sheet 


has occurred. No valid check of the above calculation procedure can 
accomplished completely within the horizontal portions of the curv: 
Therefore, all sequential exposures were planned to provide @ and 4 
values along the steep negative slope portion of the curves. To keey 
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times from becoming excessive or the temperature difference from 
ming too small, each sequence was made to consist of four single 
posures. Four sequential exposures were used to check each prop- 
, yield and ultimate strengths, of each alloy, 2024 and 7075. The 
ndimensional strengths of these sequential exposures are tabulated 
lables I and II along with R values and derived nondimensional 
ngths for the same @”, 0’ values but taken from the curves of Figures 
5, 6, 7 and 8. A comparison of the sequential data with the derived 
ngle exposure curve nondimensional strengths in Tables I and II in- 
licates close agreement. This is further verified by plotting the sequen- 
tial data nondimensional strengths versus the derived single exposure 
ndimensional strengths as in Figs. 9 and 10. A statistical analysis 
indicates that over 95% of the sequential exposure data are within 
of the nondimensional strengths of the single exposure curves. 
\t the same time the greatest errors will cause conservative structural 
lyses. Thus the sequential exposure tensile ultimate strengths are 
redicted accurately and with no significant difference in divergence 
m that of the single exposure strengths. Whereas, the sequential ex 
posure tensile yield strengths are predicted conservatively and with no 
significant difference in divergence from that of the single exposure 
strengths. 


iis 


From the above it can now be concluded that four-step sequential 


xposures can be safely predicted. But how about more complex ex- 
osures ? 


CONCLUSIONS 


Based upon the facts that the divergences are not significantly differ 
nt between the single exposure and the four-step sequential data and 
hat the means are not significantly different for the tensile ultimate 
strengths and significantly but conservatively different for the tensile 


ld strengths, it may be concluded that the data generalizations pre- 
nted in this paper can be safely utilized for determining tensile 
rengths of 2024-T3 and 7075-T6 alclad sheet at temperatures from 

m through 400 °F after complex sequences of exposure in the range 

m temperature through 500 °F for times of 1.0 through 1000 hours, 
, after complex exposures in the estimated usage range of times and 

peratures indicated for airframes. 
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DISCUSSION 
Written Discussion: By Wayne A. Reinsch, senior research engineer, Nort! 
American Aviation, Inc., Los Angeles Division, Los Angeles, California 
The authors are to be congratulated for their contribution in an area whicl 


use by thorough analysis and interpretation. 

The selections of alloys, temperatures, and times for this study were well mad 
since they are applicable to airframes designed for speeds below Mach 3. At 
sustained speeds below Mach 3, aerodynamic heating will produce skin temper 
atures in the range selected, and 2024 and 7075 alloys will generally provide useful 
properties. 

[he analytical method of estimation described by the authors is obviously su 
perior to some other methods previously used. One such method is to simplify 
the temperature-time functions to a single exposure of maximum severity, ar 
base estimated material property reductions on it. A second is to use the summati 
of property losses for several exposures, all based on original properties. A third 
is the actual testing of strategically located coupons after certain periods 
airplane operation, and extrapolating the data for longer times 

The accurate use of the data presented depends upon our ability to estimate th 
time-temperature cycles applicable to specific airplanes and missiles. We as! 
ourselves, “what is a typical mission or flight during the life of a vehicle?” I find 
such an estimate difficult to make with a high degree of confidence because most 
designs will be used under a wide spectrum of operational conditions. In t 
light, we consider that the degree of accuracy reported by the authors to be quite 
acceptable. 

The conclusions state that sequential exposures in excess of four can be esti 
mated safely. It is expected that most analyses of this type would be limited t 
three or four exposures. 

The subject of this paper is considered both timely and valuable. It is pr 
sumed that similar analyses could be applied to the thermal resistant material 
such as titanium or ferrous alloys which are of particular interest for future air 
frames. 

Written Discussion: By Robert G. Hocker, Metallurgist, Douglas Aircraf 
Company, Inc., Santa Monica, California. 

The information contained in this paper is particularly useful to the airc: 
industry for analyzing the effects of service time-temperature exposure histo! 
on the room temperature to 400°F tensile strengths of 7075-T6 and 2024 
alclad sheet. 


It is important to note that the test specimens and control specimens were wé 


selected to minimize the effect of inherent material variability, and that t 
temperature-time control was well regulated throughout the investigation 
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tilizing limited available data, it was found that several short time exposure, 
ym temperature tensile test points checked with the temperature-time parametet 


rves presented in this paper within 3%, or less than 2000 psi difference. How 


r, a question arises concerning whether or not random sequential exposure 

nditions (instead of decreasing temperature increments and increasing time 

posures used in this paper) would change the shape of the curve. Could it be 

ssible that by starting with low temperatures there might result more accumu 
lative damage than when starting with high temperatures 

Written Discussion: By J]. R. Kattus, Head, Metallurgy, Southern Research 

stitute, Birmingham, Alabama 

There is very little that I can contribute in discussing this paper because the 

ors have so thoroughly accomplished what they set out to do, i.e., to develop 
method for predicting tensile properties of 7075-T6 and 2024-T3 aluminum alloys 
fter various exposures at elevated temperatur‘¢ 

| would, however, like to ask three questions that occurred to me as I read 

paper 

1. What were the heat-up and the cool-down times for the various ex 
posures at elevated temperatures? Do you feel that these are important 
factors for those who may want to use your techniques for other alloys 
2. In your sequential exposures, you started with the highest temperatur« 
and the shortest time, and you then progressed to lower temperatures and 
longer times. Your determinations of # and 6” are independent of this type 
of progression. Have you ever varied the time-temperature progression for 
sequential exposures to determine whether the progressive order of tem 
perature levels and time levels has any effect on the resulting properties? 
3. In order to establish, for other alloys over a comparable temperature 
range, general curves of the type shown in Figs. 5, 6, 7, and 8, do you feel 
that the amount of testing and checking should be about the same as you 
did for the 2024-T3 and 7075-T6 alloys, or do you feel that less effort would 
be necessary ? 
Authors’ Reply 
We are gratified by the favorable discussions presented and pleased to see the 
lose agreement of data checked by Hocker with the data presented in this paper 
[he question concerning random sequential exposure conditions is well taken 
We have not verified experimentally that a random sequence of exposures will 
or will not cause a change in shape of the curves presented. However, intuitively 
ve believe there will be no change in the curves since only a single metallurgical 
henomenon, i.¢., overaging or coalescence of the precipitated particles of the 
ardening phase, is operative to cause a softening and rapid decrease in tensile 
trengths. Then it seems logical that only one rate of softening would occur for 
undom sequences 

Che heat-up and cool-down times during exposure as requested by Kattus were 
10-20 seconds for 0.1, 1.0 and 10 hour exposures, and 30-60 seconds for the 100 

1 1000 hour exposures as determined by actual temperature measurement 
Heat-up and cool-down times are important if they become an appreciable part 
{f the exposure time. 

\s to the amount of testing required to establish general curves of the type 
hown in this paper, but for other alloys, we believe that approximately the same 
mount of testing will be necessary with perhaps some reduction in the number of 
ests where approximate single exposure data already exist. 





APPARATUS FOR DETERMINING THE HARDNESS 
OF METALS AT TEMPERATURES UP TO 3000 'F 


Elevated Temperature Hardness of Iron, Molybdenum, 
Tungsten and S-816 


By M. SEMCHYSHEN AND C. S. ToRGERSON 


Abstract 

An apparatus for determining the hardness of metals 
from room temperature to 3000°F is described. Thi 
principles of the pyramid penetration method of hardness 
testing have been embodied in the apparatus by the use of 
synthetic sapphire for the penetrator. The hardness dete 
minations are carried out in a purified argon atmosphere 
which protects the test specimen and heating element from 
oxidation. 

The hardnesses of pure iron and of the S-816 alloy ar 
reported from room temperature to 2300 °F. The sensitiv 
ity of the apparatus is demonstrated by the hardness values 
obtained for pure tron at the temperature of the a to y trans 
formations. Hardness values for molybdenum and tungsten 
are reported up to 3000 °F. (ASM International Classifica 
tion Q29p, 1-3, 1-4; Fe-a, Mo, W, SS) 


INTRODUCTION 
HERE ARE numerous tests for evaluating the mechanical p1 
erties of materials at elevated temperatures. For the most part 
the preparation of test specimens and the actual testing are time cot 
suming. For the purpose of preliminary evaluation of strength of metal 
and alloys, a rapid, inexpensive test is desirable. A hardness test ha 
been developed and used at the Research Laboratory of Climax Molyb 
denum Company for evaluation of molybdenum-base alloys at tempet 
atures up to 3000 °F. Although it cannot be correlated directly wit! 
the long-time properties measured by creep tests, elevated-temperatur 
hardness certainly gives an indication of potential high temperatur: 
strength and is useful for a preliminary classification of metals a1 
alloys. 
Several years ago, in research and development work at the sai 
laboratory, a hot hardness test was devised for preliminary selectior 
A paper presented before the Thirty-Ninth Annual Convention of the Societ 
held in Chicago, November 4-8, 1957. The authors, M. Semchyshen and ( 


Torgerson are associated with the Climax Molybdenum Company of Michigai 
Detroit. Manuscript received September 26, 1950. 
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‘high strength alloys for gas turbine blades operating at tempera- 
tures up to 1600°F. A paper by Bens (1)? describes the apparatus 
used for making the tests. In order to evaluate metals in general and 
molybdenum-base alloys in particular, at temperatures above 1600 °F, 


new hot hardness apparatus was designed. 


DESIGN OF APPARATUS 

The hardness tester for use at temperatures up to 3000 °F differs 
from that described by Bens in that it employs an indenter more re- 
sistant to oxidation, a heating element capable of operating at high 
temperatures, and an atmosphere of argon rather than vacuum. Fig. 1 
is a diagram of the new apparatus. 

The standard diamond penetrator was rejected because of suscepti- 
bility to oxidation and the possibility of forming carbides and welding 
to the specimen. The use of synthetic sapphire, Al03, as the penetrator 
) alleviates these difficulties, and although sapphire (9 Mohs) is softer 
than diamond (10 Mohs), the hardness of the metallic specimens at 
ny given temperature is so much less than that of sapphire at the same 
temperature that sapphire does not deform. Furthermore, the orienta- 

on of the sapphire as it is mounted in the molybdenum indenter shaft 
7 is such that under load the maximum resistance to glide and fracture 
is attained. The sapphire rods used as the penetrators are 1% inch in 
liameter and about 1 inch long. They are mounted at the end of a 
iolybdenum rod 7, and although a purely mechanical mounting is 
fairly successful, a small amount of platinum as binder aids greatly in 
holding the sapphire in place at the elevated temperatures. The working 
end of the sapphire rod is ground to the standard Vickers shape, that 
is, to a square-base pyramid having an angle of 136 degrees between 
opposite faces. The molybdenum indenter shaft 7 is screwed into the 
steel rod 5 which extends out of the furnace through a gas-tight, water- 
ioled bearing 3, and then through the soft rubber bellows 2. The load 
n the penetrator is applied by dead weight 1. 

The specimens and penetrator are enclosed in a molybdenum-wound 
furnace 8 inside a water-cooled steel case 13, which is evacuated to 
ibout 54 mercury and then filled with purified argon 4 to a pressure of 
| inch mercury above atmospheric pressure. The molybdenum heating 
element is wound on an alumina liner. Further insulation is provided 

radiation shields. The furnace case 13 is water-cooled. The power 
upplied to the turnace is 220 volts AC through a Variac transformer. 
(he argon is purified prior to and during the test by circulation 
hrough titanium chips at 1600°F. Temperature of the specimen is 
measured by a Pt-Pt/Rh thermocouple 12 which is in contact with the 
base of the specimen. 

Just before a hardness determination is made, the pressure of the 


s appearing in parentheses pertain to the references appended to this paper. 
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Fig. 1—Hot Hardness Tester For Tests To 3000 °F 
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Hardness Samples In Holder, * 1% 


system is reduced to atmospheric pressure 22, and the loaded pene 
trator, which at the start is about 14 inch above the specimen 10, 1s 


gently lowered onto the specimen without impact. In the hardness 
1e indenter, 5 kilograms, was 


1 
} 


data reported here, the total load on t 
pplied for ten seconds. Since the specimen and the penetrator are at 
the same temperature when the impression is made, there is no cooling 
of the specimen by the indenter. After the impression is made, the pres 
sure of the system is again increased to 1 inch of mercury. 

The specimen may be fastened to the stage by a molybdenum bolt 
Bolting is not necessary, however, if the specimens are flat, in which 


ase a pin through the specimen and stage suffices to hold the specimen 
in place and allows it to rotate with the stage. The axis of the indente1 
is displaced about 1% inch from the axis of the specimen holder assem 
bly. The stage is rotated and a series of impressions is made % inch 
from the center of the specimen. The angle of rotation is 9 degrees be 
tween each impression ; thus about 40 determinations may be accomo- 
lated on a single specimen. The rotation of the specimen and stage is 
iccomplished without contamination of the atmosphere in the following 
manner. 

The molybdenum stage 11 is attached to the stage holder 15, which 
rests upon steel balls 18. The stage holder 15 has an internal gear 17 
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soldered to its bottom, which engages the spur gear 16. The spur gear 
16 is rotated by the stage rotation knob 20. The stage housing 23 
not rotate during the run and is held in place by clamps 19. 

The preferred specimen size is 4g to 3 inch thick by 1% to 2 incl 
in diameter. Smaller specimens may be inserted in an adapter, as shoy 
in Fig. 2. The impressions made at intervals of 200 °F on heating 
and cooling from 3000 °F are also shown in the photograph. 


does 
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Hardness of Some Metals and Alloys at 17 
to 3000 °F 


The new apparatus was checked against the standard Vickers hard 
ness machine at room temperature over the hardness range 20 VP? 
to 600 VPN, and the agreement was entirely satisfactory. Hardnes 
values obtained in the apparatus described by Bens and those obtain: 
in the new apparatus were compared in the range of room temperatur 
to 1600°F. Values obtained at a given temperature with the ty 
machines varied insignificantly. 


EXPERIMENTAL DATA AND DISCUSSION 


Hardness values typical of those obtained by using the new h 
hardness apparatus are presented in Fig. 3 as plots of hardness vers 
temperature. The specimens used for obtaining the data are descrily 
in Table I. 

The hardness data presented for iron illustrate the sensitivity of tl 
apparatus. The transformation from body-centered cubic to face 
centered cubic structure for pure iron is reported at 1670°F. The 
abrupt increase in hardness shown on the curve at 1665 °F for iror 
which contained 0.003% carbon, is in excellent agreement with the 
transformation temperature reported for this carbon content (2). 
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Table I 
Specimens Used for Hot Hardness Tests 


Material Source Structural Condition 
vacuum melted, 0.003% ¢ annealed 


5-816 114 in. dia bar stock furnace cooled from 2200°F 

Tungsten lgx\4 in. bar stock prepared by powder annealed 1 hr at 3000°F 
metallurgy techniques 

lybdenum vacuum arc-cast, 0.025% C as cast 
vacuum arc-cast, rolled to 44x\4 in. bar strain hardened (as rolled 
0.025% C 

Mo-0.50% Ti vacuum arc-cast, rolled to 4x}4 in t strain hardened (as rolled) 

0.021% C, 0.46% Ti 


Mt 


The usefulness of the hot hardness tester in qualitative evaluation of 
materials according to strength at elevated temperatures is demon 
strated in Fig. 3. Of the materials represented, iron is obviously the 
least attractive base metal for very high temperature applications. The 
hardness versus temperature plot for S-816, which was chosen as an 
example of the “superalloys,” indicates that S-816 would have reason 
able load-carrying ability at temperatures up to 1600 °F, as indeed it 
does. As the service temperature is increased above 1600 °F, however, 
cobalt-base alloys rapidly decrease in hardness and strength. 

On the basis of the curve in Fig. 3, arc-melted unalloyed molyb 
denum in its softest conditions, that is, as-cast or fully recrystallized, 
would be expected to be stronger than the cobalt-base alloys at temper 
itures above 1800 °F. Further increase in hardness, and accordingly 
in strength, can be achieved by strain hardening and can be retained 
on heating to temperatures up to that at which recrystallization occurs. 
Che hot hardness curves indicate that strain hardened molybdenum 
decreases in hardness at temperatures above 1800°F more rapidly 
than molybdenum as cast—a reflection of the occurrence of recrystal 
lization during hardness testing. The strain hardened 0.46% titanium 
alloy possesses greater hardness at temperatures up to about 2400 °F 


than any of the other materials tested; its superior stress-rupture 
strength at temperatures up to 2000 °F is recorded in Table Li. Since, 


for all practical purposes, recrystallization is complete for both un 
alloyed molybdenum and the 0.50% titanium alloy at 2400°F, no 


Table Il 
Hardness and Stress-Rupture Strength of Strain Hardened 
Unalloyed Molybdenum and Mo-0.5% Ti Alloy 


Unalloyed Molybdenum Mo-0.5% Ti Alloy 
Stress to Produce Stress to Produce 
Testing Hardness Rupture in 100 Hr Hardness Rupture in 100 Hr 
Temp, °F VPN psi VPN psi 
1600 112 31,000 156 68,000 
1800 100 22,000 137 53,000 
2000 80 13,000 118 34,000 


The curve for tungsten shows the potential merit of this metal as an alloy base for high strength 
iterials to serve at temperatures above 1600°F 
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significant benefit is gained by strain hardening either unalloyed mol 
denum or the 0.5% titanium alloy, although alloying produces minor 
solid solution hardening. 
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DISCUSSION 

Written Discussion: By T. K. Redden, Metallurgical Engineering, Appli 
Research Operation, Genera! Electric Co., Aircraft Gas Turbine, Development 
Dept., Cincinnati. 

The authors of this paper are to be congratulated for their design and descrij 
tion of a useful tool for probing the rather unknown field of test temperatur 
above 1600-1800 °F. In this era of missiles and rockets, knowledge of metal b 
havior at very high temperatures is of paramount interest. 

Have the authors attempted any quantitative correlation between tensile 
creep rupture properties and hardness? It would be of value to be able to extra 
polate these parameters to higher temperatures based on hardness values. A: 
mittedly, such a procedure would only give an approximation, but with the presen 
lack of test apparatus at very high temperature an approximation would be we 
come knowledge. 

Could the authors comment on the reproducibility of the hardness data fo 
given material and temperature? Were the data of Fig. 3 obtained from one rea 
ing at each temperature or are they an average of several readings 


Authors’ Reply 

In making a hardness determination from room temperature to 3000 °F, 
generally make two to three impressions per temperature. In the hardness rang 
of 400 DPH and below the maximum variation in the size of the impressiot 
made at a given temperature correspond to 5 DPH variation in hardness numbe 
In hardness versus temperature plots, such as presented in Fig. 3, the averag 
value of hardness obtained from two or three impressions per temperatur« 
used. As to reproducibility of the hardness determinations, we find that for sever 
tests on the same specimen at any given temperature the maximum variati 
from an average value of hardness is +5 DPH. We have noted in the determi: 
tion of hardness of reactive metals, such as titanium and zirconium and _ the 
alloys, that greater variations can be obtained than those listed above. 1 
greater variation in hardness is attributable to changes in the compocition of t! 
specimen surface due to reaction of the surface with the ambient atmospher 
during the test. The change of composition of the surface is readily detected | 
comparing the room temperature hardness prior to the hot hardness test wit! 
hardness obtained after the test. If these hardness values are different, a samy 
is cut to expose the cross section and a hardness determination is made at ro 
temperature at the mid thickness position. If the mid thickness hardness is t 
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1e as that prior to the hot hardness test, but th are ditterent than the hard 

s after the hot hardness test, the change is obviously attributable to changes 

the composition of the surface, and not to phase transformations in the test 
le. To eliminate changes in surface composition of the test specimen, great 


re must be taken to remove impurities from the ambient atmosphere in the test 


hamber. 
[he correlation of hardness with other 
perature has been made, and the relationship yields useful qualitative results 
ne such example is presented in Table II of the paper which correlates hardness 
th creep-rupture tests. We also have found that for molybdenum-base alloys a 


mechanical properties at a given 


ualitative value for the tensile strength at any given temperature can be ob 
ined by multiplying by 400 the DPH hardness at that temperature. 


[he hot hardness data has been used as a first approximation of the limitations 
It has been 


present day hot working capacity for molybdenum-base alloys 
und that alloys not exceeding a hardness of 45 DPH at 2600°F can be com 
nercially extruded at 2600 °F. Alloys not exceeding a hardness of 55 DPH can 
Alloys have already been produced in the 


commercially extruded at 2300 °F. 
those which can be successfully ex 


st state which exhibit hardnesses above 


t 


ruded. Extrapolating the hardness versus rupture strength relationship (Table 


highly alloyed systems indicates 
at 100,000 psi stress-rupture strength for 100 hour life at 2000 °F is not at all 
fantastic. Thus, the development of higher strength wrought molybdenum-base 


ulloys is dependent upon further developments in the ability to work higher hard 


to the known hardness range of the more 


ss materials. 





THE MECHANICAL PROPERTIES OF FORGED 
CHROMIUM 


By S. A. SPACHNER AND W. RostTOKER 


Abstract 

Procedures for melting, forging and machining chro 
mium are described. The torsional mechanical properties of 
an electrolytic grade of chromium in the forged state have 
been studied in the testing range RT-1000°C and 0.01 
1 in./in./min. The transition temperature of chromium has 
been related to the amount and temperature of prestrain. 
Indications are cited that refinement of the recrystallized 
grain size can depress the transition temperature. (ASM 
International Classification Q23r, Qla; Cr, 4-1) 


N RECENT YEARS there has been considerable interest in the 

development of wrought chromium as an engineering material, 
particularly for service applications at elevated temperatures. Sma 
ingots have been hot-worked to wire (1)! and sheet (2). Under favor 
able conditions there is no doubt that chromium is ductile at elevat 
temperatures. The problem precluding immediate exploration of its 
usefulness is the lack of room temperature ductility because, as witl 
other body-centered cubic metals, chromium shows a transition fro 
ductile to brittle behavior on cooling. In the particular case of chro 
mium, low in metallics, nitrogen and carbon, the transition occu 
sharply at about 50 °C. The embrittlement is so complete for chromiun 
below its transition temperature that it shows no ability to tolerat 
plastic deformation. 

Most of the research to date has been devoted to the influence 
contaminants on the transition temperature. Nitrogen and carbor 
primarily the former, have a profound effect in raising the transitiot 
temperature (3). Of the metallic additions studied so far, many als 
seem to raise the transition temperature (4). Oxygen, on the other 
hand, appears to have no effect even in amounts greatly in excess ol 
the solubility limit (5). 

Apart from purification there are other recognized means for di 


‘ The figures appearing in parentheses pertain to the references appended to this pay 

Work performed under Contract No. AF33(616)-2978 to the Wright Air Development ( 
of the United States Air Force. 

A paper presented before the Thirty-Ninth Annual Convention of the Societ 
held in Chicago, November 4-8, 1957. The authors, S. A. Spachner and V 
Rostoker, are associated with the Metals Research Department, Armour Reseat 
Foundation of Illinois Institute of Technology, Chicago. Manuscript receiv 
March 28, 1957. 
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Table I 
Typical Analyses of Three Grades of Chromium 


Commercial Grade 


Laboratory Grade 
Electrolytic 


Electrolytic 
0.56% 


High Purity 
Hydrogen Annealed 

0.55% 0.015% 

0.03 0.01 0.01 

0.02 


0.01 0.01 
0.17 0.007 


@e 


m Showing Oxide In 


essing a transition temperature. These include rheotropic recovery, 
grain size reduction and appropriate all 
amounts. 


oy additions, usually in small 

While an ultimate level of purification may provide an academic 
solution to the problem of producing room temperature ductile chro- 
mium, a pragmatic solution will probably have to be worked out in 
erms of available purities. The electrolytic refining process is capable 
f producing chromium metal very low in metallics, but somewhat 
higher in nitrogen than might be desirable. The chief impurity is oxygen 
f the order of 0.5%, present largely as oxides. Chromium melted from 
lectrolytic charging stock is populated with oxide inclusions as shown 
in Fig. 1. The work presently reported has undertaken to evaluate the 
asic mechanical properties of forged chromium using available high 
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purity grades of metal. The results are sufficiently encouraging 
indicate that a room temperature ductile chromium can be realiz: 
without resort to ultra-purification processes. 


MATERIALS 

The main body of this work was performed using a doubly el 
trolytically refined (laboratory grade) chromium supplied in flal 
form. As-received, the metal contains large amounts of hydrogen whic! 
must be removed by vacuum annealing at 600°C (1110°F) and 1, 
micron pressure to permit easier arc melting. For comparison, som¢ 
limited work was done on a poorer grade of electrolytic chromium and 
on a special high purity metal low in oxygen, by virtue of a difficult 
high temperature hydrogen annealing treatment. These materials wer: 
all procured from the Electro Metallurgical Company of Niagara Fall 
\ summary of typical chemistries is given in Table I. 


MELTING PRocepuRES 

The production of ingots for forging can be accomplished either by 
cold mold are melting, or by vacuum induction melting in cerami 
crucibles followed by pouring into appropriate molds. While pure chr: 
mium has a melting point of 1850 °C (3360 °F), the presence of 0.5% 
oxygen reduces the practical melting point by about 100 °C (210 °F 
Nevertheless, the high melting temperatures and the strong reactivity 
of chromium at these temperatures makes for a limited selection of 
crucible materials. Some experience with stabilized zirconia crucibles? 
in vacuum melting indicates that these might be feasible although their 
lifetime is limited. Molten chromium wets the zirconia and permeates it 
The chromium ingots so cast analyzed about 0.4% zirconium, most of 
which is probably as combined oxides supplanting the CroOx. Ingots 
produced by vacuum melting were as forgeable as those produced b 
arc melting. 

The largest portion of the forged chromium used in the work w 
produced by nonconsumable, tungsten electrode, arc melting. Over 100 
pounds of chromium in 5 to 10-pound ingot sizes were produced. Ar 
melting involved some difficulties, not all of which have been satis 
factorily overcome. It is difficult to prevent some pickup of tungstet 
from the electrode. Particularly when grains of tungsten parted fror 
the electrode fall into the melt pool and are entrapped as inclusion 
problems arise later in machining. If the inclusions survive machinit 
they invariably show up in fractured test pieces as the origin of pré 
mature failure. 

If the melting current is too low, the ingot is ridden with cold sh 
because of poor fluidity of the melt. If the melting current is too hig! 
excessive boiling of the chromium and contamination from tungsten 


2 Supplied by the Titanium Alloy Manufacturing Division of the National Lead Co 
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Fig. 2—Forged Bars of Chromium 


encountered. Another problem with excessive arc current is the mys 
terious appearance of long interconnecting holes which seem to bespeak 
a gas evolution. 

Ingots were dressed for forging by cropping top and bottom and 
grinding or machining out surface cold shuts. There is a broad correla 
tion between melting current, machinability and forgeability. Ingots 
produced with a low current arc were generally more difficult to ma 
chine and to forge. 


ForGING 

The key to the successful forging of cast chromium is strain rate 
Ingots worked by drop hammer broke up immediately, whatever the 
pre-heat temperature. However, by careful press forging, ingots can 
be reduced to useful square and round bar. Using a 100-ton press, a 
3-inch diameter 6 inch high ingot can be broken down in 4g inch 
reductions progressing to 1 inch reductions and finally by as much 
per pass as the press is capable. Initial pre-heat temperatures of as high 
as 1345 °C (2450°F) are necessary although finishing temperatures 
of 1040 °C (1900 °F) are both permissible and, probably, desirable. 
Che lower temperature limit is just above the recrystallization temper- 
ature. This is not a barrier, however, as chromium can be forged at 
much lower temperatures. 

The strain rate dependency in forging applies as much to forged bar 
as to the ingot. One ingot was reduced more than 50% by press forging 
and cut into two lengths. The first length was hammer forged and 
broke up immediately. The second press forged readily to 1-inch square 
bar. Bars were generally forged to 1-inch squares as shown in Fig. 2 
Although total soaking time in the furnace often amounted to 5 hours, 
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scaling was not excessive and could be removed by grit blasting. | 
doubtedly, though, there was opportunity for some nitrogen pickup 


MACHINING 

At various stages of production, cutting, grinding and turning ope: 
tions were necessary. A number of pertinent observations may be us¢ 
fully recorded since this is a relatively new metal. Superficial cold shut 
in ingots may be ground out with a coarse grinding wheel without 
spalling. On occasions when over-all surface machining is desirable { 
conditioning, this may be accomplished on a lathe using a high spe 
tool bit with a positive rake angle and with or without lubricant 
Forged bar may be cut without difficulty by an abrasive cutting whee 

In turning of test specimens, a four-jaw chuck with a live tailstoc! 
was used to minimize deflection during machining. Since the specime: 
were usually brittle, extreme care was required in machining. Rougl 
ing cuts were made at 390 rpm, 0.015 inch of cut per pass with 0.005 
inch feed per revolution. A sintered carbide tool bit (Carboloy 883) was 
used, pointed in shape, with a maximum 0.005 inch nose radius and ; 
6-7 degree relief angle. It was necessary to maintain a sharp edge on 
the tool at all times. A water soluble coolant produced a smoother finis! 
and minimized galling. 

A number of the test specimens were ground to shape. Grindit 
wheels of dimensions 7 K 1% X 1% inch (Sterling No. ZA60J16V2 
were used at 3400 rpm. Hand feeding was necessary. Initial depths of 
cut were 0.003 inch and finishing depths were 0.001—0.0015 inch. Fr 


quent wheel dressings were required. 


TESTING PROCEDURES 

Because of the apparent strain rate dependence of ductility duri 
forging, it was felt that a full representation of the basic mechanic: 
properties of chromium would require a spatial plot of property 
temperature-strain rate. This was accomplished by the use of a sp 
cially designed torsion testing apparatus. Briefly, the capabilities of 
this testing machine include: controlled angular strain rates at an 
value between 0.002 and 2.3 rpm, controlled temperatures betweet 
150 and 1000 °C (300 and 1830 °F) on a 3-inch constant temperatur 
zone, and any torque delivery between 0.20 inch-pound and 6000 ine! 
pound. Through the use of a calibrated ring dynamometer with a built 
strain gage bridge for force measurement and calibrated high sensitivit 
potentiometers adequately amplified for twist measurement, torqu 
twist curves were autographically recorded by an X-Y recorder. B 
suitable adjustment the twist ranges for full-scale deflection could | 
set for any one of ten ranges between 0—6 degrees and 0-20 turns. T! 
general arrangement of the device and measuring instruments is illus 
trated in Fig. 3. 
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Fig. 3—Pictorial View of the Autographic Recording, Torsion Testing Device 
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Fig. 4—An Example of the Successive Stress-Strain Tests Leading to 
Determination of the Transition Temperature of a Chromium Specimen 
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0.03 O.l 
Log of Angular Strain Rate, 
in in./min 


Fig. 5—Torsional Yield _Strength-Temperatur 
Strain Rate Relationship for Forged Chromiun 


Log of Angular Strain Rate, 
in./in./min 


Fig. 6—Torsional Ultimate Strength-Temperature 
Strain Rate Relationship for Forged Chromium 


Specimens for torsion testing were machined from 1-inch squat 
forged chromium bar to dimensions 3 inches long by % inch te 
diameter by 1.50 inch gage length with 34 inch square shoulders whic! 
slide smoothly into the square recessed grips of the torsion test machin 
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few tensile test specimens were machined to 14 inch diameter by 
inches long test sections with threaded shoulders. 


[he determination of the transition temperature was accomplished 


ith the use of only one specimen and usually to within an accuracy of 
2 °C. With the extensometer scale adjusted for the range 0-9 degrees 
f twist, the following procedure was developed. A test specimen set 
into the machine was heated to 120°C (250°F) (for instance) and 
twisted through the elastic range to 0.25—-0.5 degrees into the plastic 


Torsional Total Ductility-Temperature 
ain Rate Relationship for Fors hromium 


range. If fracture had not occurred, the specimen was unloaded, the 
temperature lowered an arbitrary amount and the test repeated. When 
the ductile-brittle transition temperature was reached or exceeded, the 
specimen fractured at the elastic limit. Total plastic strain in any series 
f tests never exceeded 8 degrees twist, which by rechecking on several 
occasions with nonprestrained specimens was shown to have no effect 
n the transition temperature itself. The successive torque-twist curves 
for a single specimen are shown in Fig. 4 


THE TorsIONAL STRENGTH-DucTILITy BEHAVIOR OF CHROMIUM 

Thirty-nine specimens manufactured from laboratory grade electro 
lytic chromium were used to analyze strength and ductility over the 
temperature range R.T. to 1000°C (1830°F) and over the surface 
strain rate range of 0.01 to 1.0 inch per inch per minute. The behavior 
f yield point in shear, ultimate strength in shear and total ductility in 
shear are summarized graphically in Figs. 5, 6 and 7, respectively. 
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Table Il 
Torsional Stress-Strain Data for Chromium at 1000°C (1830 °F 


Strain Rate Yield Stress Ultimate Strength 
nch per inch per minute) (psi) psi) 


0.03 - 
0.1 4700 5370 
0.3 7300 3900 
1.1 8475 9030 


*Test was discontinued after specimen had twisted 10.7 revolution 
in adjustment prevented the obtaining of a yield stress figure 


Fig. 8—Torsional Strain Hardening Exponent 
lemperature-Strain Rate Relationship for Forg: 
1romium 


These plots have not included the 1000 °C (1830 °F) data because tl 
very low strengths and very high ductilities could not be convenient 
included in the scales used. The data are contained for comparison it 
Table II. As a rough guide to magnitudes of ductility, 1, 0.1, 0.01 incl 
per inch correspond to 1.9, 0.19, 0.019 revolutions of twist. 

The salient features of these results are the excellent ductilities avai 
able at all temperatures above 250°C (480°F) and the maintenan 
of substantial strength up to 750 °C (1380 °F). In fact, there is a get 
eral gain in strength at 550°C (1020 °F) as compared with 250 at 
750 °C (480 and 1380 °F). This latter type of behavior usualty reflect 
the action of the interstitial elements. There are indications of the san 
sort of effect in the hot tensile properties of vanadium and tantalum 

Ductilities drop sharply below 250°C (480°F) and by 150° 
(300 °F) are only marginal. There seems to be no indication of tl 
strain rate sensitivity indicated by the experiences with forging. T! 
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erence between hammer and press strain rates, however, may be 
uch greater than the three magnitude range used in determining these 
irfaces. The significance of the convolutions of yield stress with strain 
te is obscure, and these may only reflect the scatter consequent on the 
ther coarse grain size of many of the specimens. 


lhe strain hardening exponent was derived from each of the torque- 


ist curves converted to effective stress-strain. These are summarized 
Fig. 8. In general, values range between 0.1 and 0.45 with some 


Properties of Forged Chro- 
mium 
ependence on temperature and strain rate—maximizing at low tem 
peratures and high strain rates. 

By comparison, limited tensile data are shown in Fig. 9. These meas 
urements were made at conventional strain rates and with the normal 
russhead speed control available in hydraulic-type universal testing 
machines. The large ductilities at elevated temperatures are confirmed 


ToRSIONAL STRENGTH-DUCTILITY AND PURITY 


An ingot each of the very high purity chromium and the lowest purity 
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; F Table Ill 
Torsional Ductility of Three Grades of Chromium at 750°C (1380°P) 


Total Ductility (inch per inch) 


Strain Rate High Laboratory 

inch per inch per minute) Purity Grade 

0.009 7 = 

0.01 a 1.39 

0.093 — a 

0.11 2.07 2.04 

0.93 1.49 

1.1 


commercial grade of chromium was melted for comparative testing at 
750°C (1380°F). There were no distinguishable differences in th 
forgeability of the three grades. The total ductility to fracture at these 
strain rates are summarized in Table ITI. 

Paradoxically, the commercial grade material appears to exhibit 
slightly better ductility than the high purity material and considerably 
better ductility than the laboratory grade material. The principal diffe 
ences between the laboratory and commercial grades lie in the amount 
of iron present. There is approximately twice as much iron (0.17% 
in the commercial grade. 


THE TRANSITION TEMPERATURE OF ForGED CHROMIUM 

In the as-forged state, the transition temperature of the laborator 
grade chromium was about 50°C, which is in good agreement wit! 
the work of Sully (4). When small percentages of tungsten (~0.3% 
were unwittingly dissolved into the chromium during the arc melting 
operation, the transition temperature rose a maximum of 20°C. I 
another instance, when about 1.5% iron was picked up in the melt 
the transition temperature was greater than 150°C (300°F). On 
occasions when incompletely dissolved tungsten appeared in the frax 
ture, the transition temperature was invariably above 100 °C (210 °F 

The effect of strain rate on the transition temperature was investi 
gated between the limits 0.001 and 0.05 inch per inch per minute. Thi 
results of these tests are summarized in Table IV. This material does 
not show the transition temperature dependency on strain rate reported 
by others. 

The term “rheotropic recovery” is applied to the effect of increasing 


Table IV 
Effect of Strain Rate 
on the Transition Temperature of Forged Chromium 


Strain Rate 

(inch per inch per minute) 
0.001 51 

0.003 50 

0.007 47 

0.019 51 

0.05 48 


Transition Temperature 
(°C) 
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the ductility of a metal by prestraining plastically at a higher temper- 
iture which is below the recrystallization temperature. In the succeed 
ing paragraphs, it will be shown that plastic prestrain of forged chro- 
mium above its transition temperature has the effect of both lowering 
ind raising the transition temperature on subsequent testing, depending 


upon the amount of prestrain and the temperature at which it was 
irried out. 


Prestrains were introduced in a specimen by twisting a predeter- 
mined amount at one of three temperatures. The temperature of the 


re 





Fig. 10—Effect of Prestrain at 550°C (1 n the Transition Temperature 
surrounding furnace was then lowered and at about 100-150 °C (210 
300 °F) the previously described succession of tests was begun to 
determine the transition temperature. Prestrains were conducted at 
550°C (1020°F) (0.3 inch per inch per minute), 400°C (750 °F) 
0.93 inch per inch per minute) and at 250 °C (480°F) (0.03 inch per 
inch per minute). The strain rates were those which in prior testing 
gave the greatest ductility at the temperature designated. 

Fig. 10 shows the effect of amount of prestrain at 550 °C (1020 °F) 
on the transition temperature. Except in the narrow range of 1.0 inch 
per inch of prestrain, the transition temperature was generally raised. 
On the other hand, prestrains at 250 and 400 °C (480 and 750 °F) low- 
ered the transition to below room temperature. In these instances, in- 
stead of further lowering the temperature, the total ductility at room 
temperature was determined. The results for both temperatures are 
summarized in Fig. 11. The best result was provided by a prestrain of 
).75 inch per inch at 250 °C (480 °F), which gave a ductility at room 
temperature of 0.11 inch per inch (79.5 degrees of twist). There is a 
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clear trend of increased effectiveness of prestrain with the lower t 
perature at which the prestrain is done. 


The prestrain can be introduced by pressing the original one-i1 
square bars between heated platens. At 250 °C (480°F), 50% red 
tions in thickness were accomplished without evidence of cracl 
and with uninterrupted movement of the press. These specimens w 
then machined directly to standard torsion test pieces 

There are preliminary indications that refinement of the recryst 


a 


x 


Op ae ay” 


o-oo —o— Prestrair 
> ee Se SS ee ee ee ee ee ee ee eet 
1.2 0.4 ».6 0.8 -O AY 
Prestro n, in./in 
Fig. 11—Effect of Prestrain at 250 and 400 °C (480 and 
Total Ductility at Room Temperature 


lized grain size can bring about a depression of the transition to bel 
room temperature. This has already proved effective in the case « 
molybdenum and tungsten. As remarked earlier, the grain size of th 
as-forged chromium, although equiaxed, was very coarse—of the 
order of 1 to 3 millimeters diameter. Control of grain size can be a 
complished most simply through the minimum finishing forging tempe1 
ature and with more control by strain hardening and recrystallizati 
A few specimens of both methods have shown room temperature du 
tility. Finish forging at 1065°C (1950°F) to an extent of 25-50 
seems to work. The other procedure involved finish forging 50% 
1065 °C (1950 °F), followed by a 53% reduction at 250 °C (480 °F 
and an anneal at 1000 °C (1830 °F) for 10 minutes. This latter spec: 
men permitted 41 degrees of twist before fracture at room temperaturé 
The grain size of these specimens was of the order of 0.03 millimete: 
diameter. The grain size is often heterogeneous ; and subgrain boun 
aries are frequent, making size determinations difficult. 





PROPERTIES OF FORGED CHROMIUM 


SUMMARY 
\n electrolytic grade of chromium containing 0.5% oxygen and 
01% nitrogen (initially) can be arc melted, forged and machined 
into test specimens. Forging can only be accomplished by careful press 
rging. 
Forged chromium shows substantial ductility above 250 °C (480 °F) 
nd begins to lose strength only above 750°C (1380°F). The main 
body of test results derived by torsion tests have been qualitatively 
onfirmed by tensile tests. Strain rate in the range 0.01 to 1.0 inch per 
inch per minute does not significantly affect strength or ductility in 
torsion at temperatures above 250 °C (480°F). : 
The transition temperature of forged chromium is about 50 °C, in 
greement with Sully’s work (4). This temperature is not affected by 
strain rate in the range 0.001 to 0.05 inch per inch per minute, which 
is in disagreement with the same author’s work. 
The transition temperature of forged chromium can be depressed to 
below room temperature by prestraining at 250-400 °C (480-750 °F). 
hromium with significant room temperature ductility can be produced 
this way. Prestraining at higher temperatures does not produce the 
ame magnitude of effect and can even cause an increase in the transi 
tion temperature. Prestraining can, of course, be erased by recrystal- 
lization at 900-1100 °C (1650-2010 °F) with a reversion of the transi 
tion to 50 °C. 
Preliminary evidence indicates that a more permanent depression of 
he transition temperature can be effected by refinement of the re- 
rystallized grain size. It is to be noted that these results have been 
btained with a chromium which by virtue of its initial purity and sub- 
sequent prolonged exposure to air at 1345 °C (2450°F) during forg- 
must contain much more nitrogen than is considered dangerous 


ing 
liv’ 


nd unworkable by the work of previous investigators (3,5). 
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DISCUSSION 

Written Discussion: By A. H. Roberson, Supervising Metallurgist, | 
Bureau of Mines, Region 1, Albany, Oregon. 

The authors have presented some interesting information on the propertie 
chromium. The data developed for laboratory grade chromium agree remarkal 
well with those for high purity, room temperature, ductile metal prepared by th 
Bureau of Mines. It is surprising to learn that metal containing 0.4% zirconiut 
as the oxide, 0.5 oxygen as CreOs and appreciable amounts of tungsten shou 
possess the reported ductility. 

The authors have stated that room temperature ductility can be imparte 
forged chromium by prestraining in the temperature range of 250-400 °C (48 
750 °F). One test specimen in particular which was finish forged 50% at 1065 
(1950 °F), followed by a 53% reduction at 250°C (480°F), and annealed 
1000 °C (1830 °F) for 10 minutes, was twisted 41 degrees at room temperatur 
before fracture. This specimen must have been tested in the fully anneal 
recrystallized state. It would appear then that some ductility also is evident 
recrystallized structures. 

Room temperature ductility being imparted to chromium by prestraining i 
temperature range of 250-400°C (480-750°F) is in agreement with report 


results by several investigators,” * ° who have obtained room temperature duct 


chromium. Most of these other investigators have obtained considerable t 
ductility in small sections which had been prepared in such a manner that tl 
was plastic deformation being imparted at an effective temperature range of 
400°C (570-750°F). A good example of this was shown by Johanset 
obtained room temperature ductile wire by drawing wire in the temperatur: 

of 300-400 °C (570-750 °F), which is in effect no different than the “prestrain 
material in this preprint. This ductile 0.05 inch diameter wire prepared by J] 
sen contained about 0.05% Oz and about 0.005% Nz. and could be twisted fr 

to 20 revolutions per inch of gage length 


The questions which arise are: 


(1) Does the data plotted in figure 11 reflect tests on specimens 
not given this 1000 °C (1830°F) anneal prior to testing 
Experience at the Bureau of Mines has indicated that wires draw: 
300-400 °C (570-750 °F), in effect prestrained at this temperaturé 
showed increased ductility when 0.003-0.005 inch of metal was remoy 
from the surface. 


%H. Johansen and G. Asai, “Room Temperature Ductile C 
chemical Society, Vol. 101, Dec. 1954, p. 604 

*W. Blum, Transactions, Electrochemical Society, Vol. 90, 1946, p 

5D. J. Maykuth and R. I. Jaffee, “The Mechanical Properties of Swaged 
Chromium and Chromium Alloys,’’ TRANSACTIONS, American Society for Metal 
957. p. 948 


I 
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Was the effect of surface treatment of the subject specimens 
sidered by the authors? 

Nitrogen is said to be a potent factor in reducing the ductility of 
chromium. Your starting material contained 0.5% oxygen and 0.01% 
nitrogen. What was the nitrogen content of the test specimens which 
showed ductility at room temperature 

Were any efforts made to “prestrain” as-cast specimens at 250-400 °¢ 
(480-750 °F)? 


Written Discussion: By C. W. Weaver, Defense Standards Laboratories, Mel 
ne, Victoria, Australia. 
ere are conflicting reports on the embrittling effect of nitrogen on chromium ; 
imple, Wain, et al.° found that ductility was critically dependent on very 
trogen contents, whilst Brandes, et al.’ report that fully annealed chromium 
ning 0.09% nitrogen was ductile at room temperature. The chromium used 


present authors is fairly high in both nitrogen and oxygen, and yet it has 


ver than that of the high 
chromium produced at D.S.L. and elsewhere. Our chromium contains 


sition temperature of only 50 °C, whi 


0.001% nitrogen and 0.02% oxygen, and when annealed has a transition 
rature of 300-350 °C (570-660 °F). Th lifferences suggest that factors 
than nitrogen may also influence ductility, such as the presence of other 


ntified impurities, grain size and ffects of hot or cold working. Als: 














suggest that perhaps the nitrogen itself may be present in different forms in 


and low nitrogen chromium 

has been suggested * * that brittleness in chromium may be affected by two 
esses, namely Cottrell locking by interstitial solutes, and also by precipitation, 
that small plastic strains may be effective in accelerating “over-aging”. The 
rs’ results on “rheotropic recovery” are a most interesting demonstration 


his effect, and resemble closely some work carried out by D.S.L. 


of Metals, Vol 
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Repeated straining in tension to just beyond the yield point at succes 
lower temperatures, in a manner similar to that described by the authors 


in a marked lowering of this transition temperature, and other interesting ft 
? 


emerge as shown in Fig. 12. A tensile specimen annealed 1 hour 1250 °C (228( 


was strained to the yield point at 360°C (680°F), unloaded, cooled to 
(610°F) and restrained, and so on down to 130°C (265°F). At this 
the total plastic strain was 0.03 inch per inch. The specimen was reanneal 
1 hour at 1250°C (2280°F) and straining repeated at 130°C (265°! 


process of cooling and straining being continued down to 0 °C. The second 


strain was 0.025 inch per inch. On reannealing for 1 hour at 1250°C (22 


and testing at 0 °C the specimen was brittle. The two most interesting featu 


these tests are first, that annealing after straining did not re-embrittle th. 
mium at 130°C (265 °F) and second, that the yield strength at 130°C (2 


was reduced to less than half by annealing. A softening of this ord 


hardly be ascribed to a change in grain size or to the removal of such 
2 £ 


amount of cold work. Subsequently it has been found that annealed 
prestrained 3% at 400°C (750°F) has high ductility at room temperature 
Elongation 76% Reduction of Area) and a brittle-to-ductile transition at 
(—148 °F). The large effects of such small strains merits further study 
is here that development of a ductile chromium shows promise 

So far as arc melting is concerned, we have found that tungsten pickup 
practically eliminated by using thoriated or zirconiated tungsten electrodes 
are not wetted by condensed chromium.” The “mysterious persistent hol 
countered under the arc are primarily due to hydrogen evolution, but 


eliminated by using an 80% helium 20% argon furnace atmosphere. Reaso1 


this have been partly worked out.” Our experience also is that extrusio1 
more promise for fabrication than forging, particularly when the stiffer 
are being handled. 


Authors’ Reply 
The authors wish to thank Mr. Roberson and Mr. Weaver for their cor 


and amplifying statements. The data plotted in Fig. 11 were obtain 
forged specimens which were not annealed or recrystallized. The grair 


these specimens was large, about ASTM No. 1. All test specimens wer 
tained from forged stock to prevent any effects due to cast grain orientati 


1 


size. Although the as-received electrolytic chromium flake generally cont 


4 1 


less than 0.02% nitrogen, the nitrogen content increased during heating ar 
ing in all grades of material used. It was found that the nitrogen content 


forged specimens ranged from 0.03 to 0.04%. Effects of surface removal 


ductility were not considered in this investigation 


Recent work at the Armour Research Foundation has demonstrated that 


ductile-brittle transition temperature of forged chromium does depend up 


type of stress system to which the specimen is subjected. Material whi 


grain-refined to an ASTM No. 5 size by warm working and recrystallizati 


1000 °C (1830 °F) was subjected to tension, compression, and torsion test 
found that the ductile-brittle transition temperature in tension was 350 
(660-670 °F), while the material could be deformed, in compression, to 
reduction in area at room temperature. In torsion, a %4 inch diameter, 


i 


gage length specimen twisted 12 degrees in the plastic range before fracturit 


room temperature. The nitrogen content ranged between 0.03 and 0.04% 


P. F. Weinrich, (to be published) 
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e electrolytic flake used in melting was indeed high in hydrogen. However, 
ielting stock was vacuum annealed at ( 1110°F) until a one-micron 
ure in the vacuum cylinder could be maintained for a period of two minutes 


the pumping system closed off from the va cylinder. It appears un 
that residual hydrogen would be evolved from material which was melted 
500 amperes but would not be evolved from material which was melted at 


amperes. The similarity of results obtained rheotropic 


recovery with 
of the Defense Standards Laboratories ularly interesting, in view 
e great difference in the level of nitrogen the material used by us 
that used by the Defense Standards Laborat 





DEFORMATION AND FRACTURE OF ALPHA 
SOLID SOLUTIONS OF LITHIUM IN MAGNESIUM 


By F. E. Hauser, P. R. LAnpon anp J. E. Dorn 


Abstract 

Whereas coarse polycrystalline aggregates of Mg ar 
brittle at 78 °K alpha solid solutions of lithium in magne 
sium are due. The improved ductility of the lithium 
alloys of magnesium is associated with the introduction of 
prismatic (1010) <2110> slip in addition to basal (0001 
<2110> slip. 

Evidently in the absence of prismatic slip, dislocation a 
rays pile up against the grain boundaries causing high 
localized tensile st) s that exceed the cohesive strengtl 
of the metal. But the introduction of prismatic slip permit 
deformation of the adjacent grains and thereby reduces 
the tendency toward formation of piled-up arrays of dis 
locations. The incidence of prismatic slip is unique for 
Mqg-Li alloys since lithium is the only effective alloying 
element for reducing the axial ratio of magnesium. (ASM 
International Classification Q24, M26b; Mg, Li) 


INTRODUCTION 


AYLOR (1)! demonstrated that plastic deformation cannot 
je in polycrystalline aggregates unless each grain can underta 
at least five independent mechanisms of deformation. This conclus 
was obtained from the following type of analysis: In order to 1 
tain the observed continuity across the boundaries of dissimilar! 
oriented adjacent grains throughout the course of deformation, « 
individual grain of the aggregate must be capable of undertaking 
general deformation. Such a general deformation can be described 
terms of the six components of the strain. But inasmuch as the volut 
remains substantially constant during plastic deformation, the sun 
the three normal components of strain is zero and only five component 
of the strain need be independently variable. Consequently, at | 


five independent mechanisms of deformation must be invoked in ord 
to account for the five independently variable strain component 


necessary for a general deformation. 


The figures appearing in parentheses pertain to the references appended to this pay 


\ paper presented before the Thirty-Ninth Annual Convention of the Sox 
held in Chicago, November 4-8, 1957. The authors, F. E. Hauser, P. R. Lar 
and J. E. Dorn, are associated with the University of California, Depart 
of Engineering, Institute of Eneineering Research, Berkeley, California. M 
script received December 21, 1956. 
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If each grain of the polycrystalline aggregate cannot undertake five 
nechanisms of deformation, slip in one grain will not be accommo- 
lated at the boundary by an appropriate combination of slip in adja- 
cent dissimilarly oriented grains. Under these conditions arrays of 
lislocations will pile up against the boundary since they are unable to 
penetrate it. As shown by Nabarro, Eshelby and Frank (2) extremely 
high normal and shear stresses are introduced near the spur of a 
piled-up array of edge dislocations. Stroh (3) has shown that the 
localized normal stress arising from an array of edge dislocations can 
readily exceed the cohesive strength thereby initiating brittle fractur- 
ing. The brittle fracture strength (4) can be given by 

or=01+Va/de Equation 1 
where 

or is the brittle fracture strength 

a, is a smeared back stress on the dislocation array due to interaction with 

other dislocations 
is the theoretical cohesive strength 
d is the mean grain diameter, and 


a is a constant that depends on the av 


erage distance and orientation of the 
crack nucleus from the spur of the d 


lislocation array 

Consequently if the individual grains of a polycrystalline aggregate 
cannot undertake at least five mechanisms of deformation, brittle 
fracturing should occur giving a fracture stress which increases lin- 
early with the reciprocal of the square root of the grain diameter and 
is substantially independent of the temperature. 

The well-known ductile behavior of polycrystalline aggregates of the 
face-centered cubic metals is readily rationalized in terms of the pre 
ceding discussion. Slip takes place on the (111) planes in the <101 
directions giving twelve possible mechanisms of deformation. In con 
trast, however, single crystals of such close-packed hexagonal metals 
is cadmium, zinc, and magnesium have been shown to exhibit only 
basal slip and twinning mechanisms of deformation at low temper- 
tures. Since the three directions of slip of the form <2110> all lie 
in the single slip plane of the form (0001), only two independent mech- 

isms of slip are exhibited by these metals. Twinning occurs on the 

1012) plane and can account for six additional mechanisms. But the 
leformations that can be obtained by twinning are limited geometri 
cally. For example, the maximum elongation that can be obtained upon 
omplete twinning of a single grain of magnesium in the optimum 


rientation is only 7%. Inasmuch as the individual grains of a poly- 


ystalline aggregate are more or less randomly oriented and inasmuch 
is each grain of the polycrystalline aggregate seldom exhibits complete 
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mechanical twinning, the total strain obtained as a result of twinni: 
is considerably less than the maximum amount possible. Furthermy 
basal slip in the twinned portions of the grains must also be limited 
view of the constraints at the twin boundaries. Consequently, twinni: 
cannot assume the role of a major mechanism of deformation. The: 
fore, crystals of cadmium, zinc, and magnesium exhibit only two ind 
pendent major mechanisms of deformation arising from the thre: 
coplanar mechanisms of basal slip. If at least three additional ind 
pendent major mechanisms of deformation cannot be induced to tak 
place, polycrystalline aggregates of these metals should exhibit brittk 
fracturing at low temperatures. 

Partial confirmation of the preceding analyses has been obtained i1 
two recent investigations: Greenwood and Quarrell (5) have show 


that polycrystalline aggregates of zinc exhibit completely brittle f1 
yr 


turing over a wide range of low temperatures. More recently the pr 
ent authors (4) have shown that polycrystalline aggregates of ma 
nesium exhibit two uniquely different laws of fracturing. Over the hig! 
temperature range, where pyramidal as well as basal slip is believed 
to be operative, ductile fracturing occurs, the fracture stress being 
insensitive to grain size and decreasing with increasing temperatur: 
in a manner that parallels the effect of temperature on the flow stress 
over the low temperature range, however, the fracture strength is ir 
sensitive to the temperature and increases with decreasing grain siz 
in accord with the dictates for brittle fracturing given by Equation 
Whereas o; for zinc is zero and the strains at fracture are negligibl 
magnesium exhibits a few percent strain preceding fracturing. This 
results in internal stresses which give o; a small value. Extensiv 
metallographic examinations (6,7) of magnesium specimens that wer« 
deformed to fracture in the brittle range revealed that some localized 
grain boundary shearing had taken place at atmospheric temperatures 
whereas minor amounts of prismatic slip on the (1010) planes in the 
<2110> directions were observed locally near grain corners at the 
lower temperatures. It is reasonable to believe that these additional 
mechanisms coupled with twinning provided the necessary accommo 
dation across grain boundaries to permit the small deformations whic! 
were observed to precede the brittle fracturing of magnesium. Tw 
major objectives were initially outlined for this study. First it was 
thought possible that some alloying elements might increase the sut 
face tension so as to cause a greater increase in the theoretical c 
hesive strength than in the flow strength. Such alloys would indeed bi 
interesting because they would exhibit lower brittle to ductile transi 
tion temperatures than pure magnesium. Inasmuch as no theories aré 
available on the effect of alpha solid solution alloying on surface ten 
sion it was recognized that an experimental survey of a host of alloys 
would be required to uncover interesting alloying elements for thi 
objective. 
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lhe second objective concerned the possibility of introducing addi- 

nal slip mechanisms by alpha solid solution alloying. If this could 
be done, the magnesium alloys exhibiting the additional facile slip 
nechanisms should exhibit more ductile fracturing over all temperature 
ranges where such mechanisms are operative. Two experimental ob- 
servations suggested that this objective might be feasible. First, pre- 
vious investigations (4,7) on the deformation of high purity mag- 
nesium at 78°K have shown that in addition to basal slip, small 
mounts of localized prismatic slip were induced to take place in re- 
sions of high stress concentration adjacent to grain boundaries and 
in the vicinity of the junction of three grains. This suggested that the 
critical resolved shear stress for prismatic slip might be only slightly 
ereater than that for basal slip in high purity magnesium. Secondly, 
the active slip planes in crystals are generally those which are most 
densely packed and the greatest distance apart from the next parallel 
plane. Consequently a reduction in the c/a ratio could well be effective 
in promoting more general prismatic slip, which coupled with basal 
slip, would furnish a greater number of independent slip mechanisms 
and might result in ductile behavior over all ranges of temperatures. 

Ithough Busk (8) has reviewed the effect of various alloying ele- 
ments on the c/a ratio, it was considered advisable in this investigation 
to evaluate the plastic behavior of a large number of representative 
alpha solid solution alloys in order to detect the possible significance 
of such auxiliary factors as solid solution strengthening, Cottrell and 
Suzuki locking, and modifications of surface tension on the plastic de- 
formation and fracture characteristics of magnesium alloys. 


EXPERIMENTAL PROCEDURE 
1. Materials and Specimen Preparation 


High purity magnesium and the series of alpha solid solutions in 
magnesium given in Table I were selected for this investigation. The 
alloys used for a preliminary survey of their plastic properties, which 
are identified by an asterisk in Table I, were selected to have composi- 
tions in the alpha solid solution range near their solubility limit in the 

icinity of room temperature. 

This was done in preference to making this survey on alloys having 
the same atomic concentration of solute in the hope of obtaining the 
maximum possible effects of alpha solid solution alloying on the plastic 
properties. The alloying elements that were used for the preliminary 
survey were selected to have as wide a range of atomic radii, valencies 

nd to induce as great changes in the c/a ratio as possible. As will be 
lescribed later in the context of this report, the preliminary survey 
uggested that major emphasis should be placed on alpha solid solu 
tions of lithium in magnesium. Consequently the plastic behavior of 


ew sete ore = ; an Z : 
ne series of lithium alloys whose composition is also reported in 
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’ Table Il 
Heat Treatments and Resulting 
Grain Sizes of the Alloys 


Temperature (°C) Time 1our Average Grain Diameter (mm 

( k 

300 §72 0.04 

300 572 0.04 

369 680 

300 572 0.06 

*n 360 680 some duplex 

300 572 0.06 

360 680 some duplex) 
300 572 0.04 

330 626 

300 572 } 0.05 

370 698 ; 0.15 

300 72 ) 0.10 

370 698 ; 0.13 

370 698 ; 0.09 

370 698 ; 0.09 

370 698 3 0.15 

370 698 3 0.03 

300 572 0.07 


ible I were rather thoroughly studied. Parallel gage section tension 
pecimens 0.250 inch wide and 0.10 inch thick, having a gage length of 
3.75 inch were machined from the extruded strip. The surface of each 
specimen was hand polished through #000 grit paper to remove die 

irkings and scratches. After polishing, the specimens were annealed 

a specially built purified He atmosphere furnace to remove all cold 
vork introduced by the machining operations and to develop a fairly 

niform grain size throughout the alloy series. 

lhe heat treatments necessary to produce the desired grain sizes are 

ven in Table II. 

The dual temperature treatments used on some of the alloys were 
necessary to avoid the formation of excessively duplexed grain sizes. 
Nevertheless a few large grains were present in the 4.4 and 7.6 atomic 
percent lithium alloy specimens 

In order to facilitate the identification of deformation mechanisms 
several coarse grained specimens of the Li alloys were prepared by the 

Iditional technique of annealing at 570°C (1060°F) for 3 hours 


(his yielded a grain size of approximately 0.5 millimeter which per 


itted orientation determination of individual grains by means of 
icrobeam [Laue x-ray examination. 

\ll specimens were finished to a metallographic polish by dipping 
into 10% nitric acid following which they were etched with 10% citric 
cid to make the grain boundaries visible 


2. Tension Tests 
lhe stress strain curves were autographically recorded, using a 


odified Foxboro SR-4 strain recorder in conjunction with a constant 
train rate tensile testing machine. Strain gages on a calibrated proving 
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ring provided the load data as pen deflection on the recorder, whil 
rack and pinion driving a selsyn transmitter provided the crossh¢ 
movement data to a selsyn repeater geared to the strain recorder cl 
drive. The elastic strain of the pulling tab system was determined a 
function of load by means of a calibration test using SR-4 strain gag 
attached to a dummy specimen. During actual tests the recorded er 
head movement was corrected for the elastic strain of the syste 
give the actual strain of the specimen. With a single exception 
tests were conducted at a constant strain rate of 1% per minute. T] 
above method of determining the stress-strain relationship permitt 
an accuracy of +50 psi in stress and +0.01% in strain over the enti: 
range of temperatures tested. 

During the tensile tests the whole specimen was submerged 
constant temperature bath. Constancy of temperature throughout tl 
tests was assured by using boiling or freezing point temperatur: 
wherever possible. The four primary test temperatures were: 


4.2 °K boiling liquid helium 

78 °K boiling liquid Ne 

195 °K vaporizing solid COs in isopentane 

295 °K air 
Several tests were pecformed at additional temperatures by using 
cooled isopentane bath or a heated silicon oil bath. Upon completior 
of the tensile tests the specimens were brought to room temperatut 
by immersion in alcohol. 


3. Metallographic Examination 


The fractured specimens and specimens which had been elongat: 


to 2% were examined on the metallograph for identification of 
formation and fracture mechanisms. The specially prepared coars 
grained specimens were examined microscopically before deformati 
and the orientations of certain grains were determined by a micro-beai 
Laue x-ray technique (6). After deformation, the active deformatio: 
mechanisms could be determined by trace analysis (6). 


4. Determination of Lattice Parameters 

The effect of temperature and alloying with lithium on the lattice 
constants of magnesium were measured to correlate changes in defor 
mation mechanisms with changes in c/a ratio. Since the high lithiw 
alloys oxidize rapidly when finely powdered, sheet samples of thes: 
alloys were prepared in the same manner as the tensile specimens at 
then mounted in a General Electric XRD-3 x-ray diffraction unit. For 
each sample the 2 @ values for the (1120) and (0004) planes w 
measured to an accuracy of 0.01 °. Since no corrections were applied 
the absolute values of the lattice constants obtained may not be precis« 
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but comparative accuracy of constants among the samples is known 
to be better than 0.01%. The low temperature constants were deter 

ined by submerging most of each sample in liquid Ne and grazing 
the x-ray beam over the surface of the b The beam struck the speci 
en at a point where the sample just protruded above the liquid, but 
here the temperature was very close to 


; 
A 
/ 


8 °K because all the vapor 
ing N» throughout the system was channeled along this surface of 
the sample. Also the formation of ice due to condensation of moisture 
is prevented by channeling the Noe alot 


ig the surface that was 
examined. 


EXPERIMENTAL RESULTS 
1. Survey of the Effect of Alpha Solid Solution Alloying on the 
Plastic Properties of Mq 
lhe true stress-logarithmic strain curves given in Fig. 1 were ob 
ined to permit a preliminary survey of the effect of alpha solid solu 
tion alloying on the plastic properties and fracturing characteristics 
| magnesium alloys. Since the percent strain preceding brittle frac 
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turing of pure magnesium and Mg-Al alloys was previously show: 
decrease with decreasing temperatures (4), at least down to the boili: 
temperature of liquid nitrogen, 78 °K was selected as the most rea 
accessible temperature that would be best suited for this survey 

All of the alloys, excepting the anomolous lithium alloy, fractur 
after a few percent strain in an essentially brittle manner. The great 
solid solution strengthenings were obtained in the cadmium and tl 
lium alloys, and the highest fracture strengths and ductilities, ag 
excepting the lithium solid solution alloys, were obtained in the met 
cury, aluminum, and silver alloys. The higher strains to brittle f1 
turing of the mercury, aluminum, and silver alloys and their relativ: 
higher brittle fracture strengths suggest that alloying with these e| 
ments increases the theoretical cohesive strength of magnesium mor 
rapidly than its flow strength. Very likely all of these alloys hav 
lower brittle to ductile transition temperature than pure magnesiu 
This expectation has been verified for the aluminum alloy as report 
in a previous publication (4). Additional verification of this expect 
tion for the mercury and silver alloys was postponed in favor of imi 
diate pursuit of the more startling results obtained on the lithium 

Whereas the remaining alloys of this survey exhibited the usu 
minor variations in plastic properties and fracturing that might be 
expected to result from solid solution alloying, the lithium alloy 
sharp contrast, behaved in such a uniquely different way that it 
peared to be a member of an entirely different system. The stress-strai1 
curve followed the general parabolic behavior of the other alloys up t 
a strain of slightly less than 0.2%, whereupon it changed rather 
abruptly into an almost linear curve which exhibited small rates of 
strain hardening. Ductile fracturing occurred following a minor amount 
of local necking at a stress of 38,700 psi and a strain of 12.2%. Thess 
results immediately suggested that some additional mechanism, per 
haps prismatic slip, must also play a prominent role in the deformatior 
of the lithium alpha solid solutions of magnesium. The following se 
tions of this report are devoted to a partial resolution of several 
the numerous facets concerning the unique effects of alpha solid sol 
tion alloying with lithium on the plastic behavior of magnesium 


2. The Plastic Properties of Alpha Solid Solutions of Lithium 
in Magnesium 

3efore any detailed examination of crystallographic mechanisms 
deformation was attempted in the lithium alpha solid solutions, it 
considered advisable to study their plastic properties over a series 
temperatures. 

The results of tensile tests at 295, 195, 78 and 4°K and a st1 
rate of 1% per minute are shown as true stress versus true strai 
curves in Figs. 2 through 5. All stress-strain curves were smoot 
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epting those for the 14.5 atomic p t lithium alloy at 295 
nd for all the alloys tested at 4 °K. Duri 

jumps of strain accompanied by drops i 

recorder. The serrations in the stress-stt 

re plotted schematically to illustrate 
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e these tests, discontinuous 
n stress were noted on the 
in curves of Figs. 2 and 5 

the ranges of conditions where 
iscontinuous deformation occurred during testing. In Fig. 4 an addi 
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tional curve for 14.5 atomic percent lithium at 78 °K, performe 
the higher strain rate of 50% per minute has been included for « 
parison. At that temperature, the strain rate seems to have little eff 
on the plastic properties of this alloy. 

From the stress-strain curves it can be seen that the effect of add 


small amounts of lithium to magnesium gives the usually observed in 
crease in yield strength and rate of strain hardening that is know: 
accompany solid solution alloying. But as more lithium is added 
“knee” appears in the stress-strain curve separating the initial parab 








in Relationshi 
4.2 °K 


portion from the more linear portion that exhibits a comparatively 
rate of strain hardening. The stress level at which this knee apps 
decreases with increasing lithium content. For example in Fig. 3 
195 °K the addition of 2.6 and 4.4 atomic percent lithium raises 
vield strength and strain hardening rate in a manner usually expect 
in solid solutions. But when the lithium content is increased to 7 
atomic percent, a sudden decrease in strain hardening rate oc« 
about 22,000 psi. With further increases in lithium content, the cl 
in slope of the stress-strain curve occurs at lower stresses. For 
14.5 atomic percent lithium alloy the lowering of the strain hardet 
rate occurs at so low a stress that the stress-strain curve of this 
crosses the curve for pure magnesium. Although the final fractu 
stresses for these two materials are nearly the same, the elongatiot 
the 14.5 atomic percent lithium is tour times that for pure magnesiu 
Thus the Li-Mg alloys appear to provide an exception to one of 
fundamental rules of alloying, namely, that solid solutions are in 
iably stronger than the pure parent metal. The existence of this 


parent exception will be resolved later in this report. 
In the introduction of this report it was shown that the limited d 
tility of polycrystalline magnesium could be ascribed to a deficienc) 
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the number of major deformation mechanisms that are available in 
ignesium at low temperatures. The sudden abnormal change in 
strain hardening rate and the associated increase in ductility in the 
hium alloys indicated that additional deformation mechanisms must 
have been introduced by the alloying additions of lithium. 


3. Metallographic Observations 
\ metallographic investigation into the active deformation mechan- 
isms revealed that in all cases the sudden decrease in strain hardening 
rate of the lithium alloys at the knee in the stress-strain curve coin- 
ided with the appearance of general prismatic slip throughout some 
grains. Before the knee, at which a rather sharp change in the slope of 
the stress-strain curve is observed, prismatic slip was only observed 
locally at corners of grains and near grain boundaries as in pure mag- 
nesium at low temperatures (Fig. 6). In contrast the general prismatic 
slip traces after straining beyond the knee extended across an entire 
grain, and at high strains they formed a complete criss-cross pattern of 
lip traces similar to a deformed face-centered cubic metal under condi- 
tions of duplex slip (Fig. 7). Initially the appearance of the prismatic 
lip is fine and feathery and difficult to observe unless a small amount 
i corrosion helps to make the slip lines stand out as in Fig. 8. After 
rge amounts of slip the identification of each active slip system be- 
comes difficult because of the distortion of the surface. But in all cases 
here some straight traces were present and a trace analysis could be 
performed in conjunction with a microbeam Laue x-ray orientation 
letermination, the active slip planes were found to be the basal {0001} 
nd prismatic {1010} planes. The wavyness of the slip traces at large 
strains 1s probably due to cross slip from prismatic to basal planes (7). 
[hese traces are similar in appearance to slip traces in body-centered 
ubic metals where generally many slip systems are operative simul- 
neously 
ggest that the lowering of the 
te of strain hardening and the resulting knee in the stress-strain 
rve occurs when the stress reaches a transition value at which the 


The metallographic observations sug 


formation changes from primarily basal slip to prismatic slip plus 

sal slip. 

lhe existence of such a transition stress can be rationalized in terms 

the high rates of strain hardening in the initial portion of the stress 
train curve where basal slip predominates and the low rates of strain 

irdening that are observed after prismatic slip becomes active. 

\n investigation on a small cylindrical single crystal of 14.5% 
ithium alloy showed that the <1120> slip direction is active in both 
basal and prismatic slip. This fact is also confirmed by observations of 
ross slip in many grains. 


The six mechanisms of slip on the {0001} and the (1010) planes in 
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the <2110> directions lead to only four components rather than t! 
required five components of strain that are necessary for a general di 
formation. This fact is most easily revealed by noting that the <211U0> 
directions can never result in an elongation in the direction of the . 
axis of the crystal. Perhaps the incidence of twinning is helpful in per 
mitting strains up to 12.2% in the 14.5 atomic percent lithium allo 
Obviously yet higher strains to fracture could be obtained if deforma 
tion could be induced to take place by some additional mechanis: 
having any slip direction [uv tw] where w is not zero. 

Furthermore these same arguments suggest that brittle behavi 
should be obtained for conditions where close-packed hexagonal meta 
exhibit pure prismatic slip. Consequently, the good ductility obtaine 
in the 14.5 atomic percent lithium alloys of magnesium at low temper 
atures is undoubtedly ascribable to the simultaneous action of bot! 
prismatic and basal slip. 

The number of twins observed in the specimens after unloading o1 
at fracture seemed to be independent of the lithium content but ck 
pendent on the maximum stress to which the specimen was subjected 
Thus when comparing specimens at the same strain, the high lithiu 
alloys seem to have fewer twins than the low lithium alloys because « 
the higher flow stress of the low lithium alloys at a given strain. Cor 
parison of specimens pulled to approximately the same flow str 
showed that the appearance and number of twins are apparently inde 
pendent of lithium content. Therefore, contrary to popular opinion, the 
availability of additional deformation mechanisms does not seem 1 
influence the occurrence of twinning in magnesium. 


4. Yield and Transition Sti 

In Fig. 9 is shown a plot of ors, the stress level at the knee of tl 
stress-strain curve where prismatic slip first becomes prevalent, as 
function of the atomic percent lithium in magnesium for four tempei 
atures. The points with question marks are somewhat unreliable 
the knees in the stress strain curves at these points were not well dc 
fined. At all temperatures below 295 °K an increase in lithium content 
lowered the stress for onset of general prismatic slip in an almost linea: 
manner. At room temperature a low value of transition stress seem¢ 
to have been reached at about 8 atomic percent lithium and no further: 
change was observed on increasing the lithium content. 

The yield strength for 0.01% e offset is roughly tripled by a smal 
addition of lithium; but with further increases in lithium content th: 
yield strength remained practically unchanged. In norma! solid solu 
tion hardening the yield strength would have increased almost linear! 
with alloy content. To explain the insensitivity of the yield strength ii 


magnesium to large lithium additions, one must consider that lithiu 


not only solution hardens magnesium but also reduces the shear stress 
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ecessary for local prismatic slip. This easier relief of local stress con 
centrations by prismatic slip seems to counteract the increased shea 
tress for basal slip due to solid solution hardening. Therefore, the yield 
trength of polycrystalline magnesium seems to be determined not only 
the critical shear stress of the primary basal slip mechanisms, but 
lso by the critical stress of the secondary prismatic mechanism. 
Che effect of lithium content on the ductility and fracture strength 
magnesium is shown in Fig. 10. The 2.6% lithium alloy shows 
irked decrease in ductility over pure magnesium and this trend 
ontinues to 4.4% lithium where the strain at fracture reaches a mint 
ium value. Further additions of lithium increase the ductility again 
incident with the onset of major amounts of prismatic slip. For the 


lithium alloys where prismatic slip is active at all temperatures 
ductility is almost independent of temperature. It is interesting to 

te that the ductility at 4 °K for the pure magnesium and low lithium 
lloys is higher than that at 78°K and at 195 °K. Metallographic 
minations on pure magnesium show a greater amount of localized 
prismatic slip at this low temperature than at the higher temperature 
tested. It can also be seen from Fig. 5 that the initial strain hardening 


te of magnesium is lower at 4 °KK than at 78 °K and about equal t 
' 


that at 195 °K, while the “prismatic slip strain hardening rate” at 4 °K 


higher than at any other temperature 


Most of the 14.5 atomic percent litl 1) alloy specimens exhibited 
sl 


arp drop in load before fracturing, indicating the onset of necking 
this alloy at all temperatures 
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The drop in fracture strength in the 4 to 8% lithium range sho 
in Fig. 10 is probably due to the presence of duplexed grain sizes 
these specimens. While the few large grains should not alter the sha; 
of the stress-strain curve appreciably, the low brittle fracture strenot 
of large grains (4) probably terminates the tensile tests premature! 
Several fracture stress values of tests performed on fine grained (0,025 
mm) 4.4 and 7.6% lithium specimens are included in Fig. 10 to illus 
trate the possible significance of this point. 


5. Effect of Grain Size 
In Fig. 11 a comparison is shown of the effect of grain size on t! 
flow and fracture stress of pure magnesium and a 14.5 atomic perce 


_—— — 7 —_—___——, 
295°K 240° I95°K I33°K 78°K 4.2°K 
% oO . Oo Vv re) 
€¢ @ « a + 
Dashed Symbols are for Grain 


) } Size 0.025mm Pe, 
4° 





10—Fracture Strength and Elongation Ver 
Atomic ‘ Lithium in Magnesium. Grair 


lithium alloy. The pure magnesium exhibits an independence of th 
brittle fracture stress on temperature. This behavior is also typical f 
the fracturing of such metals as zinc, iron and molybdenum. The on! 
point that deviates significantly from the fracture stress line of tl 
graph is that from a fine grain specimen at 295 °K which failed in 
ductile manner. In contrast the 14.5 atomic percent lithium alloy shov 
that the fracture strength and flow stress depend on grain size in 
similar way. This behavior is typical of ductile fracturing. Therefo1 
the hexagonal close packed magnesium which exhibits brittle behav: 
at low temperatures has been changed into an apparently ductile mat 
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ial through alloying with lithium as a result of introduction of the 


lditional prismatic slip mechanisms. 


0. Recovery of I ithiwuim | lovs 


The strain hardening that takes place in the 14.5 atomic percent 


ithium alloy at 78 °K is almost completely recoverable during a short 


nneal at elevated temperature. Fig. 12 shows the effect on the stress 
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strain curve of such an alloy when it is recovered periodically 

8 minutes at 300 °C (570 °F). No recrystallization was visible met 
lographically after these recovery treatments. After the initial recover 
following a 3.5% strain, the yield strength is raised about 3000 psi, | 
it then remains constant during subsequent cycles of stressing and ri 
covery. The rate of strain hardening, however, is increased slight! 
each consecutive cycle so that the stress-strain curves do not sup 
impose. While recovery in single crystals can eliminate the effects 
cold work, in polycrystalline material usually very little softening 
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Fig. 13—Effect of Lithium on Lattice Parameters and 
Ratio in Magnesium 


curs until the metal has recrystallized. The strain hardening whi 
accompanies prismatic slip in the polycrystalline Li-Mg alloy, howev« 
seems to be almost completely recoverable. This phenomenon is d 


cussed further in a later section of this report. 


7. Effect of Lithium on the Lattice Parameters of Magnesium 


The change in lattice constants as a function of lithium content 
temperature was studied in hope that it might reveal why lithium di 
solved in solid magnesium introduces prismatic slip. From Fig. 13 
can be seen that the “a” lattice parameter decreases linearly with i1 
crease in lithium content. The decrease in “a” is exactly what one woul 
expect from the difference in atomic radii between magnesium and tl 
somewhat smaller lithium atom. The calculated effect of atomic radi 
on “c” is shown as a dashed line in Fig. 13 and if the ‘ce’ parameter 
followed this line the c/a ratio would have remained constant. T! 
actual “c” value drops off much more steeply with lithium content and 
thus causes the c/a ratio to decrease with increase in lithium content 
A temperature change from 295 to 78 °K seems to have little effect o1 
the c/a ratio. 
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DISCUSSION 

The most interesting facet of this investigation centers about the 
transition from brittle to ductile low temperature fracturing of poly- 
ystalline magnesium upon alpha solid solution alloying with appro- 
priate amounts of lithium. This transition is easily rationalized in terms 
f the introduction of facile prismatic as well as basal slip upon alloying 
agnesium with lithium. As shown by Taylor at least five independent 
echanisms of slip are required for a general deformation which is 
ecessary in order to provide for continuity at the boundaries of ad- 
jacent dissimilarly oriented grains. Pure magnesium exhibits pri- 
arily basal slip and twinning with minor amounts of grain boundary 
shearing and very localized prismatic slip. Twinning cannot account 
for such deformation since its action is limited geometrically. And the 
small amounts of grain boundary shearing and localized prismatic 
slip that occur during low temperature deformation of high purity 
polycrystalline magnesium suggest that extremely high shear stresses 
ire required to initiate these deformation mechanisms. Furthermore, 
the three mechanisms of facile basal slip are coplanar and therefore 
provide only two independent deformation mechanisms. Under these 
conditions dislocations will pile up at the grain boundaries inasmuch 
as the adjacent dissimilarly oriented grains cannot deform in a suffi- 
iently general manner to permit accommodation of the slip steps at 
the boundary. Localized tensile stresses at the spurs of such pile-up 
irrays of dislocations can easily exceed the theoretical cohesive strength 
if the metal, causing brittle fracturing. 

Upon alpha solid solution alloying of magnesium with lithium, pris- 
matic slip becomes more facile and at higher lithium contents, both 


prismatic {1010} <2110> and basal {0001} <2110> slip occur si 


multaneously. The two types of slip lead to four of the five independent 


mechanisms of slip necessary for completely general accommodation of 
leformation at the grain boundaries. Undoubtedly some additional 
ccommodation of deformation at the grain boundaries is facilitated 

twinning leading to ductile fracturing of the higher lithium content 
magnesium alloys. 

\Ithough the transition from brittle to ductile low temperature frac- 
turing of magnesium upon solid solution alloying with lithium can be 
ascribed to the introduction of facile prismatic as well as basal slip, it 
is much more difficult to ascertain why lithium additions decrease the 
resistance to prismatic slip. Dislocations can move only under stresses 
that are sufficiently high to overcome the most difficult of the sequence 

{ processes they must undertake during their motion. It is not known 

priori for prismatic slip whether the most difficult process is (a) the 
ictivation of a Frank-Read source, (b) the motion of the dislocation 
r (c) the processes involved in the intersection of dislocations with 
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other dislocations threading the prismatic plane. A satisfactorily c 
plete analysis of each possibility will not be attempted here. Nevert! 
less it will prove interesting to attempt a brief qualitative discussio1 
the potentialities of each process as the controlling mechanism for pri 
matic slip. 

-xtremely high energies are required to initiate slip at a Frank-Read 
source. The energies involved are so great that only rarely could 
thermal fluctuation assist the applied stress in exciting a Frank-Re: 
source. Consequently, this process should be athermal, giving a fl 
stress that is practically independent of the temperature. But the « 
perimental results given in this report reveal that the flow stress 
prismatic slip increases rather rapidly with decreasing temperature it 
manner suggestive of a thermally activated process. For this reaso 
the controlling mechanism for prismatic slip is not believed to be t 
initiation of slip at a Frank-Read source. Undoubtedly, as simple « 
culations will reveal, Frank-Read sources of appropriate length o1 
prismatic planes will be easily activated under the applied stress 
used in this investigation. 

The jog energies resulting from intersection of a moving dislocatio1 
on the prismatic plane with a dislocation on the basal plane are the sai 
as the jog energies resulting from the intersection of a moving disloca 
tion on the basal plane with a dislocation on the prismatic plane. Cor 
sequently the absence of facile prismatic slip in high purity magnesiu 
is not believed to be due to higher intersection energies for dislocations 
moving on the prismatic planes. 

These arguments suggest that the limited prismatic slip in hig! 
purity magnesium might arise from a higher Peierls’ force necessat 
to move a dislocation in the prismatic as contrasted to the basal plane 
Unfortunately, the current theories for estimating the Peierls’ force for 
slip have been made only on a simple tetragonal lattice and have neg 
lected the possible effects of thermal fluctuations. Cottrell suggests that 


the stress necessary to move a dislocation through a simple tetragonal 
lattice at the absolute zero is given by 


o = 2G/(1 — v)e Equation 
where G shear modulus of elasticity 

v = Poisson’s ratio 

d = interplanar spacing 


b = Burger's vector 


For both basal and prismatic slip in magnesium the Burger’s vectors 
were observed to be in the theoretically expected <2110> closest 
packed directions. Consequently, both basal and prismatic Burger 
vectors are equal to the “a” lattice parameter. Whereas the basal plane 
dislocations can split into partials, simple geometric considerations 





gen 
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veal that the prismatic plane dislocations must remain complete. 
Obviously screw components of dislocations on the prismatic planes 
nal readily decompose into a pair of lower energy partials on the 
basal plane. This might in part account for the extensive prismatic- 


hasal-cross-slip observed in this investigation. 

Since the same Burger’s vector, b =a, applies to both basal and 
prismatic slip, only G, v and d control the active slip mechanism. If the 
possible roles of G and vy are relegated to a minor position, the operative 
slip mechanism should depend primarily on the interplanar spacing d. 
Obviously this factor is most significant because it appears in the ex 
ponential term of Equation 2. For the basal planes, d is equal to ¢/2, 
whereas for prismatic planes d equals \/3/2 a. Consequently, neglect 
ing other factors, basal slip should predominate when c/a>1.73 
vhereas prismatic slip should predominate at c/a<1.73. Actually 
prismatic slip does not become marked in Mg-Li alloy excepting for 
c/a<1.618. Undoubtedly this discrepancy between theory and fact 
will be resolved by a more accurate calculation of the Peierls’ force for 
the close-packed hexagonal system. 

In spite of its quantitative inaccuracies, Equation 2 is yet believed 
to give correct qualitative trends. Thus a reduction in the c/a axial 
ratio for the close packed hexagonal systems should promote a transi- 
tion from basal to prismatic slip. This general trend is verified by the 
experimental data from various sources assembled in Table III. 

These data show that the axial ratio for pure magnesium is just 
slightly above that necessary to induce initiation of prismatic slip. Con- 


Table Ill 
Correlation of Slip Mechanisms with Axial Ratios 


Active Slip Mechanisms 
t Room Temperature 


0001) 
0001) 
0001) 
0001) and (1010) 
0001) and (1010 
0001) and (1010) 
1010) and (0001) 


sequently the conclusion appears justified that prismatic slip is intro 
duced when magnesium is alloyed with sufficient amounts of lithium, 
because lithium reduces the c/a ratio 
Busk (8) found in an extensive survey that most solid solution alloy 

ing elements increased the axial ratio of magnesium. The few alloying 
elements that decreased the c/a ratio were lithium, silver, gold, cerium, 
ind palladium. With the exception of lithiu 

have such limited solubility that only minor decreases in c/a can be 
effected by them. Consequently, lithium assumes a rather unique posi- 
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tion among the alloying elements for magnesium because it alone 
pears to provide sufficient reduction in the c/a ratio to permit extensi 
prismatic slip. 

The final question now concerns why lithium additions to magn 
sium cause a reduction in the c/a ratio. Hauser (9) has demonstrat 
that Brillouin zone theory suggests that lithium additions to magnesiu 
should cause the c/a ratio to increase. Consequently the reasons 
the reduction in c/a ratio of magnesium with lithium additions must 
be based on further advances in the theory of metallic bonding. 

The discontinuous stress-strain curve at 295°K for the 14.5 
Li-Mg alloy is probably due to a strain aging phenomenon. Cottre! 
widely accepted theory (10) assumes that strain aging is due to th 
pinning of dislocations by impurity atoms. The applied stress teat 
the dislocations free from their anchoring atmosphere, causing a yiel: 
ing of the specimen. If the temperature and strain rate are appropriat 
the impurities will diffuse at just the right rate to reanchor other dis 
locations causing a series of jerks in the stress-strain curve. 

While strain aging can be visualized to occur at 295 °K, the dif 
fusivity at 4°K would be too low to permit strain aging. Many othe: 
metals show a discontinuous stress strain curve at 4°K (11) and s 
the phenomenon seems to be associated with extremely low temper 
ature and not with any particular alloy. While some observers have 
noted discontinuities in “pure’’ metals at low temperatures, the pur 
magnesium in the present investigation showed an almost smoot! 
stress-strain curve while successively higher lithium contents caused 
systematic increases in the magnitude of the discontinuities. In eacl 
specimen the magnitude of the strain jumps and drops in stress in 
creased as the stress increased. Near the maximum stress the strain 
per jump of the high lithium specimens was of the order of 0.2% 
This large elongation would rule out the possibility of twins causit 
the discontinuities as has been suggested by Wessel (11). In addition 
no unusual twins were observed metallographically after testing at 
4 °K in the present investigation. 

The thermal instability or thermal spike theory proposed by Zener 
and Hollomon (12) has also been presented to explain the low temper 
ature jumps in the stress-strain curve. This theory assumes that durin 
localized slip a large surrounding volume is heated up because of th 
low specific heat of metals at very low temperatures. The volume o/ 
heated metal would have a lower flow stress and deform. The resultin 
elongation of the specimen releases some of the elastic energy storé 
in the system and lowers the applied stress. This lowering of stress 
stops further deformation until the constant cross-head movement o 
the tensile machine builds up the stress to a level slightly higher thar 
the previous strain hardened state and a new jump in strain occurs 

However, it is difficult to rationalize the smooth stress-strain curvé 


] 
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that was obtained on pure magnesium at 4°K, on the basis of this 
theory and simple calculations reveal that the increase in temperature 
is insufficient to be effective in causing the observed discontinuous 
vielding. It appears more probable that the 4 °K discontinuous yield- 
ing arises from unleashing avalanches of dislocations through the ac- 
tion of the stress alone. Undoubtedly additional investigations will be 
required to completely rationalize the existence of serrated stress-strain 
curves at 4°K. 

Many observers have shown that the rate of strain hardening of 
single crystals of magnesium deformed in simple shear is very low. 
[he limited number of deformation mechanisms and the resulting in- 

bility to accommodate slip in adjacent grains seem to be the cause for 

the high strain hardening rate in polycrystalline magnesium. Thus it 
is not surprising that the addition of more slip mechanisms decreases 
the rate of strain hardening of the aggregate. The rate of strain harden 
ing on prismatic slip planes could also be lower than that on basal 
planes, decreasing the total strain hardening rate observed still further. 
The fact that a large amount of cold working in the 14.5% lithium al- 
loy can be removed by recovery (Fig. 12) indicates that the work 
hardening on prismatic slip planes differs from the usual work harden- 
ing in polycrystalline metals. 

Multiple or turbulent slip, is usually associated with unrecoverable 
work hardening. During prismatic slip in hexagonal metals the Burgers 
vectors of two intersecting prismatic slip dislocations add up to form a 
dislocation with the Burgers vector in the third prismatic plane. Thus 
intersecting prismatic slip should not show the usual high rates of work 
hardening associated with turbulent slip. The ease with which the 
prismatic work hardening in the lithium alloys is recoverable seems 
to indicate that only a small amount of “entangling” takes place during 
prismatic slip. The unrecoverable portion of work hardening in Fig. 12 
is probably due to intersections of basal and prismatic slip which would 
be true turbulent slip. 

In a previous investigation, it was demonstrated that coarse-grained 
high purity magnesium fractured in a brittle manner over the temper- 
ture range from just below atmospheric temperature to 78 °K. In 
the present investigation the same coarse-grained pure magnesium 
exhibited a ductile fracture following 5.7% elongation at 4°K. Metal- 
lographic examination reveals extensive prismatic slip as well as basal 


slip at 4°K whereas from 78 °K to just below atmospheric temper- 
itures slip occurred almost exclusively by means of the basal mechan- 
ism. Consequently the transition from brittle to ductile fracturing of 
polycrystalline magnesium upon lowering the test temperature from 
78 to 4°K can be ascribed to the introduction of prismatic in addition 
to basal slip. The reason for the introduction of prismatic slip in this 
instance, however, is not known. 
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It is significant, however, to note that the ductile fracturing at 
occurred at a stress of 32,000 psi which was well above the constant 
brittle fracture stress of 22,000 that applied over the range from 298 t 
78 °K. The brittle fracturing of magnesium was completely rational 
ized in a previous report in terms of Stroh’s analysis for the stresses at 


the spur of dislocation arrays piled up against the grain boundar 
brittle fracturing being assumed to occur at the constant applied stres 
which promotes a localized stress at the spur of the dislocation arra 
just in excess of the theoretical cohesive strength of the metal. It i 
therefore reasonable to believe that when the applied stress at 4°K 
reaches the brittle fracture stress, local cohesive fracturing will occur 
because dislocation arrays similar to those which led to brittle fractu 
ing at 78 °K will have been produced. Evidently such cracks do not 
grow catastrophically because of the high energy absorption due to the 
operation of prismatic as well as basal slip during the spreading of the 
crack. Under these conditions cracks introduced as a result of cohesive 
rupturing will grow slowly with additional straining until the Griffitl 
Orowan condition for fracturing is reached, whereupon catastrophi 
separation of the specimen will take place. The observation that tl 
cracks in the near vicinity of the major fracture were not more that 
one or two grains in diameter following brittle fracturing at 78 °K 
whereas the cracks were 8 to 10 grains long following ductile fractu 
ing at 4 °K, lend partial support to this hypothesis. In general, h 
ever, the above observations suggest that Stroh’s analysis for brittl 
fracturing is directly applicable only to those cases where the cr 
can propagate without excessive absorption of plastic strain energy 
CONCLUSIONS 

1. When magnesium is alloyed with mercury, aluminum and silver 
the transition temperature for ductile to brittle fracturing is decreased 

2. Solid solution additions of lithium increase the low temperatur: 
ductility of magnesium. 

3. Large amounts of lithium in magnesium solid solutions decreas 
the rate of strain hardening in the alloy to such an extent that the 
higher lithium content alloys have lower stress strain curves than put 
magnesium. 

4. While pure magnesium fails in a brittle manner between 78 and 
298 °K with fracture strengths that are independent of temperatur: 
the high lithium content magnesium alloys fail in a ductile mamner 
all temperatures, exhibiting localized necking and a marked influence 
of temperature on the fracture strength. 

5. The increase of ductility and decrease of strain hardening rate it 
the Li-Mg alloys seems to be associated with the introduction of pris 
matic slip {1010} <1120> in addition to basal {0001} <1120> slip 

6. The addition of lithium to magnesium decreases the c/a ratio i 
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e hexagonal lattice and this decrease in ratio seems to be associated 
ith the introduction of the prismatic slip system. 
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DISCUSSION 


Written Discussion: By G. W. Pearsall, Physical Metallurgy Section, Metal 
urgical Laboratory, The Dow Chemical Company, Midland, Michigan. 

The authors have presented some interesting results concerning the deformation 
nechanisms operative in solid solutions of lithium in magnesium. The preferred 
rientation of an extruded binary magnesium alloy containing 14.8 atomic % 
lithium has been investigated in our laboratory, and the results correlate well with 
the authors’ observations of the importance of nonbasal slip in such an alloy. Our 
material was extruded at 800 °F (425°C) in the form of 1%4 X % inch strip and 
its preferred orientation was determined using a Norelco x-ray spectrometer 
nodified for use with the Schulz surface-reflection technique.* The basal pole 


* L. G. Schulz, “A Direct Method of Determining Preferred Orientation of a Flat Reflection 
nple Using a Geiger Counter X-ray Spectrometer,’ irnal of Applied Physics, Vol. 20, 
p. 1030 
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14—(0002) Pole Figure for Mg-14.8 At% Li 
Alloy As-Extruded 


Fig. 15—(0002) Pole Figure for Extruded Mg-14.8 
At% Li Alloy After Cold Rolling 70% 


figure of the extruded strip is shown in Fig. 14. It consists of two maximum b: 


pole densities rotated from the normal to the extrusion surface in the transver 


rection ; this is in contrast to the preferred orientation of most wrought magne 
alloys where the basal pole maxima are rotated in the longitudinal direction. The 
pole figure of the magnesium-lithium alloy resembles those observed for wrou 
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titanium, zirconium and beryllium in which nonbasal slip is known to be an impor 
nt deformation mechanism. Williams and Eppelsheimer ** have concluded that 

e simultaneous operation of nonbasal and basal slip during the rolling of titanium 

ill rotate the basal poles into the transverse direction. Likewise, the authors’ 
bservations of pronounced prismatic slip together with basal slip in magnesium- 
ithium alloys may help explain the transverse spread of the basal pole maxima 
bserved in our alloys. It is also interesting to note that after the extruded strip 

id been cold-rolled 70%, the preferred orientation changed to that shown in 
Fig. 15. 

Written Discussion: By A. Moore and A. J. Martin, United Kingdom Atomic 
Energy Authority, Atomic Weapons Research Establishment, Aldermaston, 
Berkshire, England. 

We should like to congratulate the authors on an extremely interesting and 
lucid paper. We observe that the theory is advanced that decreasing the c/a ratio 

hexagonal close packed metals appears to favor prismatic slip. This is true 

the case of the metals magnesium, magnesium/lithium, titanium and possibly 
rconium; but, in contrast, beryllium, which has the smallest axial ratio of all, 
leforms preferentially by basal slip. In fact the critical resolved shear stress for 
lip on the prismatic plane is about five times that for basal slip at room tempera- 

(G. L. Tuer and A. R. Kaufmann, “The Metal Beryllium,” p. 383). Would 
the authors like to comment on this? 


Authors’ Reply 
[he authors were most pleased to receive Dr. Pearsall’s observations agreeing 


vith both their results and conclusions. It seems certain that prismatic slip con 
ributes significantly to the deformation of the 14.8 atomic % lithium-magnesium 
illoy during high temperature extrusion as well as during the tensile deformation 
it lower temperatures investigated here. 
The authors wish to thank Messrs. Moore and Martin for their comments on 
which appears to present somewhat of an except 


ion to the usual rule that the 
transition from basal to prismatic is dependent on the c/a ratio. First, the authors 
hould state that the theoretical justification for this rule is based on the hypothesis 
that deformation is controlled by the Peierls’ mechanism. When other processes 

ntrol slip this rule need not necessarily apply. Secondly, the crude rule neglects 
the effect of the anisotropy of the shear modulus of elasticity which enters Peierls’ 
equation. Furthermore, other factors such as those dictated by changes in ele 
tronic energy states during the motion of a dislocation might prove significant. In 
this light the c/a rule can only be used as an important guide and should not be 
ipplied to the exclusion of other considerations 


** D. N. Williar ind eopelsheimer. “Origir 
re Vol. 1 uly » 146 
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SOME PROPERTIES OF URANIUM-LOW 
TITANIUM ALLOYS 


By Dantet J. Murpry 


Abstract 

Titanium additions over the range 0.1 to 1.5 wt.% havi 
been investigated for improvement in mechanical properties 
and corrosion resistance over those of unalloyed uranium 
The effects on microstructure of various heat treatments 
and cooling rates have been correlated with mechanical 
properties. Observations show that increasing amounts of 
titanium increase strength, hardness, and resistance to cor 
rosion but decrease ductility and impact strength. Heat 
treatment makes the trend more pronounced except in th 
case of the fast cooling rate of a water quench for which 
good impact strength and ductility, as well as improved 
tensile properties, are observed up tol wt.% titanium con 
tent. Corrosion tests in moist air show a 10 to 25 fold in 
crease im corrosion resistance depending upon titanium 
content. (ASM International Classification Q general, R 
general, 2-14; U, Ti) 


INTRODUCTION 

HE INCREASING USE of uranium in the atomic energy fiel 

makes it important that there be made available uranium-bas¢ 
alloys having tensile, impact and corrosion properties superior to thos¢ 
of uranium itself. For maximum usefulness in such applications, thes¢ 
alloys should have minimum dilution of uranium by alloying elements 
and the alloying elements used should, if possible, have appropriat 
neutron cross sections. Further, in addition to having superior m«¢ 
chanical and corrosion properties, it is desirable that these alloys be 
easily prepared and formed by melting, casting, mechanical methods 
and standard machining operations, that their properties be controllabl. 
by metallurgical treatment, and that, in their final conditions, they 
be stable both in dimensions and in properties. 


OBJECTIVI 


The objective of this investigation was to explore the possibilities 
! s | 


Work done under the auspices of the Atomic Energy Commission 


\ paper presented before the Thirty-Ninth Annual Convention of the Societ 
held in Chicago, November 4-8, 1957. The author, Daniel J. Murphy, is profess 
Department of Metallurgy, University of Arizona, Tucson; was formerly 
staff member of Los Alamos Scientific Laboratory, Los Alamos, New Mexi 
Manuscript received December 21, 1956. 


884 





URANIUM-TITANIUM ALLOYS 885 


proving the mechanical properties of uranium and its resistance 

} corrosion by small additions of titanium 

More specifically, its intent was to determine and evaluate the prop- 
erties of such alloys which might have useful applications and in par- 
ticular to establish the conditions of composition and metallurgical 
treatment which would give to them their optimum properties for such 
ipplications. 


Previous Work 

From the published results of a very limited amount of work done 

t other laboratories it appeared that desired requirements might be 
satisfied by certain binary uranium-titanium alloys having relatively 
low contents of titanium. 

Investigations of phase relations in uranium-titanium alloys have 
led to the publication of constitutional diagrams by Battelle Memorial 
Institute (1)! and by the Research Laboratories of the Associated 
Electrical Industries Ltd, in England (2). These are reproduced in 
Figs. 1 and 2. While in general agreement, these diagrams differ in 
several respects in the low titanium region, and these differences will 
be referred to later in the paper. 

Limited data concerning mechanical properties have shown that very 
small additions of titanium to uranium effected improvement in both 
its tensile strength and ductility. These improvements, while not spec- 
tacular, were significant, especially since they resulted from a very 
small alloying addition and a completely arbitrary heat treatment. They 
indicated that it may be reasonable to expect that the means for a sub- 
stantial further improvement in properties might present itself when 
the general effects of alloy composition and heat treatment have been 
established by systematic investigation of these variables. 

[he results of corrosion test data on alloys made up of a wide assort- 
ment of alloying element additions to uranium have shown that rela- 
tively small titanium additions impart to uranium an appreciable degree 
of resistance to atmospheric corrosion. 

With regard to castability, until recently there had been difficulty 
in preparing titanium alloys with predictable titanium contents and 
even a reasonable degree of homogeneity. This difficulty has been over- 
come, however, and the techniques now exist for making reasonably 
large castings of these alloys with excellent recovery of titanium and 


remarkably high degree of homogeneity in the alloy content. 


There appears to be little information available concerning the form- 
ing properties of uranium-low titanium alloys. No particular difficulty 
has been reported on forging and rolling these alloys except at composi- 
tions in the vicinity of the intermetallic compound U.Ti (33 atomic % 
titanium) where the alloys were very brittle 


1 The figures appearing in parentheses pertain to the references appended to this paper. 
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EXPERIMENTAL PROCEDUR! 
General—In the course of the investigation the following propert 
and characteristics were of interest: 
a) Castability: While no foundry experimentation as such was c 
templated, foundry procedures were observed in the preparation 
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samples. All ingots were examined for titanium recovery, freedom from 


segregation, soundness and quality of surface. 

b) Tensile Properties: A major aim of the program has been to de- 
ermine the tensile properties of a series of uranium-low titanium alloys 

ter a variety of heat treatments. Tensile properties measured were 
ultimate strength, yield strength, elongation, reduction of area, and 
elastic modulus. A minimum of three tensile bars was tested for each 
condition to insure that the data obtained were reasonably represent- 
live. 

c) Impact Properties: Notched-bar impact resistance was deter- 
mined for each alloy in each condition, using the standard Charpy 
y-notch specimen with a 60 ft-lbs load. A minimum of three Charpy 
bars was tested for each condition to insure that the data obtained were 
reasonably representative. 

d) Hardness: Hardness measurements were made on all alloys in 
ill conditions of heat treatment, as a rapid and convenient means for 
evaluating various heat- and precipitation-hardening treatments, and 
as a basis for correlating the properties of various alloys in various 
conditions. 

e) Microstructure: Microstructures were examined throughout the 
investigation to determine the phases present and the phase distribu- 
tion in each alloy after each treatment, and to correlate the structure of 
each alloy with its observed properties. Photomicrographs were made of 
representative or significant microstructures. 

f) Phase Identification : Identifications of phases present were veri- 
fied by x-ray diffraction methods where appropriate. 

g) Resistance to Corrosion: Specimens from representative samples 
were submitted to an atmospheric corrosion test in an environment of 
50% relative humidity air at 75 °C for periods up to 2000 hours. 

Specific Handling of Material—Five castings, 134, K 7% X 10% 
inches in size and weighing approximately 33 kilograms each were 
made of high purity uranium containing the following nominal addi- 
tions of titanium: 0.1, 0.2, 0.5, 1.0, 1.5 weight %. The corresponding 
specific analyses of these castings were respectively: 0.09, 0.18, 0.53, 
0.95, and 1.40% titanium by weight, and these figures will be referred 
to frequently in the following sections. Impurity contents of the order 
of 65 ppm carbon, 70 ppm iron, 45 ppm aluminum, 50 ppm nickel, 85 
ppm silicon, and much smaller amounts of other elements were also 
present. The size of the castings was determined by the account of 
material required to provide sufficient tensile and impact test bars and 
ther selected pieces for later investigations. Ingots were radiographed 

r soundness and chemically analyzed for homogeneity of composition. 

Tensile, impact and hardness data were obtained for each of the 

ve compositions in the as-cast condition. The broken segments of 
Charpy bars were sectioned into samples for observation of micro- 
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structure, x-ray analysis, and experimental heat treatment and pre: 
tation hardening studies. Heat treatments were carried out in 
furnaces in vacua of the order of 0.1 micron. Precipitation harder: 
heat treatments of short duration were given in a lead bath and the 
longer duration treatments were conducted in evacuated tube furnaces 


RESULTS 
Microstructure 

a) As-cast: In the microstructures of the five alloys in their as 
condition, as shown in Figs. 3 and 4, the presence of the titanium a 
tions is increasingly apparent as the alloy composition increases 

In the photomicrograph of the 0.09 weight % titanium alloy 
structure is typical of that of unalloyed uranium—single-phase, dup! 
grains, twins, and the usual amount of inclusions. The small amount 
of titanium in the alloy appears to be completely dissolved in s¢ 
solution a-uranium. 

The increased amount of titanium in the 0.18 weight % alloy is quit 
apparent in its microstructure as particles, believed to be the inter 
metallic compound Ue2Ti, dispersed in an interdendritic pattern 

rhe further increase in titanium content to 0.30 weight % emp! 
sizes this pattern in the microstructure. 

\t a level of 0.53 weight % titanium, the presence of titanium in tl 
microstructure is still more pronounced, and more so at 0.95 weight 
and 1.40 weight %, where, in the latter case the structure is strong 
eutectoidal in character. 

b) After Heat Treatment: The effects on the microstructure of he 
treatments in the a, 8, and y regions of temperature are shown in Fig 

Little if any effect is apparent from a long heating period at 625 ° 
(1155 °F) in the a-region of temperatures and the structure shows 1 
change from that as cast. 

The result of heating at 725 °C (1335 °F) in the £-region of ter 
perature is a 2-phase structure in which an agglomeration of Us7 
spheroidal form is evident. 

Treatment at 800°C (1470 °F) in the y-region of temperatur: 
sults in the acicular structure typical of martensitic a-uranium. In tl 
case, the white slivers are interpreted to be uranium supersatur 
with titanium in a darker mottled matrix, unresolvable microscopi: 
though apparently two-phase. 

c) Upon Cooling at Different Rates: The effects on the microstt 


ture of cooling at various rates from the a-temperature range for 
typical alloy composition containing 0.53 weight % titanium are sh: 
in Fig. 6. 

The furnace-cooled structure is similar to the as-cast structure, 
which the original cooling rate in the casting furnace was about 
same. 
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Fig. 3—Microstructures of U-Ti Alloys, As-cast. x ). (a) 0.09 weight %; (b) 


weight %; (c) 0.53 weight %; (d) 0.95 weight %; (e) 1.40 weight % 








TRANSACTIONS 


Fig. 4—Microstructures of 0.09, 0.18 and 0.30 weight % Ti Alloys, As-cast. Showi 

interdendritic structure above 0.09 weight % Ti. (a and d: 0.09 weight % at * 200 ar 

x 500.) (b and e: 0.18 weight % at X 200 and x 500.) (c and f weight % at 
x 200 and xX 500.) 





9 

» LAB hj 
Sons 

Microstructures of 0.53 weight % Alloy, Treated at a, 8, and y-Tem 

ures. (a) As-cast; (b fter 7 ours at 625 furnace cooled; (c) after 4 hours 


it 725 °C, water-quenched; (d) after 4 hours at 8 , water-quenched 200 


Che fast cooling rate of the water quench results in the acicular 


ructure typical of martensitic a-uranium. 
Che slower cooling rates of the oil quench and air cool do not appear 


be fast enough to entirely suppress the transformation of y-uranium 


other phases by the usual nucleation and growth type of phase trans 
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6—Microstructures of 0.53 weight % Ti Alloy, Showing Effect of Cooling Rat 
" As-cast; (b) furnmace-cooled; (c) air-cooled; (d) oil-quenched; (e) water-quenche 
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formation mechanism. The acicular structure of martensitic a-ur 
is still in evidence in the structures resulting from both oil quence! 
air cool, though in lesser proportion at the slower cooling rate 
Similar effects on the microstructure result in the case of th 
weight % titanium alloy, for which a corresponding set of photon 
graphs is shown in Fig. 7. The greater amount of the white sli 
which appear in the microstructure, particularly after the oil que 
may be accounted for by the increased titanium content. 


MECHANICAL PROPERTIES 


Mechanical test results for each of the five compositions are 
in Fig. 8. The tests were conducted at room temperature on matet 
which had been cooled at various rates from the y-region of tempet 
tures. Though the superposition of curves introduces several diffet 
scales on the ordinate axis, the composite plot affords a useful « 
parison of properties. 

In the as-cast condition, it is evident that increasing amounts 
titanium increase tensile strength, yield strength, and hardness, 
decrease elongation and impact strength. 

This trend becomes more pronounced upon heat treatment, evident 
in the increased upward slope of the tensile, yield, and hardness curve 
The elongation and impact curves, however, show notable excepti 

a) Elongation is increased by the heat treatment and the increas 
sustained at the faster cooling rates up to at least 0.5 weight % titaniu: 

b) Impact strength is lost in every cooling rate except the water 
quench. 

c) In the case of the water quench, a distinct plateau, extending 


, 


to 1.0 weight % titanium, shows up in the curves for elongation 


impact strength at very promising values of 20% elongation and 


ft-lbs of impact strength. 

A different assortment of the curves shown in Fig 
Fig. 9. This arrangement accentuates the comparison of the preced 
figure. It shows quite plainly that heat treatment improves these all 
for the “as-cast” curve is in lowest position in almost every cas‘ 
greater benefit from the faster cooling rates is also very apparent, 
these curves are in the uppermost position in every case. Particul 
apparent in this plot is the sustained increase in elongation and i 
strength produced by the water quench. 


CorRROSION RESISTANCI 


1 


An indication of the improvement in the resistance to corrosi 
uranium which may be obtained by small additions of titanium is shi 
in Fig. 10. From these curves it appears that the greater the titani 


content, the greater is the improvement obtained. However, an add 
as low as 0.1 weight % results in a 10-fold improvement. A y-qu 
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heat treatment gives evidence of improving the corrosion resistance stil] 
irther over the as-cast condition. 


PRECIPITATION HARDENING 


The sustained retention of ductility in the y water-quenched alloys 
ndicated promise for increasing the tensile and yield strengths without 
acrifice of ductility, particularly in the case of the 0.1 and 0.2 weight % 





TRANSACTIONS OF THE ASM 





Impact Strength 














o vt O N © ¢ 
uN NWN = 

(91-44) YDSON-A Adsoyy 
ysGuasySs joodw 


oO O i) 
oOo m 


ve) 
a 
0 


OO! ‘ys6uassS pla, 





= 


As-Cast 
longation 


Fc 


Tensile Strength 

















of 


Test Results 


Conducted at 
Room Temperature 
Ti Alloys 


ompar son 


Mechanical 
U- 


Hardness 
U-Ti Alloys 


Furnace 








2) 2) oO 2) 
Te) oO o oO 
+ + MM 
poo} 6¥ Ol- Hdd S4ayHdIA 
SSaUPJOH 


550[~ TT 
0O 


5 


alloys which exhibited values not much above those of unalloyed ura 
nium, by a precipitation hardening treatment. 

In an early phase of the investigation observations had been made of 
the effect of a series of precipitation hardening treatments on an alloy 
containing 3.0 weight % titanium. This alloy showed typical precipita 
tion hardening behavior over a range of temperatures. Very high peak 
hardness, of the order of 550 to 600 Vickers DPH, were obtained after 
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sing periods of less than 1 hour at moderate aging temperatures of the 
rder of 450 to 500 °C (840-930 °F). 
This very positive aging response in an alloy of relatively high ti- 
nium content suggested that a more useful response might be obtained 
in material containing less titanium. Precipitation hardening treatments 


arried out on alloys containing 0.1 and 0.2 weight % titanium, how- 


ver, produced but very slight response to the treatment. Maximum 
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Fig. 10—Corrosion Resistance Curve 


hardnesses under 250 and 300 DPH, respectively, resulted after some 
+ to 8 hours of aging at 500 °C (930 °F), representing an increase in 
hardness number of less than 50 in each case. More significant, however, 
was a distinct loss in ductility and impact strength accompanied by but 


a very small increase in tensile and yield strengths. 
DiscussION OF RESULTS 

Mechanical Properties and Corrosion Resistance. The results ob- 
tained indicate that the mechanical properties and corrosion resistance 
of uranium can be improved by small additions of titanium. From the 
test values obtained it appears that the optimum addition is about 0.5 
veight % titanium, for this amount effects substantial all-around im 
provement in mechanical properties in the resulting alloy in the y water- 
juenched condition, as shown in Fig. 9, and in the following tabulation 


which compares these properties with those of unalloyed uranium. 
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Tabulation 


Unalloyed 
Uranium 
Property As-Cast quen he 
Ultimate tensile strength (psi) 67,000 160,000 
Yield Strength (psi) 26,000 69.000 
Hardness, (DPH-10 Kg, 
Elongation in 1” (%) 
Reduction in area (%) 
Impact strength (Charpy V-notch) (ft-lbs) 
Corrosion resistance in 50% R. H. air 
at 75°C (Merit Ratio) ** 
\verage of three tests 


. . t vai ( F “1 ) 
* Merit Ratio (1000 hrs) — Vt ain (unalloyed 


Wet gain (alloyed) 


The above comparison of values shows a 2 to 3-fold improvement 
in tensile and yield strength over unalloyed uranium. Ductility 
doubled and no reduction in impact strength is sustained. A 25-fold in 
provement in resistance to corrosion is indicated. 

It is to be noted, however, that the mechanical tests were conducted 
room temperature. The temperature dependence of mechanical proj 
erties which has been displayed by uranium containing small additions 
of other elements may very likely apply in the case of titanium. A sys 
tematic determination of mechanical properties over a useful range of 


temperatures below and above room temperature would therefore b 


necessary to afford a more complete picture of the behavior of this alloy 


composition. 

The improved properties tabulated above are associated with the 
retention of distorted a-uranium containing a supersaturation of ti 
tanium in solid solution. Such a structure is not formed or retained at 
slower cooling rates and it may therefore be expected to appear only i 
relatively shallow sections upon quenching. Its retention in thick se 
tions through suppression of the transformation to undistorted 
a-uranium, perhaps by means of additions of other elements, would 
serve a useful purpose if by this means the improved properties could b 
obtained at a slower cooling rate. 


Constitutional Diagrain 
While it was not a purpose of this investigation to confirm values it 
the constitutional diagram, certain microstructural observations in 
dicated : 
a. That the B-field may not extend to 4 atomic % titanium. 
b. That the solid solubility of a-uranium for titanium is not as 
great as 4 atomic %, but instead appears to be between 0.5 and 
1.0 atomic % titanium. 


. 
t 


Reference to the photomicrographs of Fig. 4 for 0.09 and 0.18 weigh 
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(0.5 and 1.0 atomic %) titanium shows that an addition of 0.09 
veight % titanium is not perceptible in the microstructure and gives 
indication that this small amount of titanium is contained in solid solu- 
tion in a-uranium. An addition of 0.18 weight % titanium, on the other 
hand, shows up in the form of particles, probably of the intermetallic 
compound U.2Ti, dispersed in an interdendritic pattern, Heat treatment 
nd quench from 625 °C (1155 °F) in the a-temperature range pro- 
luced similar structures, indicating that 0.5 atomic % titanium will 
lissolve but that 1.0 atomic % will not dissolve, and that the solubility 
f titanium lies between 0.5 and 1.0 atomic %, rather than 4.0 atomic % 
is shown in the constitutional diagram in Fig. 2. 

Reference to the photomicrographs of Fig. 5, which show the result 
f heating a 0.53 weight % (2.5 atomic % ) alloy at 725 °C (1335 °F) 

be a 2-phase structure, indicates that the single phase B-field may 
not extend to as great a titanium content as 2.5%, whereas one of the 


constitutional diagrams of Fig. 2 shows it to extend to 4 atomic %. 


Precipitation Hardening 


Precipitation hardening, as a means for strengthening low titanium 


alloys of uranium without sacrifice of ductility or impact strength, does 
not appear to offer much promise. While the alloys respond to the 
ging process, the improvement in strength properties is accompanied 
hy a falling off in ductility and impact strength to a considerable degree, 


neutralizing in effect the improvement sought. 


CONCLUSIONS 

This investigation has shown that : 

a. Small additions of titanium to uranium improve its mechanical 
properties and resistance to corrosion. 

b. The range in which useful improvement is obtained lies between 
0.1 and 1.5 weight % titanium addition. Below this range, properties 
are essentially those of unalloyed uranium; above it, high strength is 
wccompanied by brittleness, low ductility, and low impact strength. 

c. The mechanical properties of alloys of uranium containing small 
ulditions of titanium are very dependent upon the rate of cooling ap- 
plied after a heat treatment in the y-region of temperature. 

d. Optimum mechanical properties—tensile and yield strength, duc- 
tility, and impact strength—are obtained from additions of 0.5 to 1.0 
weight % titanium, in y water-quenched condition. 

e. The solid solubility of a-uranium for titanium is in the range of 
0.5 to 1.0 atomic %, rather than 4 atomic % as reported in recent con- 
stitutional diagrams. 

f. The extent of the B-uranium phase field is less than 2.5 atomic % 
titanium, rather than 4 atomic % as reported in recent constitutional 


diagrams. 
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g,. Precipitation hardening treatments improve tensile and yir 
strengths of uranium containing small additions of titanium but decre: 
sharply its ductility and impact strength. 
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DISCUSSION 


Written Discussion: By David L. Douglass, Battelle Memorial Institut 
lumbus, Ohio. 

It was very gratifying to see the results of Professor Murphy’s research and t 
compare them with results obtained in similar research performed by this writ 
at Battelle. We agree that the published phase diagrams appear to be errone 
Work has been in progress at Battelle on the uranium-rich end of the U-Ti s) 
tem for some time, and the results of the study will probably be published 
a few months 

Both hardness and tensile data have been obtained on quenched specimens t 
were similar in composition to the alloys used by Murphy. Murphy’s data is cor 
pared with the Battelle data in Figs. 11 and 12. The Battelle specimens were bot 
harder and stronger than the specimens reported by Murphy. In addition, t 
Battelle data displays a distinct plateau beyond about 0.4 weight % titanium i 
the case of both hardness and strength. 

The writer can suggest two possible reasons for the apparent discrepancy 
values. First, it has been observed that heating to as little as 150°C (300°F) w 
cause softening of martensitic specimens of this composition range.* For examy 
a uranium-0.94 weight % titanium alloy quenched from 800°C (1470°F) d 
creased in hardness from 470 te 425 DPH by mounting in Bakelite at 150 °( 
(300 °F). Therefore, hardness specimens should not be mounted in Bakelit 
Were the author’s hardness specimens mounted or unmounted: and if mounted 
was a room temperature setting resin used? Second, the sample size affects t! 
quenching rate. Large specimens may be soft and of low strength because tl 
critical cooling velocity was not exceeded. The Battelle procedure was to quenct 


* D. L. Douglass and i. L y Marsh, Jr., “The Effect of Heat Treatment on the Hardness at 
Microstructure of Uranium-Titanium Alloys,” to be published, Journal of Metals, 1957 
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inch diameter specimens in water after 5 hours at 800 °C (1470 °F). It appeared 

m subsequent metallographic examination that all the specimens were com 

letely martensitic throughout the cross section. Was there something about the 
itl eat treatment that might have permitted some softer decomposition 
«duct to be present in the quenched specimens 


Professor Murphy showed the microstructure of an alloy containing 0.53 weight 
J ) g 


titanium quenched from 725°C (1335°F) and stated that the structure con 
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Fig. 13—Uranium 0.43 weight % (2.1 Atomic %) Titanium Alloy 
Quenched from 730 °C (1345 °F), Gamma Plus Beta Region 50 


Fig. 14—Microstructures of “Slack-Quenched” Alloys, Showing Nodular Growth Products 


x 500. (a) 3.7 atomic % Ti, 0.76 weight %; (b) 5.7 atomic % Ti, 1.2 weight %. 
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| of dispersed U:Ti in a matrix which had transformed during quenching 


rding to both phase diagrams this alloy was in the beta plus gamma region 
should show a structure of martensite (formed from the gamma) and alpha 


rmed from the beta) as shown in Fig. 13. Any U.Ti which formed would be 
500. Can the author explain this? 


fine and hardly resolvable at 
lhe last point is the effect of cooling rate on the transformation of gamma. Pro 


sor Murphy observed lesser proportions of the acicular martensite with de 
he presence of nodular colonies 


sing cooling rates. This writer has observed t 
nucleation and growth product upon air cooling or furnace cooling. Examples 
his structure are shown for “slack” quenched alloys in Fig. 14. A sharp dis- 
tion Was apparent, as evidenced by the absence of acicular martensite, in alloys 
Was there any evidence of this 
havior in some of the higher alloys, namely 0.95 or 1.40 weight % titanium? 


By Clayton O. Matthews, Head, Materials Research, 


h were cooled less rapidly than by quenching 
Written Discussion: 
Lockheed Missile Systems Division, Palo Alto, ¢ 
It is gratifying to see this report on uranium alloy development which has been 
ected in the conventional and somewhat classical approach to making uranium 
nt end uses. To date, uranium 
of the metal itself, fabrication 


I 


alifornia. 


etallurgically more satisfactory in its importa 
search has emphasized the properties and behavior 


chniques, and alloy equilibrium diagrams. T] uthor’s timely publication of 


paper focuses attention to the fact that thers been altogether too little 


ipplied research directed toward the improvement of uranium properties by 


ying. 
Valuable contributions have been made 


work is needed on 


on the mechanical and corrosion prop- 
erties of low titanium alloys. Further the interpretation of the 


the auth on the phase diagrams in the 


icrostructures and, as indicated by 
region of the uranium terminal phases 
Metallographic research conducted by this 1 ver on impurity phases in 
ium metal would indicate the solubility of nium is less than that which is 
iorted in the published diagrams, as indicated by Dr. Murphy, with the data 
f Knapton apparently most nearly correct. Previous errors in this measurement 
be explained, especially since it was shown several years ago in our investiga 
that the precipitated phase, U.Ti in this ca 


ihgrain network. The particles are normally t 


occurs in a very fine form ina 
small to be resolved by optical 


oscopy and are not evident in the conventional electropolished specimen. We 


ered this precipitate by developing the nitric acid electro-etching treatment 
volt anodically at 14 ma/cm* in 50% nitric acid, following the standard 
romic-acetic electropolish. The dendritic pattern evident in many of Dr. 
ture as our high purity 


Murphy’s photomicrographs represents a similat 
the gamma substructure dur 


Uloys with carbon. In this case, UC precipitated ir 
cooling and at the transformation of gamma to beta uranium, where the 
lubility limit decreased abruptly. 


lhe martensitic structure characterized in the titanium system was not obtained 
was much less (40 to 60 ppm) 
he microstructure of the titanium alloys is affected differently by heat treatment 
low carbon alloys, not only because of the greater Ti solubility, but also be 


y than titanium in uranium 


alloys with carbon where the total solubility 


* 44 


use carbon diffuses (interstitially) much more rapi 
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In this low alloy range, the effect of carbon and other impurities which may 
bine with the titanium must also be taken into account 

The interpretation of the microstructure of the 0.53 weight % titaniun 
quenched from 725 °C (1335 °F), is questionable. The two phase structure 
librated at 725°C (1335°F), might result from beta plus gamma rather 
beta plus U:sTi. Additional evidence such as microhardness measurement 
x-ray diffractometry data would have contributed to an understanding 
region of the system in equilibrium 


Author’s Reply 


Che comments of Mr. Matthews are particularly appreciated in the k1 
of the extensive work he has done on the metallography of uranium and it 
of his familiarity with the character of microstructures similar to those et 


tered by the writer. Since his observations speak for themselves, no addec 
ment will be made except with regard to his specific reference to the n 


structure of the 0.53 weight % titanium alloy, which will be mentioned i: 
discussion which follows. 


Mr. Douglass’ comments are received with considerable interest in that 1 


show a parallelism in individual observations of various aspects of the 
system 

With reference to the deviation in hardness and tensile strength values it 
Figs. 11 and 12, no obvious explanation suggests itself. The hardness 
had not been mounted nor had they been subjected to heating 
were of '4 inch diameter size, machined from heat treated and quenc] 
blanks % inch in diameter. No evidence of softer decomposition products we 
evident in the microstructure. 

X-ray identification of the microstructures of the 0.53 weight % titanium 
quenched from 725 °C (1335 °F) indicated it to be a two-phase structure of al 
uranium and U:Ti. Though this heat treatment was originally performe 
investigate a quench from the middle of the beta region of the Battelle diagr 
it later turned out to be very close to the phase boundary at 723 °C between 
and 8+ U2.Ti of the later published Knapton diagram. Comparison witl 
excellent photomicrograph of Douglass in his Fig. 13 indicates that the 
weight % alloy very likely was quenched from the 8 + U2Ti region, as evid 
by the agglomeration of U:Ti particles, instead of from the regi 
vided Douglass with the interesting structure of martensitic a islat 
a-uranium matrix 

Mr. Douglass’ microstructures of “slack” quenched alloys in his Fig. 14 


a close resemblance to several of the authors in Figs. 3 and 7 whereir 


effects of slower cooling rates are evident. Further work done by the author 
the effect of cooling rate on the transformation of gamma uranium has beer 
mitted in a paper entitled “Transformation Characteristics of Low Ternary All 
of Uranium’. By the use of Jominy Bar heat treatments the decreasing proporti 
of acicular martensite with slower cooling rates were studied. The transformati 
rate was influenced by the type and quantity of the ternary addition to U-.50 wei 
% titanium alloys, though in general the acicular structure was observ 
disappear entirely about one inch distant from the quenched end, giving 

a nucleation and growth product under slower cooling rates 





EFFECTS OF FABRICATION AND HEAT TREATMENT 
VARIABLES UPON THE THERMAL CYCLING 
BEHAVIOR OF URANIUM 


By S. T. ZEGLER, R. M. MAyFietp anp M. H. MUELLER 


Abstract 


The growth of rolled uranium rod on thermal cycling is 
shown to depend upon the rolling temperature, the amount 
of rolling reduction, and the condition of the material prior 
to rolling. The growth of rod rolled at 300 °C is observed 
to be influenced by annealing above th 
perature. 

Cycling variables, specifically heating and cooling rates, 
are shown to have a pronounced effect on the growth of 
beta-treated uranium. The temperature of beta-phase heat 
treatment influences growth only slightly. The time at tem- 
perature, cooling rate, and the fabrication history of the 
material prior to heat treating are shown to have no effect 
on the growth of beta treated material. The cooling rate on 
heta heat treatment is shown to be the major factor in- 
fluencing surface wrinkling. (ASM International Classifi- 


cation P10d, P11, 3-18, 2-14; U) 


e recryStallization tem- 


INTRODUCTION 


; DIMENSIONAL instability of uranium upon thermal cy- 
cling in the alpha-phase temperature range (room temperature t: 
660 °C) has been studied by a number of investigators in AEC labora 
tories. The general features of the phenomenon have been summarized 
by Foote (1)! and Chiswik and Kelman (2). In wrought metal such 
as rolled rod, wire, or plate fabricated at alpha-phase temperatures the 


instability is generally characterized by substantial elongations in a 
direction parallel to that of workin 
as “growth”, have been shown (3) to depend upon preferred orienta 


g. The elongations, usually described 


tion and grain size. The highest growth rates are shown to occur in 
material having a highly developed texture and fine grain size. In cast 
metal and metal heat treated at beta-phase (660 to 760 °C) and gamma 
phase (760 to 1123°C) temperatures the instability is manifested 
mainly in the form of surface roughening or wrinkling. Growth is re 

The figures appearing in parentheses pertain to the 1 es appended to this paper 

A paper presented before the Thirty-Ninth Annual Convention of the Society, 
held in Chicago, November 4-8, 1957. The authors, S. T. Zegler, R. M. Mayfield, 
ind M. H. Mueller, are associated with Argonne National Laboratory, Lemont 
Illinois. Manuscript received April 9, 1957. 
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stricted, due principally to essentially random orientation and c 
grain size. 

This paper deals with an investigation of the effects upon growt!l 
wrinkling of a number of fabrication and heat treatment varial 
which, for some time, it has been felt may influence texture and gt 
size and hence cycling behavior. The chief fabrication variables di 
with are rolling temperature and the amount of rolling reduction 
heat treating variables are (a) temperature, (b) time at temperatu 
and (c) cooling rate. 


MATERIALS AND EXPERIMENTAL PROCEDURI 

The uranium used was 99.9-+- weight % pure; the major impu 
was carbon in concentrations ranging from 0.006 to 0.09 weight 
The materials were in the form of rolled rods fabricated as outlined 
Fig. 1 from either vacuum melted castings or 1'4-inch diameter bi 
received from Mallinckrodt Chemical Works. Presented below 
significant details of fabrication, heat treatment, specimen preparati 
and thermal cycling procedures followed in studies of individual 


iables Sa 
Rolling Temperature 


The effects of variable rolling temperature were studied with sp¢ 


mens prepared from two sets of rods rolled as in schedules T-1 


[-2. For both schedules the starting material was in the form of 3-i1 
square castings. These were rough rolled to 11%-inch rounds at 60F 
(1110 °F) ona 16-inch by 24-inch open square mill, then heat tre 
at 725 °C (1335 °F) and water-quenched. This heat treatment usu 
referred to as “beta treatment’? was done to provide an essenti 
common texture and grain size prior to finish rolling. Finish rolling 
performed on hand round (schedule T-1) and oval-edge-oval (scl 
ule T-2) passes on a 9 by 16-inch mill, with the total reduction for b 
sets of rods about 75%. Heating for rolling was done in oil, lead, « 
carbonate salt baths (see Fig. 1). Bath temperatures ranged from 
to 600°C (1110°F) at 100°C intervals, and one bath at 640° 
(1185 °F). To control temperatures during rolling the rounds w 
returned to the baths between rolling passes and held for times suf 
cient to erase thermal gradients. Rolling temperatures were measur‘ 
with a radiation pyrometer acting in conjunction with a high spe 
recorder. The maximum observed variations in rolling temperatur 
are given in Table I. After the final rolling pass the billets, 34-i1 
diameter, were water-quenched, machine straightened, and then ar 
nealed at alpha phase temperatures as detailed in Table !. After ai 
nealing, the billets were machined and centerless ground to specimet 
¥g-inch diameter by 1-inch long. 

The specimens were thermally cycled in the vertical tube o 
scribed previously (4) between 50-550 °C (120-1020 °F), 2 minut 
cold—5 minutes hot—5 seconds transfer times. Length measurement 





VIOR OF URANIUM 


NOMINAL 
7% RED AT 300°C - 640°C = ROLLING 
HAND ROUND ROLLS TEMP HEATING MEDIA 


; 300°C = «OIL: BATH 
725°C - W.Q 400°C = LEAD BATH 
15% RED. AT 300°C - apc 40 S00°©— LEAD BATH 
* OVAL~EDGE- OVAL ROLLS 6000C = Li2003-K2C03 SALT BATH 
640% LigC0;-KyCO3 SALT BATH 


BETA TREAT 


0-70% RED 
> aT 3900¢ 
0-70% RED 
* at 3000C 


@N0 wT 
BETA TREAT 
PLUS 2 HRS 

§50°C 
BETA 
once BETA TREAT : 
2" sq) TREAT | sq “plus 2 HRS—ec —o0-70® RED 
PLUS oo AT 600°C 
2 HRS 550° . 550°C 

90-70% RED 


#1 HR 550°C o8 AT 300°C 


ROLL , ROLL 

c 
600° ROUND 600" 
55.5% RED 75% RED 


ROL 
> 10° 
55.5% RED 


3 1S MIN. 
G000C - W.0 


vere made with a hand micrometer to the nearest 0.0001 inch at 


art of cveling and after N (number of cycles 200. 


Alpha-Phase Annealing 


The effects of annealing at high alpha-phase temperatures subsequent 


) rolling were studied with specimens prepared from a portion of the 
rods rolled to 75% reduction at 300 °C (570 °F) on hand round rolls 
in schedule T-1. The applied times and temperatures of the anneals 
ind corresponding grain sizes obtained are given in Table II. The speci 
mens were prepared and thermally cycled in the same manner described 
ibove. 
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Table Il 
Variation of Growth with Annealing Treatment 


Annealing 
\ Treatment 
341D-695-9 2 hr. at 575 “¢ 1065 
9A vacuum (0.05 micr 
11)-695-9 48 hr. at 635 °¢ 1175 
1) vacuum (10-20 micror 
341D-695-9 2 hr. at 575 °C (1065 °F 
9B irgor 
D-695-7 18 hr. at 630 °¢ 1165 °F 
1 gon 
1-695 hr. at 635 °C (1165 °1 
2 zon 
).695 hr. at 655 °¢ 1210 °} 
or r 


Table Ill 
Variation of Growth with Rolling Reduction 


1020 °} 
600 °C (1110 


Beta heat treated 


600 °C (1110°F) Rolled 


UN me ww OO 


treated 


100 °¢ 


”) 


al | N 
I 
1 


Rolling Reduction 

The materials used to study the influence of rolling reduction were 
fabricated as in schedules A;, Av, B, and C (see Fig. 1). The starting 
materials in all cases were 3-inch square castings. These were rough 
rolled at 600 °C (1110 °F) to 2-inch squares and beta treated. A por 
tion of the 2-inch squares was then rolled 80% at 600°C (1110 °F) t 
l-inch rounds. A part of the rounds was designated as A; and was used 
without any further treatment; another part, designated A», was beta 
treated and alpha annealed; a third part was treated the same as A» 
but designated C. These 1-inch rounds were then machined to a pre 
calculated diameter so that %4-inch rounds would be obtained after 
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various final reductions were made. The A, and Aso rounds were fi 
rolled at 300 °C (570 °F) to the following reductions : 0, 5, 10, 25, 
60, and 70%. The C rods were similarly reduced at 600 °C (1110 
Another portion of the 2-inch squares was rolled to 80% reductio: 
300 °C (570°F) to 1-inch rounds. This material, designated B, 
annealed at 550 °C (1020 °F), machined to precalculated diameters 
then given the same reductions as mentioned above at 300 °C (5 
The described rolling sequences produced three sets of rods roll 
varying reductions at 300°C (570°F) from three different start 
conditions and one set rolled to similar reductions at 600 °C (1110 


70 


after beta heat treating. 

The four sets of rods were machined and centerless ground to spe 
mens, 3g-inch diameter, and thermally cycled 200 times in the verti: 
tube cycler between 50-400 °C, 2 minutes cold, 5 minutes hot, 5 secor 
transfer times. It should be noted that cycling was conducted bel 
the recrystallization temperature for uranium (450 °C). This was dor 
to avoid possible effects of recrystallization which would be certain t 
occur at high temperatures during the early stages of cycling in mat 
rials rolled at 300°C (570°F). 


Beta Heat Treatment Variables 
The effects of temperature, time at temperature, and 
during beta heat treatment were studied with specimens prepared f1 
rods rolled in schedule H-2. The rods were rolled to 89% total redu 
tion at 300°C (570°F) on two sets of hand round rolls. Heat treat 
ments were made with as-rolled sections of the rods by either dir 
immersion in lead baths or with the sections enclosed in an arg 
atmosphere inside steel containers. The heat treatments applied 
study of effects of temperature and time at temperature are detailed i: 
Table IV. The heat treatments involved heating for times of fro! 
2 seconds to 2 hours at 680, 700, and 750 °C (1255, 1290 and 1380 °F 
and water quenching. On heat treatments for times up to 120 second 
the specimens were preheated in a lead bath for 5 minutes at 600 °' 
(1110°F) (alpha phase) then transferred to the baths at the higher 
temperatures. The preheating was done solely to minimize the tempet 
ature drop of the lead baths at the beta-phase temperatures upon ir 
mersion of the specimens. The applied heat treatments for study « 
cooling rate effects are given in Table V. These involved heati 
beta phase temperatures followed by (a) water quenching, (bb) fur 
nace cooling, and (c) air or bench cooling. After the applied heat treat 
ments the sections were, except where otherwise noted, annealed fot 
2 hours at 575 °C (1065 °F) to relieve thermal stresses, then machin« 


cooling rat 


and centerless ground to specimens approximately 3¢-inch diametet 
In all cases thermal cycling was done in the induction cycling unit pr 


= 


viously described (4). The applied cycle was between 100—550 °C, ! 
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; Table V 
Variation of Growth with Cooling Rate on Beta Heat Treatment 


Thermal Cycling Growt 


Anneal &% Gro th(- w-Le . 100 ) 
‘ eo I Microir 


Beta Temp Time 
Heat Treatment C) hrs) N =300 N 700 N 
720 °C (1330 °F); W.Q0 None 0.9 N( 
720 °¢ 1330 °F) furnace 
0.9 N« 

t 680 25 F); 5 0.56 
t 680 5 °F): 575 2 0.29 

ed(4 
t 750 F); 575 0.36 

750 I ) 

ed(4 575 0.41 


ilculated assuming for Spec's Nos. 3U-30: 29 


} 


xO and N =300. For the remaining specimens In (L~ 
0 and N =700. Specimens cycled between 100 °% 

25 minutes cooling 

it 600 °C (1110°F) prior to immersion in lead 
hours to room temperature in an argon atmosphere 

hours to room temperature 


minutes heating, 20-25 minutes cooling. Length measurements 
made at N (number of cycles) 0, 100, 300, and 700. 

The influence of fabrication prior to beta heat treatment was studi 
with a set of specimens rolled as in H-1. These were heat treated (s¢ 
Table IV) for variable times at 700°C (1290°F), water quenched 
and thermally cycled in the same manner as described above for th 
specimens rolled in H-2. In schedule H-1 rolling was done to 89 
total reduction at 600 °C (1110°F) on the same stands of hand roun 
rolls as in H-2. The specimens prepared from H-1 and H-2 thus pr 
vided a comparison of materials rolled at 300 and 600°C (570 ar 
1110 °F) prior to beta heat treatment at 700 °C (1290 °F). 


Thermal Cycling Variables 


\ study was made of the effects of heating and cooling rates duri 


Table VI 
Effects of Thermal Cycling Variables upon Growth of Beta Treated Uranium 


Ln ' 100) Geis Micr 


ranster Times‘? % Growth 


I 
Cooling N=100 N=200 N =300 N =0 
sec 0.29 0.54 0.65 30 
5 sec 0.30 0.80 1.54 27 
5 min 0.33 —0.63 0.65 37 
min 0.01 0.12 0.22 Ni 


t s simultaneously beta treated 2 hours at 725°C; (1335°F), water-quenche 
sat 575°C (1065°F 

2) Cycling was done between 50-550°¢ 120-1020 F), 2 minutes cold, 5 minutes hot 
times varied as indicated. 


Gt =T 41L/4N) determined by graphical analysis of plots of In (LN/Lo) versus N 





h Coefficient 


beta heat treated material. 
he materials used were in the form of 3¢-inch diameter rods fabricated 
from 27¢-inch square castings as in schedule E-1 (see Fig. 1). Heat 
nachined sections, 0.36-inch 


ling upon the dimensional behavior of 


treatments were made with as rolled and 
iameter by 0.8-inch long. Heat treatment involved heating for 2 hours 


t 725°C (1335 °F) in an argon atmosphere, water quenching, then 
nnealing for 2 hours at 575 °C (1065 °F). The specimens were ther 
ally cycled in the vertical tube cycler between 50-550 °C using vari 
ble heating and cooling transfer times with constant holding times at 
he high and low temperatures. The applied cycles are given in Table VI 


RESULTS 


E ff ec ts of Rolling Temperature 
lhe growth data of the specimens rolled to 75% reduction at variable 
ilpha-phase temperatures are given in Table I. In Fig. 2 the rates of 
growth of the specimens in microinches per inch per cycle are plotted 
sa function of rolling temperature. The rates of growth are expressed 
is a coefficient defined as: 


Gr (1/L) (dL/dN) (1/N) (1n Ly/I microinches/inch/cycle 


vhere L, = original length, Ly length after N cycles. G; is the slope 


{ the plot In Ly/L, versus N. 
he effects of rolling temperature upon growth are clearly evident 
om Fig. 2; with increasing rolling temperature from 300 to 500 °¢ 
570 to 930 °F ) growth increases slightly. For higher temperatures of 
000 and 640 °C (1110 and 1185 °F) growth is substantially lower. The 
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f Rolling Reduction on Growth Coeff 
to N 200 (See Table III) 


sharp drop in growth for the higher rolling temperatures (above th 
recrystallization temperature) is interpreted to be related to either th: 
coarser grain size of the materials (see Table |) or to a difference 
texture or both. 
Effects of Alpha-Phase Annealing 
In Table If are data showing the effects upon growth of alpha-pha 


annealing (above the recrystallization temperature) subsequent 1 
rolling at 300 °C (570 °F). A direct relationship is apparent betwee 


the temperature and time of anneal, the grain size and the growt! 
coefficient G,. With increasing temperature and longer time of anne 


ing, the grain size, as might be expected, is coarser and results uy 

thermal cycling in a significant decrease in the growth coefficient. T| 
decrease in growth 1s not, however, attributed to solely grain coarset 
ing. A change in the texture of the material upon annealing as show 


by Mueller, et al. (5) is felt to be another likely contributing factor 


Effects of Varying Rolling Reduction 

The growth data of the specimens rolled from 10 to 70% reductii 
at 300 and 600°C (570 and 1110°F) in schedules A,, A», B, and ¢ 
are given in Table III. In Fig. 3 the growth coefficients of the spe 
mens are plotted as a function of rolling reduction. From Fig. 3 the 
following observations can be made: 

1. For the specimens rolled at 300°C (570°F) coefficients « 
growth go through a minimum at 10% reduction and then increas 
progressively with still higher reductions up to 70%. This is evident 
from the curves for schedules A;, As, and B. The cause of the mini 
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mens Heat Treated for 
(Material initially 
> H 


ums at 10% is unexplained. A change in the texture of the original! 
tarting material is held to be the most probable cause. The cause of the 
progressive increase in growth with higher reductions has been shown 
in another report (5) to be a sharpening in the degree of preferred 
rientation. 

2. For the specimens rolled at 300 °C (570 °F) coefficients of growth 
re dependent upon the initial starting conditions of the materials. This 


in be seen from comparison of G; values for specimens in schedule A» 
vith those in A, and B. The lowest values are observed for Az wherein 
he initial material was beta heat treated; the highest values in B 
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Fig. 5—Plot of In (Lx/Lo) vs. N for Specimens H 
it 700 °C and Water-Quenched. (Material initially rolled 
H-2) 


4 


wherein the material was initially rolled 80% at 300 °C (570 °F 
alpha-phase annealed. 

3. For the specimens rolled at 600 °C (1110 °F) in schedule C fro 
a beta heat treated condition the coefficient is unchanged up to 10 
reduction and then increases progressively with still higher reductiot 
up to 70%. The cause of the increase in growth with higher reductior 


has also been shown (5) to be related to a sharpening in the degre 
preferred orientation. From comparison of the curve for schedule ( 
with that of schedule Ag it can be seen that the temperature of rollit 
(600 °C versus 300°C) has no gross effect on the growth coefficient 
for thermal cycling below the recrystallization temperature. 








Effects of Heat Treating Variables 


mperature and Time—The growth data of the specimens heat 


ited for varying times at beta-phase temperatures are given in Table 
' 


and shown graphically in Figs. 4 to 6 by plotting the natural loga 
hm of the growth ratio Ly/L, versus N. The slopes of the plots per 
it as stated above a ready evaluation of rates of growth expressed as a 
efficient G;. For specimens heat treated for minimum times of and 
nger than 60 seconds at 680°C (1255 °F), 30 seconds at 700°C 
1290 °F), and 10 seconds at 750°C (1380°F) the data between 
0 and N = 700 in most cases fit straight lines indicating that co- 
lents are constant with N. The data for specimens heat treated for 
horter times can be fitted to curves, which in most cases change in 
pe with N, indicating that coefficients vary ; in some cases increasing 


if 


th N, in others, decreasing. In Table IV are coefficients of the speci 
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Fig. 7—Effect of Heat Treating Time and Temperature 
Coefficient Gt at N 0 (See Table IV). (Material init 
at 300 °C in schedule H-2) 


mens determined by graphical analysis of the slopes of the curves at 
N O and N = 700. In Fig. 7 the coefficients at N 0 are plotted 

a function of temperature and holding time. From Fig. 7 the effects 
the variables upon growth are clearly evident. With temperature c 
stant, increasing time progressively decreases growth to a minimut 
The minimum growth is reached after a definite time at temperatur: 
and is not influenced by longer time. With increasing temperature t! 
minimum time required for minimum growth is decreased. From met 
lographic evidence the minimum time is that required to transform tl 
entire section of the material from the alpha to the beta phase on heat 
ing. The magnitude of the minimum growth remains constant as t 
temperature varies from 680 to 700 °C. At 750 °C the magnitude of 
is smaller by an amount that 1s small but significant. 

The appearance of the specimens after N = 700 is shown in Fig 

As may be seen all of the specimens that were effectively beta treat 
i.e., heat treated for the minimum times or longer, evidence surfa 


wrinkling. The extent of wrinkling is fairly consistent for all specimet 
clearly indicating that both temperature and time at temperature ha 
no gross effect on wrinkling. 

Cooling Rate—The growth data of the specimens heated to bet 
phase temperatures and either water-quenched, furnace-cooled, or ai 


cooled are given in Table V. The data shows that when the temperatut 
and time of heat treatment are constant large variations in the coolit 
rate have no effect upon growth. 

The appearances of a furnace cooled and a water-quenched specim« 
Nos. 3U-29 and 3U-30 respectively, after N = 300 are shown in F' 
12. Upon comparison it is apparent that slow furnace cooling leads 1 
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Fig. 8—Plot of In (Lx/Le) Versus N for 
Times at 700 °C and Water-Quenched. (Mater 
schedule H-1) 


more pronounced surface wrinkling. From metallographic evidence 


the more pronounced wrinkling is interpreted to be related to a coarser 
ilpha-grain size as may be seen from comparison of the photomicro 
graphs of specimens Nos. 3U-29 and 3U-30 in Fig. 13. 

Prior Fabrication—In Fig. 9 the growth coefficient G; at N = 0 of 
he beta-treated specimens (see Table IV) initially rolled at 300 and 
600 °C (570-1110 °F) are plotted as a function of heat treating time 
t 700°C (1290 °F). Fig. 9 shows that rolling temperature has no 
effect upon growth except perhaps when the heat treating times are 
ery short, 2 to 10 seconds. For these times rolling at 600 °C (1110 °F) 
ppears to relate to lesser growth. The appearances after N = 700 of 
the specimens initially rolled at 600 °C (1110 °F) are shown in Fig. 11. 
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ig. 9—Effect of Rolling Temperature on Growth ¢ t 
N 0 of Beta-Phase Heat Treated (700 °C) Uranium (See 
‘rom comparison of the specimens in Fig. 11 with those in Fig. 1| 
can be seen that prior fabrication has no effect on wrinkling behavior 
Detailed in Table 1V and plotted in Figs. 5 and 8 are growth data { 
the materials upon thermal cycling as-rolled and annealed (Spec. N 
3U-73 and 6U-39). Rolling at 600 °C (1110 °F) (above the recrystal 
lization temperature) as opposed to 300°C (570 °F) is again seen t 
lead to lesser growth. 


E ffects of Cycling Variables 

In Table VI are data showing the influence of heating and coolit 
transfer times during thermal cycling upon the growth of beta-treat 
uranium. The data indicates that with a constant fast cooling transfe1 
time (Spec. Nos. 9 and 7-1) a direct relationship exists between t 
heating transfer time and the coefficient of growth G;. With increasing 
heating transfer time, i.e. slower heating, the coefficient changes fr 
negative (shrinkage in lengths) to positive. With reversed conditior 
i.e. with a constant fast heating time (Spec. Nos. 9 and 8-1) increasit 
the cooling transfer time has no ejiect on the coefficient, negative 
both cases. With both slow heating and slow cooling (Spec. No. 7) tl 
coefficient is practically zero. 


SUMMARY AND DISCUSSION 


A study has been made showing that the growth of uranium uy 


thermal cycling in the alpha-phase temperature range is dependent up 
a number of variables upon fabrication, heat treatment, ana thern 
cycling. The growth of rolled rod is shown to be dependent upon rol 
ing temperature, the amount of rolling reduction, and the condition « 
the material prior to rolling. The influence of rolling temperature 
most marked upon thermal cycling to high alpha-phase temperatur: 
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Beta Treated for 2, 5, 30, 60, 120 Seconds and % and 2 Hours 
fter 7 Cycles later ly rolled at 300 °C in schedule H-2) 
Quenched. b. 7 ; Water-Quenched 50 °C; Water-Quenched 


t ight) A 
by Water 


above the recrystallization temperatures, see Fig. 2). On thermal! 

cling, however, below the recrystailization temperature, for which 
rates of growth are in any case small, rolling temperature appears to 
have no effect (see Fig. 3). In general, increasing amounts of reduc 
ion at 300 or 600 °C (570 or 1110 °F) progressively increase the rate 


on 


rowth on cycling below the recrystallization temperature (see Fig 
3). For any definite amount of reduction, however, the rate of growth 
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Fig. 11- Specimens Beta Treated for 2, 5, 10, 20, 30, 60, 120 Seconds and \% : 
(Left to Right) After 700 Cycles. (Material initially rolled at 600 °C in sch 
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Fig. 12—Macro Grain Size and Surface Roughening of Beta-Treated Bars 3U-29 

3U-30. (a and c) Specimen 3U-29: Slow furnace cooled after 2 hours at 720 °C. (a 

As macroetched before cycling. X 7. (c) Roughening after 300 cycles. & 7. (b and 

Specimen 3U-30: Water-quenched after 2 hours at 720 °C. (b) As macroetched before 
cycling. X 7. (d) Roughening after 300 cycles. X 7. 
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Roughening on Surfaces After 300 Cycles. (Left) 
Furnace-cooled. (Right)—3U-3« Nater-quenched. X 2 


is dependent upon the starting condition of the material. For material 
initially in a randomly oriented condition such as following a beta heat 
treatment the rate of growth is relatively lower than material having 
initially a strong preferred orientation. Superimposing rolling at 300 °C 
(570 °F) upon material previously rolled to high reductions at 300 and 
600 °C (1110 °F) is clearly seen to increase growth (see Fig. 3). 

Annealing of 300°C (570°F) rolled rod at high alpha-phase tem- 
peratures (above the recrystallization temperature) results in grain 
growth and also as shown by Mueller, et al. (5) in a change in the 
texture. The net effect of these changes is a decrease in the rate of 
growth as seen from the data in Table IT. 

The major variables influencing the growth of beta-treated uranium 
are shown to be those on the thermal cycling test itself. It is observed 
that either growth or shrinkage may occur dependent apparently only 
upon the rate of heating. The fact that both growth or shrinkage occurs 
suggests that some slight degree of preferred orientation may be pres- 
ent. With slow heating-slow cooling it is shown that the rate of growth 
approaches zero. 

The effects of other variables upon the growth of beta treated ura- 
nium were studied upon cycling with essentially slow heating-slow 
cooling (5-7 minutes heating 20-25 minutes cooling). The data shows 
that growth is influenced only by the temperature of heat treatment 

see Fig. 7). The time at temperature, cooling rate, and the fabrication 
{ the material prior to heat treatment appear to have no effect. Surface 
wrinkling of beta-treated uranium appears dependent only upon the 
cooling rate during heat treatment. Slower cooling is seen to result in 
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Fig. 13—Microstructure of Beta Heat Treated Specimens. (a) Edge oled 

specimen. X 100. (b) Center of furnace-cooled specimen. X 100. (c) Edge of water 

quenched specimen, X 100. (d) Center of water-quenched specimen. x 100. (a and b) 
Specimen 3U-29. (c and d) Specimen 3U-30 
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, coarser alpha grain size which relates in turn upon cycling to more 
ronounced wrinkling. 
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EFFECTS OF CYCLING VARIABLES UPON 
GROWTH RATE OF 300°C ROLLED URANIUM 


By R. M. Mayrie_p 


Abstract 
Thermal cycling growth rate of 300°C (570°F) roll 

uranium rods has been shown to be profoundly affected by 
cycling variables such as heating and cooling rate, tempera 
ture limits, temperature range, and holding times at tem 
perature. For any appreciable growth to occur, the upper 
cycling temperature must be above 350°C (660 °F). For 
a constant cycling temperature range, maximum growth 
rates per cycle are observed with slow heating and fast cool 
ing. Minimum rates are obtained with fast heating and slow 
cooling, and equal rates yield intermediate values. In gen 
eral, the greater the temperature range (AT), the greater 
the resulting growth. Likewise, for a given temperature 
range, the higher the temperatures the greater the growth 
(ASM International Classification P10d, P11; | 


INTRODUCTION 
HE PERMANENT dimensional changes that result from the 
thermal cycling of uranium in the orthorhombic phase have bee: 
the subject of extensive investigation. Chiswik (1)! has shown that 
the growth is dependent upon preferred orientation and grain size and 


several other papers covering a wide range of subjects are pending 
publication. In most cases these results were based on a constant ther 
mal cycle due to equipment limitations. This paper deals with the effect 
of cyling variables, per se, on the growth of uranium upon thermal 
cling in the alpha temperature range; all other variables being n 
tained as constant as possible. Cycling characteristics studied inclu 


1 


(a) heating and cooling rates, (b) cycling temperature limits, (c) tet 
perature range, and (d) holding times at temperature. 

This investigation was prompted by the fact that in the early therm 
cycling work, every method of cycling seemed to produce a different 
growth result making any correlation difficult, at best. In some cases, 
similarly fabricated piece of uranium would grow twice as much in o1 
cycling apparatus as in another, within the same temperature limit 

1 The figures appearing in parentheses pertain to the references appended to t 


is paper 


\ paper presented before the Thirty-Ninth Annual Convention of the Societ 
held in Chicago, November 4-8, 1957. The author, R. M. Mayfield, is associate 
with the Argonne National Laboratory, Metallurgy Division, Lemont, I[llinoi 
Manuscript received April 4, 1957. 
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ns. From results such as these, it became apparent that cycling vari 
es must have a marked effect on the resulting growth. A detailed 

was considered necessary to obtain data that would aid in the 
lysis and interpretation of results and also in the evaluation of pro- 
ed mechanisms of the growth phenomenon 


I 


Cycitinc MetTuHops 


One of the more common methods of thermal cycling employs an 
en ended tube furnace into which the encapsulated specimen is sus- 
ended. After a predetermined time at temperature, the specimen is 
vered out of the furnace into a blast of room temperature air. This 
procedure is noted for its simplicity and generally low cost. However, 


} 
i 


only a few specimens may be cycled at any one time and little flexibility 


f operation is possible. Temperature and holding time at temperature 
are about the only two possible variables. 

At ANL, two cyclers were generally used for this type work, an in- 
duction cycler and a vertical tube cycler. The power source of the in- 
duction cycles is a high frequency spark gap converter. Specimens to 
be cycled are placed in a stainless steel container of the type shown in 
1 with Nak under an argon blanket, after which the 


Fig. 1, and covere« 9 
il. When the specimens and 


whole assembly is placed in the work cot 
container reach the preset upper temperature of the heating cycle, a 
microswitch on the recorder is activated, which opens the converter cir- 
cuit and closes the fan circuit. The container is then air-cooled to the 
desired lower temperature, whereupon the cycle repeats itself. Opera- 
ional temperatures, heating and cooling rates and coil design can be 
altered to a degree for special tests, but holding time at temperature is 
ot feasible. A large number of specimens can be cycled at once, being 
function, of course, of container and coil design. 
\ schematic diagram of the vertical tube cycler is shown in Fig. 2 
The equipment consists of a vertical transfer tube filled with NaK 
vhich passes through the centers of two NaK filled tanks. Thermal 
ycling is accomplished by automatically transferring the specimens 
from the center of one tank to the center of another by a pair of drive 
otors operating through a differential. After the last sojourn in the 
hot temperature zone (upper tank) the sample is reeled up into the 
head assembly for cooling and later removal. On the left of the sche- 
atic drawing ts a typical temperature survey in the transfer tube 
hen the upper and lower tanks are at 550 °C and 100 °C, respectively. 
flat temperature zone exists over most of each tank length (about 
20 inches). 
Extreme flexibility of cycling conditions is obtained by variations 
temperature, holding time and transfer time.* Rates of cycling are 


lefined as the time required to transfer the samples from the center of 


iranster time is de 
tank to the center of the other. It is, therefore, essentially a measure of the heating or 


ng rate of the specimens 
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Fig. 1—Schematic Diagram of Bomb Used 
Thermal Cycling 


limited only by the rate of heating and cooling of the test pieces am 
considerable time saving may be effected over other cycling procedure 

For the above reasons as well as from the standpoint of control a 

curacy and reproducibility, the vertical tube cycler was consider 

ideally suited for an analysis of the effect of cycling variables upon th 
growth rate of uranium. 


MATERIAL 
The uranium used was 99.9-+- weight % pure, the major impurit 
being carbon ranging from 0.05 to 0.07 weight %. The starting mat 
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ial was rolled from about 134 inch to about ™% inch diameter at 
300 °C (570°F) in hand round passes, using an oil bath to control 


the rolling temperature. The 300 °C (570 °F) rolling was selected for 


two reasons: (a) better fabrication control, assuming constancy of 
texture and uniformity of results, and (b) high growth values that 
would permit higher accuracy of measurement, since under some cy 
cling conditions, little dimensional change was to be expected. 

The test specimens were about 3% inch in diameter by slightly over 

inch in length. Before cycling, all test pieces were annealed at 600 °C 
1110°F) for 2 hours in the cycler followed by 10 cycles between 50 
ind 600 °C (120-1110°F) to remove any abnormal or nontypical di 
mensional changes that might occur in the first few test cycles. Each 
new group of material was tested under a standard set of thermal cy 
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cling conditions to assure uniformity of results. Variation in gro 
over a large number of duplicate test pieces was found to be less tl 
2% under a standard set of cycling conditions, so for the most part 
only one specimen was used for any one test. 

The starting material was, in all cases, of uniform fine grain si 
approximately 0.02 millimeter average grain diameter. The orientati 
of this material, based on the work of Chernock, Mueller and Px 
(2,3), appears to consist of a duplex fiber texture in which the (01! 
poles are nearly parallel to the rolling direction in the major textur 
component and the (110) poles nearly parallel to the rolling directi 
in the minor texture. In both components, the (001) pole is perpe: 
dicular to the rolling direction. Recrystallization causes a decrease 
the (110) component. The recrystallization texture may then be di 
scribed as consisting of an approximate (140) component together 
with considerable spread especially towards and including the (010 
component. Based on the results of Chiswik (1), the grain size a1 
orientation must be maintained reasonably constant if the true eff 
of cycling variables is to be evaluated. 


EXPERIMENTAL RESULTS 


In comparing the thermal cycling growth of the specimens, the si 
nificant property is the growth per cycle per unit length at any give 
cycling level. The evaluation of the growth rate at a cycling | 


N = N, must, of course, be based on the length of the specimen cor 
responding to N = N, rather than on the original length of the spec 
men, thus taking into consideration the increments in length that |! 
occurred in cycling between N = O and N N,. This “true” or “i 
stantaneous” growth rate is given by the expression 


G: =1/L(dL/dN) = dIlnL/dN 


where L = length of specimen and N = number of cycles. The usu 
method of evaluating G; is to plot In(L/L,) as a function of N, wher 
L, = the initial length of the specimen. In this report, all the G; value 
reported are based on 100 cycles. For this number of cycles, it has beet 


assumed that In(L/L,) is a linear function of N, then 
In(L/Lo) = G.N 


G;, the thermal cycling growth coefficient, is expressed in microinch: 
per inch per cycle. 

Assuming G; to be a constant and independent of N, the relatronshi 
between “percentage growth” and G; is as follows: 


% growth (G) = (L—L./L.) x 100 (L/L. = x 109 
In (L/L) GiN 
L/Lo = G:N 
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1) 
© Growth (G) =(G:N + 4% G.’N 
f G, and N are small 

% G=100G.N 


Hence % Growth (G) = (.G:N 


( 


If G, and N are large, the higher terms must be taken into considera- 
tion. The G; value for heavily 300 °C (570 °F) rolled material used in 
this investigation remains fairly constant up to approximately 1000 
ycles. Eventually porosity develops with increased cycling, and the 
growth rate decreases ; however, the initial highly preferred orientation 
is only slightly randomized after 3000 cycles (4). 


Heating and Cooling Transfer Times 


The effect of variable heating and cooling transfer times upon the 
elongation coefficient of 300 °C (570 °F) rolled uranium is illustrated 
in Fig. 3. The greatest growth rates are obtained when slow heating 


s combined with fast cooling (Curve 1). Equal heating and cooling 
transfer times, over a wide range of values, yield intermediate growth 


rates (Curve 2) and minimum growth results from the combination 


I 
{ fast heating and slow cooling (Curve 3). (The fastest transfer time 


used in any case was 5 seconds and it is not intended for the curves to 


pproach a zero transfer time. ) 
Based on the above results, it is difficult to say when the most de- 


ormation occurs, heating or cooling, since it will depend in either case 


on the heating and/or cooling rate involved and the over-all growth 
b 2 > 


DeT 


r cycle is the algebraic sum of both effects. The theory of dimensional 
anges due to temperature gradients during thermal cycling as out- 
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Fig. 4—-Variation of the Growth Coefficient With Upper Temperature and 
Transfer Time 


lined by Woodrow (5) does not appear to be completely valid since 
slow heating and cooling, thermal gradients developed in the specim: 


would be inconsequential; yet considerable growth results, as show! 
by Curve 2 of Fig. 3. No appreciable change in growth values is antici 


pated with even slower heating and cooling times. 

If, however, grain boundary relaxation is employed in any way as 
explanation of the growth phenomenon, then the temperature at whi 
boundary relaxation becomes operative must be dependent upon heat 


ing and cooling rates. 
Upper Cycling Temperature 
With increasing upper cycling temperatures, above about 35 
(660 °F), and constant lower temperatures, the growth rate increas 
as shown in Fig. 4. The curves verify the general relationship d 
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ribed previously between growth rates and rates of heating and cool 
Maximum rates are obtained when slow heating and fast cooling 
combined with a large temperature range of cycling. 


\lthough the growth rate decreases with decreasing upper temper 


ture, significant growths have been obtained as a result of exposing 
rhly orientated uranium to an extremely large number of induction 
les below 350 °C (660 °F) as indicated by the results in Table I. 


Table I 
Growth of 300 °C Rolled Uranium As A Result 
of Low Temperature Induction Cycling (6) 
Fabrication & Test 100—55 ( Test 
Heat Treatment No Gr(l 
00 °C Rolled 7B 


575 °C Annealed 


The growth rates obtained after 2000 cycles between 20-300 °C 
70-570 °F) are low but significant, and appreciable elongation would, 
» doubt, result with continued cycling. The magnitude of the G; value 
under standard conditions of induction cycling should be noted; the 
value reported is slightly less than % of the 5 second heating and 
oling transfer time value of Fig. 3. 
Temperature Range (AT 
The effect of the temperature range upon the resulting growth rate 
shown in Fig. 5. (Range is defined as the temperature difference 
ver which the specimens are cycled.) The family of curves show con 
lusively, that for upper temperatures above about 350°C (660 °F), 
e greater the cycling temperature range, the greater the growth 
Further, for any given temperature range, the higher the temperature 
level, the greater the resulting growth. 


t} 


The lower temperature curves are actually isotherms connecting 
ippropriate range points on the upper temperature curves rather than 
being influenced by the location of experimental data points. (The 
shape of the 50°C (120°F) lower temperature curve agrees with the 
5 second heating and cooling transfer time curve of Fig. 4, except here 

is plotted against temperature range instead of upper temperature. ) 
Che effect of the temperature range variable is further illustrated in 
Fig. 6 using 5 second heating and 6 minute cooling transfer times ; in 
ll other respects, cycling conditions are the same as in Fig. 5. It is at 
mce apparent that the G;, values have been depressed, as a result of 
the lowered cooling rate. Based on the effects of heating and cooling 
rates as illustrated by Figs. 3 and 4, this decrease in G; values is in 
greement with what should be expected 

The lower portion of the 600 °C (1110 °F) upper temperature curve 
‘f Fig. 6 is somewhat doubtful. The experimental points are shown as 
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X’s and are considerably below the 600°C (1110°F) curve. This i 
believed to be an equipment error. Thermal gradient disturbances ma 
occur when both tanks are at relatively high temperatures. With fast 
transfer times, this condition may not be troublesome, but a variatio: 
in growth characteristics apparently results with slower transfer times 
A family of temperature range curves of the type shown in Figs 
and 6 can be constructed for any given conditions of heating and co 
ing rates as a first approximation requiring only a knowledge of tl 
variation of G_ with the upper cycling temperature. This is acco 
plished by plotting the G; values versus temperature range, and ther 
connecting these points by straight lines to the origin. The intersectiot 
of upper and lower temperature curves then represent the approxima 
G;, one would obtain on cycling between the corresponding temper 


atures. This method would, however, be subject to increasingly greater 
error when the cycling conditions are such as to cause the G; value t 
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drop off appreciably with increasing upper temperature. This concli 


mn would be most prevalent where slow cooling rates were employed. 
(See curves 3 and 5 of Fig. 4.) 

Only limited work by other investigators on the effect of temperature 
range have been reported. Boas and Honeycombe (7) concluded that 
the deformations noted in cadmium as a result of thermal cycling were 
due to anisotropy of thermal expansion and that a theoretical estimation 
of the stresses showed that their magnitude was directly proportional to 
the temperature range employed. 

Kelman (6) induction cycled 300°C (570°F) rolled uranium be- 
tween 500 and 550°C (930 and 1020°F) for 2200 cycles with the 
following results: 


Table Il 
Growth of 300 °C Rolled Uranium Due To Small 
Thermal Cycles at Elevated Temperatures 


Fabrication & Test 1 sso °C 500-550 °< 
Heat Treatment No 1t(100 cycles) Gt(2200 cycles 
C Rolled ; - 3.0 

75 °C Annealed $1 1¢ 34 


Che G; value obtained for a AT of 50°C (120°F), the upper and 
lower temperatures being 550 and 500 °C (1020 and 930 °F) respec- 
tively, is of slightly larger magnitude than those values reported in 
lable I where a 280°C (505°F) AT was employed but the upper 
temperature was 300 °C (570°F). 





TRANSACTIONS OF THE ASM 





sd 


G+ (Microinches /inch/cycle) 








Growth Rate Versus Reciprocal Absolute Tempera 
C (570 °F) Rolled, Alpha Annealed Uranium, 
+2°C About Various Mean Temperatur 

Muehlenkamp, Shober and Schwope (8) have found uranium 
elongate when cycled over a AT of +2°C. The effect of such a cycl 
at various mean temperatures is shown in Fig. 7.* ( Measurable chang: 
were obtained by using a large number of cycles ; however, the results 
are reported for 100 cycles.) A transition temperature occurs at ap 
proximately 405 °C (760°F) below which the growth is nearly ind 
pendent of temperature. The activation energy for the upper curve 
about 3 KCal/gram atom while the lower portion corresponds to a1 
energy of 29 KCal/gram atom. 

3ecause of this effect of a small AT, which may be caused by th 
on-off cycle of a temperature controller, some doubt is cast upot 
uranium creep test data and Muehlenkamp, Shober and Schwope (& 
maintain that before the true creep properties of uranium can be ol 
tained, a quantitative evaluation of the thermal cycling effect will ha 
to be evolved, or true isothermal conditions will have to be maintaine 


Holding Time 


The growth rate is dependent upon the holding time at the upp 
cycling temperature as illustrated in Fig. 8. With increasing holdi1 
time above about 350 °C (660 °F), the growth rate increases rapid 


* The ordinate scale has been converted from percent deformation per 100 cycles x 1 
by use of the formula 
Gt = %G/100N or 4G=100GtN 
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at first, then more slowly until it approaches a constant value, The 
higher the temperature, the shorter the time required for the growth 
rate to level off. This time-temperature dependence suggests that grain 
boundary relaxation at elevated temperature may offer a significant 
contribution to any plausible explanation of the growth phenomenon. 
\lthough not illustrated, increasing the time at lower temperature (up 
to 350°C [660°F]) had no measurable effect upon the resulting 
growth rates. 

It should be noted that the constant growth rates obtained at the 
several upper temperatures of Fig. 8 are higher in all cases than the 
5 minute holding time values of Figs. 3-6. This situation does not in 
validate any of the results where 5 minute holding times were used ; 
it merely lowers values from the constant growth rate value, at the 
same time effecting a considerable saving in time 

The result of plotting the constant growth rates of Fig. 8 versus the 
reciprocal of absolute temperature is illustrated in Fig. 9. A transition 
temperature occurs at about 415 °C (780 °F), which is in agreement 
with the results of Fig. 7 and also with internal friction and recrystal- 
lization studies (9,10). Below 415°C (780°F) grain boundary flow 
is restricted and less growth results. The activation energies have been 
computed to be 22 KCal/gram atom below the transition point while 
above 410 °C (770 °F), the temperature dependence of G; corresponds 
to an activation energy of only 7 KCal/gram atom. The rate of growth 
cannot be expressed by a simple exponential rate equation of the type 
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Fig. 9—Constant Growth Rate at Various Upper Temy 
Versus Reciprocal Absolute Temperature 


Gt = A.~®/® because of this pronounced change in relationship at 
415°C (780.°F). 


CONCLUSIONS 

The dimensional changes that result from thermal cycling 300 °( 
(570°F) rolled uranium in the alpha temperature range are pro 
foundly affected by cycling variables such as heating and cooling rates 
temperature limits, temperature range and holding time. 

Transfer times (heating and cooling rates) exert a marked effect 
upon the growth characteristics, other factors being constant. Maxi 
mum growth is obtained when slow heating is combined with fast cool 
ing; minimum growth results from a reversal of this combination a1 
equal heating and cooling rates yield intermediate values. 

Analysis of the temperature limits and temperature range effects 
considered jointly indicates that little growth results if the upper 
temperature of the cycling range is below about 350°C (660°F). Ir 
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eneral, above this limiting condition, the greater the temperature 

nge (AT) the greater the resulting growth. For a given temperature 
range, the higher the temperatures (upper and lower limits) the 
greater the growth. 

The maximum amount of growth obtained is dependent upon the 
holding time at the upper cycling temperature. In general, as the upper 
temperature increases, the holding time required to reach a constant 

wth rate decreases. 

Certain intrinsic operating or construction characteristics of the 
ertical tube cycler have made complete isolation of specific variables 
lifficult. For instance, the actual time at temperature may be longer 
than the specified holding time when using slow transfers. It should 
be further realized that cycling values obtained in this study might not 
necessarily agree in magnitude with those obtained by vastly different 
leans. 

lhe effect of a cycling variable, per se, upon the growth characteristic 
is generally far outweighed any growth behavior that might be at- 

tributed to the overlapping of control variables. It is similarly antici- 
ted that the effect of variables, herein described, would be apparent 
other test means; granted, the actual magnitude of values would 

it necessarily be in agreement. 
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DISCUSSION 


Written Discussion: By S. F. Pugh, United Kingdom Atomic Energy Authorit 
Metallurgy Div., Atomic Energy Research Establishment, Harwell, Did 
Berks., England 

Most of the quantitative data published in the paper was included in a Get 
paper by Chiswik and Kelman and I have used the data to obtain an activati 
energy for the thermally activated processes which occur at the upper cycl 
temperature and which contribute an essential part in the growth mechanis! 
The analysis follows the method evolved by Dorn based on the conditions tl 
(a) for any given stress the metallurgical structure developed during creep 
pends only on the strain history and (b) for a given stress the strain is a funct 
of te-°®", where t is the time and T the temperature at which the stress is applic 
since when these conditions are fulfilled an equation of state can be used 

The results shown in Fig. 8 of the paper by Mayfield are for constant k 
cycling temperatures, therefore the stress within the specimen will increase as t 
upper cycling temperature increases since the temperature range of the cyclit 
also increases. It is, however, possible to correct these results for constant inter: 
stress history by using the relationship indicated in Fig. 5 namely that for a « 
stant upper cycling temperature the growth is directly proportional to the tempe 
ature range of the cycle. Thus each of the curves in Fig. 8 can be corrected 
constant AT and then pairs of curves can be used to give values of t and T whic 
will result in the same growth at different upper cycling temperatures. The 
values of t and T can then be used to solve for Q in the following equation 


In t:/te = O/R {1/T: — 1 


~ 


The value of 65 +10 K calories/gram atom is obtained by this method 


good agreement with values deduced from diffusion measurements 

This method thus indicates that an essential part of the growth mechanism is 
thermally activated process; the activation energy does not change significant! 
in the range 350-600 °C (660-1110°F) and provides further support to Dor 
proposal that creep processes at higher temperatures are controlled mainly 
self-diffusion processes. 

Incidentally the method used by Mayfield to extract an activation energy fr 


his growth data is quite invalid since he has not compared values of t and T f 


constant growth and constant internal stress. The results he obtains therefor 
have no real meaning. 
Written Discussion: By 
Ohio 
Dr. Mayfield has provided, in this paper, a wealth of experimental data showing 


R. E. Maringer, Battelle Memorial Institute, Columbu 
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i very detailed way the sensitivity of the “growth” of uranium during thermal 
ing on the experimental conditions. These are the kind of data necessary when 
ting an hypothesis concerning the underlying causes of the observed phenomena 
Plotting these data as the logarithm of G: versus the reciprocal of the absolut« 
mperature, as the author does in Fig. 9, may, 

re of the plot suggests that perhaps two mec 
a transition, near 400 °¢ 


this problem, 


wever, be misleading. The na 
hanisms are operative and that there 
(750 °F) 


other. From my own work 
such is the case 
it 


t forth. 
one extrapolates the curves of constant minimum 


. from one to tl 
I would be happy to believe 


1e 


that 
a 


However, 
ere is a simpler alternative that should be broug! 


lf 


cyclic temperature in Fig. 5 
nsidering them as straight lines rather than the s 
wth rate, one obtains a temperature range (AT) w 
ycle to obtain growth. This is, of course, ignorin 
-rved even when the temperature change is bel 
is interesting then to plot the observed AT ve 


ht curves as shown) to zer¢ 


hich must be covered during 


the very small growth rates 
the defined AT. 
us the 


rs e lowest temperature of 
temperature cycle. This 1 own in tl 


appropriate 


accompanying graph 














.d, Alpha-Ant 
ncluded on the graph are thr 


i Li 


f 300 °C rolled, alpha annealed uranium. The pr 
th 


points representing the 0.2% offset yield strengt! 
ounced similarity of the slopes 

ese curves suggests that the observed AT is thi 

» build up internal stresses (due to the anisot: 

nagnitude « 


temperature range required 
t thermal expansion) of the 
f the yield stress. If this is true, the “transition” shown in Fig 
lay be the result only of the method of plotting 

If one extrapolates the curve shown in the 


acct 
eratures, it appears that AT 


ympanying graph to lower tem 


increases approximately as fast as the minimum 
ycling temperature decreases. Thus, lowering the minimum cycling temperatur« 
below 50°C 


might not increase the growth rate for a constant maximum cycling 
temperature. Are there any experimental data to this effect? 
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Author’s Reply 

The author wishes to thank the contributors of discussions to this paper. 7 
should help immeasurably to clarify as well as further develop certain relations 
and perhaps prompt additional work on areas of uncertainty 

Mr. Pugh’s application of Dorn’s temperature, compensated time, equat 
of state to this data is of considerable interest and of general fundamental 
nificance. I have verified the activation energy values of 65 +10 K cal/gr 
atom obtained at most temperatures, but I have been unsuccessful in finding a si 
nificant diffusion value for uranium with which a comparison could be made. } 

a similar value was deduced from diffusion measurements on uranium would b 

utmost importance if any real meaning were to be derived from the comparisor 
also find it difficult to extract a satisfactory activation energy using the 35! 

(660 °F) data in Fig. 8 since there is little or no change in G; with time; cr 
sequently, I feel it would be appropriate, at this time to limit the constant actiy 
tion energy to the temperature range 400-600 °C (750-1110°F). 

I cannot disagree with Mr. Pugh’s criticism of my method of extracting a 
tivation energies from the curve of Fig. 9. However, I should like to emphasi 
that two different processes operate at two different temperature levels and 
attached no immediate significance to the activation energy values derived ther 
from. Unfortunately, Fig. 9 contains too many variables. If the AT variabl 
removed, a similar relationship is obtained—with somewhat lower G: value 
the break is still evident. 

Dorn has indicated that his method of analysis may apply, generally speaki 
only when the temperature is above that for rapid crystal recovery and mig} 
not necessarily correlate with creep data obtained at lower temperatures. Hi 
therefore suggests that two alternate mechanisms for creep may exist, one p1 
dominating at the higher temperatures and the other predominating over the lowe 
temperatures. Fig. 9 was offered in this same belief, namely, that there are tv 
mechanisms in existence. 


€ 


Mr. Maringer views this break in the curve of Fig. 9 as a possible consequenc: 
of the method of plotting and suggests an interesting alternate which I feel at thi 
time may be somewhat oversimplified. The AT versus minimum temperature curv: 
will change with both holding time at temperature and transfer times (heatit 
and cooling rates). The latter might have to be disregarded in some cases due t 
the overlapping of control variables mentioned. How the yield strength would var 
with strain rate would be of utmost significance at the temperatures indicat: 

a correlation were to exist. It may be possible that such is the case, however, 
more complete analysis would be required before it would be possible to indicat 
that only one mechanism was involved here. 

In answer to Mr. Maringer’s question, there are no experimental data availabl: 
at Argonne to indicate that minimum cycling temperatures below 50°C mig 
not increase the growth rate for a constant maximum cycling temperature as ind 


cated from the extrapolation of Maringer’s alternate AT vs min. temperature p! 





THE GROWTH OF URANIUM UPON THERMAL 
CYCLING 


*. BURKE AND A. M. TURKALO 


Abstract 

Uranium bars which are subjected to repeated cycles of 
heating and cooling may change shape: under extreme con- 
ditions the length may double or triple. This can lead to 
difficulty in the utilization of uranium. In this paper, a 
model for the process is described, and is shown to account 
qualitatively for the distortions observed in uranium. 

The driving force is the stress that develops between dif- 
ferently oriented anisotropic uranium grains when the tem- 
perature is changed. At high temperatures this stress 1s 
relaxed by viscous flow at the grain boundary, and at low 
temperatures by crystallographic slip in some of the grains. 
The two mechanisms of relaxation are shown to combine 
to produce a “thermal ratchet” which causes continued elon- 
gation of textured polycrystalline uranium on thermal cy- 
cling. (ASM International Classification: P10d, P11; U) 


HE ELONGATIONS which occur in uranium wires and rods 

when they are repeatedly cycled between room temperature and 
about 500°C (930°F) have been reported in the literature (1,2), 
and the effects of temperature, heating and cooling rates, texture of 
the specimen, grain size and purity have been described. This irrevers- 
ible behavior must be caused by stress relaxation processes which op- 
erate competitively in different parts of the thermal cycle. The mecha- 
nism for such a “thermal ratchet” was described by the present authors 


in 1952 (3) and was shown to explain the plastic distortions produced 
in zinc bicrystals by thermal cycling. In this paper the thermal ratchet 
is used to explain the growth under thermal cycling of polycrystalline 
uranium.* 


THE MECHANISM OF THE THERMAL RATCHET 


The ratchet proposed has as its two competitive mechanisms of de- 

formation: (a) crystallographic slip at low temperatures and (b) 
rhe figures appearing in parentheses pertain to the references appended to this paper 

* Historically, the development was in the opposite order. H. Brooks and J. P. Howe pointed 

t in 1950 that some kind of a thermal ratchet must operate to produce the growth in uranium 

ke postulated the mechanism described here, and Burke and Turkalo confirmed its opera 

n with the reported observations on zinc bicrystals 


\ paper presented before the Thirty-Ninth Annual Convention of the Society, 
eld in Chicago, November 4-8, 1957. The authors, J. E. Burke and A. M. Turkalo, 
are associated with General Electric Research Laboratory, Schenectady, New 
York. Manuscript received April 11, 1957. 
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viscous grain boundary flow at high temperatures. It is assumed 
operate between a pair of anisotropic crystals joined at a grain bow 
ary and the stresses responsible for the distortion have their origir 
the difference in the coefficient of expansion of the two grains ir 
reference direction parallel to the grain boundary. This differenc: 
in expansion upon heating or cooling will produce a tensile stress 
one grain and a compressive stress in the other. These stresses 
resolve to different shearing stresses on the slip planes and in the sl] 
directions of the two grains making up the bicrystal couple. Thus, the 
strengths of the two grains will appear to be different. In the discussio1 
which follows, the grain which has the higher stress resolved on 
slip system is called the weaker grain. 

For simplicity we may assume that at any strain rate, there is 
temperature, T., which appears to be a melting point for the grair 
boundary. Above this temperature the stress developed by the diffes 
ence in expansion of the two grains is relaxed by viscous flow as fast 
as it develops. Below this temperature, the difference in expansion 
the two grains is accommodated largely by plastic flow in the weak: 
of the two grains. Because the grain boundary flow is viscous, this te 
perature, T,, 1s relatively high if the heating or cooling rate is hig! 
and is low if the heating or cooling rate is low. 

Consider a pair of grains in which the weaker one has the high 
coefficient of expansion at a temperature just above T.. Upon coolin 
an elastic tensile stress develops in the weaker grain, and after cooling 
by AT, the stress is defined to become so high that plastic flow com 
mences in the weaker grain, and the elastic stress thus will remait 
essentially constant. If cooling is continued until the temperature i 
(T. — 24T), and then the specimen is heated again, the tensile stres 
in the weaker grain gradually falls and reaches zero at (T,.— AT 
Upon heating further to T,, a compressive elastic stress is developed 
and is relaxed at T. by grain boundary flow. Now the weaker grait 
is longer than the stronger one. The stress and temperature are just 
what they initially were, so repetitions of this cycle will produce cor 
tinued elongation of the weaker grain. We have thus described 
thermal ratchet which can operate to produce a continuing change i 
shape of one grain in a two grain couple. On cooling the weaker grair 
is plastically distorted. On heating to T,, flow occurs along the grait 
boundary, so that the stronger grain can take a new grip on the weaker 
one and cause it to distort more on the next thermal cycle. The weaker: 
grain will always be distorted: it will lengthen if its coefficient of ex 
pansion is higher, and it will shorten if its coefficient of expansion i: 
smaller than that of the stronger grain. 


APPLICATION OF THE THERMAL RATCHET TO POLYCRYSTALLINI 
URANIUM 


We assume that a polycrystalline specimen can be treated as an ag 
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Table I 
Effect of Texture on Growth Rate of Uranium Rod 
Cycling range: Room temperature to 550 °C (1020 °F) No. of cycles: 750 
Treatment 
Pseudo-single crystal 


Beta-treated” crystal t indon 
5% reduction at 300 °C (570 °F ight 010) poles parallel 


75% reduction at 300 °C (570 °F tr y 010) poles par 


75% reduction at 600 °C (1110 °F + (110) poles para 
y directior 


regate of bicrystal couples. The overall distortion of the specimen will 
he the algebraic sum of the distortions of the individual grains in the 
specimen. 


The E ffect of Texture 
[ypical values for the growth rate during thermal cycling of uranium 
; a function of texture are listed in Table I. The growth coefficient, G, 
is the true strain per cycle, and refers to an elongation parallel to the 


No growth occurs on thermal cycling a pseudo-single crystal (#1, 

ible 1) since it is so nearly a perfect single crystal that essentially no 
stress is developed across the boundaries. 

In “beta-treated” uranium (#2, Table I) which is polycrystalline 
but has practically no texture, the algebraic sum of all distortions is 
most zero, so that a very small amount of growth occurs. 

Textured rods (#3 and 4, Table 1) with (010) poles approximately 
parallel to the rolling direction elongate on thermal cycling. This is in 
agreement with the described ratchet model. Grains which are precisely 
oriented with the [010] direction parallel to the rod axes have a neg: 
tive coefficient of expansion in that direction. Furthermore, they are 
ilso the strong grains : the predominant slip system in uranium is (010) 

100], so a tensile or compressive stress parallel to the rod axis will 
not be resolved as a shearing stress on the (010) slip plane of grains 
in the nominal (010) orientation, since the slip plane is 90 degrees to 
the stress direction. The tensile or compressive stress will be resolved 

sa shearing stress on the (010) slip planes of all grains which deviate 
from this nominal orientation. Thus, grains in the nominal orientation 

vill be stronger than any of their neighbors which deviate from this 

rientation. All such slightly deviating grains have higher coefficients 

f expansion than the nominally orientated grains. It follows from the 
mechanism proposed that weaker grains having higher coefficients of 
expansion in a given direction are stretched in that direction. Thus it is 
predicted that textured rods having (010) poles oriented approxi 
mately parallel to the rolling direction will grow longer on thermal 
cycling. Of course, the more perfect the texture, the greater will be 
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the growth per cycle unless the texture becomes so perfect that 
specimen is essentially a single crystal, when no growth occurs ag 

Specimen 5 (Table I) worked at 600°C (1110°F) has a mixed 
(O10) plus (110) texture. In the (110) component of the texture, thy 
crystallographic pole which is parallel to the rod axis may deviate f1 
(110) toward (100) or toward (120). When the deviation is tow 
(100) the coefficient of expansion is high (since [100] is the directi 
of maximum coefficient of expansion) and the strength of the grain is 
greater because the stress direction is nearly 90 degrees to the slip plat 
and nearly parallel to the slip direction. When the deviation is towar 
(120) the grain has a lower coefficient of expansion and is weaker 
because the stress direction is nearly 45 degrees to the (010) slip plan 
and to the [100] slip direction. Thus, the couples between all grai 
lying close to the (110) texture component will be between high e» 
pansion strong grains and low expansion weak grains. The ratchet 
model predicts that the weaker grains of these couples will shorten upot 
thermal cycling. However, since the (010) texture component pri 
dominates in uranium worked at 600 °C (1110 °F), the specimen 
whole elongates, but the negative contribution of the (110) textur 
leads to a smaller effect than that observed in Specimen 4 which ha 
no (110) component. 


Effect of Temperature 

Most thermal cycling has been done between room temperature and 
some elevated temperature. Little growth occurs unless the elevate 
temperature is above 350 °C (660 °F). The ratchet model predicts tl 
no growth will occur if cycling is carried out at temperatures bel 
those at which atomic mobility and grain boundary sliding is appre 
ciable. In zine bicrystals it was found that no distortion occurred if 
cycling was conducted between room temperature and liquid nitroget 
temperature. The “recrystallization temperature” provides a rougl 
index of the temperature at which atomic mobility is appreciable. Since 
cold-worked uranium will not recrystallize in reasonable times at 
temperatures below 350 °C (660 °F), it seems probable that the reasor 
no growth occurs on thermal cycling below this temperature is that 
no grain boundary flow occurs. 


Effect of Heating and Cooling Rate 


The ratchet model also predicts changes in the growth rate for 
given specimen cycled over a constant temperature range if the rat 
of the heating to the cooling rates is changed. 

For example, if the bicrystal is heated much more rapidly than it 1 
cooled, upon heating a step is produced between the grains at som 
temperature T, when grain boundary flow starts, exactly as in the cas 
of equal heating and cooling rates. However, if the specimen is coole: 





URANIUM GROWTH ON THERMAL CYCLING 947 


ery slowly, reverse flow on the grain boundary continues to a lower 
temperature (i.e., T, is lower for cooling than for heating). This con- 
tinued flow decreases the size of the step initially produced, and the 
nount of growth in that cycle is less than the amount which would 
have been produced by equal heating and cooling rates. If conditions 
are sufficiently extreme, the sign of the displacement may even be 
reversed. 

On the other hand, if the bicrystal is heated much more slowly than 
t is cooled, a very large step may be produced, because grain boundary 
flow starts at a low temperature and continues over a large temperature 
range (i.e., T, for this slow heating cycle is very low). Rapid quenching 
retains this large step because T, is high. As a result, the amount of 
growth per cycle is greater than that produced by equal heating and 
cooling rates. 

Thus, if a certain amount of growth occurs with equal heating and 
cooling rates the ratchet model predicts that the amount of growth will 
be greater if the cooling time is less than the heating time, and less if 
the cooling time is greater than the heating time. 

This is exactly in agreement with the data reported by Chiswik, et al. 

1) for variation of the growth coefficient, G, with different combina- 
tions of heating and cooling times. The data presented in Table IT were 
read from their graph for an upper cycling temperature of 550°C 
(1020 °F). 


Table Il 
Effect of Heating and Cooling Times on Growth Rate of Uranium Rod 
Heating Time Cooling Time 
30 minutes 5 seconds 
5 seconds 5 seconds 
30 minutes 30 minutes 
5 seconds 30 minutes 


Effect of Composition 

Large amounts of carbide inclusions are reported to decrease the 
growth rate. This is logically attributed to the hindrance of grain bound- 
ary flow by the carbide particles. 

DISCUSSION 

Chiswik, et al. report that Bettman, Brown and Frankel criticized this 
model as: ‘being intuitively unsatisfactory for polycrystalline metals 
because the proposed differential dimensional changes of adjacent 
grains should be prevented by the surrounding matrix of interlocking 
grains”. Certainly, a great part of this differential movement can be 
accounted for by grain boundary sliding. In addition, if local compres 
ive or tensile stresses do develop that cannot readily be relaxed by 
grain boundary flow, they can be relaxed by diffusion if the cycling in- 
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terval is long, as proposed by Nabarro (4) and by Herring (5). $ 
diffusion has been repeatedly shown to be responsible for matter tr 
port during sintering (6). 


CoNCLUSIONS 


The ratchet model proposed provides satisfactory explanations 
the growth of uranium as well as zinc. It explains in a semi-quantitat 


way the role of temperature of cycling, rate of cycling, kind and | 


fection of texture. 
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DISCUSSION 


Written Discussion: By John P. Howe, Chief, Research, Atomics Internatior 
A Division of North American Aviation, Inc., Canoga Park, California 

The discussion of the mechanism for the distortion of textured alpha-uraniut 
during thermal cycling is an important addition to science associated with n 
rials for nuclear reactors, and to metallurgy generally. The mechanism discuss 
has been demonstrated to be at least one, if not the sole, mechanism operating 
this interesting phenomenon. 

Besides criticizing the model proposed (other authors, particularly irankel 
discussions and in AEC reports, have offered other models), it is quite true a1 
pair of deformation mechanisms, which operate in different regions and whi 
have differing rate-temperature relations, can produce a ratchet. So far as tl 
reviewer is aware, however, no other pair has been shown explicitly to exist 
Perhaps a slight generalization could be made that one mechanism must be t 
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omena associated with the yielding of the al. Thus, slip may be sup 
nted by twinning. Similarly, mechanisms related to stress relaxation at high 
erature may be involved, but clearly grain boundary movement must be most 
rtant. A fairly quantitative description is probably possible for selected bi- 
tals, and probably should be attempted. For the polycrystalline case, parti 
with complex textures which exist in alpha-uranium, the qualitative de 
tion offered by the authors is quite satisfying 


Written Discussion: By S. F. Pugh, United Kingdom Atomic Energy Authority, 
nic Energy Research Establishment, Harwell, Didcot, Berks., England 
he experiments of Burke and Turkalo on thermal ratcheting in zinc were 
lished many years ago and gave a very nice demonstration of the process of 
mal ratcheting which was also observed in the early work of Boas and Honey 
nbe in cadmium and tin. The calculated growth to be expected on the basis of 
differential thermal expansion of the component crystals in the thermal 
heting experiments of Burke and Turkalo on zinc bicrystals is about two 
lers of magnitude greater than that observed. It is therefore deduced that a 
ss other than grain boundary flow was responsible for most of the stress 
laxation at the upper cycling temperature. This is supported by the statement of 
1uthors that occasionally grain boundaries were found to stick at certain points 
| not to move during cycling 
The mechanism of growth in alpha uranium on thermal cycling has an efficiency 
re than an order of magnitude greater than that of the ratcheting process in 
, and in alpha uranium grain boundary flow is even less likely to occur than 
inc partly because the grain boundaries in uranium are corrugated and becaus« 
temperature of the uranium is much further from the melting point than that 
he zinc in the ratcheting experiments. The work of Lloyd and Mayfield re 


rted in this volume also indicates t 


lat grain boundary movement is of minor 
rtance in the distortion which occurs in uranium during cycling. For these 
ons I feel that the mechanism described by Bettman, Brown and Frankel ? is 
likely to be the one applicable to the case of growth in uranium on thermal 
g. The mechanism merely postulates a change in relative strengths of the 
) textures in the direction of the axis of bars with temperature. The mode of 
eformation at low temperatures is essentially nonthermally activated whereas 
e mode of deformation at the higher temperature is thermally activated. The 
ange in relative strengths can therefore be treated as a change from a yield 
iterion to a creep process on raising the temperature. The kinetics of the creep 
ess can be analyzed by the method developed by Dorn using the quantitative 
ta published by Mayfield in this volume to give an activation energy of 
5+ 10 K calories/gram mol. 
Written Discussion: By I’. N. Rhines, Aluminum Company of America Pr 
sor of Light Metals, Carnegie Institute of Technology, Pittsburgh. 
In the period since the authors first developed their thermal ratchet model, the 
sults of several studies upon grain boundary flow have been published.’ It has 
ome quite clear, thereby, that the rate of flow diminishes with time and that 


M. Bettman, G. W. Brown, and J. P. Frankel, | report MTA-36, December 


Declassified Sey 


example: F. N. Rhines, W. E. Bond and M. A. Kissel, “Grain Boundary Creep in 
‘ol. 4 


1m Bicrystals,’’ TRANSACTIONS, American Society for als, Vol. 48, 1956, p. 919. 
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grain boundary shearing is therefore not viscous. This in no way vitiat 
authors’ plausible and well defended model of growth by thermal cycling, 
involves only observed grain boundary behavior and not the property of visc¢ 
The existence of a threshold temperature of grain boundary flow is well recog: 
and its reason for existence understood ; the elevation of the threshold temperatur¢ 
with rapid heating is predictable upon the basis of the localized recovery 
model of grain boundary shearing. Although the assumption of viscous flow ha 
pens not to have affected adversely the present conclusions, it seems to me u 
to perpetuate the concept lest others be led astray. 

Since long-time demonstrations of thermal cycling growth in the everyday 
of metals are somewhat rare, I should like to offer an example which I can d 


ment to some extent. 
The accompanying photograph exhibits edgewise the wrinkled nameplate o1 


combination electric hot-plate and toaster which is still in use after about 38 vy 


Fig. 1—Edgewise View of 

Nameplate on a Combination 

Electric Hot-Plate and Toaster 

in Use After About 38 Years of 
Service. 


of service. The nameplate is evidently made of zinc sheet; it has grown approx! 
mately 10%, lengthwise between its two points of attachment. Owing to the na 
ture of the use of the device it is possible to estimate the number of heating cycl 

to which it has been subjected as 8000, with an uncertainty of about 30%. Thé 
same considerations suggest also that the thermal cycle has been of the long, slow 
heating and relatively rapid cooling type, its range being from 75°F to som¢ 
where between 300 and 390°F. Zinc sheet, as produced 40 years ago, may | 

expected to have had a strong texture. The observed growth is equivalent to 

little more than half the maximum reported for zinc bicrystals, by Burke ar 

Turkalo in 1952. 

Written Discussion: By Hubert Bairiot, Belgian American Educational Found 
tion, New York City. 

The fundamentals of the growth of uranium upon thermal cycling is describe 
in two papers: L. T. Lloyd’s present experimental data, J. E. Burke’s therma 
ratcheting theory. The author of the discussion had the opportunity to investigat 
the problem, both on the experimental and theoretical point of view, at the Massa 
chusetts Institute of Technology and the Argonne National Laboratory. A paper 
will be issued soon. 
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sh purity, coarse-grained uranium specimens are observed up to 100 cycles 


nicroscopic examination and 200 cycles by x-rays. A fiducial grid helps to 
t the deformations. The deformations appear to be born near the grain bound- 
s and extend only through the grains after many cycles. Considering the region 
the grain boundary of two neighboring grains, one of them usually appears 
trong” grain, the other as a “weak” grain. This supports the thermal ratchet- 
picture. The grain boundary sliding appears, however, only as a minor effect, 
ricted to grains near the edge where interlocking by neighbors is negligible 
experiments lead to the same conclusion of creep-type deformation, as 
rved at the ANL. Strong evidence of polygonization, and later recrystalliza 
tarting from grain boundaries, can be notice 
lhe experimental results suggested a model very close to the thermal ratchet 
_in which the grain boundary sliding is replaced by grain boundary creep. The 
perature | appears as the equic hesive temperature, observed in creep testing 
mparison with extensively creep tested metals shows this equicohesive tem 
rature to be between 300 and 500°C (570 and F) for uranium, in good 
hy, 


reement with 350 °C (660 °F) indicated for 7 Burke. 


[he performed mathematical development based on two approximations 


iny grains have the (010) direction close to the considered direction, and only 


10)-[100] slip is operative. Let @ be the most probable angle between the [010] 
ns and the growth direction in a polycrystalline specimen, and Gmax. the 

th coefficient to be expected with very low heating and cooling rates; the 
ilues of Gmax. as a function of @, calculated on now out-of-date mechanical data 


r uranium, was: 


his is in good agreement with Table I of the paper 

he influence of the hot phase temperature and effective heating time (approxi 
ately the “hot temperature holding time’) may also be accounted for quantita- 
ely. The effect of cooling rates is an involved mathematical problem, not yet 
lved. Both effects of cooling and heating rates may be looked upon as due to 
e viscous behavior of high temperature creep, without taking into account a 
isplacement of the equicohesive temperature. In fact, it is very questionable 
hether the energy stored near a grain boundary by fast heating or cooling may 

sufficient to initiate a noticeable raise of this temperature. 

Written Discussion: By J. P. Frankel, Engineering Department, University of 
ilifornia, Los Angeles. 
lhe summary of the basic phenomena related to this important problem con- 
tained in this paper is an excellent brief compilation that will often be referred to 

the future. 

lhe possibility that the mechanism of the instability is related to grain boundary 
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sliding at high temperatures is logically stated. It is reasonable that part 
growth of uranium may be accounted for by this mode of deformation 
rhe study by Lloyd and Mayfield *, however, indicates that grain boundary 
ing occurs only to a slight extent. In his discussion of their paper, the write 
indicated the difficulties which make significant grain boundary motion unlike 
In their discussion, the authors assert that an alternative to grain bow 
relaxation is the diffusion process proposed by Nabarro and Herring. Lloyd 
Mayfield suggest as still a third alternative the possible importance of cree} 
relaxation phenomena. There does not seem to be experimental evaluation 
merits of these alternatives available in the current literature. In this regard 
proper to mention that the creep relaxation mechanism is dis 
in MTA-36, an AEC report available from OTS 


conjectural, at least until experimental verification on fine 


obtained 


Authors’ Reply 


It is gratifying to have such a detailed and spirited discussion o 
| we should like to thank all those who contributed discussions 
The comments of Dr. Howe are particularly welcome since | 


Th 


associated with this work and made so many contributions to 

the importance of having two different mechanisms of deformati 

lifferent rate-temperature relations to produce a ratchet 

ment for any process to explain the observed distortion 
Mr. Pugh does not agree with the mechanism proposed, 

agreement on several misunderstandings and a few errors, ; 

be corrected: As was pointed out in some detail in our earlier paper, Boas 

Honeycombe did not observe thermal ratcheting. They observed that str 

produced by differential thermal expansion could produce plastic slip 

Howe so clearly pointed out, two mechanisms of deformation ar 

thermal ratchet. Again the calculated growth to be expected in 

wo to four times that observed, not two orders of magnitude 

Pugh. He further states that uranium grows when its temperature 

further below the melting point than the temperature at which zinc grows 

absolute temperature interval this is so, but in fractions of the melting point 

discrepancy is small. Uranium growth is observed at 0.59 of the melting 

and the only temperature tested in zinc was 0.67 of the melting point. G 

boundaries are corrugated only in beta-treated uranium, which does not grow 


t 


Since it is for these reasons that Mr. Pugh objects to the model we prop¢ 
we feel his objections are not well taken. 

The discussion of Mr. Frankel as well as that of Mr. Pugh refers to the 
that Lloyd and Mayfield ciaim that grain boundary sliding occurs only t 
limited extent. Actually they show excellent photographic evidence for g1 
boundary flow; they state that the chief mechanisms of deformation are “int 
granular slip and twinning, sub-grain formation, boundary migration and bout 
ary sliding”. Of these, we particularly invoke intragranular slip and bounda 
sliding as the components of the ratchet. Twinning will produce only limit 
deformation, sub-grain formation an amount exceedingly small compared to tv 


‘ Page 954-978, this volume 
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dary migration, and grain boundary migration can produce no deformation at 
Lloyd and Mayfield make no quantitative measurements of the distribution of 
rtion among these models, nor do they offer any mechanism as an alter 
ive to the one we propose. Thus we feel that there is no experimental evidence 
support the claim that grain boundary flow is unimportant in the growth of 
jum 
[he mechanism proposed by Mr. Pugh, that of a change in the relative strength 
lifferent texture components with temperature is interesting, but I believe 
lly unsupported by any experimental evidence in any material. In order to 
iously present it as an alternative mechanism, there should be at least some 
retical argument for supposing that such a behavior might be observed. It 
uires, of course, that there be some pair of grain orientations having the 
rty that one grain is weaker at high temperatures and one is weaker at low 
mperatures. 
Mr. Frankel also states that we propose Nabarro-Herring creep as an alter 
ive to grain boundary flow. Actually, we proposed this diffusional process 
as a secondary one to relax local stresses that cannot be readily relaxed by 
boundary flow 
t is comforting to read M. Bairiot’s discussion, in which he confirms by direct 
bservation the general principles of the ratchet we propose. We assume that the 
fferentiation which M. Bairiot makes between “grain boundary sliding” and 
grain boundary creep” is one of scale, with the flow appearing to occur in the 
se neighborhood of the boundary rather than right at it. We might here call 
ntion to the fact that in many cases the grain boundary displays considerable 
bility. Continuing grain-boundary flow on a grain boundary that is moving will 
] 


read the deformation over quite a wide area as was noted in our earlier paper 
, 


look forward to the appearance of M. Bairiot’s paper 
Finally we should like to thank Prof. Rhines for his very pleasant example of 
thermal ratcheting process. We accept his criticism of our use of the term 


} 


viscous” to describe the flow properties of a grain boundary, and regret that his 


lary flow was not available when we were doing our 


legant work on grain boun« 
riginal work on zinc 

In closing we should like to again thank those who contributed, and to sum 

n: The problem is to explain the growth of uranium; i.e., to 

hy a cyclic stress causes it to elongate. Observations of mechanism of 

formation do not answer the problem—it must also be shown that they may be 

upled to produce a ratchet. We have proposed a coupling mechanism, have 

mstrated experimentally that it works in zinc and have demonstrated that 

} 


accounts quantitatively for the relationship between texture and growth i 


iranium, and that it accounts qualitatively for all of the observed phenomena in 
e thermal cycling of uranium, and that the theory can be used to predict be 
avior 





MICROSTRUCTURAL CHANGES OF URANIUM 
UPON THERMAL CYCLING 


By L. T. Ltoyp ann R. M. MAYFIELD 


Abstract 

Microstructural observations of thermal cycled uranium 
demonstrate that the macro growth embodies deformation 
phenomena similar to those occurring in creep. Coarse 
grained specimens deform by slip, twinning, and localized 
interactions at the grain boundaries. Slip occurs promi 
nently on the (010) plane along with cross-slip on (010) 
(001) planes and limited slip on the {110} plane. For two 
adjoining grains, the extent of interaction ts dependent upon 
the relative orientations of the grain boundary and the angle 
between the two (010) axes; the interaction increases as the 
angle increases. Fine-grained specimens deform by grain 
interaction and grain boundary migration, together with 
some intragranular slip and grain boundary sliding. (ASM 
International Classification Q24, 1-11, N5; U 


INTRODUCTION 


HE MACROSCOPIC deformation of the uranium orthorhomi: 

phase upon thermal cycling has received considerable attentior 
from investigators associated with development and construction 
nuclear reactors. Data have been reported by Chiswik (1),! Mayfield 
(2), and Zegler, et al. (3), as well as by many others in the nuclear 
metallurgy field. Most investigators agree that the dimensional inst 
bility arises from intercrystalline stresses developed during cycling du 
to thermal expansion anisotropy (4). Burke, Howe, and Lacy (5) pri 
posed a “thermal ratcheting” mechanism which makes deformati 
irreversible. Textured polycrystalline uranium is pictured to consist 
of differently oriented grain couples with a stress developed across th« 
boundaries. They postulate that the grain which is weaker, becau 
of its crystallographic orientation, deforms by slip at low temperatur 
whereas at high temperatures the intergranular stress is relieved | 
grain boundary sliding. In support of this mechanism they point 


1 The figures appearing in parentheses pertain to the references appended to this paper 


A paper presented before the Thirty-Ninth Annual Convention of the Societ 
held in Chicago, November 4-8, 1957. Of the authors, L. T. Lloyd is group leade 
Physical Metallurgy, and R. M. Mayfield is associated with the Metallurgy Diy 
sion, Argonne National Laboratory, Lemont, Illinois. Manuscript receiv 
March 29, 1957. 
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perimental observations of grain boundary sliding in thermally cycled 
(6). Bettman, Brown, and Frankel (7) have proposed that con- 
tinued elongation may result from creep in the stronger grain of a 


similar couple at the high temperature part of the cycle, whereas the 
veaker grain may be deformed plastically in the low temperature part. 
\ similar mechanism has been proposed by Maringer, Mangio, and 
Johnson (8). 

Boas and Honeycombe (9,10,11) studied the microstructures of cer- 

in noncubic metals (zinc, cadmium, and tin) after thermal cycling 

er a relatively low temperature range. Three general types of phe- 

mena were observed: (a) surface roughening accompanied by the 
erain boundaries becoming more pronounced ; (b) deformation mark- 
ings within grains brought about by slip and twinning ; and (c) migra- 
tion of grain boundaries in high purity metal. X-ray results indicated 
that the deformations occurred throughout the specimen and were not 
restricted to surface layers. Similar observations were noted by Burke 
ind Turkalo (6) from thermally cycled bicrystals of zinc. In specimens 
cycled between 100 and 300 °C (210 and 570 °F) they observed intra- 
granular slip, grain boundary sliding, boundary migration, and in some 
cases, recrystallization or subgraining immediately adjacent to grain 
boundaries. In specimens cycled between room temperature and 

180°C (—290°F) they found no boundary migration or sliding, 
deformation within grains occurred by twinning and slip, and intra- 
granular cleavage occurred in some cases. 

Postulates of the thermal cycling growth mechanism in uranium 
have thus far been based upon studies of macro deformation. The pres- 
ent study concerned itself primarily with the microstructural changes 
during thermal cycling, particularly those pertaining to the magnitudes 
/f grain boundary interactions as related to their relative orientations, 
nd to the mechanisms of deformations within grains. 


MATERIALS AND EXPERIMENTAL TECHNIQUES 

[he specimens studied were high purity uranium (99.99 + wt. % ) 
with the exception of one sample of 99.9 + wt. % uranium (hereafter 
referred to as commercial grade) ; in both cases the major impurity was 
irbon. All materials were rod-rolled 75% reduction in area at 300 °C 
570 °F), and annealed at 600 to 650°C (1110 to 1200°F). This 
labrication and heat treatment resulted in highly textured rods (12). 
Coarse-grained samples employed for comparative microstructural 
bservations were prepared by grain coarsening techniques (13), 
hereas fine-grained specimens were obtained by normal recrystalliza- 
tion. Metallographic surfaces were polished by mechanical and elec- 
lytic means (14) and examined in polarized light. Orthogonal scribe 
irks were piaced on the polished surfaces with a Bergsman Hardness 
Lester ; light indentations were used to prevent distortion and recrys- 
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Table I 
Specimen Cycling Histories 


Low Temperature Transfer High Ten 
Holdir 


Specimen Treatment Number of Holding Time** Time ing T 
Number* Number Cycles (minutes) seconds) (minute 

48 1 15 2 5 10 

48 2 15 2 5 10 

71 1 50 2 5 10 

80 1 25 2 5 5 

80 2 25 2 5 5 

86 1 25 2 5 5 

86 2 25 2 5 5 

121 1 50 2 5 10 
B-366-I 1 25 2 5 10 
B-366-I 2 25 2 5 10 
B-366-II 1 100 2 5 10 
B-366-ITI 1 25 2 5 10 
4A 3000 5 5 5 

7A 3000 2 5 < 

*Specimen 7A was of commercial purity—all other specimens were high purity urani 
**Low cycling temperature was 50°C (120°F) for specimens 7A and 4A; all other samy 

cycled to room temperature 
***High cycling temperature for specimen 4A was 559°C (1020°F) and for specimen 7A—600 


1100°F); all other samples were cycled to 500°C (930°F) 


tallization upon heating. These served as reference marks and wer 
used to reveal displacement of adjoining grains. 

Orientations of individual grains in the coarse-grained specime: 
were determined from back-reflection Laue photograms. Such data 
could not be procured from fine-grained specimens ; however, in sot 
cases, a measure of preferred orientation was obtained by x-ray tec! 
niques. 

Individual samples used for comparative microstructural observ 
tions were wrapped in 0.002-inch thick tantalum sheet and sealed 
Pyrex under a vacnum equal to, or better than, 5 & 10~° millimete 
of mercury. They were then thermally cycled in a small resistance fu 
nace by raising the capsu'e into the 500 °C (930 °F) temperature zon 
holding for a predetermined time, and then ! 
perature air blast. Specimens 4A and 7A whose microstructures wet 


owering into a room te 


observed during and subsequent to treatment were cycled in the verti 
tube Nak cycler (2). Cycling histories of all specimens are given 
Table I. 

After predetermined numbers of cycles, the polished surfaces w 
examined metallographically. A portion of the samples were reseal 
in Pyrex, cycled a second time, and again observed for microstructu 
changes. Some specimens were repolished after final cycling to permi 
detailed examination of microstructures under polarized light. 


RESULTS 
Coarse-Grained Specimens 
Microstructures of five coarse-grained specimens were studied. Rey 
resentative observations are presented for two of these in relation 
their condition. 
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Table Il 
Orientation Relationship Data for Coarse—Grained Specimens 


re 
Angle be 
Angle between common axis ibout t tween 
and degrees) xis 010) axes 
{100]}—a@ [010}—s [001] rees) ¢—(degrees) 
2 56 40 63 
7 24 70 5 48 
59 31 85 
&8 21 
88 8 
82 6 
89 2? 


1 
1 
) 
2 
3 
) 
) 


1 
3 
1 
2 
5 
3 
2 
& 
8 


lues were assigned after the first 


Initial Condition—Table II records data pertaining to the relative 
rientations of each pair of grains within individual samples. Angles a, 
. and y were measured from the axis common to both grains to the 
100]. [O10], and [001 ] axes, respectivel) : 8 is the magnitude of rota 
on of one grain about the common axis that brings it into coincidence 
ith the other grain; and o is the angle between the [010] axes. Fig. 1 

i stereographic plot of the principal poles of grains in specimens 48 
nd 80 relative to the scribed reference marks shown in Figs. 2b and 3a 

ir each specimen, the arrow of the stereographic plot is parallel to 
horizontal scribed lines and the head points in a direction corresponding 

) left. 

Figs. 2a and 3a show samples 48 and 80 prior to thermal cycling ; 
letters designate the various grains and numbers refer to twins. Traces 
25, 26, 27, 28, and 29 of specimen 48 and traces 3 and 4 of specimen 
0 were identified by pole-loci analyses as ~ {172} type twins; all other 
traces are {130} twins. 

As-Cycled Condition—Specimens 48 and 80 after their first cycling 
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rs 


Fig. 1—Relative Orientation of Grains 
Specimens 48 (circle) and (square) 80 


2) 
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r 
f 
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c 
e 
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Neen 26 23 


Fig. 2—-Composite Photomicrographs of Two Polished Surfaces 
(121 degrees Included Angle Between Surfaces). Fig. 2a—Prior to Cycling 
(Polarized Light, x 20). 


f Specimen 48 


treatment are shown in Figs. 2b and 3b. An obvious increase in {130 
twinned material has occurred in some grains (grain B, specimen 80 

Fig. 3b). Frequently this appeared as thickening of twins which wer 
present prior to cycling ; however, some new traces were created. Ther 
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> (930 °F), (Bright 


Ss 
u 
r 
f 
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e 
A 


After Re g Subsequer 30 Cycles. (Polarized light X 20.) 


were no changes in the ~ {172} twins present prior to cycling, nor were 
ther new twin trace directions found. 
The major intragranular deformations occurred by slip mechanisms. 
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*hotomicrographs of Polished Surface of Specir men 
Prior to Cyc! ing. (Polarized light 


After 25 Cycles from Room Temperature to 500 °C (930 °F) 
(Bright field—x 40.) 


\ll coarse grains studied, except those for specimen 71, containe 
traces which were identified as (010)-[ 100] slip (see for example 
grain B, traces 15 and 16, specimen 48—Fig. 2b; grain B, trace 16 
specimen 80—Fig. 3b). Irregular slip markings whose appearance 
identified them as (010)-—(001) cross-slip (15,16) were found in somé 
grains (see for example, grain B, area 17, specimen 48—Fig. 2b; grait 
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After Repolishing Subsequent to 5 yel (Polarized light 
40.) 


B, area 19, specimen 80—Fig. 3b). Other slip deformations were found 


in some grains; most of these were identified by pole-loci analyses as 
110} slip (see for example, grain A, trace 8, specimen 48—Fig. 2b) 

The extent of intergranular interaction is manifested by slip deforma 
tions near the grain boundaries. Because the grain boundaries are ir 
regular, this interaction is not uniform. It was, however, possible to ob 
tain a measure of its extent according to an arbitrary scale of deforma 
tion ; these values are recorded for each pair of grains in Table II. 

The above observations are limited to the first cycling treatments of 
coarse-grained specimens ; their appearance after the second treatment 
lid not differ greatly. In general, increased cycling enhanced metal 
lographic evidence of deformation but did not result in additional 
mechanisms. 

As-Cycled and Repolished Condition: Subsequent to thermal cycling 
and repolishing, specimens 48 and 80 appeared as shown in Figs. 2c and 
3c. Many of the twins present prior to cycling have disappeared, 
whereas others have increased in width and assumed irregular shapes. 
Comparison of these with trace directions prior to cycling showed their 
identity to be {130} twins. 

Regions immediately adjacent to grain boundaries, especially those 
where considerable distortion was observed in the as-cycled condition, 
exhibit sub-graining as shown in Fig. 5. The Laue photogram of Fig. 6 
obtained from such an area in specimen 86 indicates the sub-grains to 
be systematically disoriented with respect to each other. 
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Higher Magnification Photomicrograph of Specimen 80 in Same Con 
that of Fig. 3b. (Bright field— x 200.) 


FINE-GRAINED SPECIMENS 


Two of the fine-grained specimens (B-336-I and B-336-I1) used fo 
comparative metallographic observations were thermal cycled in the 
alpha-annealed condition ; sample B-366-IIT was cycled after a 4-minut« 
beta phase treatment at 725 °C (1335 °F) followed by water quench 
ing. All three specimens had an initial average grain diameter of ap 
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g. 5—Higher Magnification Photomicrograph men 80 in Same Condition as 
that of Fig. 3c. (Polarized light—x 100.) 


roximately 0.05 millimeter. Because the individual grain orientations 
could not be obtained, it is impossible te 


) associate deformations with 
specific mechanisms and correlate relative grain orientations with ob 
served grain interaction. Observations of microstructures, however, 
do permit some generalizations with respect to cycling deformations. 

Prior to thermal cycling, the alpha-annealed specimens appeared as 


equiaxed grains with little evidence of internal stressing as indicated by 
5 > ¢ 


the presence of twins. Metallographic surfaces, subsequent to cycling, 
appeared as shown in Figs. 7a and 8. Internal stressing of the grains 
vas indicated by slip and twin traces ; observations subsequent to elec- 
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A 


Fig. 6—-Laue Photogram Taken from Subgrained Area Near Grain Boundary 
Specimen 86. (Copper white radiation.) 


tropolishing showed that only a small portion of these were caused | 
twins. Grain interaction was indicated by several factors: (a) A sul 
grained structure was created within grains as shown by oblique illu: 
nation in Fig. 8; this was substantiated by polarized light observati 
after electropolishing. (b) Some grain boundaries have migrated 
shown by the series of irregular lines. (c) Some evidence of grai1 
boundary sliding was observed because various grains have a differencé 
in height and thereby cast shadows of varied width when viewed und 
oblique illumination. 

Prior to thermal cycling, the beta-treated sample of Fig. 9a shows 
relatively large grains with extensive subgraining and some twins. Th: 
polished surface exhibited considerable deformation and some increas: 
in the quantity of twins after cycling as shown in Fig. 9b. Extensi 
deformation occurred at grain boundaries and some interaction betwee 





YCLING 


b 


Fig. 7—Microstructures of Specimen 


50 Cycles 
Between Room Temperature and 5 . 7 


As 


€ 


i 3 ) ig. /a—d 
Cycled (Bright Field— x 300). Fig. 7b—Cycled and Repolish 
(Polarized Light 


subgrains was evident because they were clearly distinguishable under 
bright field illumination. 
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otomicrographs of Specimen B-366-II After 100 r nareg™ Bot ween Room Ten 
perature and 500 °C (930 °F). (Bright field 


General microstructural features of commercial-grade specimen 7A 
were observed on unrelated sections before and after 3000 cycles. Th 
cycling treatment resulted in a unidirectional growth to approximately 
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Photomicrographs of Beta Treated Specimen B-366-III. Fig. 9a—Pri 


xy (Polarized Light— x 50). Fig Same area as 9a. After Cycling 25 
Room Temperature and 500 ° 130 °F). Bright field—x 50.) 


6 times the sample’s original length. As illustrated in Fig. 10c, the out 
standing structural change was the abundant formation of voids. Com 
parison of microstructures before and after 3000 cycles shows that 
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Fig. 10—Microstructures of Specimen 7A 


Fig. 10a—Relative Grain Size Prior to Cycling (Polarized light— x 100 
Fig. 10b—Relative Grain Size After 3000 Cycles Between 56 °C (120 °F) and 601 
(1110 °F). White areas represent voids. (Polarized light—» 0 


Fig. 10c—Appearance of Voids After Mechanically Polishing Sub 
Cycles. (Bright field— xX 100.) 
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Mechanically olished *rior t cling. (Bright fic 


000 Cycles Between 
100.) 


Grain Structure Prior : t Polarized light—x 100.) 


Fig. 11d—Grain Structure Subsequent to 3000 Cycles. (Polarized light 
x 100.) 


grain size has increased. X-ray determinations of preferred orientation 
prior and subsequent to cycling indicated little change in texture ; how- 
ever, there appeared to be a slight increase in the degree of scatter. 
Metallography of high purity specimen 4A sampled after various 
stages of cycling did not result in observations of void formation. To 
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prevent confusing electropolishing pits with voids, the specimens wer: 
examined “as mechanically” polished. The small number of black pai 
ticles in Fig. 1la were identified at higher magnifications as inclusions 
After 2000 cycles the number of particles increased slightly and they 
were somewhat larger as illustrated in Fig. 11b, but they could still bh: 
identified as inclusions; other samples cycled up to 3000 times wer: 
similar in appearance. The general grain structure prior to cycling is 
illustrated in Fig. 11c; after cycling 3000 times it appears as shown i 
Fig. 11d. The grain size has increased as a result of cycling ; however 
examination upon rotation in polarized light revealed the larger grains 
of Fig. 11d to be subgrained, with the subgrains being of approxi 
mately the same size as the original grains. The presence of low angk 
boundaries was observed for all samples, even one which was cycled 
only 200 times. Comparison of measured average grain sizes for the 
series of samples, taking into account all microsc¢ ypically detectable sub 
houndaries, showed no significant variation. 


DiscUSSION 
Crystallographic Deformation 

Because of grain size and, therefore, capability of obtaining individ 
ual grain orientations, only the observations of coarse-grained speci 
mens can furnish positive information concerning crystallography of 
thermal cycling deformations. This information then can be extrapo 
lated to fine-grained specimens which more closely represent the typ 
of material used in nuclear reactors. 

Twinning—A detailed discussion of twin deformations in coars« 
grained specimens and their changes upon thermal cycling is super 
fluous because observations of fine-grained samples indicated that the 
play an insignificant role in the unidirectional growth. This conclusiot 
is based upon the fact that fine-grained specimens subsequent to thet 
mal cycling and repolishing showed few, if any, twin traces as illus 
trated in Figs. 7b and 11d. 

Slip—Slip deformations, however, were observed in both coars¢ 
and fine-grained samples. Their origin can best be attributed to the 
linear thermal expansion anisotropy of the three principal orthorhombi: 
alpha-uranium crystallographic directions. The coefficient of expansion 
in the [010] direction has been shown by x-ray diffraction lattice pa 
rameter measurements (4) and by dilatometric studies (12,17) to be 
negative upon heating above room temperature, whereas the coefficients 
are positive in the two mutually perpendicular directions. Stresses 
strong enough to bring about plastic deformation within individual 
grains can be established as a function of temperature and relative grain 
orientation. The relationships between stresses and relative grain oriet 
tations will be discussed in more detail later. 
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Stereographic analyses of slip traces in coarse-grained specimens 
lemonstrate the most prominent mechanism to be slip on the (010) 
plane in the [100] «<iirection. Fine-grained specimens present indirect 
evidence for this same mechanism. A horizontal line through the photo- 
graphs of Fig. 8 is parallel to the rod rolling direction; the polished 
surface is also parallel to it. Consequently, the nearly vertical slip lines 
lie in a position almost perpendicular to the rolling direction. From 
considerations of texture determinations in similar samples (12), the 
010) plane traces would occupy this position. 

In addition to the prominent slip in coarse-grained specimens, there 
were several other slip markings. A portion of these had the appear 
ance of cross-slip whose operative planes have been identified as (010) 
ind (001), (16). Ten of the remaining 16 traces were identified 
by pole-loci analyses as originating in {110} plane slip—a mechanism 
reported by Cahn (15). These identifications were not confused by 
passage near {011} and (001) slip plane poles (16). Inability to clearly 
identify the other six traces may be attributed to one or both of two 
factors: (a) their short lengths made exact determinations of trace 
directions difficult; and (b) the areas where they appeared were 
heavily distorted. The latter would cause their orientations to be 
changed with respect to that of the original grains. 

ine-grained specimens also indicate the existence of slip deforma 
tions other than the (010)—[ 100] system. Photographs of Fig. 8 clearly 
show more than one trace direction in an individual grain. None of these 
would appear to represent twins; upon repolishing this specimen very 
few grains contained twin traces, and never was the number of parallel 
markings in an individual grain nearly as great as that found in the as 
cycled condition. Some of the grains, particularly near grain boundaries, 
showed markings similar to (010)—(001) cross-slip deformations. 


Interaction Between Grains 

Coarse-Grained S pecimens—Interaction deformation at grain bound 
aries is dependent upon two factors: (a) relative orientations of the 
grains; and (b) orientation of the grain interface with respect to the 
crystal structures. An approximate measure of the influence of these 
factors can be obtained by considerations of the relative dimensional 
change of two grains at the boundary between them. 

Several assumptions must be made to obtain a simple mathematical 


expression for the differential expansion of two grains. Four general 
types of restraints may be imposed upon a grain boundary : (a) restraint 
mn all sides, (b) restraint at the ends of the boundary, (c) restraint 
normal to the boundary, and (d) no external restraint. The following 
will consider the last condition because it is approximated by the coarse- 


grained samples ; in general, grains passed completely through the speci- 
mens. There will be no component of stress perpendicular to the bound- 
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ary if it is planar in nature. If the analysis is limited to material locat: 
near the grain boundary, then the only source of stress application y 
be differential expansion of the two grains. By assuming the expansions 
in the [100] and [001] to be equal, the problem is simplified to a tw 
dimensional condition ; this assumption is reasonably valid in light of 
data calculated from lattice parameter measurements (4). Finally, the 
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Grain B Wi, 
(Alb)p 
oN 
— (90-[8+c}) 
J (Ota) — } Grain hy 
' on 78 sSoundory 
(90-8) / “(Alba 
4 
Grain A / 
- 
(ALlgeda 
Fig. 12—-Schematic Representation of Thermally Induced Dimensional 


Changes Acting Upon Grain Boundary 


analysis will be confined to the plane containing the [010] axes of the 
two grains; effects on an inclined plane are a direct cosine function of 
the angle between the planes. 

The problem is reduced to the situation depicted in Fig. 12 wher 
grains A and B are externally unrestrained and separated by a boun 
ary aob. The [010] axis of grain A is inclined to the boundary by a1 
angle @ and the dimension change as a result of temperature increas 
is A Ly. Dimension change cannot differentiate between a positive or 
negative direction, however, it may have a positive or negative value 
The dimension change of grain A at right angles to the [010] axis 
(A Lae) is inclined at an angle (90 — @). If the angle between the [010 
axes of grains A and B is oa, then the [010] axis of grain B will be 
inclined at an angle (@-+- a) and the dimension change of grain B at 
right angles to the [010] axis will be inclined at an angle [90 
(6 + o)]. An elemental portion of grain A adjacent to the grain bound 
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1 


ry will experience a dimension change for a given temperature change 


shown in the following equation: 
-— Al» [cos 6—cos (0+ <¢)] 
\Lac [cos (90 — 6) —cos (90 — [6+ ])] 


vhere AL, is the dimension change of A parallel to the boundary. Ex- 


insion of A relative to B will create compressive forces in A, and ex- 





0.020 


@-Angle Between [O10] Axis of Grain A and Grain Boundary 











47 


pansion of B relative to A will create tensile forces. Tensile forces in A 
are indicated by a positive value of AL, and compressive forces are 
indicated by a negative value. 

A series of curves plotting AL, for different values of the angles @ 
and « is shown in Fig. 13; AL» and A Lae between room temperature 
and 500 °C (930 °F) were taken as —0.0027 and 0.0145 inch per inch, 
respectively. These curves, even though they represent a greatly over- 
simplified condition, do show some interesting features. When a is zero 
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there is no interaction between grains ; this condition applies to a single 
crystal or a bicrystal where the [010] axes are parallel. As o increases 
the stress upon A, as indicated by differential expansion, increases 
this stress attains its maximum value when oa is 90 degrees and @ is 
O degrees. Because AL» and AL,- do not know directionality, values 
for AL, for angles of 6 and o less than 0 degrees or greater than 90 de 
grees are symmetrical about the 0 and 90-degree values, respectively 
Finally, for certain combinations of angles 6 and o there will be no stres 
applied on A. 

A direct correlation of the above dependency of stress induced within 
a grain upon the relative orientations of two grains and the position of 
the boundary between them with experimental observations in coarse 
grained specimens is impossible because of simplifying assumptions 
Experimentally, grain boundaries are not planar, but rather they ar 
curved surfaces; this results in components normal to the bound 
ary as well as parallel to it and contributes to local inhomogeni 
ties of deformation. Observations of the microstructures, however, do 
agree with the relationship in two respects. Certain combinations of @ 
and o result in no stress applied to A; this is substantiated experimen 
tally, for along the length of irregular grain boundaries there are regions 
where no apparent interaction is observed within a specific grain. [1 
spite of localized deformation inhomogenities the relative interaction of 
two adjacent grains can be described on an arbitrary scale as given 
in Table II. Although the number of observations is small, the amount 
of interaction depends upon relative orientations of the grains as meas 
ured by the angle o between the [010] axes. When orientations of 
[010] axes are quite close interaction is at a minimum and it increases 
with an increase in the value of «. Rotation of the other two principal 
poles about the [010] where a is small for two adjoining grains appears 
to have little effect upon deformation behavior. 

The nature of deformations resulting from grain interaction can 
best be understood by observations of coarse-grained specimens after 
cycling and repolishing. Deformed areas near grain boundaries show 
subgraining as illustrated in Figs. 3b and 5; their quantity appears to 
be directly correlated with the amount of deformation. Presumably this 
structure was created by a polygonization phenomenon. As the samples 
were heated, stress fields were established at grain boundaries so as to 
cause slip, bend the lattice, and create imperfections within it. Upon 
further heating these became mobile and migrated to form low angle 
boundaries or subgrains; further cycling enhanced this progress. The 
regularity of the misorientations indicate them to be associated with 
crystallographic deformations. The Laue photogram of Fig. 6 shows 
spots that are misoriented by a rotation about the [001] axis (or (001) 
plane pole). This direction is perpendicular to the [100] slip direction 
and in the (010) slip plane. Slip on this system may cause rotation 





CHANGES OF URANIUM ON THERMAL CYCLING 975 


out the [001] ; it also satisfies the same condition for {110}—<110> 
~ Ip. 

[wo other boundary interactions were observed in coarse-grained 
pecimens—boundary sliding and boundary migration. Evidence of 

uindary sliding was limited ; however, there were some definite sharp 

sets of scribed lines at grain boundaries (Fig. 4). One clear case of 
oundary migration was observed in specimen #121. The migration 
lirection was such as to increase grain boundary radius of curvature 
ind to make the angles between grain boundaries more nearly equal ; 

these are normal grain growth phenomenon 

Fine-Grained Specimens—Lack of knowledge concerning individual 
grain orientations in fine-grained samples prevents any precise evalua 
tion of relative orientation effects upon interaction deformations. Be- 
cause the grains are restrained to a greater degree, these samples 
present more complicated conditions than those for coarse-grained sam 
ples. Metallographic observations, however, do show similarities in be 
havior between the two types of specimens, but to varying degrees. 

Figs. Za and 8 show grain boundary migration in fine-grained speci 
mens ; successive boundary locations are indicated by a series of lines 
Each line probably represents the boundary location during an indi- 
vidual cycle. Information concerning migration direction can be ascer- 
tained by comparing the repolished structure of Fig. 7b to that of the 
is-cycled condition shown in Fig. 7a. Many of the indicated migrations 
ire contrary to those found for normal grain growth. Instead of the 
grain boundary radius of curvature increasing some have decreased ; 
in other cases, migration direction is away from the center of curva 
ture; and some of the angles between grain boundaries have changed 
from near equilibrium values of 120 degrees to values larger and 
smaller than this. These behaviors can point only to deformation in- 
homogenities in the various grains during cycling and, therefore, to 
strain induced boundary migration. 

Figs. 8 and 11d clearly demonstrate the formation of subgrains dur- 
ing cycling of fine-grained specimens. Subgrain size in fine-grained 
material, in proportion to grain size, is considerably greater than that 
for coarse-grained specimens; however, actual sizes in the two cases 
ire nearly equal as illustrated in Figs. 5 and 11d. The mobility of im 
perfections probably dictates the subgrain size; this, in turn, depends 
upon chemical composition and cycling variables such as rate of heat- 
ing, maximum temperature, and time at maximum temperature. 

The increase in grain size as a result of cycling specimen 7A can best 
be attributed to increased time at maximum heating temperature. Prior 


o testing, all other fine-grained specimens had been annealed in the 


alpha phase at temperatures above their high cycling temperatures 
Specimen 7A, however, was annealed for 2 hours at 600 °C (1110°F) 
and cycled to the same temperature; A similar grain size would prob- 
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ably have been created if the sample had been annealed for a lon; 
time prior to cycling. 

Metallographic observations of fine-grained samples do not pert 
positive identification of grain boundary sliding ; however, relative n 
tion along boundaries is demonstrated by differences in height of tl 
various grains, as shown by shadows cast under oblique illumination 
Fig. 8. Such variations in level could be created by localized lattice 
bending near the boundary. One would expect these deformations 1 
be associated with subgraining and grain boundary migration ; in mai 
cases this is true. Boundary sliding may occur in fine-grained spe 
mens; on a purely statistical basis some grain boundaries will yield 
more readily when subjected to shear stresses than will the grains o1 
either side. This type of grain interaction, however, would appear t 
play a minor role in unidirectional growth. 

The observations of the beta-treated sample substantiate the view 
point of more liberal localized deformations being associated with ran 
domization of orientation and large variations in o values. Because n 
well-defined texture exists in this sample, there is no directionalit 
of macrodeformation. In this respect, Chiswik (1) shows thermal cy 
cling growth to increase as texture perfection of 300°C (570°F 
rolled rods increases. Data reported by Zegler, et al. (3) indicate the 
same to be true for 600°C (1110 °F) rolled rods. 

Porosity was not observed in high purity uranium even for a fine 
grained specimen cycled as many as 3000 times. Commercial purity ma 
terial, however, does contain voids after an equal number of cycles. At 
what level of cycling these voids began to form and the reason for then 
being created in less pure material is not known. Chiswik (1) observes 
them to develop as early as 500 cycles. They cannot be correlated witt 
grain size, preferred orientation, or magnitude of growth; nor can they 

he related to inclusions or grain boundaries 

Upon cycling specimen 7A little texture change was observed other 
than a slight increase in scatter; this is what would be expected as a 
result of subgraining. Thermal cycling of mechanically restrained sam 
ples, on the other hand, does cause texture changes because differences 
are observed in expansion coefficients prior and subsequent to cycling 
this indicates that primary recrystallization has occurred due to the 
internal stressing. 


Comparison of Thermal Cycling and Creep Studies 
There is no visual evidence of a unidirectional dimensional change 
in the present work. The observed microstructure changes must, how 
ever, be used to explain growth. Texture characteristics of uranium 
and, more specifically, the disorientation between individual grains pro 
vide the stress upon cycling. The general types of deformational mecha 
nisms observed here agree well with those reported by Boas and 
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meycombe (9,10,11) and Burke and Turkalo (6). Specifically, the 
formations are: intragranular slip and twinning, subgrain formation, 
undary migration, and boundary sliding. In many respects these 


chanisms are similar to those reported in creep studies.* Primary 
] 


ep is associated with intragranular deformations of slip and, in some 
ses, twinning. Secondary or steady state creep is accompanied by 
lygonization, grain boundary migration, and boundary sliding. A 
ifference in deformation mechanisms appears to occur with grain 
size; greatly over-simplified, intragranular slip is the dominant mecha- 
ism of creep in coarse-grained specimens, whereas in fine-grained 
pecimens grain boundary deformation becomes more prominent. 
Supporting evidence for the similarity between thermal cycling 
rowth and creep results can be presented from considerations of the ef- 
ts produced by test conditions and metallurgical factors. Mayfield (2) 
ports small values of thermal cycling growth if the upper temperature 
below 350 °C (660 °F). This would correspond to creep tests below 
mperatures where polygonization occurs. For upper temperatures 
hove 350 °C (660 °F), the greater the cycling temperature range the 


reater the growth ; this corresponds to increased stress of creep tests. 
he higher the upper cycling temperature, for a given temperature 
nge, the greater the growth; likewise higher creep test temperatures 
\use greater creep rates. Finally, increased holding time at the upper 
ycling temperature increases growth; this directly correlates with 
results obtained by increasing creep test time. 
Grain size appears to affect creep and thermal cycling in a similar 
anner. For samples of constant preferred orientation and varying 
rain size, the specimen with the smallest initial grain size results in 
highest growth rate (1). Analogously, small grain size specimens 
show higher creep rates. Thermal cycling of large-grained materials re- 
ilted in refinement of grain size when account was taken of all visible 
ubgrain boundaries as well as grain boundaries; the same is true for 
reep studies 
Voids are observed to form upon thermal cycling of less pure ma- 
terials, whereas high purity uranium does not generate them, at least 
up to 3000 cycles. There are no good experimental data to explain this 
behavior ; however, if similarities between thermal cycling and creep 
irry over to this phenomenon, the formation of voids is related to 
hemical purity. Creep studies have shown that, because of decreased 
rain boundary mobility, less pure materials develop fissures at triple 
ints and grain boundaries more readily than do purer metals. 


SuM MARY 


(Thermal cycling of both large and small grain size uranium speci 


An excellent review paper which summarized most of the recent investigations 


esses has been written by Sully (18). 
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mens results in the appearance of relief on the polished surfaces ac 
panied by the disclosure of grain boundaries as well as other sur 
deformation effects. Grain interactions and subsequent subgraining ar 
caused by internally generated stresses; these may be ascribed to th 
amount of disorientation between adjoining grains and the relat 
position of the grain boundary between them. This explanation proba! 
also accounts for deformation noted in fine-grained materials, but in 
vidual orientation data were lacking and consequently only qualitatiy 
statements can be made. Coarse-grained specimens reveal slip deform 
tion mechanisms upon cycling ; (010)—[ 100] slip system being the m: 
predominant, with a second system of the {110}-<110> type, a1 
evidence of (010)—(001) cross slip. Twinning plays a minor role in the 
deformation of coarse-grained materials and is almost nonexistent 
fine-grained samples. Deformation of fine-grained specimens occurs by 
slip, grain boundary migration, and very limited grain boundary slidin 
Because of the texture randomization and the accompanying large dis 
orientation between adjoining grains, beta-treated material deform 
extensively upon cycling. 

Thermal cycling deformation of orthorhombic alpha-uranium pr 
duces microscopic changes similar to those observed in other metals 
under creep conditions. Effects of test conditions and metallurgical 
variables upon cycling behavior can be compared to the influence of 
similar factors upon creep. Therefore, thermal cycling macro growtl 
may be closely related to creep relaxation phenomena. 


/ 
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DISCUSSION 

Written Discussion: By J. P. Frankel, Engineering Department, University of 
California, Los Angeles. 

[he authors are to be complimented on the thorough study they reported. Par- 
ticularly interesting are their observations on the role of grain boundary sliding 
is a mechanism of distortion. On the twenty-third page of the paper is reported 
that relative motion along boundaries (in fine-grained samples) is demonstrated 
by differences in height of the various grains. The implication is that such relative 
motion can occur only at the surface of the specimen, where such height differ- 


ences are permitted due to lack of restraint in the direction normal to the surface 
It would appear that, at least when the grain size is so small that a grain does 


not completely cross the specimen, there is some question whether grain boundary 
slip can be important in the process studied. 

Much less important is an error in viewpoint exhibited by the equation at the 
bottom of the nineteenth page of the paper. The stress set up between grains with 
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a common boundary depend not on displacements but strains. Thus the equat 
should read 


ALa/La = —ALp/Ly [cos*6 — cos?(6 + c) | ALac/Lac [Sin’0 Sin?(@+ ¢ 
where the trigonometric functions have been squared, as is required by the t 
of strain.* This equation can be simplified to read 

(AL/L) a =(AL/L)» —(AL/L) ac [Sin?(@ + 0) — Sin*] 
The curves of this equation (corresponding to Fig. 13 of the paper) wou 


course be different than those shown in Fig. 13; however, no significant cl 
in the authors’ analysis is anticipated. 


Authors’ Reply 


The authors thank Dr. Frankel for his discussion to the paper 


Certainly we agree that grain boundary slip does not play an important 
in alpha uranium thermal cycling deformation. It does not, however, a 
reasonable to entirely discount its occurrence within the volume of fine grai 


material. A particular grain boundary may experience sliding with the relat 
displacements of the two grains being accommodated by trans-granular defort 
tion of the surrounding grains. 

The relationship between dimensional change and the angles o and @ 
presented as being purely qualitative in nature. Dr. Frankel is quite corré 


pointing out that the stress set up between grains with a common boundary depei 
not on displacements but strains, and thus the equation should have squared tri; 
nometric functions. The authors did not choose to use this relationship be 

a quantitative evaluation of the stresses and strains at a common grain bout 
must take into consideration, among other things, a three dimensional model a 
the various mechanisms of plastic deformation. It was felt that the more simplit 
viewpoint would be further removed from a quantitative consideration and there! 
accentuate its qualitative nature. Incidentally, the second equation given by D 
Frankel should read : 


(AL/L)a = [(AL Le) a (AL/L)»] [sin? (@ + ¢) sin® 6] 


As was pointed out, this form of the equation does not result in any change it 
interpretation of the qualitative feature shown by the equation in the paper 


2See for example A.E.H. Love, Mathematical Theory of Electricity, Dover, N.Y 
(p. 39 in 4th Edition) 








HYDROGEN-URANIUM RELATIONSHIPS 
By M. W. MALLett ANpb M. J. TRZECIAK 


Abstract 


The relationships in the uranium-uranium hydride 
hh vdrogen system Were studied. These included the solul iit 
'f hydrogen in massive uranium, the sorption of hydrogen 
hy powdered uranium, and equilibrium pressures for the 


plateaus of the pressure-composition isotherms. Phase dia 
yrams were constructed from these data. Also, the rates of 
diffusion of hydrogen in alpha and beta uranium were deter 

ined. (ASAI International Classification M24b, N15d; 
U, H) 


INTRODUCTION 


KNOWLEDGE of the solubilities and rates of diffusion of hy 
drogen in uranium and of the properties of its hydride enables 


ne to use uranium more effectively. In general, the effect of hydrogen 


in uranium is deleterious. It causes porosity in castings and loss of duc 
lity through the precipitation of hydride platelets. It also tends to 
liffuse to the surface of metal parts and disrupt protective coatings 
\lso, from a metallurgical aspect, a knowledge of phase relationships 
in the uranium-uranium hydride-hydrogen system is desirable. There 
fore, a study of the above mentioned variables was made. 


SOLUBILITY OF HypDROGEN IN URANIUM 


arly in the Manhattan Project, Battelle (1)! reported solubilities of 
ydrogen in the alpha, beta, gamma, and liquid phases of uranium under 
ne atmosphere hydrogen pressure. The manometric technique used in 
ved measuring the amount of gas absorbed from a measured volume 
hydrogen introduced into the system containing the uranium. A 


recent investigation by Mattraw (2) raised 


questions as to the validity 
{ these data. Consequently, a reinvestigation was made using hydrogen 
t one atmosphere pressure and employing different equipment but, in 
general, the same absorption technique. Good agreement with the pre 
ious data was obtained. The earlier study had indicated that the pres 
sure dependency of solubility was according to Sieverts’ law. Equations 


Work performed under AEC Contract No. W-7405-eng 


Of the authors, M. W. Mallett is Consulting Physical Chemist; M. J. Trzeciak 
issistant division chief, Battelle Memorial Institute, Columbus, Ohio. Manu 
ript received March 27, 1957 
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Table I 
Solubility Equations for Hydrogen in Uranium 
Alpha: log (S/,\/p~) = —388/T —0.688 — 
Beta log (S/\/p_ ) = —892/T +0.408 
Gamma: log (S Vp ) = —227/T —0.082 
Liquid: log (S V p) = —587/T +0.426 
Dissociation pressure: log p = —4590/T +9.39 


S, solubility, in ppm 


P. pressure in mm Hg 


for the solubility of hydrogen in the various allotropic forms of uraniun 
are given in Table I. The limiting values for pressure in these equations 
are the plateau dissociation pressures of the uranium-uranium hydric 
mixtures at g en temperatures. 


An Apparent Anomaly 


An extrapolation of the Battelle (1) data to the temperature 295 °( 
(500°F) and a pressure (150 microns) used by Mattraw gave 
value of 0.004 ppm. This figure shows a thousand-fold difference from 
the 3.6 ppm of Mattraw. He reported solubilities of hydrogen i: 
powdered uranium at 295 °C (560°F) at pressures of 26 to 150 mi 
crons. These solubilities were found to obey Sieverts’ law and aré 
expressed by S = K)\/p = 3.30 + 0.22 & 10-%\/p where S is solu 
bility in standard cubic centimeter per gram of uranium, and p is the 
pressure in microns. Because of the enormous difference between the 
two sets of data an explanation was obviously required. Uranium hy 
dride formation is ruled out since the operating experimental pressur: 
(150 microns) was a hundred times lower than the dissociation pres 
sure of uranium hydride (20,000 microns). Since powdered uraniut 
was used by Mattraw it is quite feasible that the high hydrogen sorptior 
was related to the large surface area of the specimen. 

A further investigation was made of the sorption of hydrogen o1 
powdered uranium. Measurements were made at 250, 295, 350, 400 
450, and 500 °C (480, 560, 660, 750, 840, and 930 °F) at pressure 
ranging from 22 to 324 microns. The data are represented by the curv: 
in Fig. 1. The slopes increase progressively with temperature from 2 
to 350 °C (480 to 660 °F) and decrease from 400 to 500°C (750 t 
930 °F). The 500°C (930°F) isotherm is practically linear indicat 
ing lack of pressure dependency in this range. The lowered sorpti 
at 500 °C (930 °F) is a function of elevated temperature and sinteri 
which decreases the surface area. In massive uranium, solution of h 
drogen is endothermic and increases with temperature. Therefore, th: 
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UHs with Temperature 


decrease in hydrogen pickup by the uranium powder with increasii 
temperatures indicates that the main process is not solution. 

Results of Mattraw’s experiment are indicated in Fig. 1 as the bla 
dots. Order of magnitude agreement between the two sets of data 
evident. Differences in surface areas between Mattraw’s samples at 
those of the present investigation would account for the small diser 
ancies. Uranium powder used in the present experiment was produc: 
by decomposing UHs for three days at 250 °C (480 °F) in a vacuur 
Mattraw’s UH, was decomposed in vacuum at 450 °C (840 °F) wher 
some sintering took place. The lower sorption on his sample reflects th 
smalier surface area resulting from sintering. 

It is evident that with powdered uranium the hydrogen is hel 
(probably chemisorbed ) on the surface of the metal. Consequently, t! 
amounts of hydrogen taken up in these experiments are not direct! 
comparable to true solubility data. 


EQUILIBRIUM PRESSURES 


Pressure-composition isotherms in metal-hydride systems exhibit 


plateaus at lower temperatures. Several measurements of the platea 
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Table Il 
Solubilities for Hydrogen in Uranium at One Atmosphere Pressure 


Hydrogen 


Temperature Hydrogen Temperature 
ppn 


(°C) ppm) 


Alpha 
100 0.0006* 
200 0.02* 


14.7 
15.0 


300 0.2* 15.6 
400 1.1* 16.2 
432 1.6 16.7 
500 1.8 1129 16.9 
600 2 iqui 
662 1129 8.1 
1200 


1300 


662 
1400 


700 
725 
769 
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» pressure of e€) 
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equilibrium pressures in the range up to atmospheric have been reported 
(1,3,4,5). The results of these measurements are plotted in Fig. 2 
\greement among the various equations is very good as the figure 
illustrates, 

The authors recently extended the plateau equilibrium pressure 
measurements to the region of higher temperatures and pressures. Ex 
trapolation between the old and the new data showed good agreement 
is seen in Fig. 3. It must be emphasized that these equilibrium pres 
sure data are for partially decomposed uranium hydride and are the 


plateau pressures of the various isotherms. As hydrogen is withdrawn 
isothermally the pressure remains constant over the plateau range, the 
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Table Il 
Terminal Solubilities for Hydrogen in Uranium 
Hydrogen Pressure Temperature Hydr 
ppm) itm) ( 
Alpha Gat 
0.0906 0.090002 800 195 
0.02 0.0006 825 22 
0.2 0.03 850 49 
1.1 0.5 875 79 
1.6 1.0 900 312 
20 1.5 925 346 
3.5 37 950 385 
5.6 85 975 $18 
8.6 17.9 1000 457 
13.5 39 7 1025 499 
Beta 1050 545 
49 39.7 1075 589 
68 61.6 1100 643 
81 81.2 1129 702 
97 104 Li | 
111 129 1129 1170 
Gamma 1200 1450 
168 129 1300 1940 
172 134 1490 2520 


Hydrogen, ppm 
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Fig. 5—Hydrogen-Uranium Dissociation Pressure Phase D 





system exhibiting one degree of freedom. The condensed phases cot 


prise a solid solution of hydrogen in uranium and a solid solution o 
uranium in uranium hydride. 


PHASE RELATIONSHIPS 


There are three allotropic modifications of pure uranium: alpha 
beta, and gamma. The alpha-beta transformation occurs at 662 °( 


(1224 


) and the beta-gamma transformation at 769 °¢ 


The melting point of uranium is 1129 °C (2064°F) (6). 
peratures were used in constructing phase diagrams. The uranium hy 


(1416°F 


These tem 
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ride phase, UHs, is designated in the diagrams by « [the B-U Hs; phase 

f Mulford, et al. (7) |. No attempt has been made to show the low tem- 
perature 8 phase (the a~UH; phase of Mulford, et al.) 

Solubilities at one atmosphere pressure c 


Table I are listed in Table I]. The solubil 


ilated from the equations 
itv is seen to increase from 
2.2 to 7.8 ppm in the transformation from alpha to beta, from 9.7 to 
14.7 ppm in the beta to gamma transition, and from 16.9 to 28.1 ppm 
the transformation from gamma to liquid. Fig. + shows the calcul .ted 








solubilities plotted as a one-atmosphere phase diagram. Hydride forma 
tion occurs at one atmosphere hydrogen pressure below 432 °C 
810 °F). Consequently, the solubility curve below this temperature 
vas drawn to represent terminal solubilities, that 1S, solubilities at the 
lissociation pressure of the hydride. No precise knowledge was avail 

le on the exact location of the alpha plus beta, beta plus gamma, and 
yamma p's liquid regions when hydrogen is present. Therefore, an 
irbitrary isotherm 10 degrees below the transformation temperature 
as selected to which lines could be drawn in order to indicate the 
istence of these phases. 


Table III lists terminal solubilities computed from the equations 
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Table IV 
Diffusion Coefficients 
Temperature, °¢ D. cm? per 
Alpha Uranium 
390 4.3 «10-° 
440 8.2 «10°* 
440 7.3x<10°* 
490 1.4 X10 
500 1.5 X10 
590 3.010 
630 4.010 
Beta Uranium 
700 7.310 
724 1010 


mentioned above. Dissociation pressures were computed from th 


Eque ation 1, log p= — 4590/T + 9.39, derived from the data show: 
in Fig. 3. The terminal-solubility data are plotted as a phase diagrai 
in Fig. 5. ‘In addition to temperatures listed on the ordinate, the corre 


sponding dissociation pressures are given. 

It must be remembered that these diagrams represent present avail 
able data and are not complete. For example, more data are required t 
establish the position of the two-phase solid-solution region boundari« 
and the stability region for the 8 phase. However, they show graphical 
the present status of the hydrogen-uranium system and are valuable in 
illustrating the relationship between hydrogen and the various phas« 


f 





of uranium. 


Dirrusion OF HyprRoGEN IN URANIUM 

Earliest estimates of the diffusion of hydrogen in uranium were mac 
at Battelle (1) from degassing data. The two experimental diffusior 
coefficients thus obtained are shown in Fig. 6. The present study wa 
based on a solution of Fick’s linear diffusion law, de/dt = D d*C/dX° 
for radial diffusion in cylinders (8). The solution, which permits the 
determination of diffusion coefficients from degassing rate data, takes 
the form 


; —n (2n+1)* Dt/P B.* Dt/r 
R/R $2/m° ut (2n + 1)? ]] bea a B.* | 


a= QO 2= 


Lacmadual 


R/R. = fraction of gas remaining in cylinder at time t, 
t — degassing time, 
! = length of cylinder, 
r — radius of cylinder, 
Bn = a root of Bessel’s function of zero order, 
D = Diffusion coefficient. 


Three basic assumptions are made in this application : 
(a) initially, hydrogen is distributed homogeneously throughout th 
uranium ; 
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(b) the mechanism is simple diffusion of hydrogen through ura- 
nium ; 

(c) the concentration of hydrogen at the surface of the uranium dur- 
ing degassing is zero. 

The above equation may be simplified where the degassing time is 
large. For the cylinder used, 3.81 centimeters long with a 0.487 centi- 

eter radius, the equation simply becomes, 


log R/R. = —0.252 — 10.88 Dt 
\ plot of log R/Ro versus t gives a slope equal to — 10.88D, from which 
D in em? /**¢ is calculated. Results obtained using this method are listed 


in Table IV and are plotted in Fig. 6. The alpha-phase data are repre- 
sented by the equation, 


log D = —2420 +45/T (°K) — 1.71. 


Since the beta-phase data comprised only two points no equation was 


calculated. Diffusion coefficients determined from degassing data and 
involving desorption of molecular hydrogen may differ from those based 
solely on the movement of atomic hydrogen within the metal. However, 
in the present case the surface effect is believed to be small because 
of the relatively large diameter of the specimens used. 


ACKNOWLEDGMENTS 


Acknowledgment is made of the assistance of Messrs. W. M. AI- 
brecht, D. F. Dilthey, A. F. Gerds, C. B. Griffith, and W. R. Hansen 
who contributed data for this paper. 


References 


1. J. J. Katz and F. Rabinowitch, “The Chemistry of Uranium,” Part I, Na- 
tional Nuclear Energy Series, 1951, p. 183ff, McGraw-Hill Book Co., New 
York. 

2. H. C. Mattraw, “Low Pressure Hydrogen Solubility in Uranium,” Journal of 
Physical Chemistry, Vol. 59, 1955, p. 93. 

. H. Spedding, A. S. Newton, J. C. Warf, O. Johnson, R. W. Nottorf, I. B 
Johns, and A. H. Daane, “Uranium Hydride; Part 1. Preparation, Com 
position, and Physical Properties,” Nucleonics, Vol. 4, January 1949, p. 4 

4. G. E. MacWood and D. Altman, “The Thermodynamic Properties of Some 
Tuballoy Compounds,” General Resume of Tuballoy Chemistry, Chemical 
Group, University of California Radiation Laboratory, Report RL-4.7.600, 
\ugust 9, 1944 

5. H. Flotow and B. Abraham, “Dissociation Pressures of Uranium Hydride 
and Uranium Tritide,” Report No. AECD-3074, January 5, 1951. 

H. A. Saller and F. A. Rough, “Compilation of U. S. and U. K. Uranium and 
Thorium Constitutional Diagrams,” Battelle Memorial Institute Report No 
BMI-1000, 1955, p. 9. 

7. R.N. R. Mulford, F. H. Ellinger and W. H. Zacharaisen, “A New Form of 
Uranium Hydride,” Journal, American Chemical Society, Vol. 76, 1954, 
p. 297. 

8. A. Demarez, A. G. Hock and F. A. Meunier, “Diffusion of Hydrogen in Mild 
Steel,” Acta Metallurgica, Vol. 2, 1954, p. 214 





990 TRANSACTIONS OF THE ASM 


DISCUSSION 


Written Discussion: By James T. Waber, University of California, Los Alan 
Scientific Laboratory, Los Alamos, New Mexico. 

The authors are to be complimented for having assembled a variety of inforn 
tion about the hydrogen-uranium system for presentation. However, in preparir 
this summary the authors apparently overlooked their earlier resume of the sar 
material.” This inadvertence has led to some confusion between investigators w] 
will be mentioned below, because of the similarity in titles. 

The experimental method has not been described in detail either in Referenc: 
in the authors’ resume,” or in the present paper. It would be desirable to hay 
the authors indicate which modifications of the method have been responsible for 
their obtaining the successively improved results. 

The coefficients in the Sieverts’ Law expressions 


(a 


previously reported are different from the values in the present Table I so that 
the solubilities at one atmosphere pressure and the terminal solubilities are higher 
at low temperatures in the more recent data. Although the same equation for the 
decomposition pressures is cited in Table I of both reports, the pressure valu 

employed by the authors are dissimilar. The following data for the terminal solu 
bilities at 662 °C (1225 °F), the alpha beta transformation temperature, 


Alpha Beta Pressure 
Previous 9.5 ppm 38.9 ppm 43.5 atm 
Present 13.5 49 39.7 


will illustrate the situation. 

The authors indicate that the terminal solubilities ; i.e., the boundaries betwee: 
the uranium solid solution and the two solid phase regions, were obtained by equat 
ing the pressures in the Sieverts’ Law expressions to the dissociation or plateau 
pressure equation at a given temperature. The decomposition pressure relatior 
of three other investigators are cited. What would the spread in terminal solubil 
ties be if the highest and lowest of these equilibrium pressures were used? Hay 
any experimental checks of the solubility limits been made to ascertain which i 
more nearly correct ? 

The authors note that the adsorption of hydrogen on the suriace of finely 
divided metal will increase the apparent solubility. How did the authors separate 
the two in deriving their solubility equations ? 

It would appear that the authors could estimate the heat of solution of hydroger 
in the allotropes of uranium from their data. This may be seen by rewriting 
equation (a) in the form 


log p = 2A/T —2B + 2log S (b) 


Since one obtains the partial molar heat of solution of hydrogen by plotting log | 
against the reciprocal of temperature at a given constant composition, AH is 


2M. W. Mallett and M. J. Trzeciak, ‘“Hydrogen-Uranium Phase Diagrams,” Nuclear 
Engineering and Science Congress Preprint 333 (1956). 
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2.303) R.A. Thus, these heats of solution specifically are —3.55 Kceal for 
8.16 Keal for beta, —2.08 for gamm | —5.37 Keal for the liquid, if the 
to | 
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he really important new information in t the diffusion coefficients 
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600°C (1110°F) and pressures below 10 mm using both absorption meas 
ments and the quenching-analysis method showing that the solubility incr 
rapidly with pressure up to about 4 mm and then changed to the lesser slope 
viously found for the higher pressures. All of these results were obtained wit! 
rdinary grade of uranium of about 99.9% purity usually referred to as “biscuit 
uranium. Solubility determinations on two other samples of uranium contait 
less impurities showed that this abnormal behavior had been eliminated or great 
decreased. Apparently, there is a trace of impurity in “biscuit” uranium wl 
adds its own hydrogen absorption to that of uranium until it is saturated at ab 
4 mm following which the variation of solubility with pressure is characteri 
of pure uranium. If this is true, the solubilities of the accompanying table are t 
large by an amount varying from about 0.2 ppm at 600 °C (1110°F) to 0.1 ppm 
400 °C (750 °F). 

In view of this behavior, additional information would seem to be necessa 
before, “it is evident that with powdered uranium, the hydrogen is held on the sur 
face of the metal’. Were any measurements made of solubility at low pressu 
and temperatures for massive uranium? What grade of uranium was used in tl 
work? Instead of depending on extrapolation of temperature and pressure, a mot 
direct comparison of powdered and massive uranium using the same grad 
uranium should be made. 

The diffusion constant for hydrogen in U was determined at this Laborat 
both by diffusion out of %-inch spheres and diffusion through membranes. In bot 
cases, Wide variations in rates were observed which appeared to be a function 
the cleanness of the surface. The variation of permeability of the membran« 
with pressure was characteristic of surface poisoning. The high values for t 
diffusion constant obtained after treatments designed to remove the surface 
tamination were reasonably consistent and gave for the alpha-phase 

D(ca*/sec) = 14 x 16° ows 
\t the top of the alpha-range, our values for D are in agreement with the aut! 
but at the lower temperatures are appreciably higher. The fact that our experie: 
showed that dimensions as large as 44-inch were not sufficient to eliminate the sur 
face effect suggests this as one possible reason for the discrepancy but certait 
more evidence is needed to establish this point 

In the beta-phase, our results indicate a nearly constant D of about 43 
cm*/sec., instead of a rapidly rising function. In the gamma-phase between 80! 
900 °C (1470-1650 °F), D was about 12 « 10° cm?/sec 


Authors’ Reply 


We thank the discussers of our paper for their interesting comments and add 
tional observations on the subject. 

Dr. Waber has drawn attention to the discrepancy between hydrogen solu 
bility data presented in Nuclear Engineering and Science Congress (1955) Pre 
print 333 (see also Preprint 334, M. W. Mallett, M. J. Trzeciak, and C. B. Griffitl 
‘A Review and Redetermination of Hydrogen-Uranium Relationships”). The 
preprints were unedited drafts of the material appearing in the present paper. ‘ 


rections and modifications have been made ; therefore, apparent discrepancies wi 
be observed. In the first draft solubility data by both the manometric (absorptior 
and vacuum-fusion analysis techniques were reported in a graph. In addition, tl 
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ytical data were tabulated. Upon reconsideration, the lower analytical result 
e attributed to ineffective quenching of the analytical samples. Therefore, the 
nometric data are considered more nearly correct 

\s to difference in equilibrium pressures calculated from the same equatiot 


| in both papers, an error was discovered in the earlier calculations. All equi 


rium pressures were recalculated and corrected where necessary 


regard to the terminal solubilities calculated from the highest and lowest 
sociation pressures (Fig. 2: Data of Spedding and Mac Wood respectively 

spread in results is about 10% at 300 and 400°C (570 and 750 °F), the ap 
ximate experimental limits of these investigations. It is felt that if experimental 


ks of solubility limits were made, they would agree no better than this 


Since the authors’ solubility measurements were made on massive specimens 


small surface to mass ratios the amount of adsorbed hydrogen was quit 


il 
t 


view of Dr. Waber’s interest in our diffusion coefficients we should like t 


ntion that the sample equation for log R/R. in the Nuclear Congress Preprint 


4 contained an error which has been corrected in the present paper. This error 


not affect other data 
is recognized that degassing times, residual hydrogen concentrations, et 
calculated from the data presented in this paper. However, for the sake 


. tables, charts, and nomographs illustrating the use of the data have beet 


In reply to Dr. Davis, we have made no experiments which would either co1 


n or refute the hypothesis that at 400 to 600 °C (750 to 1110 °F), 0.1 to 0.2 ppn 


ydrogen is combined with impurities thus causing hydrogen solubilities fot 


ranium to be high by these amounts. However, since uranium 1s usually saturate 


i 


t) 


extrapolating to 0.2 


th oxygen, any metals capable of forming stable hydrides should already be 


n 


bined with oxygen. Such oxides would be inert hydrogen in the uranium 
] 


We have observed that the solubility of hydrogen in massive biscuit uraniun 


ries as the square root ot iwdrogen pressurt Tl} S¢ findings appear in Ref ] 


re 


the basis of this, we believe that, “it 1s evident that with powdered uraniun 


hydrogen its held on the surface of the metal’ or example, hydrogen solubil 


in massive uranium at 400°C (750°F) is 1.1 ppm at 360 mm of pressure 

2 mm, a value of 0.03 ppm is obtained. Comparing this with 

observed value of 2 ppm for uranium powder at the same temperature and 

ssure a difference of 1.97 ppm is found. This is much more than the 9.1 ppn 

d to be held by impurities. Also, the decrease of the amount of adsorbed hydro 
’ 


associated with the decrease in surface are lue to sintering of the powder 


irly points to a surface phenomenon 











GRAIN BOUNDARY MOVEMENT IN 
BICRYSTALLINE ALUMINUM 


By R. B. Ponp ANpD ELEANOR HARRISON 


Abstract 


An investigation of the plastic deformation of alumimum 
bicrystals having grain boundaries normal to the specimen 
azis is reported. Data indicate that these “free” boundaries 
b rehave quite differently than boundaries which contain the 
becimen axis and are therefore influenced by a grip effect. 
r J technique for producing transverse boundaries is de- 
scribed. Stress-strain diagrams for such specimens are given 
which show that the index of strain hardening for bicrystals 
whose boundaries are free to translate is lower in the plastic 
region than the index for single crystals of the parent orien 
tation. Examination of both tension and compression speci- 
mens having the [121] pole in the slip plane and 90 degrees 
from the specimen axis shows that the boundary does trans- 
late during deformation causing the bicrystal to assume a 
“LV” shape. In tensile specimens this translation is away from 
the acute angle made by the intersection of the slip planes in 
the two grains; in compression specimens, toward it. There 
is no significant bending of the slip planes at the grain bound- 
ary in either. (ASM International Classification M27f, Q24 ; 
Al) 


INTRODUCTION 
HE MECH. \NICAL PROPERTIES of a metal are greatly de 


pendent upon the size and relative orientations of the crystals com 
posing the specimen being tested. In order to better understand the 
basic deformation characteristics, considerable attention has been given 
to the variation of mechanical properties and deformation mechanics 
with orientation variation for single crystal specimens. As a result of 
research in this direction, the basic concepts involved in the deforma 
tion phenomena can be explained and have been summarized in the 
literature (1-4)! 
The information gleaned from the single crystal has been used to 
explain the more complex behavior of a polycrystalline specimen (5) 


1 The figures appearing in parentheses pertain to the references appended to this paper 


\ paper presented before the Thirty-Ninth Annual Convention of the Society 
held in Chicago, November 4-8, 1957. Of the authors, R. B. Pond is assistant pri 
fessor; Eleanor Harrison, research assistant, Metallurgy Section of the Depart 
ment of Mechanical Engineering, Johns Hopkins University, Baltimore. Manu 
script received April 15, 1957. 
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nd experiments have been designed to study the deformation of such 
specimens. Studies of specimens containing large, approximately equi- 
ixed grains of random orientation have been made as well as studies of 
specimens containing crystals of controlled orientation and grain bound- 
ry position. Included among the second group of studies are those of 
Chalmers (6), Kawada (7), Gilman (8), Clark and Chalmers (9), 
\ust and Chen (10), Chen and France (11), and Davis, et al. (12). In 
ll of these studies there have been two parameters which have re- 
mained constant, 1.e., each specimen tested has been a bicrystal and all 
grain boundaries have extended along the longitudinal axis of the 
specimen. 

It is not obvious that studies involving bicrystal specimens wherein 
the grain boundary contains the specimen axis will not be influenced 
by grip effects on the grain boundary. In such cases the grain boundary 
is held almost completely immobile to movements in the direction of 
the specimen axis. France (13) showed that when certain bicrystals 
of aluminum were extended to rupture the grain boundary moved con- 
siderably in a direction away from the specimen axis, see Fig. 1. Be- 
cause of the above reasons the present investigation concerns itself 
with bicrystal specimens, the grain boundaries of which are situated 
normal to or approximately normal to the specimen axis. They are 
referred to as “free grain boundaries” since they are in no sense held 
within the grips of the testing device. 


SPECIMEN PREPARATION 


The specimens used in this investigation were square in cross section 


inch on an edge. The bicrystalline speci- 


I 


and measured either 1 or 
men was produced from a single crystal specimen which had been grown 
by the modified Bridgman technique as described by Chen and Pond 
(14). The single crystals were cast from Alcoa high purity aluminum 
(99.99+ % purity). The technique which was devised for the manufac- 
ture of bicrystals contains three basic steps: 1) obtaining a small molten 
zone through a cross section of the specimen at its approximate mid- 
point, 2) rotating one end of the specimen relative to the other end 
about the specimen axis without rupturing the fluid coupling between 
the two ends, and 3) translating one end of the specimen toward the 
other end in the direction of the specimen axis. This is illustrated in 
ig. 2a where the A section of the specimen is rigidly attached and the 
section of the specimen is capable of being rotated in direction X and 
translated in direction Y. The operation of translation produces an 
ejection of the excess molten material from the molten zone M which 
flushes the bulk of the impurities which have been moved into the zone 
by sectional zone refining from the body of the specimen and also pro- 


KF 
B 


vides a space external to the body of the specimen for normal solidifica- 
tion shrinkage cavity which can be seen in the second view of Fig. 2a. 
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Fig. 1—Ruptured Surface of Aluminum Bicrystalline Specimens Containing Longit 
(;rain Boundaries Viewed Parallel to the Specimen Axis Showing Grain Boundary M 
ment for Two Specimens. (Actual size), after Frane« 
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Fig. 2a—Schematic [lustration of Molten Zone 
and Movement Directions in Production of a 
3.crystalline Specimen with a Free Grain Bound 
ary. 
"ig. 2b—Schematic Illustration of Molten Zor 
and Movement Directions Necessary to Produ 
a Bcrystalline Specimen with a Free Grai: 
Boundary Being at an Angle to the Specime: 
Axis 

















Subsequent to these operations, the ejected bead is carefully filed aw 
the specimen lightly sanded, drastically etched to remove surface re 
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I 1 with Free Grain B iries 


Fig. 3—-Characteristic Array of Tensile Specimens 
cx aD 


idual stresses and then homogenized above recrystallization temper 
iture. 

Using this technique, approximately one hundred bicrystalline speci 
mens of the type illustrated in Fig. 3 have been produced. The produc 
tion of the molten zone is accomplished by use of an oxygen-acetylene 
torch with a tip suitable to concentrate the heat in the desired section 
for fusion without rupturing the fluid surfaces thereby avoiding the 
mechanical incorporation of oxide or impurities. It can easily be seen 
that by the proper selection of the original crystal orientation and con 
trol of the amount of rotation in the X-direction, one can develop either 
twist or tilt type boundaries using this technique. 

In the cases to be discussed herein, all boundaries were approxi 
mately normal to the specimen axis and all rotations were of either 90 
or 180 degrees since the specimens were square in cross section. It is 
very easy by this technique to develop free grain boundaries having 
an angle with the specimen axis of magnitudes up to 45 degrees by the 
simple expedient of controlling the shape of the molten zone and per 

orming rotational operations in the X-direction of 180 degrees prior 
to translation along the specimen axis. This is illustrated in Fig. 2b 
lhe molten zone is controlled to be trapezoidal in cross section so that 
upon rotation the liquid solid interface on the mobile end of the speci- 
men 1s parallel to the liquid solid interface on the fixed end, both being 
it an angle to the specimen axis. Specimens having such grain boundary 











998 TRANSACTIONS OF THE ASM Vol 


est 
tery 


+ 





Fig. 4—Ruptured Tensile Specimen Showing Translation of Free Grain Boundary ar 
Disposition of Slip Planes (x 5) 
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Undeformed Deformed 


Fig. 5—Schematic Illustration Depicting Rotation of S« nts 

of the Crystal with Deformation Producing Bending ‘of “the 

Slip Planes if Grain Boundary is Restricted or Translation of 
the Grain Boundary if Movement is Not. Restricted 


situations have been produced although they were not used in the 
present investigation. 

Orientations of all parent single crystals as well as the individual 
crystals of the bicrystal specimen were determined by standard x-ray 
back-reflection Laue methods. 


RESULTS AND DIscussIONS 

Upon extending specimens in tension having random parent crystal 
orientation and free grain boundaries, the general observation was 
made that in most cases the grain boundary seemed to be translated out 
of line. See Fig. 4. Close examination indicated that in all such 
specimens, the primary slip planes on either side of the grain boundary 
were located so that the grain boundary translation was in a direction 
included within and extending away from the acute angle made by the 
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Grain Boundary of Specimen Deformed in nsion Showing Lack of Bending of 
the Slip Planes at the Grain Boundary. X 325. 


intersection of the slip planes in the two grains. A postulation was made 
that the grain boundary translation was due to rotation of the crystal 
segments by the slip process and a subsequent translation of the grain 
boundary in the direction of rotation of the end of the slip planes ad- 
jacent to the grain boundary. If this postulate is to prove correct there 
should be virtually no bending of the slip planes in the vicinity of the 
grain boundary. This is illustrated in Fig. 5. Here the position of the 
latent slip planes is seen and the specimen is pictured having a force T 
applied at the grain boundary opposing what has been observed as the 
translation, thereby holding the grain boundary in alignment with the 
rest of the specimen and producing bending of the slip plane adjacent 
to the grain boundary. However, when this force is nonexistent, it can 
be seen that the slip planes do not bend at the grain boundary but trans- 
late the grain boundary. Fig. 6 is a characteristic photomicrograph of 
such a grain boundary showing the lack of distortion or bending of the 
slip lines at or in the vicinity of the grain boundary. It was further 
postulated that the bicrystalline specimen grain boundary desires to 
translate under deformation for specific orientations. If this translation 
were allowed both the index of strain hardening, (the slope of the 
stress-strain diagram) and the stress level for a given strain in the 
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advanced plastic region for such a specimen should be lower than fi 

single crystal of the same parent orientation. Therefore, specimens w: 
produced having the [121] pole which lies in the s!ip plane 90 degr: 
from the slip direction and is therefore the axis of rotation of the slipp: 
segment of the specimen nearly perpendicular to the specimen ay 
Such a specimen should produce a maximum amount of translation 








Fig. 7—Representation of the Orientation of 
Specimens Tested 


a given extension. Eight such specimens were produced ; the specime: 
axis orientation is shown in a standard reference triangle of a stereo 
graphic plot in Fig. 7; the angle between the [121] and the plane no1 
mal to the specimen axis being given in Table I. 


Table I 
Angle versus [121] and plane perpendicular t 
Specimen No Type of test specimen axis 
1 Tensile D¢ 
3 Tensile 18° 
6 rensile 17 
9 Tensile 18 
Compressive 18 
] Tensile ‘y 
2-15 Compressive 5* 
8-7 Compressive 2° 


Fig. 8 is a characteristic plot of the tensile stress-strain relationship: 
showing that although the proportional limit for the single crystal 
material is below that for the bicrystalline material, the two curv 
cross and the index of strain hardening as well as the stress level for 
given strain of the bicrystalline specimen becomes considerably less 
than those of the single crystal. It is apparent that the grain boundar 
in the tensile specimen cannot translate too far out of line since th 
tensile grips and the length of the specimens will regulate to some ex 
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tent such movement. However, if a similar specimen were loaded in 
compression, the grain boundary translation should still occur although 
the movement should be a direction opposite that for the tensile spect 
men or toward the acute angle formed by the intersection of the primary 


Ss 
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slip planes in the two grains. In this case, since there will be no bendin; 
of the slip planes at the grain boundary, the index of strain hardeni: 
and the stress level for a given strain should be considerably less tl 
those of a single crystal of the same parent orientation. Since neither th 
length of the specimen nor the grips should have as much influence i1 
the extent of translation, the index of strain hardening and the str 
level for a given strain should maintain considerably lower valu 





Fig. 1 IMustration of Translation of Grain Boundaries in Compr 
ul 15 as Compared with the Deformed Single Crystal of Same Parent 


Fig. 9 is a plot of the stress-strain relationships for such compressive 
test. Fig. 10 shows the translation in the compressive specimen gr 
boundaries as compared with the appearance of deformation in the 
single crystal. 

It seems appropriate to use these observations as a basis for suggest 
ing future work on the problem of deformation of the polycrystalli 
aggregate. If the force T in Fig. 5 required to prevent translation of th 
grain boundary can be accurately measured and a specimen can bi 
manufactured wherein a small third grain is positioned at the grait 
boundary so that it does not interfere with the slip mechanics of the 
principle bicrystalline specimen and yet prevents grain boundary trans 
lation, a measure of the contribution to the increase of the strain harden 
ing index and plastic stress level by this third grain could be indicated 


re 


CONCLUSIONS 
On the basis of the investigation described, we conclude: 
1) the grip effect on all bicrystalline specimens having longitudin 


grain boundaries cannot be ignored, 
2) the index ot strain hardening as well as the plastic stress level in 


free grait) boundary bicrystalline specimens capable of maximum grait 











1958 BICRYSTALLINE ALUMINUM 1003 


undary translation is lower than said index and stress level for single 
rystals having the same orientation as the parent crystal of bicrystal- 
ne specimens whether tested in tension or compression. 
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DISCUSSION 


Written Discussion: By J]. D. Livingston, General Electric Research Laboratory, 
Schenectady, New York 

I would like to compliment the authors on their interesting method of preparing 
bicrystal specimens. Although the method yields specimens in which the boundary 
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region has had a rather special freezing history, probably the subsequent | 
temperature anneal allows this region to approach more closely an equilibri 
structure. 

One study of the deformation of aluminum bicrystals with boundaries transverse 
to the stress axis has already been published * but I believe the authors’ paper 
be the first to attempt interpretation of stress-strain curves on such bicrystals. | 
Dr. Fleischer’s discussion, which he has kindly allowed me to see before publi 
tion, he points out some of the difficulties inherent in such an attempt. I wou 
like to make some further observations which I believe should also be borne i: 
mind when comparing the authors’ results to those on bicrystals with longitudi: 
grain boundaries. 

Most of the bicrystals reported on here were formed by a rotation of 180 « 
grees about the grain boundary normal, which produces symmetric bicrysta 
Such boundaries cause little disturbance of the slip processes in the crystals, ar 
it has been shown that the stress-strain curves for symmetric longitudinal | 
crystals are no higher than those of corresponding single crystals.* Furthermo: 
during metallographic observation of various symmetric longitudinal bicrystal 
I have never observed any bending or distortion of slip lines at the boundary 
that in this latter respect the authors’ symmetric transverse boundaries behave 
differently than symmetric longitudinal ones. It would be of interest if the aut! 
would report their observations on transverse bicrystals that were not symmetri 

It is to be hoped that the authors’ work will stimulate further investigation of 
the “grip effects” involved in tensile deformation of single crystals and bicrystal 
The points raised by Dr. Fleischer make it clear that the deformation behavior 
bicrystals with transverse boundaries is intimately related to “grip effects’, a1 
that stress-strain curves obtained will depend sensitively on specimen length, type 
of loading (tension or compression) and length of the gage section. Wit! 
longitudinal bicrystal specimens, on the other hand, one can presumably get data 
unrelated to “grip effects” by employing a gage section long compared to th 
cross sectional dimensions of the specimen but still well removed from the grips 
This paper may stimulate a more critical examination of this supposition, whic] 
is inherent in most of the published work on longitudinal bicrystals 


Written Discussion: By R. L. Fleischer, Massachusetts Institute of Technology 
Cambridge, Mass. 

The authors’ use of bicrystal specimens is a most interesting one. In interpretins 
the work in terms of grain boundary effects, however, certain difficulties arise. I: 
the first place the nature of the stress-strain curve obtained for the bicrystal: 
will vary depending on the gage section chosen for the measurement of strain. As 
an example, if the local strain near the grain boundary were less than the averag: 
over the whole sample, then by choosing a sufficiently short gage length one would 
find the bicrystal stress-strain curve above that for the single crystal. A second 
difficulty is that once deformation has begun, the nature of the applied stress for 
the bicrystal is different from that for the single crystal. This difference exist 
because of the freedom of translation in the plane of the boundary, which dis 
places the crystal so that its sides are no longer parallei to the applied stress 





2S. Karashima, “Studies on the Plastic Deformation of Two-Grained Aluminum Specimens 
Memoirs of the Institute of Scientific and Industrial Research, Osaka University, 
1952, p 78 

$J. J. Gilman, “Deformation of Symmetric Zine Bicrystals,"" Acta Metallurgica, Vol 
1953, p. 426 
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j 


fence, simple uniaxial tension or compression is no longer present and the mean 
r of the stress-strain curves is in doubt 

[he experiments described can perhaps be most simply understood by approach 
» them as an examination of properties of single crystals. If the bicrystals are 
garded as two single crystals, acting as each others grip at one end, then the 
tress-strain curves given show the effect of changing the grip constraints on 
ingle crystals. Thus the displacement of the grain boundary perpendicular to the 
riginal stress axis is a means of reducing the grip restraint. The work described 
ere can now be seen to be analogous to that of Karashima,’ who supplied bending 
oments to oppose those which normally arise during tensile deformation of 
ngle crystals. He too observed a lowering of the work hardening rate where 


e grip restraint was reduced 


Authors’ Reply 

Some excellent points have been brought out by these discussors and the dis 
ussions presented make evident to us that we should explain our method of dete 

ing the stress-strain curves reported 

lhe tensile curves were developed for the single crystal and the bicrystal simul 
neously by attaching bonded wire, resistance strain gages, type A-8 over the 
rain boundary as well as at the mid-point of one single crystal end of the speci 
nen, and reading the respective strains for each load applied. These tensile speci 
nens were square in cross section, 14-inch on a side, and 3 inches long. The 
ige length for both the bicrystal and single crystal can now be seen to be only 


compression curves were developed independent 





y for the bicrystal and 
ngle crystal specimens. These specimens were square in cross section, )g-inch o1 
side and 3¢-inch long. The gage length was taken as the specimen length it 


oth specimens 





GROWTH OF CADMIUM FROM THE VAPOR 


By J. E. McNutt ann R. F. Ment 


Abstract 


A technique is described for making continuous micro 
scopic and interferometric observations of cadmium crys- 
tals while they are actually growing by deposition from 
cadmium vapor at constant temperature and supersatura 
tion. Selected observations on the changes occurring on 
basal hexagonal surfaces during experiments with various 
supersaturations and deposit temperatures within 50 °C of 
the melting point are reported. 

The propagation of steps across basal surfaces was the 
principal mechanism of growth observed at high deposit 
temperatures. These steps usually originated at edges of 
surfaces where adjacent crystals touched or at other bound 
aries and ranged from sub-interferometric heights (less 
than about 300 A) to heights of more than 3000 A. Their 
heights often changed during propagation, and there was 
no particular step height characteristic of a given substrat 
temperature or vapor supersaturation. 

As the deposit temperature decreased there was an in 
creasing tendency for growth to occur by the propagation 
of sloping growth fronts, which are probably tiers of irre 
solvably small, closely spaced steps, rather than by move 
ment of apparently sharp higher steps. 

New types of defects called trigonal wakes and ramps 
were found at the lowest substrate temperatures (274 °C) 
Other imperfections, designated as ridge boundaries, wer 
found in deposits which had undergone large temperature 
changes. (ASM International Classification: N159, N3, 
Cd) 


INTRODUCTION 
F THE several ways in which crystals of metals may be grow: 
that of deposition from the vapor phase is presumably the 
simplest mechanistically. Yet information is very scanty; reviews « 
this field (1,2,3)' show that theory has far outstripped experiment 


The figures appearing in parentheses pertain to the references appended to this paper 





his paper is based on a thesis submitted by J. E. McNutt in partial fulfillment 
requirements for the degree of Doctor of Philosophy in the Department of Metallur il | 
gineering at Carnegie Institute of Technology, Pittsburgh 


\ paper presented before the Thirty-Ninth Annual Convention of the Societ 
held in Chicago, November 4-8, 1957. Of the authors, J. E. McNutt is now R¢ 
search Engineer, Engineering Research Laboratory, . du Pont de Nemours & 
Co., Inc., Wilmington, Delaware and R. E. Mehl is associated with the Department 
of Metallurgical Engineering, Carnegie Institute of Technology, Pittsburg! 
Manuscript received September 17, 1956. 
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Observations of morphology and measurements of rates during growth 
nder controlled conditions are needed ; this paper recounts the first of 
continuing series of efforts in which metal crystals are grown from 
he vapor at constant supersaturations and temperatures, whilst micro- 

scopic observations, including interferometric, are made continuously. 
Cadmium was selected for study since its vapor pressure at moder 

ite temperatures is high and supersaturation accordingly can be readily 
varied and because spirals which are presumably growth spirals have 
heen observed on cadmium (4). Observations consisted in ordinary 
microscopic observation of the growing crystal, at a magnification of 
seventy-five diameters, in the use of interferometric fringes to assess 
height differences through fringe disregistry, and in the use of an 
yptically imposed fiducial system to measure lateral dimensional 
hanges. The sensitivity of the interferometric system used was about 

300 A in height at the best; any process whatsoever that occurred on 
scale smaller than this was unobservable, and this is a limitation to 

the work. No easy method of measuring total displacement of a crystal 

surface in the direction normal to the surface was conceived and thus 
ondensation coefficients could not be measured. Lateral dimensions 
were measured to 0.0003 centimeter. All observations were made on 
crystals that nucleated and grew as solids 


without intervening melting 
except in a few special instances as noted); all measurements were 
made on small crystals in an aggregate of crystals, a circumstance 


vhich possibly, and even probably, provided special effects. 


IEXPERIMENTAL PROCEDURI 


The cell shown in Fig. 1 was constructed in order that the growth 
of cadmium crystals from cadmium vapor, under controlled conditions 
of temperature and supersaturation, could be observed. All walls of 
the cell except the substrate and the graded seal were of pyrex. Kovar 
was employed as a condensation surface, (B, Fig. 1). The substrate 
temperature was measured with a prong-type iron-constantan thermo- 
couple, using 0.01 inch-diameter wires. With the prong-type thermo- 
couple, a relatively large portion of the substrate was made to serve as 
the hot junction, thus insuring valid temperature indications. 

Supersaturation of the cadmium vapor was provided by maintaining 
the substrate at a temperature below that of the vapor source. Cooling 
of the substrate and temperature regulation were accomplished by 
blowing nitrogen against the inside end-surface of the Kovar piece. 
The substrate-thermocouple leads were connected to a_recorder- 
controller which activated a solenoid valve that interrupted the nitro- 
gen stream when the substrate cooled below the control temperature. 
With this arrangement, the substrate temperature fluctuated regularly 
through a range of 3 °C, with a period of several seconds. 

The arm of the cell containing the vapor source was immersed in a 
tin bath. The source temperature was measured with an iron-constantan 
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thermocouple, fixed within a pyrex protection tube tied to the ai 
this thermocouple was connected to a recorder-controller which reg 
lated the current through the furnace windings. The source tempe: 
ature could be held within 1.5 °C of the control point. 

No special efforts were made to keep the outer cell walls closer t! 
about 5 °C to the source temperature. A small tube furnace, concentri 
to the Kovar unit and flush with the window at one end, heated th 
walls outside the tin bath, except for the window. Current throug 
the furnace was manually regulated. The experimental techni 
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Fig. 1—Cross Section of Growth-Cell Assembly 


caused a temperature gradient to exist along the glass wall between the 
substrate and the ring seal. The temperature difference between thes¢ 
areas depended upon the particular experiment, the largest about 
40 °C, with the Kovar the coldest point in the system. It may be not 

that in all experiments reported, deposition was chiefly restricted t 

the flat part of the substrate facing the window; in several instance: 

the deposit also covered a small part of the lateral surfaces of th: 
Kovar. The deposits were apparently uniform in character over th 
whole end of the Kovar. 


The window was heated with a thin pyrex plate to which a trans 
parent conducting coating had been applied by the Pittsburgh Plat 
Glass Company.* The plate was fixed approximately parallel to the 
window, with a slight separation to allow a small thermocouple bead 
to be held against the window. Current through the window heatet 
was regulated manually. 


* We owe this happy idea to Dr. Bruce Chalmers 
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Prior to an experiment, the cell was outgassed through the arm 
ontaining the source crystals. 

The cadmium used as a vapor source was the “Super Purity” grade 
99,999-+ % Cd, — “‘spectroscopically pure’) of the New Jersey Zinc 
Company. 

The microinterferometer designed and fabricated as part of this re- 
search was constructed according to standard principles and practices 
\ schematic diagram of the instrument is shown in Fig. 2. When light 
vas cut off from the reference objective, the microinterferometer oper 
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ited as a simple microscope with vertical illumination. When the refer 
ence objective was illuminated, interference was effected between the 
images of the two objectives, resulting in a fringe pattern which could 
he used to determine relative heights in the field of view on the speci- 
men. The principles of optics involved are reviewed in many physics 
texts; a complete discussion on use of fringe patterns in studies of 
topography has been made by Tolansky (5). 

The camera consisted of a 35-millimeter camera from which the 
lens and shutter were removed, mounted on an independent shutter 
fixed to the interferometer. Cross-hairs within the eyepiece were fixed 
at the same distance from the pellicle as the film plane, so that an 
image in focus in the eyepiece was also in focus on the film. Cross-hairs 
were also fixed within the camera so as to cast shadows around the 


edges of each frame; these shadows served as a fiducial system for 








1010 TRANSACTIONS OF THE ASM Vol 


measuring changes within the field of view between successive « 
posures. 

There were two principal sources of continual fringe motion durir 
an experiment. One was air convection before the window heater 
which was sometimes as hot as 360°C (680°F). Variations of r 
fractive index within the heated moving air caused irregular motio1 
of the fringe pattern through distances that were small compared wit! 
the spacing of the fringes. The other source of fringe motion was thx 
change in dimensions of the crystals and substrate concomitant wit 
temperature variation aound the control point. This motion was regul 
with a period of several seconds and caused the fringe pattern to shift 
back and forth across the field of view with an amplitude of more thar 
one fringe spacing. Neither of these factors caused any apparent motior 
of the image when the interferometer was functioning as a simple 
microscope. With this experimental technique, there was no way to 
preclude these movements of the fringe patterns. As a result, it was 
necessary to use short exposures (1/10 to 1/5 second) to prevent 
blurring on the film. 

The continual fringe motion prevented measurement of changes it 
absolute height of a crystal surface ; otherwise the position of a sing 
fringe could be followed over a long period of time ; changes in positior 
would indicate that the surface was growing and this growth would 
be susceptible to quantitative measurement. Thus, though the height 
of a detectable discontinuity on the surface and changes in height could 
be measured, the rates of perpendicular growth of the surfaces above 
and below the discontinuity could not be determined. This limitation 
could, of course, be circumvented by photographing the fringe patterns 
at a rate sufficiently rapid to permit tracing the position of individual 
fringes, and this is planned for subsequent work. 

Under optimum conditions, heights of discontinuities of growing 
crystal surfaces could, as noted, be measured to within about 300 A 
Often sensitivity was poorer than this, owing to the difficult experi 
mental conditions. 

As soon as some crystal facets reached an appropriate size (about 
0.1 millimeter or larger), photographs with and without fringes wer« 
taken at intervals depending upon the temperature and supersaturation 
of the particular experiment. Intervals ranged from 15 seconds to 
several hours. Whenever there was a possibility that the fringe shift 
at any surface discontinuity was more than the fringe spacing, two 
fringe patterns were photographed, one with the mercury green line 
(5461 A) and one with the blue line (4358A). In most instances 
where there was doubt, the use of these two patterns allowed solution 
for the order of the fringe shift. 


Conditions for the experiments reported here are summarized in 
Table I. Vapor pressures were arbitrarily calculated from the rela 
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Table I 
Deposit Source 
Vapor Vapor 
Substrate Pressure Pressure, 
Experiment Temp., °¢ mm. Hg a mm. Hg 
15 317 0.089 0.35 
10 0.089 7 0.26 
11 0.089 0.18 
16 7 0.089 0.12 
14 2 0.038 0.14 
22 2 0.038 0.10 
12 0.038 : 0.081 
23 2 0.038 0.048 
7 0.015 0.059 
0.015 0.046 
0.015 0.046 
0.015 0.027 
0.015 0.026 


tions between temperature and vapor pressure of cadmium given by 
Lumsden (6). 

Nominal supersaturations such as might be calculated from the vapor 
pressures shown in Table I were not those actually operative during 
the experiments ; effective supersaturations would be less than these, 
and evidence discussed below shows that the discrepancies were prob- 
ably relatively large. In continuations of this work, effective super- 
saturations are being determined. 


RESULTS 

Thirteen experiments are reported here. These were preceded by 
several dozen preliminary, largely defective runs. In the final series 
of experiments, hundreds of crystals were studied and over 4000 se- 
quential photographs were taken; of them, only a very few typical 
ones are reproduced here. 

The deposits formed in the course of these experiments were com- 
pact aggregates of contiguous crystals, the basal surfaces of which 
were generally within a few degrees of normal to the axis of the inter- 
ferometer—only those crystals with their basal planes approximately 
parallel to the substrate survived during growth, giving rise to a col- 
umnar structure. Selected observations on the growth of these crystals 
are reported below. : 


Ridge Boundaries 


sy “ridge boundary” is meant a discrete, straight boundary across a 
crystal which separates two regions differing slightly in orientation, as 
evidenced by a small angle between their basal surfaces. 


pot : . 
Che surfaces meeting at ridge boundaries are basal planes. Hexagonal 
symmetry of growth structures on both surfaces proved this many 


times. In several instances where this was not apparent, indents made 
with a needle indicated hexagonal symmetry of each surface. 
A crystal with several ridge boundaries is seen in Fig. 3. Table II 
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Table I! 
Date on Boundaries in Fig. 3 


Surtace Conc 


Boundary No Angle 
1°26’ 
1°26’ 
3°16’ 
2°42’ 
6°35’ 


gives the angles between adjacent basal surfaces at five of the boun: 

aries and notes whether the surface is concave or convex (toward the 
window ) at the boundaries; there was no consistency in this latte 
regard. Fifteen of the 18 boundaries observed were characterized b 

angles too small to be explained by twinning ; the majority exhibited 
angles less than 1.5 degrees. 

There was no consistency as to whether the surface was re-entrant 
at a ridge boundary, or not. When the surface was convex (to the 
viewer, iLe., not re-entrant), the boundary seemed to have no effect 
upon growth structures; Fig. 3 shows steps continuous across conve» 
boundaries and this was found at all other such boundaries. When th« 
surface was concave at a ridge boundary, however, several effects weré 
noted. New steps often issued from such boundaries; steps were als 
seen to end there. Each circumstance is illustrated along boundary 5 i 
Fig. 3. The boundaries themselves did not move as growth progressed 
nor did the angles at the boundaries change. 

It has not been found that ridge boundary traces on basal surfaces 
follow rational crystallographic directions. 

Ridge boundaries were seen only in those experiments where th 
substrate temperature had changed more than about 20°C after 
deposit had appeared. Because ridge boundaries existed only whet 
large temperature changes had occurred and since twinned crystal: 
were never present unless ridge boundaries were also observed, it has 
heen concluded that they result from deformation of the crystals in th 
deposit. Temperature changes can introduce stresses into the crystals 
as a result of the anisotropy of thermal expansion, causing neighbors 
with nonparallel c-axes to interfere with each other, and because of 
the different thermal expansion coefficients of cadmium and Kovar 
The ridge boundaries seem similar to the polygonization structures 


found by Holden (7) on zine specimens which were cleaved, then 
annealed. 


Growth at Steps 


One of the features of crystal growth observed was the movement of 
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Fig. 3—Crystals with Ridge Boundaries. Experiment 10 


discrete, detectable steps across basal surfaces. This was not the onl) 


way in which surfaces grew outward, nor was it even found under 
some experimental conditions; however, at the two higher substrate 
temperatures, growth of obvious steps appeared to be a dominant 


mechanism. 
Origin of Steps—The classical theory of crystal growth predicts 
that new monolayers should be nucleated on homopolar crystals away 





1014 TRANSACTIONS OF THE ASM Vi 


from edges and corners. On the majority of crystals observed in 1 
work, however, steps appeared first at edges of basal surfaces wh 
adjacent crystals touched. There was no periodicity in appearance 
steps at crystal edges, nor was there usually a consistency in the height 
of new steps. This would be expected if the neighbors were of different 
orientations since then, as growth proceeded, the nature of the area 
contact between them would change. 

As noted above, new steps also appeared at concave ridge boun 
aries. This effect is probably related to that obtaining at the point 
where two neighboring crystals touch. Even at ridge boundaries, ther: 
is no rigorous chronological periodicity in the appearance of new steps 
and no close uniformity in heights of the steps. 

Sometimes steps formed independently of such edge effects. 
instance was an experiment (No. 11) during which deposition to 
place on a continuous sheet of solid cadmium covering the end of the 
Kovar. This coating was obtained by allowing the substrate, on whi 
a deposit had already formed, to heat above the melting point of cad 
mium ; after the molten cadmium had spread out over the substrat 
the temperature was again lowered, freezing the cadmium on tl 
Kovar. Apparently, there were preferred points of layer nucleation it 
this coating, and after growth had proceeded for a time, mounds wer 
built up around these points as new layers formed over them and gr 
out laterally. This was illustrated by the sequence of pictures in Fig. 4 

While visually observing growth in this experiment, the impressior 
was obtained that large steps, such as visible in Fig. 4c arose as Volmet 
(8) suggested, that is, by smaller steps overtaking and joining ste; 
below them. Small, barely discernible layers could be seen apparent}, 
continuously emanating from some point on a given mound; thet 
suddenly a large step would begin to form, as if one of the small layers 
had been slowed down for some reason and successive layers begat 
“piling up” on it. The large step would continue to propagate lateral! 
and soon the process would be repeated above it. This did not happer 
at all sites, for as shown in Fig. 4d, some of the growth mounds ex 
hibited no large steps, but had tapered sides probably composed 
tiers of very small, individually irresolvable steps. 

Discrete steps were also occasionally noted to form in growth front 
which took the form of microscopically smooth, irrational surface 
moving across the basa! faces. Such growth fronts were seen fré 
quently at the lower temperatures of growth and will be discussed i1 
detail below ; they are believed to be actually tiers of steps too sma 
and too close together to be individually resolved. The formation of! 
visible steps probably represents an aggregation of the small steps 

In summary, steps usually originated at edges of basal surfaces 
either at ridge boundaries or where adjacent crystals touched. Th 
appearance of new steps independent of these effects was noted only 
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Fig. 4—Growth Structures on a Continuous Covering of Cadmium on_ the 
Substrate, Obtained by Melting Then Freezing a Previous Deposit. (c), 6 
minutes after a. Experiment 11 50 


occasionally as described above, and in these circumstances the origin 
of the steps was undetermined. 

Development of Lattice Symmetry in Steps—According to the 
theory of growth of monatomic steps, lattice symmetry should not be 
apparent in growth from the vapor owing to the high mobility of 
adsorbed atoms. For cadmium, the symmetry on basal surfaces should 
be trigonal or hexagonal, if seen at all. 





1016 TRANSACTIONS OF THE ASM Vol 


In the experiments with deposits held just below the melting point 
the development of symmetry varied with supersaturation and ste; 
height. At the highest supersaturation (Experiment 15), there was n 
evidence for any steps assuming the lattice symmetry. At the lowe: 
supersaturations, small steps (about 250 to 1000 A high) showed pri 
dominant development of hexagonal symmetry; as step height 
creased, the symmetry became less apparent, with corners betwee: 
straight edges becoming more gradually rounded, until for heights 
about 3000 A only vestiges of straight sides remained. 

At lower substrate temperatures, hexagonal symmetry was pron 





Fig. 5—A Crystal on Which Steps Are at Small Angles to Each 
Other. Experiment 18. X80. 


nent even for high steps, with sharp corners between the straight sides 
\t the lowest temperature, it was occasionally noted that steps, thoug! 
straight, were at slight angles to one another as shown in Fig. 5; this 
means that at least one of the steps follows an irrational direction. Suc! 
circumstances were transient. 

Crystallography of Steps—The hexagonal symmetry, when deve 
oped in steps, indicates that they follow either <1010> or <1120 
directions if rational. Previous work by Straumanis (1,9) and Stra 
ski (10) and current theory (11,12) indicate that they should be i: 
<1120> directions ; this was verified in the present work by compat 
ing step directions with traces of twins on the basal planes. Thus, i 
step faces are rational, they are probably {1010} or {1011} surfaces 

Rate of Step Propagation—At the higher temperatures and super 
saturations, steps of various heights were observed to propagate latet 
ally across the underlying basal surfaces and eventually cover then 
This was not seen at low temperatures as discussed below. 
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Rate of Lateral Propagation, x 1075 Cm/Min 


Fig Step Height vs. Rate of Lateral Propagation, Experiment 10 


For all experiments in which such information could be obtained, 
rates of lateral propagation of steps were determined together with 


step heights. Step movements were measured in directions normal to 
the step edges. Often the rates so determined were not uniform along 
the length of a step. Near the side of a crystal, a step would propagate 
sometimes more rapidly and sometimes more slowly than away from 
the edge—this could not be correlated with other observations. Step 
movement was affected by proximity to concave ridge boundaries. The 
propagation was always retarded as steps from different origins inter- 
sected and at the junction of two steps from the same source, an occa- 
sional occurrence to be discussed below. In such circumstances, only 
the rate of propagation along the apparently unaffected length of the 
step was considered. 

The rate of propagation of a given step was apparently constant with 
time, apart from the conditions noted above. There was no instance in 
which a step accelerated or slowed down unless some external factor 
became influential on its progress or the step height changed. 

Fig. 6 shows a plot of the data obtained from Experiment 10, Each 
datum is plotted as a rectangle, the horizontal dimension of which cor- 
responds to twice the uncertainty in propagation rate, with the middle 
point of the line placed at the measured rate; the vertical side of each 
rectangle is equivalently defined. The true height and rate correspond- 
ing to the measured values would fall somewhere within the rectangle. 

Fig. 6 shows the most apparent correlation between step height and 
rate of propagation ; data from the other experiments were generally 
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characterized by too much scatter independently to show any tr 
However, the data appear to show that the rate of lateral propag 
increases as step height decreases. It was clear that a lower subst: 
temperature led to lower rates of step propagation. Rates of pro; 
tion exceeding 2 « 10~* centimeters per minute were observed du 
ing Experiment 15. 

From the experimental conditions given in Table I, it would by 
predicted that the steps observed in these experiments would propag 
at rates greater than 10~—* centimeters per minute, on the basis 
of direct collisions of atoms from the vapor on step faces and assum- 
ing a condensation coefficient of one, for which the evidence on metal 
is good (13-17). Except for the smaller steps observed in Experi 
ment 15, the actual values are at least an order of magnitude less thar 
the expected rates. This is a reason for believing that the eff: 
supersaturations were lower than those calculated from sourcé 
substrate temperatures, for there is no other good basis for explai: 
these results. 

Detectable lateral movement of steps was observed only on cryst 
growing at 317 °C (600°F) and at 296°C (565 °F) under the th 
highest supersaturations. The changes at steps in the other experiments 
are discussed below. 

It is clear that there is no characteristic step height correspor 
to given experimental conditions ; in each experiment, a wide rang: 
step heights was observed, and there is much evidence, to be discussed 
that steps too small to be detected are important in growth 

Changes in Steps during Growth—Quite often increases in stey 
height could be assigned to smaller steps, which move more rapid! 
catching up to and joining larger steps. An example of this is sho 
Fig. 7. Another process which occurred frequently can be note 
Fig. 7, namely, the splitting of a high step into two steps whicl 
then separated owing to different rates of lateral propagation 
occurs in the large step which is joined by the smaller layer descri 
above. The splitting-off of the smaller step is seen at an early stag 
Fig. 7a and can be followed through the time of Fig. 7d. The height 
the bottom step decreased between Fig. 7b and 7d and the step 
invisible in Fig. 7e. Disappearance of the new step is not characterist 
of the phenomenon. A clearer example of the process is shown in Fig 
where separation of steps may be seen at several places. 

The growth front which moves away from a step is not always 
other smaller, discrete step, as shown in Fig. 9. In this sequence 
growth front about 1600 A high, with a microscopically sloping « 
issues from the second uppermost step on the crystal. Here also th 
process seems to have begun at a single point in the parent step 
then proceeded along its length. This may be evidence for a substr 
ture in steps that appear to be simple at this degree of resolution. 


~ 
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i A Crystal on Which a Step of Small Height Overtakes and Joins the Underlying, 
Higher Step. (c), 5 minutes after a. (e), 9 minutes after a. Experiment 11. 150. 


\s mentioned above, Fig. 7 shows that a step which split off from 
a higher one decreased in height and finally disappeared, within the 
limits of detection, before growing out to the edge of the surface. Such 
disappearance of a step also is of frequent occurrence, as illustrated on 


the same crystal in Fig. 10. At the time of Fig. 10b, the layer was about 
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1200 A high and 3 minutes later 700 A high. Actually, disappea 

is believed to be a misnomer for the process, since it is thought 1 
such dissipation of a layer occurs by very small steps growing ay 

a high rate from the bottom edge of the layer ; thus, a vertical cross se 
tion of the crystal at successive times might appear as in Fig. 1], A, 


cording to this idea, some small steps are able to dissociate thems¢ 


smaller, though still high, step behind; this high step meanwhile , 
tinues to propagate laterally. Unfortunately the experimental met 


Fig. 8—A Crystal on Which Small Steps Split 
Away from Larger Steps. (b), 2 minutes; (f), 1 
minutes after a. Experiment 16 75 


did not make possible a direct verification of this postulated m« 
nism, since absolute height measurements were not possible, but tl 
is much indirect evidence for the occurrence of such a mechanisn 
Fig. 10d illustrates one kind of substantiation for this proposa 
though it is somewhat equivocal. The fringes which do not meet th 
layer spreading across the top surface show a curvature which indi 
that the surface slopes upward slightly in the vicinity of the small la 
as shown in outline 2 of Fig. 11. The fringes intersecting the layer 
too short to show such a curvature. Fig. 12 is a better example of 1 
evidence for the suggested mechanism. Although the surface see 
to have a fairly simple structure in Fig. 12a, in the corresponding pi 
ture with green fringes, a very small growth front is barely apparent 
as a slight deviation in the fringes. This growth front, which probably 
consisted of a series of small, closely spaced steps, moved across t! 


ve 


from a high step and, once this is accomplished, leave an apparenth 
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9—A Crystal on Which a Growth Front Issues from a High Step. (c), 12 minutes 
after a. (e), 15 minutes after a. Experiment 22. 100. 


surface very rapidly in accordance with expectation on the basis of the 
data on rates of lateral propagation for steps of various heights. Fur- 
ther, it can be seen in Fig. 12b that there is a small change in fringe 
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Fig. 10 


A Crystal on Which a Small Layer Apparently Diminishes in Height as it 
Propagates Laterally. (c), 6 minutes after a. (e), 9 minutes after a. Experiment 1:. x1 
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Fig. 11—Cross Section Through a Crystal on Which 
a Layer is Moving Laterally, With Decreasing Height, 
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Be Fringes. Experiment 10. X90 


ystal on Which 
Detected 


by Slight Deviations in th 


13—A Crystal on Which Trigonal Structures Are Developed as 
Fronts Issued from Steps. Experiment 18. 85 


Fig 
Growth 
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orientation at the outermost step on this crystal; the change is s1 
to indicate that the upper surface slopes slightly upward relative t 
face below the step, and thus there may be still other, smaller ste; 
obvious even in the fringe patterns that are moving across the 
surface. There were many other examples of such occurrences 
Frequently, evidence was obtained for the presence of steps too s 
to cause variations in the fringe patterns. This may be illustrat: 
changes in the two upper hexagonal structures on the crystal show: 
Fig. 9. The heights of the steps bounding these structures wer 
served to vary widely while the fringes on all surfaces remained stra 
and parallel. To illustrate this, heights at successive times over a s| 
interval are given in Table III ; such changes may be followed in Fi; 


also. 


An explanation for these observations is that new, small steps 
being continually generated on the top surface and growing out unt 


Table III 
Heights of Two Uppermost Hexagons in Fig. 9, Prior to That Sequence 


Minutes after Height of top Height of 
Start Hexagon -cond Hexag 


2300 2500 
2700 2700 
2000 3000 
2000 2700 
1800 2800 
3200 2300 
2700 3200 


they joined the step bounding the uppermost hexagonal layer, whil 
simultaneously irresolvable steps were dissociating themselves fr 
that layer and growing out to the edge of the second hexagor 
lateral propagation of any of the steps on the crystal described was 
tected during observation. 


\ 


\t the lowest substrate temperature used, measurable lateral pr 
gation of steps in the sense of the preceding section was not obser\ 
The usual changes in steps seemed akin to those discussed above; tl 
is, new growth fronts issued from the steps. At this temperature, ho 
ever, immobile steps seemed to wholly disintegrate into microscopical! 
sloping growth fronts, probably actually tiers of smaller steps, wl 
then progressed across the surfaces. 

The above evidence indicates that high steps, though always observ¢ 
are not stable but represent a dynamic situation, with smaller growt! 
fronts continually joining and issuing from the steps. If a step remair 
of about constant height, this probably indicates a balance between t! 
two opposing processes. Nonetheless, the experimental observati 
seem to show that lateral propagation of high steps is a real proces 
crystal growth near the melting point and at temperatures as lov 
295 °C (665 °F) when supersaturations are large. 
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ther Observations on Growth of Steps—lIn four of the experiments 
th low substrate temperatures (Numbers 17, 18, 19, 21), trigonal 
structures such as shown in Fig. 13 were encountered. These structures 
ppeared when sloping growth fronts issuing from steps moved across 
surface and have a shape that suggests the fronts had encountered 
points over which they could move and which then “cast a wake” as 
the growth front moved past them. The apex of the wake always 
inted into the moving growth front ; that is, opposite to the direction 
f propagation. Often the wakes were quite deep, the depth at the apex 
eaching as much as 8200 A. They were accurately crystallographic, 
ith the angle between sides 60 degrees. There were certain areas on 
ich surface that seemed amenable to the formation of such structures. 
Sometimes these structures disappeared before becoming very deep 
nd sometimes persisted until quite large ; there was no consistency in 
he latter regard in the behavior of a given region. No explanation of 
this phenomenon is known. As mentioned, it would seem that a moving 
srowth front had encountered a “poisoned” surface site. However, if 
he poisoned area were small, a pit should remain after the front had 
passed. There seems no reason to expect a small poisoned region to 
xtend its effects along close-packed directions, as would be necessary 
rationalize the observed structures. During continued growth the 
rigonal wakes disappeared and recurred in nearly the same locations 
\nother phenomenon of low-temperature growth is the tendency for 
i high step to emit sloping growth fronts which seemingly cannot grow 
cross a line in a close-packed direction following the extension of the 
parent step. The effect was sometimes so pronounced that “ramps” were 
built up on the sides of the growth front as it moved across the surface 
Such a ramp is seen in Fig. 13, appearing as a line following the ex 
tension of one edge of the higher layer and coming to an end in the 
iddle of the underlying surface. After a time, growth began to proceed 
utward normally from a ramp, which then gradually receded as the 
urface below grew upward through the progression of steps across it 
The irregularity of the surface apparent in Fig. 13b is due to the 
trigonal wakes and to complex growth fronts issuing from the steps on 
the crystal. It may be seen that these fronts did not move uniformly 
iway from the steps and that a discontinuity existed on the surface 
hove the ramp, at an angle of 30 degrees to the step direction, there 
tore in the less closely packed < 1010> directions. Such discontinuities 
vere transient and only rarely found, but there was much evidence for 
irriers to growth along <1120> directions 
Growth at Sloping Growth Fronts 
\s described above, at 317 and 296 °C (603 and 565 °F) the pre 


lominant mechanism of growth was the pro] agation of high steps 
cross basal surfaces. However, concurrently with step propagation at 
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Crystal Across Which a Mesa is Progressing. 
Experiment 17. 100 


296 °C (565 °F) and exclusively at 274°C (525 °F), the movement 
of sloping growth fronts became important in the deposition of n¢ 
material. 

Such growth fronts often occurred in the form of “‘mesas”’ suc] 
shown in Fig. 14. As can be seen, they are characterized microscop! 
cally by slightly concave, sloping surfaces with flat tops, with the a 
parent line of farthest advance being curved ; actually the only tenabl 
model for such a structure seems to be a tier of irresolvably sn 
closely spaced steps. 

Mesas appeared first at crystal edges, and probably the same « 
siderations that apply for steps originating at edges apply here als: 
number of growth fronts were seen which were apparently equivale: 
to mesas in all respects except that they did not have flat tops ; this 
presumably the result of continuous formation of new steps at the « 
tact with a neighbor. These growth fronts seem to correspond to t! 
that emerged from steps at the lower temperatures of deposition 
already described. 


Sloping growth fronts showed no development of lattice symmet! 
in the sense that no straight edges were seen to appear in them w! 
they were growing freely. However, their growth often tended to pt 
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A Crystal on Which Only Slight Changes in Fringe Patterns Indicate Any 
f Tin (b), 5 minutes and c, 94 minutes after a 


rocesses Over a Long Peri 


Experiment 20 


ceed more rapidly in close-packed directions, in contrast to the mesa 


shown in Fig. 14, which grew fairly isotropically. 

\s yet it is unclear how the stepped crystals always seen at low 
temperatures arose, since growth seemed to occur only in sloping fronts. 
During observation the surfaces were usually found to simplify by the 
dissipation of steps rather than to add new steps. 

No attempts were made to determine the rates of propagation of the 
steps composing sloping growth fronts, because it was impossible to 
establish the corresponding positions in the fronts at different times. 


Sub-Interferometric Processes 

Many of the observations made during this research can be explained 
only on the basis of processes occurring on a scale too small to be de- 
tected even by the sensitive techniques employed. Much of the evidence 
was of the kind already described ; that is seemingly anomalous changes 
in step heights. Steps were seen to become higher and to shrink, even 
disappear, though no other changes in their neighborhoods were noted. 
lhe best explanation is that other steps too small to be detected either 
joined the steps which were seen or left, or perhaps both, at different 
rates. Sometimes these occurrences were detected or deduced from 
changes in fringe patterns, as already mentioned. If on this basis it is 
assumed that similar processes also took place on a sub-interferometric 
scale, then the otherwise inexplicable height changes and fringe patterns 
can be rationalized. 

During the experiments on growth at 276°C (530°F), sometimes 
i flat surface was observed to remain largely inactive over a period of 
time, though slight fringe variations indicated that growth was actually 
proceeding. An example is shown in Fig. 15, where only small changes 
in the fringe deviations at edges of the surface indicate that anything 
vas happening during the interval. In the central area, the fringes re- 
mained straight and parallel, so that only very small, undetected steps 
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could have been active ; it seems impossible that no growth whats 

was occurring. (The changes in fringe orientation have no signifi 
with respect to growth on the surface, since this is caused artificia 
Such behavior was noted on several surfaces and was not restri 
to growth at low temperatures. 


Other Observations 

The deposits formed during Experiments 21 and 23 were exami: 

after cessation of growth, with a metallograph to search for spirals 
sulting from screw dislocations; such structures would be most lik 
developed in these experiments. To minimize changes on the surfac: 
of the growing crystals, both the source and the substrate were rapid| 
cooled to room temperature when the experiments were terminat 
The deposits were then removed by breaking the growth cell and ey 
amined using conventional microscopy, both to see if any spiral 


structures could be found at higher magnifications in this way, and 
select crystals for study with multiple-beam interferometry. Surfac: 
unobstructed by neighboring crystals were examined by the conver 
tional techniques for interferometry in reflection described by Tolans! 
(5). Good fringes (for reflection) were obtained, and probably dis 
continuities less than 200 A high could have been detected. When it 
impossible to place the reference mirror sufficiently near a surface 
yield good fringes, the less desirable technique of effecting interferenc« 
in a Canada balsam film was used. Attempts were also made to increas: 
the visibility of surface structures by plasticine decoration as described 
by Forty (4). 

On none of the surfaces, even those where growth had apparent! 
occurred independently of edge effects, were spiral structures found 
and none were observed during growth. This is not conclusive as to the 
activity of dislocation spirals, since it 1s quite possible that they wet 
present but undetected. For instance, the spiral generated on a sing! 
screw dislocation with a Burgers vector of one might be estimated t 
have a slope of 4 & 10~° relative to a basal plane; such a slope would 
be difficult to find even with multiple-beam fringes. 


CoNCLUSION 


It is clear that studies at room temperature of the end products of 
crystal growth are of little help in understanding the mechanism 
growth ; continuous observation of the crystals while they are growing 
is necessary, as the above evidence indicates. 

There is no step height characteristic of a given temperature and 
supersaturation, as suggested by Straumanis (9) and Graf (18,19 
Instead, steps ranging from sub-interferometric heights (less t! 
about 300 A) to heights of 3000 A or more are active on basal surfac: 


during deposition. Further, these steps may constantly change 
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ht : they can disintegrate into a series of smaller steps or may aggre 
into larger ones. This is obviously not growth by the successive 
ppearance of monatomic layers alone, though there is evidence for 
th occurring on a sub-interferometric scale of unknown nature ; 
r is it growth by the operation of spiral growth forms originating in 
screw dislocations, for these large steps are simple layers and not 
pirals. In all but a few instances, new steps originated at the edges of 
stal faces where neighboring crystals touched or at re-entrant angles 
basal surfaces, where, to be sure, imperfections, possibly of the screw 
location type, could have led to the nucleation of the observed layers. 
tendency for development of hexagonal symmetry in steps in 
es as temperature decreases ; when rational, steps follow <1120> 
irections. 
Propagation of steps was observed under all conditions with a sub 
strate temperature of 317 °C (603 °F), but only at the higher super- 


saturations when the substrate temperature was 296 °C (565 °F) and 
c 


it all when it was 274°C (525 °F). Sloping growth fronts were 
itive at the two lower temperatures. New types of imperfections, called 
ramps and trigonal wakes, were observed at the lowest substrate tem- 
perature. Ridge boundaries, another type of imperfection, were found 

in those deposits which had been subjected to large temperature 


maces 
inges. 
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GRAIN BOUNDARY SELF-DIFFUSION OF NICKEL 
By W. R. UpTHEGROVE AND M. J. SINNOTT 


Abstract 


The diffusion of nickel-63 into controlled orientation bi 
crystal grain boundaries of nickel in the temperature range 
700-1100 °C (1290-2010 °F ) has been studied using auto 
radiographic techniques. The ratio of the grain boundary 
diffusion coefficient to the lattice diffusion coefficient has 
heen shown to vary from 10° to 10° depending on the grain 
houndary angle and the temperature of diffusion; the largest 
ratios were obtained in boundaries of large misfit diffused 
at low temperatures. The activation energy for grain bound 
ary self-diffusion was found to be 26 k-cal per gram mole for 
the one degree of freedom boundaries between 20 and 70 
outside of these limits it appears to increase rapidly with 
lecreasing misfit to 65.9 k-cal per gram mole, the value for 
lattice self diffusion. (ASM International Classification 


Vid; Ni) 


HE PRESENT investigation was concerned with obtaining ad 
Law mal quantitative data on the phenomenon of grain boundary 
diffusion. Other studies have indicated the general outlines of the 
process but at the start of this program few self-diffusion grain bound 

‘y data were available; even lattice self-diffusion data had not yet 


been obtained on the nickel system (1—5).? 


The steps involved in this research were the preparation of suitable 
| pre] 


bicrystals with simple tilt boundaries of one degree of freedom expres- 
sible as a symmetrical angle of misorientation ; the determination of the 
extent of diffusion at various temperatures ; and the analysis of the data 
n terms of the existing theories of grain boundary diffusion. 


EXPERIMENTAL PROCEDURES 


Nickel bicrystals were produced by controlled solidification of vac- 


ommon <100> axis. Single crystal seeds were rotated relative to one 
nother about this axis to produce a simple symmetrical tilt boundary. 


e figures appearing in parentheses pertain to the reference 


paper is based on a thesis by W. R. Upthegr 
nts for the degree of Doctor of Phil 
, University of Michigar 


paper presented before the Thirty-Ninth Annual Convention of the Society, 
| in Chicago, November 4-8, 1957. Of the authors, W. R. Upthegrove is 
istant professor of Metallurgical Engineering, University of Oklahoma, Nor 
n, Oklahoma; M. J. Sinnott is Professor of Metallurgical Engineering, Uni 
ity of Michigan, Ann Arbor, Michigan. Manuscript received April 5, 1957 
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The angle of rotation between the two crystals is the grain bow 
angle, 6, commonly termed the misfit angle. The growth of th 
crystals was carried out in an alundum boat, surrounded by a g1 
susceptor, with energy supplied by a movable induction coil. Thi 
sembly was heated within a Vycor tube in a dynamic atmosphy 
purified argon. The bicrystals, of dimension 4 & 1% & % inch, p; 
duced by this technique showed a strong lineage subgrain struct 
within each crystal of the bicrystal. These subgrains, on optical 
x-ray examination, exhibited mutual rotational misfit about cor 


Grain Boundary 


[100] | 


100] 


Crystal 2 


Fig. 1—The Effect of a 45 Degree Bend on a 
Simple Tilt Boundary. 


{ 


<100> directions with the angle of rotation varying from 0 to 4 
grees. Variations in growth rates during solidification did not result i 
any appreciable change in type or quantity of substructure obt 
and lineage structures were present in all the bicrystals that were us¢ 

The boundary between the two crystals making up the bicrystal w 
normally straight in the growth direction but was seldom straight in t 
transverse direction. Neither this curvature nor the substructures wer 
modified by prediffusion anneals which were given all boundaries pri 
to their use. 

sy careful selection of the boundary area it was possible to uti 
the curved boundaries for angular values of both @ and (90-6). Fig 
shows that if a boundary is sufficiently curved so that a segment of 1t 
surface is inclined 45 degrees to the position at which it is a symmet! 
tilt boundary of @, then this inclined segment is a symmetrical tilt bou 
ary of (90-6). By sectioning the diffused specimen along two p! 
which intersect the boundary at the proper positions along its cu" 
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it is possible to measure grain boundary penetration at angles of both 
4 and (90-6) on one bicrystal specimen. By the use of this technique 

was possible to measure grain boundary diffusion at 19 values of 6 

er the range from 4 to 80 degrees using only 10 bicrystal ingots. 

[he crystallographic misorientation of the bicrystals was determined 

x-ray back reflection methods. By aligning the x-ray beam so as to 
impinge on both crystals at the boundary, the patterns of both grains 
were obtained on one film. The measurements made on these films 
showed that the common cube axes along the growth direction were 
parallel within 4 degrees except for a few cases where as much as an 
§ degree difference was observed. The data obtained on these latter 
samples showed no consistent deviation from those of the more perfectly 
aligned bicrystals. 

Diffusion specimens were prepared by sectioning the bicrystal ingots 
perpendicular to the common <100> axes, etching the cut surfaces to 
remove the disturbed metal, then subjecting the specimens to a pre- 
diffusion anneal for 50-75 hours at 1050 °C (1920°F) to eliminate 
residual stresses and to stabilize the boundary structures. Following 
this treatment the specimens were metallographically polished and sub- 
sequently chemically polished to produce a flat strain-free surface. A 
circular area of high activity nickel-63, 3¢ inch in diameter, was then 
plated over the bicrystal boundary. A thickness of approximately one 
nicron of active nickel was deposited from an ammoniacal sulphate 
solution. It was found that some blistering occurred on the rapid heating 
of these plated specimens to the diffusion temperatures but by degassing 
these samples under a dynamic vacuum of 1 micron for 2 hours at 
230°C (445 °F), immediately after plating, the blistering was elimi- 
nated. 

The plated diffusion samples were sealed in Vycor capsules under 
an atmosphere of dried argon with a getter of either tungsten or tan 
talum. Diffusion anneals were carried out in a tubular muffle furnace 
maintained at the diffusion temperatures within +2°C. Upon com 
pletion of the diffusion anneal the samples were quenched to room 
temperature by breaking the capsules under water. 

\ll penetration measurements were made using the autoradiographic 
permeable base stripping film technique. These techniques have been 
standardized and are discussed at length in the literature (5,9). In this 
process the film is placed in contact with a one micron layer of protective 
plastic which covers the metal specimen surface, exposed, and processed 
intact with the metallographic surface so that subsequent examination 
f the microstructure may be made through the activated emulsion 
which is in perfect registry with the microstructure. Depths of bound 
ry and lattice penetration were measured to a point where the silver 
emulsion grain density became visible above background. By main- 


taining the variables of exposure time and film processing at predeter 





1034 TRANSACTIONS OF THE ASM 


mined values, the penetration measurements were made to a const 
concentration. The value of this concentration was determined 
small melts of nickel containing known concentrations of nickel-63 

ing from 0.01 to 0.001%. It was found that a concentration of 0.0) 
radioactive nickel produced a photographic density that was disti: 
guishable above background. This concentration was used as the visi 
end point for boundary diffusion. 

Measurements of the depth of penetration were made on a Bauscl 
Lomb Research Metallograph using a calibrated eye-piece grid. T! 
permitted measurements to be made to within 3 microns which was 
degree of uncertainty of the end point of diffusion penetration. 1 
sections were cut from both the 6 and the (90-6) segments of each | 
crystal boundary and duplicate autoradiographs were made on « 
section. Fig. 2 through 6 are typical autoradiographs of grain bound 
and subboundary diffusion. 


EXPERIMENTAL RESULTS 
The experimental results of this work are presented in Table | 
are graphically shown in Figs. 7 through 10. In some cases the 
boundary did not intersect the diffusion interface perpendicularly 
these boundaries have been annotated in Table I and on the Fig: 
was also noted, particularly in the 700 and 850°C (1290-1560 °! 
diffusion specimens, that some of the subboundaries of the nickel cr 


tals were penetrated by the radioactive nickel. The depth of penetrat 

along these subboundaries was usually considerably less than the dept! 
along the regular grain boundaries, as shown in Figs. 5 and 6, but i1 
some cases, when 6 or (90-6) were small angles, these depths wet 


comparable. Measurements made on specimens in which subbour 
. penetration was observed have likewise been indicated in Table I and 
Figs. 7-10. 
ANALYSIS AND Discussion OF DATA 
Using Fick’s laws of diffusion and assuming that the concentratior 
of the diffusing material at the interface remains constant at a valu 
C,, the following solution is obtained for the case of lattice diffusi 
C/C, = erfc yz/2(Dit)°* Equatiot 
C= Concentration of diffusion material 
at point yr. 
Yu Depth of lattice diffusion 
t= Diffusion time 
D= Lattice diffusion constant 
The assumption of constant C, is justifiable in view of the small am 
of diffusion that has occurred. Under the conditions of this investigat 
C/C, had a constant value of 5 & 10~°. It has been shown previous! 
that a large experimental error in this value would have only a re! 
tively small effect on the calculated diffusion coefficients (5). 





*quasaid UOTIeIIAI Arepunoqgqns 
OL bil fol Lol 88 
76 96 . 9L oll 8 
78 oll 901 Lol L9 
Lil oll oot fl 


$6 oll oot Z eZ 
ol Lol 76 2671 


sol 
097 


6 WSTP_ JO 


}U9D J9d COO'O JO UOIPBIZUSIUOS & 0} 99LJIIZUE [BUIZIIO BY} WOdy A[PEdYdesZOIpesojNE posinsesy 
S]BISAIOIG JOYOIN JO 991978"] PUB SALJBPUNOY Ulest) 94} UI 
JONDIN SAIQIVOIPeY JO UOTPBIJOUD JO YIdIq 
17148] 


UV« 
SL 
Yo 

ool 


“sy 





TRANSACTIONS OF THE ASM 


4 


Diffusion of Radioactive Nickel into a Nickel Grain Boundar 
15.8 hours at 850 °C (1560 °F), x 500 


Diffusion of Radioactive Nickel into a Nickel Grain Boundary 
15.8 hours at 850 °C (1560 °F), x 501 

Diffusion of Radioactive Nickel into a Nickel Grain Bout 
7.8 hours at 1050 °C (1920 °F), x 500. 
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rain Boundary. @ 58° 
S00 
1 Sub-Boundary. 15.8 hours at 

















[The Penetration of Radioactive Nickel long Nickel Bicrystal Grair 
Boundaries at 700 °C (1290 °F) as a Function of the Misfit Angle 


Lattice diffusion coefficients were computed from the data of Table I 
nd have been plotted versus reciprocal temperature in Fig. 11. The 


linear regression of these data estimated by least squares give the ex 


ression: 


Dr = 0.48 exp (—65,900/RT) cm?/sec 


[he results of other investigations recently reported are also plotted 
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The Penetration of Radioactive Nickel Along Nickel Bicrystal 
Boundaries at 850 °C (1560 °F) as a Function of the Misfit Ang! 
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Fig. 9—The Penetration of Radioactive Nickel Along Nickel 
Boundaries at 1050 °C (1920 °F) as a Function of the Misfit Ang 

in Fig. 11 and compared with present results in Table II. The agre: 
ment of these four investigations is very good, particularly when it 
recognized that three different methods of measurement were utiliz: 
to determine these values in these investigations. 

3ecause of the limited number of data points available for lattice dif 
fusion from this research, as well as the relatively small diffusion dis 
tances measured, the equation given by Hoffman, et al. was used in th 
subsequent analysis of grain boundary diffusion (12). Their equati 
is based on 16 datum points determined by two different methods o! 
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Table Il 
Comparison of Lattice Self-Diffusion Coefficients 
and Activation Energies Reported in Various Investigations 
D Activation Energy 
(k cal/g mole) 
65.9 


Diffusion Coefficient at 1000 °¢ 


nvestigators Ref cn eX 
nvestigation 2.35 x 10 
s and 
luchowski 11 1.5 x 10-2 
, Pikus and Ward 12 4.41 x10 


Averback, 
yhen 13 4.46x10°" 63.8 


61-65 
66.8 














-The Penetration of Radioactive Nickel Along Nickel Bicrystal Grain 


Fig. 10 
(2010 °F) as a Functior f the Misfit Angle 


Joundaries at 1100 ( 


measurement and for this reason it is believed that their result is prob 


ably more accurate. 
Both Fisher and Whipple have presented solutions for the concentra 
tion curve resulting from combined grain boundary and volume dif 


fusion (7,9). If these solutions are restricted to the boundary slab, the 


Fisher equation may be given as: 
C/C. = exp — [(4D1/at)°*ys/ (5D) Equation 2 


while that of Whipple may be approximated as 
C/C. = 1.159 p°* n°" exp (—0.476 Bn + 0.398 B29 4 |) 
Equation 3 

C = Concentration of diffusion material at point ys 
C. = Depth of original interface 
ys Depth of boundary penetratior 
Ds = Boundary diffusion coefficient 
Di = Lattice diffusion coefficient 

t = Diffusion time 

= Boundary width 

B= (A—1) 6/2(D:t)° 

A = Ds/Dt 

n = ys/(D:t)°® , 
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Reynolds, Averbach, and Cohen 


This Investigation | 


Hoffman, Pikus, 
ond Ward 











8.0 
1047 °K 


Fig. 11—The Lattice Self-Diffusion Coefficient, Dt, 
as a Function of the Reciprocal Temperature 


The relationship between these two solutions has been discussed 
Turnbull and Hoffman and Yukawa and Sinnott and it has been show: 
that under the restricted conditions for which either solution is valid 
they are essentially equivalent (1,5). It appears that both Fisher's 
Whipple’s solution represent limiting conditions which are approached 
as the boundary misfit, boundary diffusivity, and the ratio D,/D 
approach very large values. They are only approximately correct 
diffusion along low angle boundaries and for diffusion at high ter 
peratures. 


Fisher's equation can be simplified for calculation purposes by putting 
it in the logarithmic form: 


In C/C, = —(4D1/nt)°* ys/p** Equatior 


where the parameter p has been substituted for Dg8. Using the know: 
values of C/C, and Dy, taken from the curves of Figs. 7 to 10 it 
possible to calculate p. By assuming 8 to be 5 A a value of Dy may a 
he computed. These caculations are summarized in Table III. 

A comparison of Dg computed from Fisher’s equation and fr 
Whipple’s equation is shown in Table IV. These data show that 
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Table Ill : 
Summary of Calculations of Grain Boundary Self-Diffusion 
Coefficients of Nickel According to Fisher's Solution 


Misfit Angle Penetration p=Dsé Boundary Diffusion 
degrees) (10-4 cm.) cm/sec) Coefficient (cm?/sec) 


0.828x10-' 1.65x10-° 1.31x10- 
99 9.98 7.95 
0 68.0 54.1 
8 159 127 
185 
191 
183 
120 
45.5 
7.38 


x 10°17 2.16 x 107% 1.73x105 
688x10-!¢ 1.37x10-9 1.08x10¢ 
03 6.06 4.80 
31.6 25.0 
81.6 64.5 
127 100 
129 102 
124 98.0 
75.4 59.5 
26.6 21.0 
4.96 3.92 


* 


wn ee oO 


42x10-* 92x105 
6.78 5.80 
24.4 20.9 
50.8 43.5 
68.8 58.8 
71.0 60.7 
68.8 58.8 
47.0 40.2 
19.8 16.9 
6.78 5.80 


x 
3 
2 
4 
4 
4 
5 


nN 


47x10? 

6.06 
15.0 
26.8 
30.6 
31.2 
30.6 
25.8 
13.8 

6.06 


2.95 x 10 
2.81 x 104 


Table IV 
Comparison of Grain Boundary Self-Diffusion 
Coefficients of Nickel Calculated by Whipple's 
Equation and by Fisher's Equation 
Ratio of D® (Whipple) to Ds (Fisher 
indicated angle 
30 45 
2.23 2.24 
> 24 2 24 
2.10 
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Fig. 12 -The Influence of the Misfit Angle or 
the Ratio of the Grain Boundary Diffusion Coef 
ficient to the Lattice Diffusion Coefficient, Dp/Du 


values differ by an approximately constant factor of 2.2. This differenc: 
would seem to be negligible in view of the uncertainty in the value ot 
§, the grain boundary width, and the doubtful validity of either of thes: 
solutions for many of the data of this investigation. 

The ratios of Dp/Dy, for a 8 of 5A are plotted as a function of th 
misfit angle in Fig. 12 which shows clearly the increasing importance of 
grain boundary diffusion with decreasing temperature. The anomalou 
behavior of the 1100 °C (2010 °F) curve at the very low or very hig! 
angles has been observed previously and is apparently due to the lac! 
of validity of Fisher’s equations for these conditions (5). In genet 
the shape of the curves suggests that Dg is greater than Dy, for all angles 
of #. This concept is not inconsistent with the failure to detect preferen 
tial boundary penetration at low misfit angles in this investigation sinc: 
Dp/D, can be large and still result in preferential penetration of les 
than three microns, the resolution limit of this study. 

Turnbull and Hoffman have proposed a grain boundary diffusion 
model consisting of dislocation pipes with a single characteristic diffu 
sion coefficient Dp (1). Dp is postulated to be much greater than D, 
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Fig. 13—The Grain Boundary Self ffusion Param 
eter, p, for Various Misfit Ang] Function of Recip- 
rocal Temperat 


with the regions between dislocation pipes within the boundary slab 
having a diffusion coefficient less than Dp but still greater than D,. 
\ssuming the effective diameter of a dislocation pipe to be p and ex- 
pressing their spacing from one another, d, as a function of 6: 


d=/2 sin (6/2) Equation 5 


where A is the lattice spacing. These authors have suggested that a 
variable effective grain boundary width 6 (@) could be expressed as: 


5(0) = p*/d Equation 6 
which when combined with equation (5) results in 
5(0) =2 sin (0/2)/p Equation 7 


The diffusion coefficient within this effective width is Dp so that the 
parameter p becomes : 


p = Dpd(0) =2Dp sin (0/2) /p* Equation 8 
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Table V 
Self-Diffusion Coefficients of Nickel Along 
Grain Boundary Dislocation Pipes According to 
Turnbull and Hoffman's Theory 
Dp Value for the Indicated Diffusion 
Misfit Angle Temperature (cm?/sec) 
degrees) 700 °C 850 °C 1050 °¢ 
10 §.72 x 10°° 3.48 x 1078 3.89 x 10" 
20 19.6 9.11 
30 30.8 15.8 
40 33.9 18.5 
45 31.4 16.9 


and as such can be substituted for D,é in either Fisher’s or Whip, 
solution. The Dp values resulting from such a substitution in the Fis! 
equation are presented in Table V for various angles of misfit. The 
calculations indicate that the data of this investigation do not support 
the proposed theory that the coefficient for self-diffusion along 
grain boundary dislocation pipes is independent of the boundary a1 
of misfit. 

The temperature dependence of nickel grain boundary self-diffu 
can be correlated by an Arrhenius-type equation. Fig. 13 shows tly 
logarithms of the parameter p from Table III plotted against the 
ciprocal absolute temperature. This correlation is very good for 
grain boundaries of large misfit (30°<@<60°), but at lower mi 
angles the data show deviations from a straight line plot, particular 
at higher temperatures. Similar deviations have been noted for 1 
nickel-copper system under these conditions (5). These departur 
appear to be due to the inadequacy of the mathematical solution 
these conditions. 

The activation energy for boundary self-diffusion was determin 
from the slopes of Fig. 13 and has been plotted as a function of tl 
misfit angle @ in Fig. 14. It can be seen from the curve that the activ 
tion energy is effectively constant at a value of 26.0 + 1.5 kcal/g m 
for angular misfit of 20°<@<70°. This value is about twice that r 
ported by Burgess and Smoluchowski (11). Their value was indirect! 
estimated from surface activity measurements with no direct verifi 
tion of grain boundary diffusion and it appears to be of doubtful a« 
curacy. 

Because of the questionable validity of the mathematical analysi 
for low angle boundary misfit the shape of Fig. 14 is not conclusive 
The marked dependence of grain boundary activation energy is in cot 
flict with the grain boundary diffusion theory of Turnbull and Hoi 
man which suggests that boundary diffusion activation energy shoul 
be independent of misfit (1). On the other hand the data of the coppe: 
nickel system also show a similar dependent relationship between acti 
vation energy and boundary misfit that is reported in this investigatior 
(5). The striking similarity between Fig. 14 and the inverted plot o! 


+} 





DIFFUSION 

















e 


Fig. 14—The Activation Energy for Grain Boundary Self-Diffusion as a Function 
of the Misfit Angle 


the conventional curve relating grain boundary energy to misfit angle 
suggests that the activation energy for the diffusion process may be 
rather closely related to the interfacial energy of the boundary. Such 


in interrelationship may be expected since both energies are dependent 
upon the atomic binding forces within the boundary region, Additional 
experimental data and an improved mathematical analysis in the region 


f 0<0<20 ° is needed to clarify this possible relationship. 


CoNCLUSIONS 
[he lattice self-diffusion coefficient of nickel in the temperature 
range 850-1100 °C (1560-2010 °F) has been determined and is ex 
pressible by the relationship: 


Di = 0.48 exp(—65,800/RT ) 


(he depth of penetration of radioactive nickel along the grain bound 
iries of nickel is dependent on the boundary orientation with the maxi 
mum penetration occurring at the maximum misfit angle. 

he available mathematical solutions for the analysis of grain bound- 
ary diffusion represent the limiting conditions which are approached 
for boundaries of large crystallographic misfit at low diffusion temper- 
atures. At higher temperatures and with decreasing boundary misfit 
these solutions are subject to an increasing degree of uncertainty. 

The ratio of the grain boundary diffusion coefficient to the lattice 
diffusion coefficient, Dp/D tz, varies from 10* to 10% for boundary angles 
from 5° to 80° over the temperature range 700-1100°C (1290 
2010 °F ). This ratio has been shown to increase with increasing angular 
misfit and with decreasing diffusion temperature. 

The activation energy for grain boundary diffusion is independent 

f the misfit angle for 20 °<@<70 ° with a value of 26.0 + 1.5 k cal/g 
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mole. Beyond these limits the activation energy appears to app 
the value of 65.9 K cal/g mole, the lattice diffusion activation ener; 

The grain boundary diffusion of nickel cannot be correlated in t 
of a self-diffusion coefficient for dislocation pipes that is indepe 
of the angle of misfit. 
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THE EFFECT OF OXIDE RECRYSTALLIZATION ON 
THE OXIDATION KINETICS OF A 62:38 
COPPER-NICKEL ALLOY 


J. A. SARTELL, S. BENbEL, T. L. Jounston Anp C, H. L1 


Abstract 


A study has been made of the oxidation behavior of a con- 
stantan-type 62:38 copper-nickel alloy at temperatures in 
the range of 620-927 °C (1150-1700° F) by using comple- 
mentary gravimetric, marker movement, and metallographic 
techniques. During isothermal oxidation, two oxide layers 
are formed ; an outer CuO layer whose growth is described 
by a single parabolic law and an inner layer, consisting of a 
mixture of CugO and NiO, whose growth is described by 
two consecutive parabolic laws. The growth of the CuO 
layer requires the outward movement of cupric ions, while 
the oxide front of the inner layer moves forward by the nu- 
cleation and growth of NiO by an internal oxidation mech- 
anism involving a rapid inward diffusion of oxygen from the 
CuO :Cu,O interface to the Ni-Cu solid solution. The change 
in the parabolic rate constant associated with the growth of 
the inner NiO-Cu,O layer is caused by recrystallization of 
the outer CuO layer. (ASM International Classification 
Rih; Cu, Ni) 


INTRODUCTION 


ROM A thermodynamic viewpoint, it is usually assumed that the 

system copper nickel is ideal for oxidation studies (1). The two 
metals are mutually soluble throughout the entire range of composi- 
tion; one is more active with respect to oxygen than the other and 
furthermore the respective oxides are insoluble in each other. The 
oxidation behavior of copper-rich Cu-Ni and nickel-rich Ni-Cu alloys 
has received adequate attention, and it has been found that Wagner’s 
theory of oxidation of alloys is applicable (2). However, the authors 
are aware of only one paper, that of Pilling and Bedworth published in 
1925 (3), which describes the oxidation behavior of alloys of inter- 
mediate composition. Since that time experimental techniques and 
theories have developed to such an extent that it seems reasonable to 


he figures appearing in parentheses pertain to the references appended to this paper 


\ paper presented before the Thirty-Ninth Annual Convention of the Society, 
held in Chicago, November 4-8, 1957. The authors, J. A. Sartell, S. Bendel, T. L. 
johnston, and C. H. Li, are associated with the Minneapolis-Honeywell Regulator 
Company Research Center, Hopkins, Minnesota. Manuscript received April 15, 
1957. 
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expect that additional knowledge may be gained by re-investigati: 
these intermediate-composition alloys. 

The occurrence of multiple oxides in this system complicates 
analysis of oxidation behavior. One of the major difficulties is th: 
termination of the rate-determining factors. Many theoretical analys 
rely on the assumption that the cation movement is the sole rat 
determining factor (4) but application of marker techniques has ind 
cated that this assumption is not valid in general (5,6). In view of t 
our kinetic studies have been complemented by marker and meta 
lographic observations. For preliminary work, a constantan (62-3 
Cu-N1i) alloy was chosen. For this particular alloy, it has been sh 
that strain induced recrystallization of an oxide layer plays an imy 
tant role in oxidation behavior. The fact that the influence of chang 
in structure of an oxide is usually neglected has stimulated publicati 
of this work before a survey of the oxidation characteristics of all th: 
intermediate alloys has been completed. 

EXPERIMENTAL PROCEDURE 

30-gram ingots of a nominal 62 :38 copper-nickel alloy were prepared 
by vacuum melting high purity copper (99.999% ) and high purit 
nickel (99.999% ) at pressures less than 10~* millimeters of mercury 
These ingots were then dripcast in vacuum and homogenized at 900 °( 
(1650 °F) ina purified helium atmosphere for five days. Metallograp! 
examination showed that these ingots were homogeneous. They wer 
then rolled down with intermediate anneals to the thickness appropriat: 
to the kinetic studies, marker observations, and chemical analyses 1 
spectively. The latter showed that for % gram samples taken from eac! 
end and the center of a strip obtained from a given ingot, the com 
tion was uniform to within 0.5%. 

Specimens were finally held at 900°C (1650°F) for 30 minut: 
to stabilize the grain size and chemically cleaned with 2 parts HNO 
1 part acetic acid, and 1 part water. 

For the kinetic studies, a thermal balance (sensitivity 0.2 milligrams 
similar to that of Horn (7) was used. The oxidation furnace was co! 
structed in such a way that the specimen could be lifted from a | 
temperature region to the hot zone so that the time for heating the 
specimen up to the testing temperature was reduced in order to mit 
mize nonisothermal oxidation. 

Purified dry oxygen was passed continuously through the furnac 
at a constant rate (0.15 liters per minute) at atmospheric pressurt 
temperatures which were controlled to within 2°C. For specime 
with dimensions of 3 & 1.5 & 0.05 centimeters the reproducibility 
kinetic curves (weight-gain versus time at constant temperature ) 
quite satisfactory (see Fig. 1). 

For the marker observations, gold-plated piatinum wires of 0.002 
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centimeters in diameter were employed. These wires were pressure 
welded on opposite surfaces of 0.6 « 0.6 X 0.17 centimeter specimens 
at 650 °C (1200 °F ) and sintered at 900 °C (1650 °F) for 30 minutes. 
The oxidation conditions were similar to those used for kinetic studies, 
in order that a correlation between marker movement and weight-gain 
could be made. Taking a polished section through the sample normal 
to the marker axes, the distance between the markers was measured 


*. 
x 


™ 


> ONT, 
™ 








Fig. 1—Reproducibility of the Gravimetric Method 
Illustrated by Duplicate Oxidation Runs on the 


62 Cu— 38 Ni Alloy at 732°C (1350 °F) 
both before and after oxidation with an accuracy of +0.00025 centi- 
meters. The thickness of the oxide layers was also measured. Sachs (8) 
studied the influence of the size of the marker and found that if it was 
greater than a certain size, it would affect the micro-structure of the 
surrounding oxide. Experiments performed in our laboratory on the 
effect of the marker size showed that markers with 0.005 centimeters 
diameter or less had no effect other than reducing the local thickness 
of oxide. 

To identify the oxidation products, the powder method and Geiger 
counter diffractometer method of x-ray diffraction were employed. 
Chemical analysis was frequently used for further checking. 


EXPERIMENTAL RESULTS AND DISCUSSION 


The oxidation kinetic curves plotted as the square of the weight-gain 
per unit area versus time at constant temperature are shown in Fig. 2. 
[t will be noted that instead of a single parabolic time law, two con- 
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Fig. 3—A Comparison of Oxidation Rates of 62 Cu — 38 Ni Alloys Produced Un 
Different Conditions. The argon and vacuum melted alloys were made from materials 
of 99.999% purity and the Battelle alloy was made from commercially pure metals 
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secutive parabolic laws were obeyed during oxidation : the rate constant 
during the second stage was greater than that for the initial period 
These results are different from those of Pilling and Bedworth (3), 
who reported that oxidation followed a single cubic law. This dis 
crepancy is probably due to differences in purity of the material used. 
According to Wagner (9), NiO and CuO are metal-deficit oxides ; 
small amounts of higher valency cations from the impurity atoms of 
the alloy itself would greatly increase the oxidation rate. In view of 
this, Argon-melted high purity and air-melted commercial purity Cu-Ni 
alloys were studied also, their respective oxidation behaviors were not 
the same as that of vacuum melted material (Fig. 3). 

Examination of the micro-structure showed that the oxide was com- 
posed of two distinct layers: the outside layer was identified by x-ray 
diffraction as monoclinic CuO. It was fine-grained and frequently had 
a columnar structure. The substrate was identified as a mixture of 
cubic CugO and cubic NiO. From lattice parameter analysis, there was 
no evidence of solid solubility between these oxides. The structure of 
this substrate consisted of a Cu2O matrix in which NiO particles were 
dispersed in narrow bands lying parallel to the alloy surface (Fig. 4). 
In the alloy-substrate interface there were small isolated oxide particles 
which, after stripping off the oxide layers, were identified as NiO in 
a matrix of essentially pure copper by x-ray diffraction. The presence 
of CuO at these temperatures of investigation is not in agreement with 
Hickman and Gulbransen (10) nor with the theoretical considerations 
proposed by Wagner (1). However, Hickman and Gulbransen’s ex- 
periments were performed with oxygen at a much lower pressure of 
1 millimeter. Since the CuO is formed by the oxidation of CusO, then 
the oxygen pressure must play an important role. 


The Significance of Marker Studies 

At all temperatures of investigation (760-927 °C), the platinum 
marker was always found at the interface between the two oxide layers. 
The marker acted as a barrier to the diffusion currents during oxida- 
tion, since the total thickness of the oxide layers in the immediate neigh- 
borhood of the marker was always somewhat smaller (Fig. 5). How- 
ever, this did not complicate our measurements, since one could measure 
the movement of the boundary between the outside layer and substrate 
ind assume that it indicated the movement of an infinitely small marker. 

The fact that the marker was a barrier to the diffusion currents and 
was located between these two different oxide layers indicates that not 
mly do copper ions diffuse outward to the surface but also oxygen ions 
liffuse inward to the metal substrate. A plot of the square of the in- 
crease in thickness of the respective oxide layers (Ax)? versus time 
it various temperatures shows that for each layer the parabolic rela- 
tionship holds true, as shown in Figs. 6 and 7. It is interesting to note 
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Fig. 4--The Alloy-Substrate-CuO Structure. « 750 


that the growth of the outer layer (CuO) obeys a single parabolic tim 
law, whereas the growth of the inner layer (CugO + NiO) follows two 
parabolic time laws: one for the earlier and another for the later period 
of oxidation. The possible reasons for this behavior will be discussed 
below. 

The activation energies associated with each parabolic time relation 
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Fig. 7—The Growth Rate of the CuO Layer as Determin 
from Marker Measurements 


ship (based on marker observations ) were found to be constant (Fig 
8S and 9). For the growth of CuO, the activation energy was 43,000 
cal/mole. The value associated with the growth of the CugO-NiO layer 
during the early part of oxidation was 44,000 cal/mole, whereas in the 
later part of oxidation, it changed to 21,000 cal/mole. The oxidation 
behavior can be summed up in Table I based upon the following equa 
tions: 


Figs 
? 


(ax)? = Et 


where K’,, the parabolic rate constant, is related to temperature by the 
Arrhenius equation 


, RT 
K’,= Ae * 
Table I 
K’pr cm?/h 
Temperature NiO-CuzO, NiO-CusO 
( F Ist stage 2nd stage CuO 
760 1400 9.7 x 10 
816 1500 7.3 x 10- 22 10 
71 1600 1.6 X 1 6 0 


927 17 5.6 X 10+ 6.1X1 
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Fig. 10—-The CuO Layer Shortly After the Onset of Recrystalliza- 
tion. Note the equi-axed grains at the base of the CuO. Specime 
oxidized 72 hours at 760 °C (1400 °F). x 101 





Fig. 11—The CuO Layer After Recrystallization. (Note twinning 
bands.) Specimen oxidized 48 hours at 871 °C (1600 °F) 2 

\t the stage of oxidation shown in Fig. 11, the growth rate of 

CusO + NiO had already increased. It is clear that since no change 

of phase was involved, recrystallization must have taken place as a re 
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sult of internal strain. This suggests that a state of stress existed at the 
CuzgO :CuO interface as soon as CuO was formed, possibly as a result 
of epitaxial growth. This does not seem to be unreasonable since the 
specific volume of CugO is 23.3 and that of CuO, 12.2; and the oxides 
were observed to be very adherent to each other, no apparent micro- 
cracks were observed. Although the stress must have been equal and 
opposite across the interface, the gradient of stress in the respective 
oxide layers was not necessarily symmetrical. The recrystallization of 
CuO was shown to nucleate at the CuO :Cu.O interface (Fig. 10) 
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\ssuming that the oxide layers grow by the diffusion of oxygen 
and copper ions across the above interface (involving the movement 
of anion and cation vacancies ), then the existence of stress at the inter 
face may possibly modify the rate of oxidation in the following way : 
Williams (11) has pointed out that provided there are appropriate 
sources and sinks in a material, a stress gradient will cause a net flux 
of vacancies in the direction of the gradient. If this is so in the present 
case, the total flux of vacancies in each oxide will be the algebraic sum 
of that associated with the activity gradients of the diffusing ions and 
that associated with the stress gradients. It is reasonable to assume that 
the CuO layer is in tension at the interface so that the stress gradient 
is toward the interface while the CusO is in compression so that the 
stress gradient in this oxide is away from the interface. 

The increase in thickness of CuO probably depends upon the rate at 
which cupric ions reach the oxide/oxygen surface, and this requires 











1058 TRANSACTIONS OF THE ASM Vol. § 


the diffusion of cation vacancies towards the interface. The vacanc 
movements associated with chemical and stress gradients respectivel) 
are additive. The transport of ions in this “transition conductor” type 
of oxide is very small because of the existence of equivalent concentra 
tions of positive holes and negative interstitial electrons. The limited 
electronic conductivity that characterizes this type of oxide suggests 
that the transport of charge is a major factor in controlling the increass 
in thickness of the CuO layer and therefore it is not to be expected that 
the interaction of a stress gradient and the flux of cation vacancies will 
have an appreciable effect. This is consistent with the fact that n 
change in the rate of isothermal growth of the CuO layer was detected 
after its recrystallization. 

Let us next consider the NiO :CueO layer. CusO is a cation-deficient 
semiconductor whose growth rate is controlled by ionic rather than 
electron transport. It will be emphasized later that the oxide front 
advances by the mechanism ot internal oxidation in which oxygen dif 
fuses rapidly into the alloy to form nuclei of NiO and that this process 
is controlled by the supply of oxygen to the Ni-Cu solid solution. This 
requires that a flux of anion vacancies in the CusO is directed towards 
the Cu2gO:CuO interface which is in opposition to the effect of the 
stress gradient in CugO which would drive vacancies away from the 
interface. In the present case this has a twofold effect, firstly the con 
centration of anion vacancies is reduced in the neighborhood of the 
interface and secondly, the energy required for an oxygen ion to squeez« 
into an anion vacancy will be higher. Each effect will reduce the rate 
at which oxygen can diffuse through Cu2O away from the interface 
It is suggested, therefore, that the higher rate constant in the parabolic 
relationship which describes the later period of oxidation is associated 
with the relaxation of stress in Cu2O caused by the recrystallization of 
CuO. To demonstrate directly that such recrystallization is associated 
with the increase in growth rate, a specimen was oxidized at 815 °C 
(1500 °F) for 4 hours (at 815 °C (1500 °F), the increase in oxidation 
rate normally occurs after approximately 13-14 hours) and annealed 
at 925 °C (1695 °F) in helium in order to recrystallize the CuO with 
out further oxidation. Metallographic examination of dummy specimens 
indicated that 16 hours at 925 °C (1695 °F) was sufficient for full re 
crystallization. Immediately after resumption of oxidation at 815 °C 
(1500 °F), the higher rate constant characteristic of this temperature 
was manifest, see Fig. 12. 

It is a familiar fact that recrystallization is a function of plastic strain, 
temperature, and time, e.g., for a given degree of strain, the time re 
quired for recrystallization is inversely related to the temperature 
Fig. 2 shows that the change in the oxidation rate is a function of time 
and temperature. The fact that the CuO, rather than the Cu.O, layer 
recrystallized suggests that the epitaxial stresses involved in the growth 
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of CuO cause the latter to flow plastically (presumably, since it has a 
lower yield point than CugO). In addition, differences in the elastic 
moduli of the respective oxides will be important; unfortunately, little 
information exists regarding their elastic and plastic properties. 

It is now possible to put forward a tentative phenomenological de- 
scription of the oxidation of the Cu-Ni alloy in question. The position 
maintained by the inert markers proves that the oxide front moves 
forward into the alloy by the rapid diffusion of oxygen through the 
Ni-Cu solid solution to nucleate particles of NiO which has the great- 
est free energy of formation of the three oxides formed (the values for 
NiO, Cuy,O, and CuO, respectively, are: —32,900, —23,300, and 

16,200 cals/mol at 1000 °C). The growth of a given NiO particle 
continues until the activity of nickel in the surrounding matrix is re- 
duced to a value which is of the order of zero. The observation that in 
the advance front NiO particles are surrounded by almost pure copper 
is in agreement with Wagner's estimate (1) that the simultaneous 
existence of NiO and CugO in a Cu:Ni alloy can only occur at a nickel 
concentration of 0.7% or lower. This means that the diffusion rate of 
oxygen must be higher than that of nickel in the solid solution. 

\fter the copper-rich matrix has oxidized to CuzgO by the local re- 
action of Cu* ions at the oxygen-rich surface, CuO is formed by fur- 
ther oxidation of CusO and evidently grows by the diffusion of Cut 
ions to the free oxygen surface. The growth rate constant of the CuO 
remains essentially constant during isothermal oxidation and is unaf 
fected by its recrystallization. The small value of the parabolic rate 
constant is a reflection of the low mobility of ions in a “transition con- 
ductor” type of oxide. 

The continued advance of the NiO front is controlled by the rate 
of arrival of oxygen to the unchanged alloy, the former having to dif- 
fuse from the CusO:CuO interface through CusO, Cu, and Cu-Ni 
solid solution respectively. Inasmuch as there is evidence that internal 
oxidation depends for its existence upon the ability of oxygen to dif- 
fuse through an alloy much more rapidly than the chemical diffusion 
rates of the respective metal atoms, the rate at which the anions diffuse 
through CuyO is that which is believed to control the rate at which 
new particles of NiO are nucleated. The low rate at which oxygen ions 
can diffuse through the outer CuO layer does not control the advance of 
the oxide front since the activity of oxygen in CuO at the CusO :CuO 
interface is always high enough to satisfy the needs of internal oxida- 
tion. The growth of the CuO and NiO-CuzO layers is regarded as two 
independent processes; at present no significance can be attached to 
the close similarity between the activation energies of the growth of 
CuO and the initial stage of the growth of the CugO-NiO layer. 

So far as the formation of CuO is concerned, it should be pointed out 
that its thickness is considerably greater than that on pure copper (12). 
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This is to be expected, since the constant K, in the parabolic time la 
depends on the differences in the electro-chemical potentials at tl 
interfaces. The potentials at the (NiO-CuzO) :CuO interface are cer 
tainly different from those at the CuzO :CuO interface on pure copper 
Unfortunately, there are no thermodynamic data available to calculat: 
the specific differences. 
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DISCUSSION 


Written Discussion: By James T. Waber, Los Alamos Scientific Laboratory 
Los Alamos, New Mexico. 

This paper is extremely interesting since it represents one of the first pape! 
dealing with marker studies made during the oxidation of alloys and certainly 
is one of the few which discusses the possible role of recrystallization in oxide 


layers 
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The enhancement in the growth of the cuprite (CuO) layers is attributed to the 
reduction in stress in the oxide after recrystallization of the outer cupric oxide 
scale 

[he CuO is assumed by the authors to be in tension with respect to cuprous 
oxide, however, it occupies approximately 1.05 the volume of (CuOo.s). The coi: 
trary assumption would appear more correct 

The effect of stress on the diffusion of lattice defects is such that material flows 
towards a boundary in tension. Alternately the vacancy current moves towards 
1 region under compression. The phrasing of the authors is ambiguous in this 

onnection. This effect of stress would facilitate the transfer of matter across 
the metal-oxide interface into the alloy. Noting that the Pilling-Bedworth ratios 
if CucO is 1.64 and of CuO is 1.72, the stress gradient would increase the vacancy 
urrent moving away from the alloy phase. This is contrary to the direction, the 
cation vacancies migrate in cuprous oxide since these vacancies are created at the 
Cu.O0-CuO interface. Relaxation of the stress at this interface would thus aug 
ment the vacancy flux and thus the oxidation rate 

The evidence supporting this argument, however, is circumstantial. Annealing 
the oxide scales in helium can also lead to a reduction in the concentration gra 
dients across the films 

Presumably stress relief occurs before recrystallization. Is there evidence that 
the break in the kinetics occurs before recrystallization takes place? One can 
augment the interfacial stresses by oxidizing a curved specimen while under an 
axial load. Would the rate of oxidation be the same on the tension side of sample 
as on the compression side? 

The authors mention anion vacancies being formed at the alloy-CuzO interface. 
Is there experimental evidence that any appreciable concentration of anion 
vacancies can exist in this oxide? 

Since the use of markers make these oxidation experiments into Kirkendall 
diffusion experiments, is there a net motion of the markers with respect to the 
original interface? Why are voids formed during the oxidation of the alloy when 
they are not formed during the oxidation of pure copper? 

The fact that the markers were buried under the cupric oxide layers is strong 
evidence that cation migration is dominant in this oxide, which is a fact that 
apparently has not been reported previously. At first sight, one might have ex 
pected it to be buried under the (CuxO + NiO) layer as well, since migration of 
the cations via vacancies has been established for cuprite. This makes the question 
of any net motion of the markers an important one. 

The authors are to be complimented for presenting this provocative paper 
before the total study could be completed. 

Written Discussion: By David J. Mack, Professor of Metallurgical Engineering, 
Department of Mining & Metallurgy, The University of Wisconsin, Madison, 
Wisconsin. 

Any person who has worked with the metallography of oxide scales is well 
aware of the difficulties to be encountered. Hence my question to the authors may 
be pointless. Was any epitaxis observed between either alloy and oxide scale or 
between the two oxide layers? I should think it unlikely that any appreciable 
epitaxial layer should exist at the metal-oxide interface; it is more likely that 
one would be found between the two oxide layers. As the authors point out, the 
stresses due to such a coherent epitaxial layer may play an important part in the 
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recrystallization of the CuO layer. If no such layer exists, the origin of 
stresses responsible for the recrystallization of the CuO must be found elsewher 


Authors’ Reply 

Che authors would like to thank both Professor Mack and Dr. Waber for the 
interest and discussion. 

In answer to Professor Mack’s question, subsequent x-ray diffraction 
both single and polycrystalline specimens, has shown the oxide layers to be pref 
entially oriented. The CuzO is oriented so that its (100) plane is parallel to tl 
(100) plane in the alloy, while for the NiO particles the (111) plane is parall 
to the (111) plane in the alloy. On the polycrystalline specimens the CuO lay: 
is oriented with the (111) plane parallel to the oxide-oxide interface. Additior 
work is being done to determine the exact nature of these orientation relationshiy 

It is true, as Dr. Waber points out, that the stress pattern postulated by the 
authors is in opposition to that predicted by the Pilling-Bedworth ratio. It must 
be kept in mind, however, that no macroscopic quantity can successfully predi 
the stress configuration at the oxide-oxide interface. A determination of thi 
configuration can only come from a knowledge of lattice-matching requirement 
across the interface, both as to planes and directions of matching 

\nnealing the oxide scales could indeed lead to a reduction in the concentrati 
gradients across the films, but these reduced gradients would result in a reduce 
reaction rate constant. An increased rate constant was observed subsequent t 
annealing, therefore any reduction in the concentration gradients must have bec 
negligibly small 

We found no evidence that the break in reaction kinetics occurs before 
crystallization. 

The movement of anions through the cuprous oxide as shown by the marker 
position, is taken as indirect evidence for the existence of anion vacancies in thi 
oxide, since the movement of oxygen ions through interstitial positions is ex 
tremely unlikely 

There was a net motion of markers with respect to the original interface, but 
the occurrence of considerable numbers of voids prevents the quantitative treat 
ment of such movements. The voids are thought to be caused, at least in part, | 
the Kirkendall effect 





TEMPERATURE STRESSES IN THE TWO-PHASE 
ALLOY, WC-Co 


By J. GuRLAND 


Abstract 

Thermally induced stresses in the WC constituent of 
sintered WC-Co alloys were calculated from elastic theory 
and were measured by x-ray diffraction techniques. The 
compositions of the alloys ranged from 5 to 37% by volume 
cobalt. It was found that compressive stresses act on .the 
dispersed carbide phase of high binder compositions but 
that tensile stress components become predominant in low 
binder alloys. (ASM International Classification Q25p; 
W, Co, 6-19) 


INTRODUCTION 

LLOYS OF TWO phases contain stresses which are caused by 
A the difference of coefficients of thermal expansion and elastic 
properties of the constituents. If, for instance, the microstructure con 
sists of particles of one phase dispersed in a matrix of another phase, 
stresses appear in both the matrix and the dispersions during cooling 
to room temperature from a stress-free state at higher temperature. 
\ method of calculation of such stresses, based on the approximation 
of a compound sphere, was developed by Laszlo (1)', and applied by 
Nielsen and Hibbard (2) to aluminum-silicon alloys. The latter con 
firmed the presence of both tensile and compressive stresses in the 
matrix of the alloy by measuring the width of x-ray diffraction lines. 
In general, the quantitative measurement of the stress magnitudes is 
made difficult by line broadening due to stresses of alternating signs 
and by mutual solid solubilities of the constituent 
The present work is concerned with the stresses induced in the 


S 


tungsten carbide constituent of tungsten carbide-cobalt alloys. After 
sintering the alloys consist of two phases, namely, the carbide WC, 
and the binder, a cobalt-rich solid solution. Compositions were chosen 
to attain microstructures ranging from a fairly loose dispersion of WC 
particles in a matrix of the solid solution to an almost continuous ag- 
gregate of WC with only small amounts of binder phase. This alloy 
system is particularly suited for this type of study because the solubility 


he figures appearing in rentheses pertain to the references appended to this paper 


\ paper presented before the Thirty-Ninth Annual Convention of the Society, 
held in Chicago, November 4-8, 1957. The author, J. Gurland, is Assistant Pro 
fessor, Division of Engineering, Brown University, Providence, Rhode Island 
Manuscript received December 4, 1956 
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of Co in WC is so small at room temperature that it does not measu 
ably alter the lattice constants of WC (3). In addition, the properti 
of the constituents (Table I) are sufficiently different to produce six 
nificant effects. Indications of stresses of high magnitude were fou 
by Ritzau (4) by magnetic measurements on the binder, and by Pfa 
and Rix (5) by the observation of broadening of x-ray diffractioy 
lines of WC. Both effects were attributed to thermally induced stresses 
The magnitude and direction of such stresses will now be discussed i 
detail. 
THEORY 

The following calculations are carried out for the case of a spheric 
inclusion of material I surrounded by an infinite mass of material I] 
The computational method is outlined in the Appendix. The princi 
stresses in inclusion and matrix, due to a temperature change, are 


2E.E2(a:—a:) T 


Goi = 
(l+ve) E, + 2(1—2»,)E 
o« Tr 
Or2 = onip*/s* 
ca=— ornp'/:* 
where: Or1, Ore = radial stress in materials I and II, respectively. 
71, Tce —= Circumferential stress in materials I and II, respectively 


a = coefficient of linear expansion. 

r == distance from center of spherical inclusion 
p =radius of spherical inclusion 

vy = Poisson’s ratio. 

= Temperature range. 


Ie, | Young’s modulus of elasticity of materials I and II, respective 


hese results show that 
(a) The spherical inclusion is under hydrostatic tension or com 
pression. 
(b) The radial and circumferential stresses in the matrix are 
opposite sign. 
(c) The stresses in the matrix fall off according to the cub 
power of the distance from the inclusion. 


In order to apply the above results to the calculation of the stres 
on WC particles, material II is made to take on the properties « 
WC-Co alloys ranging in composition from pure WC to pure cobalt 
The required properties (E, v, a) of a number of intermediate alloys 
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Table I 
Properties of Tungsten Carbide, Cobalt and their Alloys 
Young's Coefficient of Linear 
Composition Poisson's Modulus Thermal Expansion 
Volume percent Ratio 108 psi x 10-* in./in.1°C(20-—800°C 
100% WC 0.22 102 5.4 
5% Co, 95% WC 0.22 94.5 55 
10% Co, 90% W« 0.22 88.3 56 
24% Co, 76% WE 0.22 76.3 68 
31% Co, 69% WC - 70.6 76 
37% Co, 63% WC 66.4 7.8 
100% Co 0.3 30 12.3 
A 
a nr 
oO J 
oO 
re) 
x 
- -100 
© 
= 
Cc 
° 
«=. “200 — 
w 
® 
a 
O 20 40 60 80 100 
Volume Percent Cobalt 
Fig. 1—Calculated Stress on Dispersed WC Par 


ticles in WC-( All 


are known (Table I). Although the sintering temperature is approxi 
mately 1400 °C (2550 °F), it was assumed that the shrinkage stresses 
of the matrix phase became effective at 800°C (1470°F). The arbi- 
trary selection of this temperature was based on the loss of strength of 
sintered carbides near 800 °C (1470 °F). 

The results of the calculations are shown in Fig. 1. The dispersed 
WC particles are under compression ; the compressive stress increases 
with the percentage of cobalt in the alloy 

The above results do not take into consideration that the stress on 
the carbide phase may be less than the calculated maximum because of 
stress relaxation by plastic deformation in the matrix. An attempt to 
determine the order of magnitude of the actual stresses existing in the 
carbide phase of WC-Co compacts will be described in the following 


section. 


EXPERIMENTAL DATA 
The elastic strain in the WC phase was determined by comparing 
the interplanar spacings of WC in the sintered alloy with those in un 
alloyed WC powder. The sum of the principal stresses in the surface 
of sintered compacts is given by the relation: 


oO: + oe = | E/v) (d, 
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where o;, o2 are principal stresses 
ds, du are interplanar spacings in the stressed and unstressed 
states, respectively. 

The (211) diffraction line of WC, (Cu Ka, 26 = 117.2 °) was foun 
most suitable as to strength and sharpness. Both recording x-ray spec 
trometer and back reflection camera techniques were employed. Th 
(224) line of tantalum carbide at 26 = 119.7 ° was used as an interna 
standard of calibration. The surfaces of the sintered samples were pol 


\ Leached 
| Powder 


\ 

| 

I \ 
| 

\ 
\ 








Sintered 
Compact 





1 4 28 
18 17 16 


Fig. 2—Comparison of (211) Line of 
WC from Sintered Compact and from 
ached Powder 


ished and etched with 10% potassium ferricyanide. The precision of 
measurement of the interplanar spacing was within 0.0001 A. 

1. Comparison of lattice of WC from sintered compact and 
from leached powder. The lattice spacing of WC was determined 
from the surface of a sintered compact of 63% WC and 37% Co 
The compact was then crushed and leached with HCl, removing 
the cobalt. The spacing was again determined. 


Condition Lattice Spacing, d 


Solid sintered alloy ; 63% WC, 37% Co 0.90094 
Crushed powder, 63% WC, 37% Co 0.9007 
Leached powder, WC 0.9003 


The change of lattice spacing by the leaching operation indicated 
that the WC was under compression in the sintered compact. At 
the same time, the leaching resulted in considerable sharpening 
of the diffraction line (Fig. 2). 

2. Effect of cobalt content on WC lattice spacing. The diffrac 
tion patterns of a number of sintered samples ranging in cobalt 
content from 5 to 37 volume percent were compared to that of 
WC powder (Table II). The grain size of WC was estimated 
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Table If 
Lattice Spacing of Tungsten Carbide in WC-Co Alloys 


Composition Grain Size Lattice Spacing 
Volume percent of WC (microns dai, (angstroms) 


WC powder 2.5 0.9004 
4.0 0.9003 

5% cobalt 2.0 0.9004 
10% cobalt 1.7 0.8999 
1.9 0.9001 

2.5 0.9001 

3.0 0.9003 

4.4 0.9003 

5.1 0.9004 

1 cobalt 2.0 0.9004 
25% cobalt 1.5 0.9006 
3.3 0.9008 

51 0.9008 

37% cobalt 1.8 0.9008 
2.2 0.9009 

48 0.9008 


from photomicrographs of sintered samples. The stresses calcu- 
lated from the x-ray data are plotted against the cobalt content 
in Fig. 3 for WC of particle size 2.0-2.5 microns. The overall 
result of increasing binder content is an increase of the compres- 
sive stress on the carbide phase. At low cobalt compositions the 
hydrostatic stress is tensile over a range of composition. 

3. Effect of grain size of WC on lattice spacing of WC in 
sintered compacts. The change of lattice spacing with different 
position of 10% by 


grain sizes of WC is shown in Fig. 4 for a cot 
volume of cobalt. The lattice spacing increases with grain size, 
indicating a reduction of the tensile stress. This effect is much 
less marked at higher cobalt contents 


The determination of interplanar spacings was possible in spite of 
the broadening of diffraction lines which occurred for all compositions. 
It was noted that the extent of line broadening increased with lower 
binder contents. 


DISCUSSION 
The results indicate the general nature of temperature stresses in 
two-phase alloys. It will be noted by comparing Figs. 1 and 3 that the 
experimentally determined stresses agree qualitatively with the calcu 
lated stresses in that range of compositions where the binder content is 
high, i.e., where the WC particles are well dispersed. No more than a 
qualitative agreement between theory and experiment is expected in 
view of the deviation of the alloy from the assumed ideal elastic, iso 
tropic and homogeneous material. Additional unknown factors are the 
stresses introduced by the transformation of cobalt on cooling and by 
the anisotropy of WC crystals. 
The concept of carbide particles dispersed in a matrix of binder phase 
does not apply to the low cobalt end of the alloy system. At 10% by 
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volume of binder, the sintered alloy consists of an aggregate of W( 
particles, the binder phase being concentrated within the interstices 
the aggregate. Locally in the microstructure, areas of cobalt solid sol 
tion are surrounded, more or less completely, by a shell of WC. In that 
case, the WC is subject to a tensile stress perpendicular to the WC-( 
interface (o,2), although the stresses parallel to the interface (o.2) r 
main compressive. The x-ray results represent a statistical average 
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the strains in the carbide phase. Tensile stresses predominate in the low 
cobalt range, compressive stresses become more and more marked as 
the amount of binder is increased. 

Within a compact the sign and magnitude of the stresses vary with 
the local distribution of the carbide phase. Compressive and tensile 
strains may be found in adjacent areas, producing the observed broaden 
ing of x-ray diffraction lines. The carbide phase is continuous over long 
distances in the microstructure of low binder compacts, and, therefore, 
the nonuniform distribution of the binder phase and the variations of 
internal stresses are more marked in low cobalt alloys. 

The temperature stresses of the indicated magnitude must influence 
the mechanical behavior of the material. Just as the compressive stress 
on WC is beneficial, the tensile component is undesirable, since the car 
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bide is stronger in compression than in tension. Also, the flow stress of 
the binder is altered by the tensile and compressive forces present in 
small areas. 
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Appendix 


Outline of Calculation of Stresses in and around a Spherical Inclu- 
sion due to a Uniform Temperature Change. 


A homogeneous elastic sphere of radius p is set in an infinite mass of 
a second homogeneous elastic material. Subscripts 1, 2 refer to the 
sphere and the surrounding material, respectively. 

A uniform temperature change T causes a change of stress «. Because 
of geometrical symmetry there will be no shear stresses on radial and 
circumferential planes and the circumferential stress o, will be the same 
in all directions at a given radius. The radial stress will be o,. Also 
from symmetry there will be no circumferential displacements, but only 
a radial displacement u, positive away from the center of the sphere 

The equation of radial equilibrium is: 


de,/dr + 2¢-/r — 20./r = 0 Equation | 

llooke’s law gives: 
du/dr = o¢-/E 2ve./E + al Equation 2 
u/r = (l—v) ¢ /E— ve-/E+ al Equation 3 


IX, y and a are, respectively, the Young’s modulus, Poisson’s ratio and 
the coefficient of linear expansion. Eliminating o, and o, from Equa 
tions 1-3: 


du/dr? + 2/r du/dr — 2u/r? = 0 Equation 4 
which restricts the radial displacement to the general form: 
u = Ar + B/r’? Equation 5 


The constants A and B have different values in the two materials 
In order to avoid an infinite displacement at the center of the sphere, 
= 0. 

Substitution of Equation 5 in Equations 2 and 3 gives expressions 
for the stresses. The condition that 6. 0,0 when r— requires 
that Ay = a2T. Expressions for A; and Bz are obtained from the con- 


ditions of continuity of u and o, at the interface r = p. The displacement 
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is now known everywhere, and the stresses can be calculated fro: 
Equations 2 and 3. 
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DISCUSSION 


Written Discussion: By C. J. Newton and H. C. Vacher, Metallurgy Divisior 
National Bureau of Standards, Washington, D. C. 

It is a pleasure to read this interesting paper by Professor Gurland concern¢ 
with thermal textural stresses in two-phase alloys. The author is to be congratu 
lated for his contribution to this field, which has been somewhat neglected. W« 
should like to take this opportunity to comment on his method of stress measur« 
ment and to mention some work we have done on a similar problem 

In the X-ray and Metallographic Laboratory of the Metallurgy Division of the 
National Bureau of Standards, we conducted a study in 1956 of thermal textural 
stresses in some two-phase alloys of brass and of steel. We compared our ex 
perimental results with computed values based on Laszlo’s formulas and found 
good agreement in the case of the brass and at least qualitative agreement in th 
case of the steel. As we reported, we used the two-exposure, normal and inclined 
incidence method, which measures a stress component in the surface without the 
necessity of possessing a stress-free standard. 

We notice that Professor Gurland has in this study used the single-exposur: 
method of making a lattice spacing measurement normal to the surface of his 
specimen of sintered alloy and has compared it with the measurement of the lattic: 
spacing in an unalloyed powder. This makes necessary the assumption that the 
spacings would be precisely equal except for the effect of the stress one is trying 
to measure. No such assumption is called for in the two-exposure method, where 
no reference standard is used, and where true stresses are measured without the 
uncertainties introduced by possible changes in the unit cell volume at equilibrium 
Furthermore, the change in observed data between the normal and inclined in 
cidence exposures is greater than the change one has to detect in the single 
exposure comparison method. 

For these reasons, we now feel that the two-exposure method is preferable, al 
though we also used the single exposure method, partly through necessity, in the 
study of residual stresses in sectioned bars of plastically deformed iron a few years 


2C, J. Newton and H. C. Vacher, “An X-ray Study of Textural Stresses in Two-Pha 
Alloys,” Journal of Research, National Bureau of Standards, Vol. 59, October 1957. 
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igo.* In that work, also like Professor Gurland apparently, we made no correc 
tion for the partial relaxation at the surface of stresses parallel to the surface. 
Laszlo, however, has suggested a corrective factor of one minus Poisson’s ratio, 
which we did apply to our later calculations of textural stresses. 

When these precautions and other points of careful technique are observed, we 
feel that experimental values of the textural stresses arising from differences of 
coefficients of thermal expansion as expounded by Laszlo can be obtained with a 
degree of reliability sufficiently high to warrant their consideration in many 
problems of metallurgy. 


Author’s Reply 
The author joins the discussors in the hope that more work in the field of 
temperature stresses in alloys will be forthcoming 
Undoubtedly, the two-exposure method reduces the error by eliminating the 
use of the unstressed material as reference standard. However, it is the difference 
of lattice parameters between the pure and the alloyed material which was of in 
terest here and seemed to justify the method of direct comparison. 


C. J. Newton and H. C. Vacher, “‘Residual Lattice Strair 


s in Sectioned Bars of Plastically 
Deformed Iron,"’ Journal of Metals, Vol. 7, 1955, p. 1193-1194 











THE TENSILE AND STRESS-RUPTURE 
PROPERTIES OF CHROMIUM 


By J. W. PucGn 


Abstract 


The temperature dependence of the tensile and stress 
rupture properties of chromium were evaluated up to 


(1215°C). The chromium metal used was ar 


melted, extruded, and swaged, but was not of special purity 
[ts ductile-brittle transition temperature for the testing pro 
cedure used was about 600°F (315°C). No yield points 
were observed, but some evidence of strain aging at inter 
mediate temperatures was obtained. Both tensile and stress 
rupture properties were inferior to those of molybdenum and 
tungsten tested in precisely the same way. In both cases the 
differences in the properties can be closely related to melting 
point differences. (ASM International Classification Q27a 
O3m; Cr) 


INTRODUCTION 


T IS POSSIBLE that chromium-base alloys will become important 


high temperature materials. This suggestion is based primarily o 


chromium’s abundance, moderately high melting point, and excellent 
oxidation resistance. However, chromium and chromium-base alloys 
are characteristically brittle at lower temperatures. It is this unpleasant 
condition which has made some investigators pessimistic about the 


future of chromium alloys (1). However, progress is being made wit! 


? 


respect to ductility (2) and alloy investigations continue (3). The 
purpose of this paper is to report the tensile and creep rupture propet 
ties so that some basis for comparing chromium with other refractor, 
alloy bases may be established. It may in this way help to determine 
the prognosis of chromium’s application as a high temperature alloy 


METAL PREPARATION 


Xlectrolytic chromium was treated for 20 hours at 2900 °F (1595 °C) 
in pure dry hydrogen. This treatment was effective in removing suffi 
cient gaseous impurities (notably oxygen) so that a good quality ar 
cast ingot might be made. Melting was accomplished in a furnace sim 
ilar to one previously described (4). The treated electrolytic chromiun 





' The figures appearing in parentheses pertain to the references appended to this paper 


_ The author, J. W. Pugh, is associated with the General Electric Company Re 
fractory Metals Laboratory, Lamp Wire and Phosphors Department, Cleveland 
Manuscript received January 25, 1957. 
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flake was fed continuously into a 4-inch (diameter ) water-cooled copper 
crucible and melted in a direct current arc. The water-cooled electrode 
was rotated over the molten chromium to insure adequate melting. This 
operation took place in a vacuum tight shell filled with argon at a 
positive pressure of 5 pounds per square inch. 

The arc-melted ingot was scalped to 3.5 inches in diameter, and ex 


Aging Temperoture °F 
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Fig. 1—Hardness Versus Aging Temperature 


truded to 1 inch in two passes at 2500 °F (1370 °C) using molten glass 
for a die lubricant. The extruded rod was scalped and swaged to 0.345 
inch diameter at 2000 °F (1095 °C). One hour annealing treatment at 
2900 °F (1595 °C) in pure hydrogen produced a uniform grain size of 
about 0.5 millimeter diameter. Chemical analysis of the bar was as 
follows: 


Impurity Weight % 
Nitrogen 0.05 * 
Oxygen 0.041 ** 
Hydrogen 0.0001 ** 
Carbon 0.01 
Sulphur 0.02 
Lead 0.001 
Iron 0.05 
Copper 0.01 


Presumably, oxygen and nitrogen were added in considerable amounts 
during processing. The expected level of each after the 20-hour hy 
drogen purification treatment was about 0.001% 


* Kjeldahl. 


** Vacuum fusion 
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Fig. 1 shows the hardness response to heat treatment. Each sampl 
represented here was annealed 1 hour in pure dry hydrogen and coole 
rapidly. It is suggested that the maximum produced at about 2200 °! 
(1205 °C) results from the solution of nitrogen. This is supported by 
evidence that nitrogen in solution causes an embrittling effect as com 
pared to precipitated nitride in chromium of the same composition (5 
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Fig. 2—Tensile Test Bar 


The nitrogen content is sufficient to form a saturated solution at 2200 °F 
(6). It is difficult to appraise its effect (if any) on test results in the 
range 1600 to 2200 °F (870 to 1205 °C). Dissolved nitrogen is prob 
ably sufficiently mobile in this range to preclude a strain aging inter 
action. 


TESTING PROCEDURE 

Tensile tests were made on an Instron machine at the rates 0.2 and 
0.02 inch per inch per minute. Flow curves were recorded autograph- 
ically. Specimens were protected from atmospheric contamination by 
testing them in a vacuum capsule. Temperatures were measured by 
means of a platinum, platinum-rhodium thermocouple resting on top 
of the specimen. Constant load stress-rupture tests were made in argon 
atmosphere at 1400, 1600, 1800, 2000, and 2200 °F (760, 870, 980, 
1095, and 1205°C). The machines used had specimen strings which 
were enclosed in vacuum-tight capsules. Fig. 2 shows the specimen 
used for both tensile and stress-rupture tests. More detailed descrip- 
tions of these test devices can be found elsewhere (7). 


RESULTS AND DISCUSSION 
Tensile Tests 
The tensile parameters evaluated for chromium were yield strength 
at 0.2% offset, ultimate tensile strength, per cent elongation, strain 
hardening, and strain sensitivity. Strain hardening is expressed as the 
exponent m in the relation 


m 
o = Ae 
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fits the true stress-strain curves fairly accurately. Here a is the 
stress, « is strain, A is stress at unit strain, T is temperature, and ¢ is 
strain rate. Rate sensitivity was expressed as n where 


o 
1 
log ; 
. Co 
2 
i=- 
é 
1 
log 
2 at. 


o; and og are the stresses at the rates ¢; = 0.2 min=! and é& —0.02 
respectively. These parameters are all shown as a function of 
temperature in Fig. 3. Note that there is a maximum in strength and 
strain hardening at 800°F (425°C), and that elongation and rate 
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Fig. 5—Stress Rupture Life of Chromium 


sensitivity remains low and constant with temperature to about 1000 °F 
(540°C). These observations are very probably indicative of strain 
aging in chromium. 

$y comparison with the higher melting refractory metals tungsten 
and molybdenum, chromium is decidedly inferior in strength. For 
example, the ultimate tensile strength of chromium at 2000 °F 
(1095 °C) is only 40% that of molybdenum (8) and 30% that of 
tungsten (9). This suggests that chromium’s lower strength may be 
related to its lower melting point. In Fig. 4 ultimate tensile strengths 








fl 
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Table I 
Ultimate Strain Rate 
Temp Yield Strength Tensile Strength Per Cent Hardening Sensitivity 
F 1000 psi 1000 psi Elongation m n 
626 26.9 40.7 14.0 0.134 0.005 
655 24.9 33.0 18.5 0.101 0.006 
695 22.9 32.3 17 0.118 0.005 
719 23.6 36.7 14.8 0.127 0.006 
798 30.0 40.8 18.3 0.149 0.006 
926 29.4 40.3 19.5 0.117 0.014 
1032 28.8 38.2 17.3 0.084 0.018 
1150 27.9 35.1 23.9 0.070 0.039 
1256 24.9 31.2 33.8 0.080 0.048 
1391 21.0 25.6 50.3 0.048 0.060 
1556 17.5 18.2 58.8 0.022 0.077 
1630 15.4 16.8 65.9 0.030 0.073 
1758 13.7 14.0 75.9 0.020 0.073 
1965 93 9.3 104.1 0.001 0.082 


for chromium, molybdenum, and tungsten are plotted as a function of 
homologous temperature. Homologous temperature is defined as the 
test temperature in percent of the absolute melting point of the metal. 
Conditions of testing (i.e. specimen, rate, atmosphere, etc.) were iden- 
tical for this comparison. It is obvious that chromium compares favor- 
ably on this basis. 

The temperature dependence of strain rate sensitivity for chromium 
is comparable to that of tungsten and molybdenum, but rate sensitivity 
begins rising with temperature at lower temperatures for chromium 
than for tungsten or molybdenum. It is interesting to note that the rate 
sensitivities of chromium and molybdenum begin rising at the same 
percentage (38%) of the melting point on the absolute temperature 
scale. A rise in rate sensitivity is predicted for tungsten on this basis 
at about 2100 °F (1150 °C). No rise for tungsten was observed up to 
2000 °F (1095 °C) ; data above 2000 °F are not available. The absolute 
magnitudes of rate sensitivity were similar at high and low temper- 
atures. 

The same sort of comparison may be made with respect to the temper 
ature dependence of strain hardening. The maximum at 800 °F 
(425 °C) in this relationship for chromium appears at 33% of the 
absolute melting point, while similar maxima for molybdenum and 
tungsten are at 30 and 32% respectively. This is considered to be good 
correspondence in view of the difficulty in locating the exact temper- 
ature peak from the data available. In terms of absolute values for strain 
hardening, chromium has the smallest values, molybdenum has higher 
values, and tungsten has the highest. 

The ductile-to-brittle transition temperature was approximately 
600 °F (315 °C) for this material at a strain rate of 0.20 inch per inch 
per minute. Data for tests below 600°F (315°C) are not presented 
because the stress concentrations in the brittle range make these values 
unreliable. Tensile properties are summarized in Table I. 
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Fig. 6—Larson-Miller Parameter Versus Stress. 


Stress Rupture Properties 

Fig. 5 shows loading stress as a function of rupture life. Stress values 
for various rupture times are compared to those for tungsten and molyb 
denum tested under identical conditions in Table II. The superiority 
of the higher melting refractory metals is striking, but here again a 
comparison on a homologous temperature basis (not shown) indicates 
good correspondence. A graphical comparison of chromium, molyb 
denum, and tungsten is made in Fig. 6. The loading stress is plotted 
versus the Larson-Miller parameter (10), 


P= T (C + logt) 
A value of C = 25 provided the best fit for the chromium data vhich 
are plotted in Fig. 6. 
SUMMARY AND CONCLUSIONS 
Chromium is easily arc-melted and fabricated by extrusion and swag 
ing if the melting stock is first purified at 2900 °F (1595 °C) in pure 
dry hydrogen. Processing was observed to raise the oxygen and nitro 
















1958 PROPERTIES OF CHROMIUM 


Table Il 

. 1000 psi 

tress - — 
1 10 Hours 100 Hours 1000 Hours 
emp 

. Cr Mo Ww Cr Mo W Cr Mo W 

1400 16.9 15.8 14.7 
1600 12.5 28.0 35.0 10.9 22.0 33.0 95 17.0 31.0 
1800 10.3 19.0 33.0 8.5 15.0 28.5 6.5 12.0 22.0 
2000 6.2 14.5 29.5 3.6 11.5 22.0 9.0 15.5 


2200 2.1 21.5 


gen levels significantly above those obtainable after hydrogen purifica- 
tion. These impurities probably do not affect the properties at the 
higher temperatures, however, they may be important with respect to 
strain aging, and they certainly affect the ductile-brittle transition tem- 
perature. This transition temperature was about 600 °F (315°C). 

An evaluation of the hardness response to annealing indicated that 
increased room temperature hardness results from treatments in the 
range 1600 to 2800 °F (870 to 1540 °C). It is suggested that this is 
caused by increased nitrogen in solution. It is not likely that this modi- 
fied the properties evaluated perceptibly, since the solution of nitrogen 
would only take place at test temperatures above the range where nitro- 
gen is expected to be effective. 

No yield points were observed in the tensile flow curves, but the char 
acteristic temperature dependence of the tensile parameters (Fig. 3) 
suggests strain aging. Yield points may be expected at temperatures 
lower than 600 °F (315 °C) and should be produced by chromium hav 
ing a lower transition temperature. 

A comparison of the tensile and rupture properties of chromium with 


Table Ill 
Stress Rupture Test Data 
Temp Stress Rupture Life Total % 
° 1000 psi Hours Elongation 
1400 20.00 0.02 40.4 
1400 17.00 1.45 38.7 
1400 16.00 31.10 29.9 
1400 15.00 1122.23 13.7 
1600 14.00 0.54 35.8 
1600 12.00 15.02 12.8 
1600 10.00 393.76 5.4 
1800 14.00 0.015 1.8 
1800 13.50 0.162 27.2 
1800 10.00 20.91 12.2 
1800 9.00 23.65 48 
1800 7.50 131.86 20.2 
2000 7.00 1.42 29.1 
2000 6.00 14.39 19.1 
2000 5.00 32.92 98 
2000 4.00 50.73 10.9 
2200 5.00 14 20.7 
2200 4.00 0.89 19.1 
2200 3.00 2.78 22.6 
22.2 


2200 2.00 10.95 
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those of molybdenum and tungsten is an impressive demonstration o! 
the relationship between strength and melting point. More fundamenta 
relationships such as that of the heat content at the melting point un 
doubtedly exist with the properties evaluated here as they do with hor 
hardness (11). It is beyond the scope of this report to demonstrate thes« 
or to speculate about the fundamental etiology of these relationships. It 
can be pointed out, however, that chromium has a detriment or an ad 
vantage which is reflected by its melting point. On this basis, it is rea 
sonable to expect chromium alloys to be most useful in a range below 
that of the higher melting refractory metals and above that of iron 
nickel-cobalt base alloys. More specifically, it is estimated that chro 
mium alloys, when they are developed, will be used mainly in the 
temperature range 1600 to 1800 °F (870 to 980 °C) and for those ap 
plications which utilize chromium’s remarkable oxidation resistance 
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THE TANTALUM-COLUMBIUM ALLOY SYSTEM 
By D. E. WiLttiAMs AND W. H. PECHIN 


Abstract 

The tantalum-columbium alloy system was investigated 
by means of x-ray, electrical resistance and metallographic 
methods. 

The constitutional diagram is an unbroken series of solid 
solutions. No evidence of a solid transformation was found 
in any of the alloys. The solidus line rises smoothly from the 
melting point of columbium, 2420°C (4388°F), to the 
melting point obtained for tantalum, 2940°C (5324 °F), 
and the liquidus was found to follow quite closely the path 
taken by the solidus. 

Experimental results are given and equipment ts de- 
scribed. (ASM International Classification M24b, Ta, Cb) 


INTRODUCTION 
HE INCREASED number of applications of high melting metals 
and alloys has created a need for information regarding their 
properties and their constitutional diagrams. With respect to the 
tantalum-columbium system, the literature contains little information. 
Stickle (1)! gave a lattice parameter-composition curve but no other 
information. The mechanical and physical properties of some tantalum- 
columbium alloys have been reported by several investigators, and other 
laboratories under contract to the AEC have reported that alloys con 
taining from zero to 15% tantalum can be successfully fabricated. 
The authors’ investigation was undertaken to obtain information 
that would permit construction of a complete constitutional diagram. 


THE PREPARATION OF THE ALLOYS 

Materials—Both the tantalum and the columbium used in the prepa- 
ration of the alloys were obtained from the Fansteel Metallurgical Corp. 
These materials were ordered as high purity sheet, the analyses of 
which are given in Table I. 

Melting—The alloys were melted in a tungsten-electrode arc-furnace 
of the type described by Geach and Summers-Smith (2) and others 
The water-cooled copper crucible used in this work is provided with 
three cavities, one of which is used for melting a getter charge prior 


1 The figures appearing in parentheses pertain to the references appended to this paper 
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Table I 
Composition of Metals Used in Alloy Preparation! 

Impurity Tantalum Columbiur 
Tantalum major ~ 1500 
Carbon <100* 1000* 
lron ~ 40* <100 
Titanium ~ 200* <100 
Manganese - <100 
Aluminum present ~ 70 
Silicon 200 90 
Copper present present 
Magnesium present present 
Calcium present present 
Silver present present 


‘All impurities reported in ppm. 
*By chemical analysis, all others by spectrographic methods 


to melting the alloys. Zirconium was used as the getter material t 
purify the helium atmosphere of the furnace. Seventy- to eighty-gram 
charges of the materials to be alloyed were placed in the remaining cavi 
ties and melted several times. The ingots were turned over after eacl 
melting in an effort to make them as homogeneous as possible. The 
size of the resulting button-shaped ingot was about 114 inch in diameter 
and 3 inch thick. The difference in the weight of the charge befor 
and after melting was seldom as much as 0.1 grams. All alloys are 
specified on the basis of their intended compositions. 

Some of the ingots exhibited dendritic segregation which was not 
alleviated by annealing for 96 hours at 1400 °C (2550°F). The cast 
alloys were brought into equilibrium by annealing at temperatures near 
their melting point. After being worked, the alloys were successfully 
homogenized by annealing at 2000 °C (3630°F). 

Fabrication—All alloys of the tantalum-columbium system were 
found amenable to fabrication. All compositions were swaged from 34 
to 0.030 inch diameter wires with no intermediate annealing. Also, slabs 
of the ingots could be rolled to a thickness of 0.010 inch or less. 

APPARATUS AND PROCEDURE 

All work at elevated temperatures was done under a pressure of 10~° 
millimeters mercury or less except arc melting which was carried out in 
a helium atmosphere. 

The special equipment used in the investigation was that for the 
determination of melting points and for measurement of the change of 
electrical resistance with temperature. The other equipment, x-ray and 
metallographic, needs little explanation. 

Melting Points—The solidus point determinations were made in 
the apparatus described by Williams (3). The samples were machined 
from slabs cut from the ingots and placed in the melting point furnace 
without preliminary heat treatment. The temperature was measured 
with an optical pyrometer sighted on a small hole drilled in the center 
of the necked-down portion of the melting point bar. The ratio of the 
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depth to diameter of the hole was made four or more to insure biack 
body conditions. Temperature measurements were also made of the 
surface of the bar immediately adjacent to the hole. From these measure- 
ments a relationship between the surface or apparent temperature and 
the true temperature was found. The samples were heated to temper- 
atures ranging from 2000 to 2400 °C (3630 to 4350 °F) by their own 
electrical resistance and held about 2 hours. After this annealing, the 
temperature of the specimen was increased slowly until the solidus 
temperature was reached which was indicated by the formation of 
liquid in the black-body hole. The temperature at which the bar melted 
completely in two was taken as the liquidus point. 

Electrical Resistance—The change in electrical resistance from room 
temperature to 1000°C (1830°F) was measured potentiometrically 
with the type of apparatus described by Rogers and Atkins (4) except 
that the platinum current and potential leads were welded to the sample 
so as to be independent of the thermocouple. 

Measurement of the electrical resistance from 1000 to 2000 °C (1830 
to 3630 °F) was done in a manner similar to that employed in the 
lower temperature range except the temperature was measured with 
an optical pyrometer and the wire under test was heated by passing a 
measured direct current through it. The potential leads used in these 
experiments were 0.01 inch diameter tantalum wire. The relationship 
between surface and true temperatures obtained during the melting 
point determinations was used to correct the surface temperature meas- 
urements in the high temperature-resistance experiments. 

X-Ray Diffraction M ethods—Powders were taken from the annealed 
portion of the melting point samples for x-ray diffraction use. These 
powders were exposed to nickel-filtered, copper radiation in a Debye 
Scherrer type camera with Straumanis film mounting. 

Metallographic Procedure—A Vickers projection microscope and 
standard polishing equipment were used in the metallographic investi 
gation of this alloy system. Polishing and etching the tantalum 
columbium alloys were somewhat tedious since the surface was readil\ 
pitted in both operations. The most satisfactory polishing procedure 
found was the use of a lead lap charged with levigated alumina, then 
final polishing with diamond compound on microcloth. The etchant 
found most effective was a HNO;-HF-H2O mixture of equal propor- 
tions. 


RESULTS OF THE INVESTIGATION 


The results of the investigation are expressed in the constitutional 
diagram for the tantalum-columbium alloy system shown in Fig. 1, 

The Solidus—The solidus line was found to follow a smooth curve 
from the melting point of columbium to that of tantalum. The temper- 
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ature difference between the solidus and liquidus was so slight that it 
could not be detected with an optical pyrometer. 

In order to be certain that the melting point samples had been 
brought into equilibrium by the annealing procedure previously de 
scribed, a microscopic examination of the samples was made after 
melting. This examination indicated that all samples had attained 
equilibrium. 
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Fig. 2—-Lattice Parameter-Composition Curve of 
Annealed Tantalum-Columbium Alloys. 


X-Ray Results—X-ray diffraction patterns made on the alloys gave 
the lattice parameter curve shown in Fig. 2. The powders were filed 
from the annealed portion of the melting point samples, treated for the 
removal of iron, and annealed at 900 °C (1650°F) for 72 hours then 
cooled slowly to room temperature. The lattice parameter-compocrition 
curve substantiates the idea of continuous solid solution by showing no 
deviation from a straight line drawn between the lattice-parameter 
values of tantalum and columbium. Two of the patterns made at room 
temperature are contained in Fig. 3. 

X-ray patterns were made of the 25, 50 and 75 atomic % tantalum 
alloys that had been annealed at 900°C (1650°F) for 200 hours and 











1085 


SYSTEM 


tunjeyue}, %09 (q) “‘wnjeyue} %»O0r (®) sAoIly MNIGUNn[O")-lun[eyuey peyeouuy JO SULQVLG UOHRBIYIG Aey-x £ B14 


ALLOY 





~ 
< 
~ 
wap 
xn 
~— 
—~ 
a] 
~ 
— 
~ 
~ 
~~ 

7 
~~ 
= 
— 
~~ 

) 
~ 
~ 
“ “ 
Le 
2 
zr 
~ 








TRANSACTIONS OF THE ASM Vol 


Temperature °F 


330 750 Tne) 1470 1830 

















200 400 600 800 _ ‘1000 
Temperature °C 
Fig. 4—Resistance bey ey Curves of Two 


lantalum-Columbium Alloys from Room Tempera 
ture to 1000 °C (1830 °F). 


Temperature °F 
1830 2190 2550 2910 3270 3630 

















rn 


200 40 00 Ig800 


O 

JY 

+ - 

emperat re ? 
D Oru 
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Tantalum-Columbium Alloys from 1000 to 2000 °C 
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cooled slowly to room temperature. This was done in an effort to de- 
termine the presence of any intermediate solid transformation such 
as the order-disorder type. The patterns obtained from these samples 
yielded the same lattice parameter values as those obtained from alloys 
of other compositions after shorter periods of annealing. This fact 
refutes the existence of an intermediate phase. 

Electrical Resistance Measurements—Measurements of the change 
of electrical resistance with temperature did not indicate a change in 
the solid state of any of the alloys within the temperature ranges in- 
vestigated. If any order-disorder effects were present, they would 
most likely be found in the 25, 50 and 75 atomic % tantalum alloys, 
(39.4, 64.1 and 85.4 weight % ). However, neither these alloys nor the 
20, 40, 60 and 80 weight % tantalum alloys showed any irregularities 
in their resistance curves. Graphs for the 40 and 60 weight % tantalum 
alloys are shown in Figs. 4 and 5. 

Metallography—tThe cast alloys exhibited a microstructure indicat- 
ing dendritic segregation and as mentioned previously, efforts to ho- 
mogenize them by annealing at 1400 °C (2550 °F) were unsuccessful. 
A series of samples which had been cold swaged to approximately 0.080 
inch were annealed at 1400 °C (2550 °F) for 96 hours. They no longer 
showed coring, but did retain the worked structure. These wires were 
then swaged to 0.030 inch and annealed at temperatures of 2000 °C 
(3630°F) and above. This heat treatment brought the alloys into 
equilibrium and produced a uniform single phase microstructure. Fig. 6 
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shows the 30% tantalum alloy in both the cast and the fully annealed 
conditions. 


SUMMARY 


The results of the investigation indicate that the tantalum-columbium 
alloy system has solid solubility in all proportions. 
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DISCUSSION 


Written Discussion: By F. N. Rhines, Metals Research Laboratory, Carnegie 
Institute of Technology, Schenley Park, Pittsburgh. 

Among the pure metals and isomorphous systems, as a whole, I believe that it is 
usually found that there is little visible evidence of melting at the solidus, beyond 
a slight swelling at the grain boundaries when the volume change is substantial 
and positive. The most sensitive indicator of the onset of liquidation appears to be 
a loss of intergranular cohesion. For this reason, I would like to suggest that 
the solidus values here reported are probably too high, and that the error could 
be rather large. Since the liquidus is the temperature at which the last of the solid 
melts, it is also improbable that this point could be identified visually. Normally, 
the alloy will begin to flow while there remains a considerable quantity of un 
melted solid particles in suspension. Thus, the temperature at which a bar of an 
intermediate alloy will melt, in two, may be expected to lie somewhat below the 
liquidus. I should expect, accordingly, that the liquidus, except at its ends, is prob 
ably somewhat low. 

I offer these remarks, not to depreciate this work, which is much to be com 
mended, especially in view of the extreme experimental difficulties involved, but 
only to assist in the interpretation of its valuable results 


Authors’ Reply 


The authors wish to thank Dr. Rhines for his discussion concerning the 
melting-point determinations. The limitations he mentioned do exist and perhaps 
should have been included in the paper. 
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rhe error introduced in melting-point determinations by measuring the temper 
ature at which liquid is first observed has been determined and seems to be no 
greater than that of the optical pyrometer for the melting points of pure metals, 
solid-solution minima, and eutectic horizontals. If the temperature difference be 
tween the solidus and liquidus is small, or if the slope of the solidus curve is not 
extreme, a small temperature change above the melting point should produce an 
appreciable amount of liquid, in which case also the method is relatively accurate 

lhe tantalum-columbium alloys were found to melt in two almost immediately 
upon the first appearance of liquid. In most cases there was no measurable dif 
ference in the surface temperature when the liquid formation was observed and 
when the bar melted in two. For this reason and also since the solidus of the 
system is relatively flat, the authors believe the error introduced by the method 
employed is probably not much greater than that of the measuring device. Any 
liquidus determination using this method would have to be considered an ap 


proximation. 








PARTIAL PHASE DIAGRAMS OF THE SYSTEMS 
Mg-Th AND Mg-Th-Zr 


By A. S. YAMAMOTO AND W. RosTOKER 


Abstract 

A phase diagram for the Mg-Th system up to 70% Th 
has been constructed showing an intermediate phase Mg;1h 
forming by a peritectic reaction and a eutectic reaction form- 
ing (Mg +Mg;Th) from the melt at 42% Th and 582 °C. 
The maximum solid solubility of Th in Mg has been set at 
4.5%. A tentative vertical section for Mg-Th-1% Zr has 
been outlined. A ternary peritectic reaction has been postu- 
lated to account for unusual cast microstructures. The limit 
of the Mg terminal solid solution does not appear to be ap 
preciably altered by additions of Zr. (ASM International 
Classification M24b, M24c; Mg, Th, Zr) 


HE CONSTITUTION of the magnesium-rich portions of these 

two systems is important to the development of a group of mag 
nesium alloys which are currently arousing interest. Prior information 
on these systems is fragmentary and inconclusive. 

Jones and Nash (1)! reported a simple eutectic diagram between 
the terminal magnesium solid solution and the first intermetallic com 
pound, whose identity was not determined. In their work, liquidus and 
solidus curves were delineated; maximum solubility of thorium 1 
magnesium at the eutectic temperature, 596°C (1105 °F), was set 
at about 10% ; approximate eutectic composition was reported in the 
vicinity of 35% thorium. The compound, theta, as they designated it, 
was inferred to contain about 55% thorium. The solidus temperature 
measurements published earlier by Leontis (2) show an intersection 
with the eutectic temperature (587°C) at somewhere between 5.8 
and 10.2% thorium. An intermediate eutectic temperature of 593 °¢ 
(1100 °F) was indicated by Hess’ unpublished research (3). 

As to the solvus curve, the only available data is from unpublished 
work by the Dow Chemical Company (4). It demonstrates a very 
sharp decrease of solubility of thorium in magnesium with decreasing 
temperature: about 5.5% Th at 593°C (1100°F) (eutectic temper 


1 The figures appearing in parentheses pertain to the references appended to this paper 
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ature) to 0.1% thorium at 482 °C (900 °F). Very recently, it was re- 
ported that a 3.1% thorium alloy showed a quantity of second phase, 
after annealing 24 hours at 576°C (1060°F), which was identified 
by electron diffraction as a magnesium-thorium intermetallic compound 
(5). Even after a prolonged anneal of 96 hours at the same temperature, 
there was no change of the volume per cent of the undissolved phase. 
A more recent report under the same program attempted another ra- 
tionalization of the presence of the undissolved compound (6). X-ray 
diffraction analysis indicated the existence of an oxygen-deficient ThO 
phase, which was assumed to exist as a layer enveloping those com- 
pound particles, thereby preventing their solution during prolonged 
annealing. A probable solubility limit of thorium at this temperature 
was estimated at about 2.5%. Other information by Fox (7) reported 
that a 1.2% thorium alloy had a second phase which showed no sign of 
any solution upon annealing for 24 hours at both 420 and 500 °C (788 
and 930 °F). The alloy was prepared by reducing ThCl, with molten 
magnesium of 99.8% purity. 

Leontis (2) reported the existence of two compounds in the alloy 
system. X-ray diffraction study confirmed that alloys of 10.2% thorium 
or less has only one compound, while an alloy containing 19.9% thorium 
indicated a trace of a second compound. However, the formula and 
crystal structure of these compounds were not reported in the paper. 
Table I summarizes all information obtained. 

According to Leontis (8), thorium increases the solubility of zir- 
conium in liquid magnesium. His alloys were melted at 730°C 
(1345 °F) at which temperature the maximum solubility of zirconium 
in magnesium was reported as 0.69%. An increase in the thorium con- 
tent raised the solubility of zirconium in the melt to 1.0%. 





Table I — 
A Summary of Prior Information on the Mg-Th System 
Liquidus Temperatures (1) Solidus Temperatures, °C 
Th%* r% Th%* r*ce Th%** r°-e a 
4.98 647.5 0.97 637 5.0 621 
5.73 ? 646.5 2.1 624 6.0 635 
9.58 642.5 3.2 616 6.5 635 
15.6 615 5.8 597 7.5 621 
25.9 619 10.2-49.9 587 10-55 593 
28.9 617 
38.1 619 
Eutectic Temperatures Solvus Boundary 
rh% Fie * Th% rs 
~35 596 (1) max. ~10 a 
593 (3) max. ~ 6.6 3 
49.9 587 (2) max. 5.8-10.2 (2) 
6.6* 593 4) 
~5,3* 582 
4.1* 566 
8.79 538 
0.6* 510 


0.1* 482 


“analyzed 
**nominal 
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MATERIALS 

Magnesium used in this investigation was distilled by the supplier 
toa purity of 99.95% magnesium. Thorium, a calcium-reduced product, 
of 98% metal was added directly to melts or as a previously prepared 
master alloy of 45% thorium. The chief impurity in the thorium was 
ThOz; the only metallics being 0.004% iron and <0.05% calcium 
Zirconium was added as a master alloy containing 34.7% zirconium 
supplied by the National Lead Company. Unfortunately, late in the 
program it was discovered that the Mg-Zr master alloy was somewhat 
heterogeneous. Since only small pieces of this were added to any one 
melt, it is suspected that the heterogeneity was responsible for the some 
what erratic analyzed zirconium contents of the various alloys. 


Mett PREPARATION AND HEAT TREATMENTS 

In accordance with satisfactory prior experience, melts were pro 
duced in molybdenum crucibles. The crucibles were formed from 3 mil 
molybdenum sheet around a molybdenum or tungsten plug of 0.5 inch 
diameter. The sheet, formed into a tube with an interlocking seam, was 
bound to the plug as a bottom by alumel wire. It was demonstrated 
that there was no dissolution of the crucible metals at temperatures as 
high as 900 °C (1650 °F). Melting was performed in vertical tubular 
resistance heated furnaces dynamically purged with argon. A flux 
cover of LiF-3LiCl further protected the melt and minimized volatili- 
zation of magnesium. In order to minimize solution time, thorium or 
thorium-master alloys were less than %4¢ inch mean dimension. The 
melts were periodically stirred with a % inch molybdenum rod. All 
Mg-Th and Mg-Th-Zr alloys of less than 20% thorium were prepared 
using the 45% thorium master alloy. This was not necessary for melt 
homogeneity since thorium dissolves in molten magnesium readily but 
rather as an attempt to reduce the ThOz content of the more solid 
solution-rich alloys. 

Both top and bottom portions of the chill cast ingots were discarded 
To ensure homogeneity in the magnesium-rich alloys, the castings were 
mostly extruded to 3 millimeter wire. A routine for heat treatment was 
as follows. Specimens were wrapped in 1 mil molybdenum foil on 
which identification codes were stamped. Batches of such specimens 
were sealed in Pyrex bulbs with one atmosphere of argon. 


MetTHops OF CONSTITUTIONAL ANALYSIS 


Thermal analysis, metallographic examination and x-ray diffraction 
were used in the construction of the phase diagrams. 

Liquidus and eutectic temperatures were obtained directly from 
cooling curves using a mean cooling rate of about 8 °C per minute re- 
cording with a Leeds and Northrup Speedomax having a chart speed 
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of 2 inch per minute. Generally, solidus temperatures for the Mg/Mg 

L. boundary could not be read from the cooling curves and actually 
such values would probably be unreliable because of nonequilibrium 
solidification effects. 

It is common practice to determine the solidus boundary of the type 
Mg/Mg + L by metallographic examination for incipient melting in 
pre-equilibrated specimens. This method did not prove very satisfactory 
in the systems under discussion because of the large spread between 
the composition of the solid and the liquid in equilibrium with it. The 
solidus boundary was also determined by differential thermal analysis 
on heating only, using pre-equilibrated specimens. A piece of pure 
magnesium was used as the nontransforming coupled sample. 

For metallographic examination, specimens were mounted in a room 
temperature setting compound. Final polishing was performed in two 
stages using successively diamond powder with kerosene and sapphire 
powder (Linde B) with distilled water. The etchant used consisted of : 


Glacial acetic acid 20 parts 
Ethylene glycol 60 parts 
Conc. nitric acid 1 part 
Water 19 parts 


Photomicrographs were taken immediately after etching. 

A 14 cm diameter Debye-Scherrer powder camera was used for the 
x-ray diffraction analyses. Filtered characteristic copper radiation dur 
ing 6-hour exposures produced satisfactory patterns. The —200 mesh 
powders for examination were prepared by filing, screening and sealing 
off in capillaries while in argon atmosphere by the use of a special ap 
paratus described in a previous paper (9). 

Most of the melts were chemically analyzed for the alloying elements. 
The thorium analysis distinguished between alloyed thorium and ThO, 


THE SysTtEM MAGNESIUM-THORIUM 


A list of the nominal and analyzed compositions of alloys prepared 
is given in Table II. As can be seen, the actual thorium contents are 
generally lower than the intended. These differences may result from 
the thorium oxide (ThOzg) which is inevitably present in alloys, partly 
from the original thorium metal and, it is assumed, partly from the 
melting operation. The latter origin probably became more serious in 
the preparation of higher thorium alloys since longer melting times and 
higher temperatures were required. Segregation on a macro scale did 
not prove serious because of the chill casting technique. A summary of 
measured thermal arrests is given in Table III. Thermal arrests could 
not be obtained for the steeply rising liquidus L/L + Mg;Th between 
45 and 55% Th. This is a common problem when the slope of the 
boundary is so steep. Heat treatments for determination of the solid 
solubility boundary involved a homogenization at 550 °C (1020 °F) for 
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Table Il 
Chemical Analyses of Magnesium-Thorium 


THE 


Binary Alloys 








Weight Per Cent 


1SM 





Vol J 


Thorium Thorium horia (ThO 
0.5 0.45 0.00 
1 0.99 0.00 
1.5 1.57 0.00 
2 1.78 0.00 
2.5 2.48 0.00 
3 3.07 0.00 
5 4.80 0.51 
7 5.87 0.32 
9 9.20 0.33 
11 14.23 0.36 
13 11.88 0.87 
15 13.77 0.26 
17 16.86 0.19 
20 17.80 0.35 
25 21.59 0.76 
30 28.90 0.26 
35 31.23 0.46 
49 38.34 1.04 
45 44.47 2.13 
50 45.60 1.67 
55 53.71 2.26 
60 54.88 3.12 
65 63.05 1.94 
70 70.92 5.06 
Table III 
Thermal Analysis Data of the Magnesium-Thorium System 
Alloy Composition ——s = Temperature. . 
% Th Liquidus Invariant Reaction Si 
0.99 646 
1.78 651 
2.48 650 
3.07 632 — 
4.80 648.5 579.5 
5.87 643 582 
9.20 640 582 
11.88 641 576.5 
13.77 637 581 
14.23 635 580 
17.80 637 577 
21.59 632.5 580 
28.9 622.5 581 
31.21 612 582 
38.34 597 581 
41.56 597 583.5 
45.03 _ 580.5 
$3.71 — 772 583.5 
54.74 -- 778 584 
63.05 812 773 582 
70.92 813 772 582 
2.37 635, 636 
3.89 619 
Two data points shown at the bottom of the table were obtained by differential thermal! analysi 


at least 24 hours followed by final equilibration anneals for times of 
72 hours (575 °C), 47 hours (550 °C), 120 hours (501 °C), 258 hours 
(452°C), 353 hours (400°C), 500 hours (351°C) and 650 hours 
(303 °C). From the thermal arrest, differential thermal analysis and 
metallographic data the phase diagram of Fig. 1 has been constructed 
An expanded view of the solid solubility region is shown in Fig. 2. 
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! Partial Diagram of the Magnesium-Thorium 
System 


Metallography showed that in the range 0-70% thorium one inter- 
mediate phase predominated. Vestiges of a second intermediate phase 
(or thorium terminal solid solution) appeared in the cast structures of 
alloys containing more than 53% thorium. There was never sufficient 
of this latter phase to identify it by x-ray diffraction. Thermal arrests 
confirmed that the first intermediate phase formed by peritectic reaction. 

It was not found possible to produce an alloy containing only the first 
intermediate phase. The incomplete peritectic reaction could not be 
annealed out. The identity of the phase had to be made by extrapolation 
of lineal analysis data. These data, shown in Fig. 3, extrapolate to 
16.5 atomic % thorium which corresponds to the formula Mg;Th. 
Clear x-ray diffraction patterns of this phase have been obtained. The 
sequence of interplanar spacings can be fitted to a cubic lattice having 
unit cell dimensions of 14.24kX. Table IV compares measured and com 
puted interplanar spacings. The density of the phase was determined by 
extrapolation of density measurements on the pure metal and three al 
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hkl 


733 
822, 660 
751, 555 
842 
664 
844 
993, 771, 755 
1131, 971, 955 
1133, 973 


*Taken from pattern for 28.9% thorium alloy. 
**Calculated on the basis of a cubic unit cell of edge dimension 14.24 kX. 
weak, ft =faint, vit =very faint, vvft =very very faint. 
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Table IV 
Summary of the Powder Pattern Lines of The First Intermediate Phase, Mg;Th, 
in the System Magnesium-Thorium 


d observed (kX)* 


8.216 
7.128 
5.008 
4.106 
3.566 
3.262 
.901 

748 
.520 
373 
254 
986 
852 
.780 
.742 
.680 
646 
552 
521 

467 
433 
.242 
.207 


Oe ee ee ee ee ee ee ee tt 


g 
Region of the Magnesium-Thorium System 


d calculated 


8.221 
7.120 
5.035 
4.111 
3.566 
3.267 
907 
.740 
517 
373 
.252 
.994 
854 
780 
.740 
678 
644 
554 
i.518 
453 
Adil 
244 
.208 


ee ee 


— 


kX)** 


w =weak 


vw 





= very 
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Fig. 3—Extrapolation of Composition 
f the First Intermediate Phase. 
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Fig. 4—A 3.07% Thorium Alloy Annealed at 550 °C (1020 °F), Nearly Single Phase 


Magnesium Solid Solution 


Fig. 5—A 4.8% Thorium Alloy Annealed at 550 °C (1020 °F) Magnesium Solid 
Solution Plus MgsTh. x 250 
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Fig. 6—A Nominal 25% Thorium Alloy, as Furnace-Cooled. Primary dendrites of Mg 
in a eutectic of (Mg + MgsTh). x 150 

Fig. 7—A 41.95% Thorium Alloy, as Furnace-Cooled. Nearly complete eutectic of 
(Mg + MgsTh). X 150. 

Fig. 8—A 54.9% Thorium Alloy, as Chill Cast. Primary crystals of MgsTh plus eutectic 
of (Mg + MgsTh). x 750 

Fig. 9—A 63.1% Thorium Alloy, as Chill Cast. Evidence of an incomplete peritectic 

reaction. A primary phase of unknown identity, a reaction product MgsTh and a eutectic 
(Mg MgsTh). x 750. 


loys in the extruded and annealed condition containing 44.47, 45.60, 
53.71% thorium, respectively. Using the derived density of 4.08 gm/c« 
and the formula Mg;Th, the number of atoms in this large unit cell was 
computed to be 120. 

A series of characteristic microstructures in Figs. 4 to 9 illustrate 
the essential structural characteristics encountered in this system. It 











1958 WG-TH AND MG-TH-ZR SYSTEMS 1099 
should be remembered that these alloys tend toward a segregated 
eutectic type structure. Only by furnace cooling can the conventional 
lamellar eutectic configuration be developed. It was decided that the 
third phase in the high thorium alloys (Fig. 9) could not be construed 
as undissolved thorium because the third phase frequently showed a 
clear dendritic shape. 

The maximum solid solubility was determined as the 3-way inter- 
section of the solidus and solvus boundaries and the eutectic line. The 


or 
\ 


emperature 





Fig. 10—A_ Tentative Vertical Section of the 
Magnesium-Thorium-1% Zirconium System 


derived solubility of 4.5% thorium is less than previous workers had 
estimated. Also, the decrease in solid solubility with temperature proved 
less drastic. 


THE SystEM MAGNESIUM-THORIUM-ZIRCONIUM 


The characteristics of this ternary system must derive from the inter- 
action of the peritectic formation of magnesium and the steeply rising 
liquidus of the Mg-Zr system and the eutectic formation of (Mg + 
Mg;Th) with the consequent initial depression of the liquidus of the 
system Mg-Th. Excluding for the moment the possible occurrence of 
ternary intermediate phases, it is to be expected that the most impor- 
tant feature of the ternary system would be the location of a steep 
liquidus surface demarking the solubility of zirconium in the liquid. 

An attempt was made to analyze the form of this ternary system by 
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Table V 
Chemical Analyses of Mg-Th-Zr Alloys Prepared 
Analyzed Composition, % Analyzed Composition, % Analyzed Compositior 

Th Zr Th Zr Th Zr 

1.67 0.57 1.62 0.28 2.34 1.04 
3.42 0.48 3.87 0.02 3.51 0.03 
5.97 0.80 4.91 0.65 5.85 0.88 

5.70 0.66 8.29 0.68 7.88 1.00 

7.27 0.61 10.39 0.86 10.01 0.95 
11.78 1.74 12.35 0.73 11.44 0.91 
10.46 0.99 15.81 0.74 14.75 1.11 
13.01 0.80 21.36 0.73 19.89 1.06 
17.97 1.00 25.14 0.68 26.13 0.91 
22.96 0.75 26.75 0.71 31.46 0.95 
27.88 0.83 33.38 0.66 37.04 0.99 
34.84 1.29 41.51 0.72 34.31 1.02 
41.19 0.51 46.38 0.72 44.25 0.98 
46.19 0.46 50.45 0.71 48.31 1.07 
55.58 0.38 58.88 0.69 53.62 0.61 
$9.25 0.46 62.28 0.70 58.83 0.78 
61.88 0.44 63.11 0.99 


a study of three vertical sections Mg-Th-0.5% Zr, Mg-Th-0.75% TI 
and Mg-Th-1.0% Zr. For each section, at least 16 alloys were pre 
pared covering the range of 0-63% thorium. The analyzed composi 
tions are summarized in Table V. The nominal 0.5% zirconium alloys 
showed more variation than desirable, but the analytical procedure is 
suspect since it was discovered later that the separation of thorium 
was critical to the accurate determination of zirconium. Some of the 
scatter must also be due to heterogeneity of the master alloy used. The 
variations in zirconium content, however, do not appear to complicate 
the problem badly because the pattern of liquidus and eutectic arrests 
for the three sections were indistinguishable even on the analyzed chem 
ical composition basis. Fig. 10 is a construction of a vertical section at 
1% zirconium (nominal) showing thermal arrest data points as wel 
as other data points. Other facets of this diagram will be discussed in 
succeeding paragraphs. 

Examination of as-cast structures revealed two important character 
istics. Addition of zirconium reduces the thorium content of the eutectic 
compositions at 41.83% Th, 0.18% Zr and 38.77% Th, 0.64% Zr, re 
spectively. Fig. 13 illustrates a type of as-cast structure found frequently 
in hypo-eutectic alloys of Mg-Th-Zr with thorium contents greater 
than about 30% thorium. One can distinguish the usual (Mg 
Mg;Th) eutectic and the primary dendrites of Mg plus a very coarse 
eutectic-like configuration reminiscent of the “Chinese Script” struc 
tures in aluminum alloys. The “Chinese Script” structure never occurs 
in binary Mg-Th alloys. Furthermore, in specimens where the “Chines¢ 
Script” abounds, x-ray diffraction identifies only magnesium and 
Mg;Th. It is felt that the two configurations of (Mg -—+ Mg;Th) in 
conjunction with other evidence can be used to infer the phase reac 
tions involved in the solidification of the Mg-Th-Zr alloys. 

Fig. 14 graphically displays the liquidus arrests measured for a larg« 
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Fig. 11—A 41.83% Thorium, 0.18% Zirconium Alloy as Furnace-Cooled from the Melt 
Showing a Eutectic Structure 





Fig. 12—A 38.77% Thorium, 0.64% Zirconium Alloy as Fu e-Cooled from the Melt 
Showing a Eutectic Structure. «K 250 
Fig. 13—A Nominal 37% Thorium, Zirconium Alloy as Furnace-Cooled from the 


felt Showing Primary Dendrites of Magnesium, “Chinese S ripts”’, and Eutect 
(Mg + MegsTh). x 25 


number of alloys. In this range of compositions, the liquidus surface 
appears to be roughly a flat plane. Alloys made up with more than 1% 
zirconium showed what appeared to be undissolved nodular residues 
congregating near the bottom of the ingots indicating that the liquid 
solubility limit for zirconium in Mg-Th alloys is in the neighborhood 
of 1% as Leontis (8) observed. The liquidus surface then seems to give 
the appearance of an inclined plane of negligible transverse slope joined 
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Legend 
@ - Magnesium Solid Solution as Primary Phase 


) - Magnesium Solid Solution as Primary Phase 
Plus Chinese Scripts 


- Compound as Primary Phase 


Numerals Adjacent to Data Points are Liquidus 
Temperatures Determined 
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Fig. 14—Segment of Probable Liquid Surface of the Magnesium-Thorium-Zirconiun 
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Fig. 15—Hypothetical Lines of Primary Crystalliza 
tion (Diagrammatic) in the Magnesium-Thorium 
Zirconium System 


sharply by a steeply rising surface at something above 1% zirconium 
The pertinent evidence on the solidification of Mg-Th-Zr alloys can 
be mobilized as follows: 
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(a) In all of the alloys studied only the phases Mg, Mg;Th and the 
thorium-richer phase of the binary system (at high alloy levels) were 
identified. There appears to be no ternary intermediate phases. The 
Mg-Zr and Th-Zr systems also possess no inte ‘mediate phases. 

(b) Binary invariant solidification reactions to be interrelated in 
clude: L— Mg + Mg;Th, L+Mg,Th— Mg;Th, L + Zr > Mg. The 
high temperature allotropes of thorium and zirconium are continuously 
miscible. 

(c) The thermal arrest data indicate that the peritectic reaction of 
the Mg-Zr system moves towards the eutectic reaction of the Mg-Th 
system. 

(d) The appearance of a “Chinese Script” structure in Mg-Th-Zr 
alloys containing 30-45% Th indicates the occurrence of a ternary 
invariant reaction. 

With these observations in mind, the interrelation of the binary in 
variant reactions is assumed to be of the form shown in Fig. 15. The 
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Fig. 16—Extrapolation of Terminal Solid Solubility at 
550 °C (1020 °F) of the Magnesium-Thorium-Zirconium 
System by Lineal Analysis 


main point of question is whether the ternary invariant reaction is peri- 
tectic or eutectic. Because of the coarseness and configuration of the 
“Chinese Script’ microstructure, the peritectic assumption is pre 
ferred. Ternary eutectics are generally much finer structures than the 
prior precipitating binary eutectics. Moreover, the “Chinese Script” 
structures are invariably attached to primary magnesium dendrites 
which indicates that they crystallized out before the binary eutectic. 

The following hypothesis is advanced to account for the cast struc- 
tures observed. Reference is made to Fig. 10, the Mg-Th-1% Zr sec- 
tion. On cooling a melt containing, for instance, 35% Th, primary 
magnesium is first rejected from the melt, followed at lower temper- 








1104 TRANSACTIONS OF THE ASM Vol. 50 


atures by the co-precipitation of magnesium and zirconium. Simul 
taneous rejection of the two solid phases during this period is likely t 
occur at the surface of the already formed magnesium primary den 
drites. However, the zirconium phase thus formed is consumed by the 
ternary peritectic reaction: L + Zr— Mg + Mg;Th. During the reac 
tion, the precipitated zirconium reacts with the melt surrounding it to 
produce more Mg and Mg;Th, for the first time, until all of the zir 
conium is consumed. As a result, the co-deposition of magnesium and 
zirconium at the outset and the juxtaposed magnesium and Mg;Th 
mixture in the end assume the appearance of “Chinese Script”. 

The remaining liquid solidifies over a temperature range by the joint 
crystallization of magnesium and Mg;Th in a conventional eutectiferous 
configuration. 

Because of the somewhat erratic zirconium analyses it was not pos 
sible to determine solid solubility limits very exactly. Instead, a lineal 
analysis of Mg; Th in 12 alloys was run on specimens annealed at 550 °C 
for 48 hours. The alloys covered the composition range 6-30% thorium 
and 0.5-1% zirconium. The results shown graphically in Fig. 16 indi 
cate that the binary solubility of 3% thorium at 550 °C is not appre 
ciably altered by zirconium additions. 

Alloys containing 8—-60% thorium were annealed at 578, 550, 500, 
400 and 302 °C for times of 48, 48, 120, 352 and 600 hours, respectively) 
Microstructures indicated no solid state reactions occurred. 


SUMMARY 


A phase diagram for the binary system Mg-Th has been constructed 
for the composition range 0-70% thorium. One intermediate phase has 
been identified as having the formula Mg;Th. A thorium-richer phase 
exists but it could not be identified. Between magnesium and MgsTh, 
a eutectic occurs at 45% thorium and 582 °C. The Mg;Th phase forms 
by a peritectic reaction at 772 °C between melt and the thorium-richer 
phase. The maximum solid solubility of thorium in magnesium has been 
set at 4.5% thorium. 

A tentative vertical section for Mg-Th-1% Zr has been constructed 
Lesser amounts of zirconium yield very similar sections. No ternary) 
intermediate phases were found. A ternary peritectic reaction slightly 
above 582 °C: L+ Zr— Mg + MgsTh has been postulated to account 
for a “Chinese Script” type microstructure encountered in cast alloys 
between 30-45% thorium. The solubility of zirconium in the melt is 
of the order of 1% zirconium. The terminal solid solution of magnesium 
is in equilibrium with a phase mixture of (Mg + Mg;Th). The solid 
solubility of magnesium at 550°C is not appreciably altered by zir 
conium. 








1958 MG-TH AND MG-TH-ZR SYSTEMS 1105 


ACKNOWLEDGMENT 
Chis work has been performed under Contract with the Aeronautical 
Research Laboratory of the United States Air Force. This sponsorship 
and permission to publish are gratefully acknowledged. The metal 
lography was conducted by E. Klimek. 


References 

1. A. Jones and R. R. Nash, “Magnesium Alloy Research,” WADC Technical 
Report 53-113, Contract No. W33-038-ac 22542, Materials Laboratory, 
Wright Air Development Center, Ohio, October 1953. 

2. T. E. Leontis, “Properties of Magnesium and Magnesium-Thorium-Cerium 
Alloys,” Transactions, American Institute of Mining and Metallurgical 
Engineers, Vol. 194, 1952, p. 287-94. 

3. J. B. Hess, unpublished research, The Dow Chemical Company. 

4. “Principles of the Effect of Rare Earth Additions on the High Temperature 
Properties of Magnesium,” Seventh Quarterly Report (Report No. 15657), 
The Dow Chemical Company, Contract No. AF 33(038)-16655, Aeronauti 
cal Research Laboratory, Wright Air Development Center, Ohio, Decem- 
ber 1953. 

5. “Creep Behavior of Magnesium Alloys,’’ Second Quarterly Report (Report 
MT 16403), The Dow Chemical Company, Contract No. AF 33(616)-2511, 
Aeronautical Research Laboratory, Wright Air Development Center, Ohio 

6. “Creep Behavior of Magnesium Alloys,’ Third Quarterly Report (Report 
MT 16403), The Dow Chemical Company, Contract No. AF 33(616)-2511, 
Aeronautical Research Laboratory, Wright Air Development Center, Ohio, 
January 1955. 

7. F. A. Fox, “A Note on the Influence of Additions of Thorium to Magnesium- 
Base Alloys,” Journal, Institute of Metals, Vol. 73, 1947, p. 223-224. 

8. T. E. Leontis, “Effect of Zirconium on Magnesium-Thorium and Magnesium 
Thorium-Cerium Alloys,” Transactions, American Institute of Mining and 
Metallurgical Engineers, Vol. 194, 1952, p. 633-642. 

9. D. W. Levinson and D. J. McPherson, “Phase Relations in Magnesium 
Lithium-Aluminum Alloys,” TRANSACTIONS, American Society for Metals, 
Vol. 48, 1956, p. 689-705 

















INDEX OF AUTHORS 


TRANSACTIONS OF 


VOLUME L 


\MERICAN SOCIETY FOR METALS 


1958 
A F 
\brahamson, E. P. II 705-721 Fontana, M. G 
Averbach, B. L 517-540, 634-655 ~=Fortney, R. | 
Avery, C. H. 814-829 


Backofen, W. A... 
Baldwin, W. M. Jr... 
Bartholomew, E. L. Jr 
feck, F. H.... 
Bendel, S. 

Berger, L. W. 

Borik, F. 

Brown, Norman 
Burke, J. E.. 


Carlson, O. N. 


Chapman, R. D 


Christakos, ] isha 


Chubb, W. .. 
Clark, Donald S 


478-497 
803-81: 


. 
3 
370-383 
794 


1047-1062 


384-397 


. .242-257 


541-561 


943-953 


348-369 
242-257 
105-128 


298-304 


14-20, 656-681 


Cohen, M 517-540, 634-655 
D 
Day, D. L. _ 398-417 


Dieter, G. E..... 
Domagala, R. F 
Dorn, J. E 
Douglass, D. I 
ae a Pee 
Duwell, E. J. 


Eichelberger, T. W 
Elliott, R. P 


.. 305-3 


=99 727 
122-73) 


323-339 


. 856-883 


209 


=> 


. 773-802 


. 208-226 


. 738-758 


617-633 


Gibson, E. D 
Grant, N. J 
Gurland, J 
Gurry, R. W 


Hagel, W. ¢ 

Harmon, E. | 
Harrison, Eleanor 
paaweer, FF. B..6655 
Hendrickson, J. 


I [siao, Chi- Mei 


Jaffee, R. I 
Johnston, T. I 
Jominy, W. I 


Kalish, Herbert A 
Kessler, H. D 


Koistinen, D. P.... 


Kozol, ] 


Kramer, 4 


Lagerberg, G 
Landon, P. R 
Lement, B. S 


Levinson, D. W 


1107 


759-772 


. 814-829 


348-369 


.705-721 


..1063-1071 


105-128 


184-207 


. 418-437 
. .994-1005 


856-883 


\....498-516, 656-681 


. 384-397 


1047-1062 


163-183, 242-257 


272-297 
398-417 
227-241 


418-437 


. .803-813 


. 141-162 
.856-883 
141-162 


. 323-339 








1108 


EX i Spear are eee 1047-1062 
Liu, Tien-Shih .............. 455-477 
2 3B Sere 954-980 
l.oomis, B. A . 348-369 


M 


. oes. 438-454 
.. .1006-1030 

+ + 323-339 

a mai wile 981-993 
. «305-322 

. . 305-322 

. .478-497 


. .572-588 


McKinsey, C. R 
McNutt, J. E.. 
McPherson, D. |] 
Mallett, M. W 
Manning, G. K 
Marsh, L. L. Jr 
Marshall, FE. R. 
Martin, W. G 
Mayfield, R. M. 
905-925, 926-942. 954-980 
1006-1030 
. .340-348 
.682-704 


Mehl, R. F 
Mickels« m, 
Mikus, E. B aa 
Muehlenkamp, G. T... . .298-304 
Mueller, M. H ....- -905-925 
Murphy, Daniel ] ... 884-904 


Robert 


sn 


“NI 
to 

ra 
of) 
- 


Newkirk, J]. B 


a 
— 
Ns 
un 
+ 

= 

> 


Owen, W.S , 634-655 


P 


Paliwoda, E. J . 208-226, 258-270 


Parker, Bari R..........c0es 46, 52-104 
Pechin, W. H ... 1081-1089 
Perkins, R. A ....438-454 
Peterson, David . .340-348 
Pond, R. B . .994-1030 
Powell, G. W. . 478-497 


Pugh, J. W... .. 1072-1080 


398-417 
129-140 


Richards, R. S... 
Roberts, Earl C 


TRANSACTIONS OF THE 


ASM 


Ross, S. T.... 
Rostoker, W. 


Ruoff, M. N. 


Sartell, J. A. 
Schwope, A. D 
Semchyshen, M 
Sernka, R. P 
Siebert, C. A... 
Sinnott, M. J 
Spachner, S. A 
Sperry, Philip R 
Steinberg, Morris A 
Stern, M. 
Stricker, C. D 


Thurman, J. W 
Torgerson, C. S... 
Troiano, A. R 
Trzeciak, M. J.. 
Turkalo, A. M. 


Upp, J. R 
Upthegrove, W. R 


Wang, T. P 
Williams, D. E 
Williams, D. N.. 
Williams, R. O 
Wood, D. S 


Yamamoto, A. S 


Zegler, S. 1 


617-633, 838-855, 





Vol. 50 
163-183 


1090-1105 
184-207 


1047-1062 
298-304 
830-837 
163-183 
682-704 

1031-104 
838-855 
589-616 
455-477 
438-454 


105-128 


208-226 
830-837 
418-437 
981-993 


943 


953 


= ==> 


44/4 


759 
1031-1046 


541-561 
1081-1089 
384-397 


562-571 


498-516. 656-681 


10°0-1105 


905-925 











ASM Awards 12, 


iS, 





Activation energy 
for grain boundary self 


diffusion .1039, 1044, 1 


SUBJECT INDEX 


19, 32, 47-52 


ASM Educational Lecture Series.9, 10 
ASM Foundation for Education 
and Research ntovsvsaea=tge 
ASM Gold Medal 51, 52 
ASM Medal for Advancement of 
Research Award. 49, 5 
ASM Periodicals eee ae 
ASM Publications. sa DA Oks OF 
Acid pickling of titanium 
hydrogen absorbed in 438-454 


045 


for recrystallization of 
li alloy RC55.377, 378, 380-383 
for release of a dis 


location 500, 505, 508, 
of creep and growth in 


940, 942, 


of temper embrittlement .691, 695, 


uranium 


Age hardening 

.562 
in Ti-Ch alloys 394 
in Ti-V alloys.418, 427, 428, 435, 


treatments for high temperatur¢ 


classification of systems.. 


alloys 738. 
Aging 
of Cr-Mn-C-N 


of iron-base alloy, hardened 


steels 


with Ti, effect of-cycles 


on properties .738 
of Ti-4Al-3Mo-1V .405-408, 
of Ti-V alloys. iano 
types of cycles used for high 

temperature alloys 738, 


Alcoholic extraction of carbides 


from steel 105 
Allotropic modifications 
of uranium 986 


Alloys 
for high temperature use 
See High temperature alloys 
for nuclear reactors.271, 2 


for use at 800°F 


Alloying elements 
A1-1.25 Mn 


in 








sid niai 
272, 298, « 


514 


949 


1109 





Alloying elements (cont. ) 


in Al-1.25 Mn (cont. ) 
distribution by lineal 
analysis .593, 594 
in chromium, effect on 
BDT temperature 705-721 
In magnesium 
effect on axial ratio. . .859, 877, 878 
effect on transition 
temperature : .. . 880 
in temper embrittlement .683, 691, 695 
Alloy steels, hypoeutectoid 
transformation structures .187—207 
Alpha-gamma transformation 
in pure iron, sensitivity of 
hot hardness tester at 834, 835 
Aluminum 
coefficient of work hardening. 64 
strain induced growth in ab 
sence of recrystallization 373 
Aluminum, bicrystalline 
grain boundary movement. .994—-1005 


micrograph of grain 
999 
994-1005 


996, 998 


bout dary 
plastic deformation in. 
} 


ruptured surtace 


specimen preparation 995-998 
Aluminum, single crystal 

hae 64 
64, 1000, 1001 


Aluminum alloys, airframe 


strain hardening in 


stress-strain curve 
structural 
effects of temperature-time his 
tories on tensile 
properties 814-829 
prediction of tensile 
properties 


827, 829 


sampling and analysis of 


variation . ; 815 
Aluminum alloys, trade designa 
tions 
2024-T3, alclad, effects of 
temperature-time histories 
on tensile properties 814-829 


3003 (3S), relation between 
constitution and ultimate 
.589-616 


grain size 








1110 


Aluminum alloys (cont.) 
7075-T6, alclad, effects of 
temperature-time histories 
on tensile properties... .814-829 
Aluminum-1.25 Mn alloy 
hardness changes during proc- 
essing 


acaaraeen 592, 595-599 
properties of, unhomogenized 


microstructure 


and homogenized ..........591 
relation between constitution 
ONG GIGI SIME k in. cases 589-616 
solid solution composition as 
affected by microstructure. .592 
Aluminum-silicon alloys 
thermally induced stresses in. . . 1063 
Andrade theory of creep........... 79 
Annealing 
of austenitic stainless steels, 
effect on tensile ductility at 


various temperatures .. .803-813 
of ingot iron, stored energy 
measured during ......549-554 


of titanium and its alloys, 
effect of temp. and time on 
final grain size. 371-373, 376, 380 
of uranium, effect of alpha phase, 
upon growth . .907-909, 914, 923 
Annual Address of President... . 14-20 
Apparatus for determining the 
hardness of metals up to 


ge, SE eee er 830-837 
Aqueous extraction of carbides 

rer roots 105-128 
Argon in cathodic etching....... 

ccceadesceec othe SFG) SFO-GOl, Ser 
Atomic diameters (Goldschmidt) 

DD adadsnndhenttaadetaienn’ 619 
Austenite 

in Cr-Mn-C-N steels 
hardening of ............... 794 


stability of ..........782-786, 797 
in Fe-Cr-Ni alloys, effect on 
intergranular corrosion.763-770 
in stainless steel, stability of.... 
Pe ee 478, 489, 492, 495 
Austenite, banded and retained 
in stainless steel, 431, effect 
on transverse properties . 730-736 





TRANSACTIONS OF THE ASM 





Vol. 50 


Austenite transformation 
effect of tension, torsion and 
compression strains on. .493-496 
Austenitic stainless steel 
See Stainless steel, austenitic 
Austenitizing 
of high C steel, effect on prop- 
erty-relationships 163-183 
of mild steel, effect of temps 
on critical stresses 529-531 
Autoradiography 
.685, 686 


687 H96 


methods in ...... 
of carbon 14 in steel 
of intergranular microsegregation 


of radioactive P in steel... . .698 
of role of C in temper em 

brittlement .......687, 691, 696 
of self diffusion of nickel. . 1033, 1034 
photographs ...... . .687, 691-694 


resolution in .... 700, 701, 703 
Axial ratio (c/a) 
relation to prismatic slip in 
Mg-Li alloys 


. .856, 859, 874, 877, 878, 881, 883 


BDT of binary Cr-base alloys.705-721 
BDT temperature 
bend test for....... 706, 707, 718 
correlation with electron con- 


figuration ..... 712, 713, 715-717 
definition .......... inte ae 
theory for.......... .716, 717 

Becker theory of creep.........79, 80 
Bend test for BDT....... 706, 707, 718 


Bens hot hardness tester. .831, 834, 836 
Beryllium 
correlation of slip mechanisms 
with axial ratios. 877, 883 
Bicrystals from single crystals 
illustrations and schematic. .996-998 
specimen preparation 995-998 
Binary alloys 
Laves phases in, of transition 
elements 618-623 


Brillouin zones 


in Laves phases .617, 618, 622, 628-630 


878 


theory 





1958 


Brass 
effect of grain size on creep 
in 70-30 
strain induced growth in absence 
of recrystallization 
thermal stresses in two-phase 


Brittle-ductile transition 
See BDT 
Brittle fracture 
with ductile 
, 662, 


contrasted 


678, 680 


35, 647, 651 
in chromium alloys . 705-7 
in mild steel 
critical tensile stress for .673, 676 
effect of notch geometry. 
; . .656, 658, 675 
effect of stress rate 675 
effect of temperature .675, 677, 680 
initiation of 56-681 
under tension at —196 °C..635-655 
relationship to crystal structure. . 
Brittle fracture strength 
equation for 
of magnesium 
Brittleness 
in austenitic stainless steel, and 
carbide precipitation ...803-{ 
in chromium, theories on 
Burger’s mechanism of strain 
hardening 


Burger’s vectors in slip. . .876, 877, 


C-T diagrams 

for Cr-Mo-V steel 190 

for Ni-Cr-Mo steel , 191 

for Ni-Mo steel 

re 202 
Cadmium 

correlation of slip mechanisms 

with axial ratios 

growth of, from vapor... . 1006-1030 
Campbell Memorial Lecture .46, 52-104 
Campbell dislocation theory of 

yield point 


SUBJECT INDEX 


Carbide extraction 


electrolyte 114 
equipment 111 
handling of residue 8-123 
variations in conditions..... 115-118 
variations in tempering 
temp. 3-126 
Carbide precipitation 
globular type in alloy steels. 194, 200 
in austenitic stainless steels 
brittleness and 813 
microstructure , 810 
Carbides, grain boundary 
in stainless steel, effect on 
properties 
Carbides, residual 
in Cr-Mn-C-N steels. . 
Carbides 
in carbon steel, extraction 
method for 


. 780-782, 7 


in steel, thermo-magnetic 
properties 
Carbon 
diffusion gradients in carbon 
201, 202, 
in case of a carburized steel.... 
se Aby 250, 230; 
in cementite, Curie tempera- 
ture analysis 
in Cr-Mn-C-N steels, stabilizing 
effect of, on austenite 
783, 784, 788, 789, 793 
leaded steels, effect on 
machinability 266, 270 
3140 steel, temper embrittlement 
and 2-704 
340-347 
in uranium-low titanium alloys 
904 


in thorium, solubility of 


Carbon 14 
in autoradiography of steel. .685, 686 
Carbon steel 
carbon diffusion gradients...... 
202, 206 
extraction of carbides from. . 105-128 
temper embrittlement in.683, 699, 702 








1112 


Carbon steel, high 
fracture behavior vs. 


hardness ............. 163- 
torsional strength and electron 
microstructure ........ 163- 


Carburization of steel 


stress distribution in case. . .227- 


x-ray diffraction study of. ..227- 
Cathode ion bombardment........ 
Cathodic etching ............572 


argon used in . .574, 579, 
cathode cooling in. .580, 581, 583, 
cathode shielding ......5 
conditions for several alloys 
equipotential lines in model. . 
ionization efficiency in.. 
.573, 574, 578-580, 

krypton use in 


584, 
..578, 580, 


normal and oblique incidence... 


magnetic field use in 


582-585, 
of copper-2.5 iron alloy......... 
of gold-nickel ................. 
of electroplated steel.......582 
of radioactive and nonradio 

active materials oe 
of sintered compacts....... 579, 
ot stainless steel........... rn 
operation procedure 575 


OEE BEE ccc ccvtcvcacewnas 
safety precautions 

time and temperature 

.582, 586, 


time-pressure elements, with 


characteristics 


and without magnetic field 
. .578, 586, 
vacuum equipment .573-576, 580, 


Cathodic reaction to lessen 


corrosion in titanium . 438, 440, 
Cementite 
in high carbon steel... .175-177, 


in steel, effect of Mn on 
Curie point ......... 

phase changes during quench- 
aging 141 

thermo-magnetic properties ..... 


Ceramic single crystals 


ductility at room temp...... 100, 


LRANSACTIONS OF 


183 


183 


241 


238 
572 
588 
587 
587 


587 


.579 
. 581 


587 


587 


585 


587 
581 


441 





THE ASM Vol. 50 
Chemistry 
of lead in leaded high S steels 


CicRb aw eet ainas 208-226 
Chinese script structure 
in Mg-Th-Zr alloys.. si 
1100, 1101, 1103, 1104 
Chromium 
ductile-brittle transition 


.. 843, 845, 854, 1077, 1079 


ductility with strain rat 718 
effect of alloying elements 
on BDT temperature 705-721 
effect of contaminants on 
transition temperature 838 
effect of Fe and W on transition 
temperature S48 
effect of purity on ductility 
s bacbieod 838, 847, 848 
Goldschmidt atomic diameter 619 
hardness vs. aging temperature. . 1073 
high temp. properties of 
forged . 842-847 
in Al-5 Mg alloy 
effect on recrystallizatior 
vi nein 610-612 
in Cr-Mn-C-N steels, stabili 
ing effect of 784, 799 
mechanical properties of 
forged 838-855 
preparation of ingot 1072, 1073 
rheotropic recovery in 848-850 
strain rate sensitivity 718, 720 
stress-rupture properties. . 1072-1080 
tensile properties . 1072-1080 
transition temperature 848-850 
valencies used by different 
630 


investigators 
Chromium alloys 


for high temperature use. .1072, 1080 


Chromium-aluminum alloys ..711, 712 
Chromium binary alloys 
BDT temperatures 705-721 


electronic configuration and 


705-721 


mechanical behavior 


Chromium-boron alloys 711, 712 
Chromium-beryllium alloys 711, 713 
Chromium-carbon alloys . 711, 712 


Chromium-cobalt alloys 
. 708-710, 


713-715 








SUBJECT 


1958 


Chromium-columbium alloys 


ie aha oldest Net ela a 709, 711, 713 
Chromium-copper alloys 713 
Chromium-hafnium alloys ..713 


Chromium-iridium alloys .... 

b cara acini 708-710, 713-715 
Chromium-iron alloys . ; 
ivebames 708-710, 713-715 
Chromium-manganese alloys 

eeaiave .708-710, 713-715 
Chromium-Mn-C-N stainless steel 

phase relationships in 773-802 

Chromium-Mn.-C steels 


isothermal section at 2100 °F 781 
Chromium-molybdenum alloys . 
oe 709, 710, 713, 715 
Chromium-Mo-V steel 
hardness with various quenching 
treatments ...187, 206 
isothermal and cooling trans 
formation curves ..190 


transformation structures in 
ne 195, 196, 198 
Chromium-nickel alloys 
708-710, 713-715 
707, 712, 718 


712 


Chromium-nitrogen 
Chromium-oxygen 
Chromium-palladium alloys 
.708-711, 713-715, 718, 720 
Chromium-platinum alloys 
708-710, 713-715 
Chromium-rhenium alloys 
, 708-710, 713-715 
Chromium-rhodium alloys 
; 708, 709, 713, 714 
Chromium-ruthenium alloys 
. 708-710, 713-715, 717, 719 
Chromium-silicon alloys 711, 712 
Chromium steels 
influence of Ni on intergranular 
corrosion of 18% Cr .759-772 
Chromium-tantalum alloys 
sede, dhl, 71d 
rg P 


o*) 


Chromium-technetium alloys 
Chromium-titanium alloys .... 
. 709, 711, 713 


709, 710, 713 


VDEX 1113 


Chromium-vanadium alloys 709 
Chromium-zirconium alloys 
SP Nee ee 709, 711, 713 


519, 533 


Classification of precipitation 


ee 562-571 
Coalescence in precipitation 
of Al-1.25 Mn alloy.. 601, 616 
Cobalt 
coefficient of linear expan 
sion 1065 
effect of, on WC lattice 
spacing . 106¢ 
Goldschmidt atomic diameter 619 
Poisson's ratio 1065 
valencies used by various inves- 
tigators 630 
Young’s modulus 1065 


Cobalt-base alloy, trade designation 
HS-21 (effect of double aging 
757,75 


on stress-rupture ) 
S-816, hardness (70—2300 °F. ) 


Coefficient of expansion 
of cobalt i neskOe 


f uranium .954, 970 


Coherency in precipitation. . ..568, 569 
Columbium 
effect on alpha and beta Ti 384 
Goldschmidt atomic diameter 619 
Laves phases in..... 617-633 
plastic strain prior to abrupt 
yielding ... ta ee 536 
stress-strain prior to abrupt 
yielding 538 
Composition 
of Cr-Mn-C-N steels, effect of 


solution treatments and, on 


hardness 788, 792, 795, 796 


of leaded steels (type A) 
effect on machinability 


. 261, 262, 264-267, 


269 


nonleaded hearth free 


of open 
cutting steel, effect on 
machinability 258 
of uranium, effect on thermal 
CHCHIME STOWE... iio ceecca 947 
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Compression testing 
of austenitic stainless steels 
eT = 481, 488, 489, 496 
Constitution of Al-1.25 Mn alloy 
effect on grain size.........589-616 
Constitutional diagram 
See Phase diagram 
Contaminants in chromium 
effect on transition temperature. .838 
Continuous cooling 
microstructure of low alloy steel 
I 6 ce cd enewenes 244 
Cooling rates in thermal cycling 
for uranium, effect on growth... 
912, 918, 919, 931, 932, 935, 
937, 938 
Cooling rates (quenching) 
for U-low Ti alloys, effect of 
heat treatment and, on 
properties .888-896, 899, 903, 904 


Cooling transformations in steel 


See C-T diagrams 
Copper 
creep rate vs. grain diameter 
in polycrystalline ........... 90 
Goldschmidt atomic diameter... .619 
stress-strain curves for 
single crystal Leas nenesdeee 
Copper alloys 
effect of electron concentration 
on yield strength...... ..97 
stress-strain curves for 
single crystal ....%.......96, 97 
Copper-2.5 iron alloy 
cathodically etched .... .....578 
Copper-nickel alloy (62:38) 
oxidation behavior ....... 1047-1062 


Copper oxides (CuO) and (Cu.O) 
growth rates in oxidation- 
kinetics study on Cu-Ni 
1051-1057 
1062 


alloy cee eces 

orientation 
Corrosion rates for Fe-Cr-Ni 

GND 6 cin s 6eedewss-naminins 763-770 


Corrosion resistance 


of uranium Vetadmaawcie 898 

of U-low Ti alloys eoees 894, 897-899 
Corrosion tests on stainless 

WE lacthccuadtak saan 762, 763 


TRANSACTIONS OF 
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Cottrell atmosphere ... 
Baraca 83, 92-94, 98, 500, 516, 537 

Cottrell-Bilby theory of initial 
dislocation release 500, 501, 514 


Cottrell mechanism of 


hardening ... 92-94 
Cottrell strain aging theory 878 
Cottrell theory of creep 83, 91, 92 
Creep 

activation energy for 87 
deformational mechanisms for 
eSeetioncts 976, 977 
effect of grain size on 89, 90 
in high purity nickel 85, 86 
in mild steel, in nonelastic 
deformation ..521, 522, 524, 534 
in uranium 949, 951 
effect of temperature 
variation 936, 940, 942 
shape of curves . 84-86 
theories of 79-9] 
Andrade .. . 79 
Becker 79, 80 


Cottrell atmosphere 


&3. 9 92, 94. 98 


exhaustion ..... 80, 81 
Kauzmann rate process 81 
Te hie wnewiew - 83, 84 
Kochendorfer .. 82, 83 
Nowick and Machlin rate 82 
Orowan modification of 

Becker . SU 
recent sacs &4 


growth com 
954, 976-978 


thermal cycling 
pared with 
Creep-rupture properties 

of high temperature alloys 

effects of aging treatments 

on re ; 3 

of iron-base alloy, hardened 

with Ti, effect of aging 

743, 744, 748-753 
effect of notched and plain 

bar tests . 743, 744, 748 

/ 


cycles on . 


Critical size nucleus 
Crystal growth in cadmium 
effect of temperature 
1016, 1018, 1024, 1028, 1029 
1016 


hexagonal symmetry 
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Crystal growth in cadmium (cont. ) 


mesa growth 1026 
no screw dislocations in. 1028 
ridge boundaries 1011-1013 
sloping growth fronts 1025—1027 
step growth .1012-1027 


trigonal wakes and ramps. 1023, 1025 
Crystal growth from vapor 

cadmium 1006-1030 
continuous microscopic and in 
observations 


1001 


terferometer 
during 1007 
defects appearing at low 


temperature 1023, 1025, 1026 


equipment and process 1007-1011 
Crystal orientation 
of copper oxides 1062 


of titanium hydrides 468, 474-476 


Crystal structure 


in precipitation 569 
relationship to brittle 
fracture ewe oe 657 
Crystallographic deformation 
in uranium during thermal 
cycling 970-976 
Crystallography 
of zirconium hydride precipi 
tation 455-477 
Crystals, metallic 
dislocation in f.c.« . aecvend ee 
schematic diagram of disloca 
tion in 5 tia 71 
strain hardening in ...62-72 


Crystals, nonmetallic 


plastic properties in 


100, 101 
Cycling unit, vertical tube 929 
Debye-Scherrer powder camera 
sens ea eee est 
Defects in crystal growth from 
vapor. .1011—1013, 1023, 1025-1027 
Deformation 
in ingot iron at low temps... .541—561 
in Ti and Ti alloy, effect of 
amount on final grain size 


er 371-375, 380, 382 


of alpha solid solutions of 


lithium in magnesium. . .856-883 


SUBJECT 


INDEX 
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Deformation (cont 


f various Mg alloys at 78 °K 
. 861-864 
type or mode influencing trans- 
formation in stainless steel. . 


485-496 


Delay time 


in low C steel vs. tensile 
stress .503, 511 
in mild steel, before fracture 
. .640, 648, 649, 651, 654 
in yield phenomena... .498, 499, 


505-507, 513-516, 519, 535, 536 


Delta ferrite 


in Cr-Mn-C-N steels 
774, 775, 778, 780, 797, 799 
in stainless steel 431 
ettect on transverse 
properties .... ..ee-had 
rostructure 728, 729 
Diffusion anneals of nickel... .. . .1033 


Diffusion 
in oxidation kinetics of 62:38 
Cu-Ni alloy... .1057-1059, 1061 
lrogen into titanium 441 
. 987-993 
1031-1046 


Dimensional instability of uranium 





of hydrogen into uranium 


of nickel 63 into nickel. 


upon thermal cycling 
905, 926, 943, 954 


54-62 


Dislocation 


climb 74, 75, 87-90 
density in ingot iron... .553, 554, 560 
edge or line.. : bis eaeene ae 
in lithium fluoride crystal........57 
in nucleation 566, 567, 568 
loop ern a chaos diaie . 58-60 

generation of 500, 508, 514 
schematic at barriers eee 
scre ° TTeT TT. 56, 61 
sessile ‘ rere yey 


Dislocation pile-up theory of 


fracture 634, 647, 651-653, 655 


Discontinuous grain growth 


in Al-Mg alloys 610, 615 


Discontinuous yield theories. .517, 518 
mild steel. . .. 498-516 


applied to 
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Discontinuous yielding 
in austenitic stainless steel 
478, 483, 485, 486, 490-495 
Dissociation pressures 
of hydrogen-uranium 
983-986, 988, 990 
Documentation ...... 27 
Domain structure 
in zirconium-uranium alloys.... 
soe Cae 


Double age 


advantages 
application to Fe-base alloy, hard- 
ened with Ti......749, 751, 
definition ; 
Ductile-brittle transition 
See also BDT 
Ductile-brittle transition tem- 
perature for chromium...... 
843, 845, 854, 1077, 1079 
effect of grain size on 851 
effect of impurities on 848 
effect of prestrain and strain 
rate on ita -851 
Ductile fracture vs. brittle 
: 661, 662, 678, 680 
Ductility 
of austenitic stainless steels 
vs. strain rate at various 
temperatures , 807 
838, 845-848, 851-854 
845-847 
.718 


of chromium. . 
effect of strain rate 

of chromium alloys 

* Mg-Li alloys at low 
. 856-883 

389, 391, 396 


temperatures 
of Ti-Cb alloys... .388, 


Educational Lectures . . ..9, 10 
Effect of manganese on the Curie 
point of cementite 129-140 
Effect of oxide recrystallization 
on oxidation kinetics of a 
62:38 Cu-Ni alloy 1047-1062 
Effect of percent tempered 
martensite on endurance 
limit . 
Elastic limit 
definition .. sc 
effect of temperature on 


TRANSACTIONS OF THE ASM 


Vol. 50 


Elastic-plastic boundary around 
notch in mild steel 
, . .660, 665, 666, 668-677, 680 
Elastic-plastic stress analysis 
of notched specimens of mild 
; 656-681 
Election of Officers .. 45, 46 
Electrical resistance 
of Ta-Cb alloys (30—1000 °C.) 
1083, 1086, 1087 
Electro-etching 
of U-low Ti alloys 
Electrolytic extraction of car- 
bides from carbon steel... 1(5 
Electron: atom ratio 
for binary and ternary 


calculated vs. theoretical 


Electron configuration in 
chromium alloys, correlation 
with rate of transition tem- 
perature change .. 705 

Electron microscopy 

of high carbon steel 51100 


steels 
of iron-base alloy hardened 
with titanium .. 754, 
of role of carbon in temper em 
brittlement of steel 682 
of steel during quench-aging.141- 
of steel, phase identification 
Elongation in tensile fracture 
behavior of mild steel at 
—196°C. .. 637, 641, 
Embrittlement 
in austenitic stainless steels 
effect of microstructure on. 803 
extent after sensitization 
in steel, effect of P and N on 
in alpha Ti and alpha Ti alloy 
— - 4°55 
in Ti-V alloys .. 
418, 429, 431, 433, 435 
Endurance limit 
of steel vs. percent martensite 
242-2 
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Energy (stored) from plastic 
deformation, release by 
.541-561 
. 14-16 


annealing 
Engineering Education 
Etchants for revealing grain 
boundary segregation in steel 
695, 701, 702 
bombardment 


572 


Etching by gas io 
Abe Dawes oe 585 
See also Cathe dic etching 
Evaluation of a new titanium-base 
sheet alloy, Ti-4Al-3Mo-1 V 
398-417 


80, &1 


Exhaustion theory of creep.. 


Extraction, electrolytic of carbides 
. 105-128 
106-111 
118-123 
111-118 
115 


from carbon steel 
cell 
handling the residue. 


for 


methods 


variations in conditions. 


Fabrication of uranium, effect of 
upon thermal cycling 905- 
Fatigue strength of low alloy steel 
effect of hardness on. 255, 
effect of microstructure on. . .242- 
effect of stress raisers on. a0, 
Fatigue testing of low alloy steel 
. 249-2 
need of statistical treatment in 
256, 
Ferrite 
decomposition of, during quench 
aging 141 
in Fe-Cr-Ni alloys, effect on in 
tergranular 


( orrosion 763 


in stainless steel 431, effect on 
transverse ductility 
726-730, 734, 
phase changes during quench 
aging 14] 
Ferromagnetism of cementite 
effect of manganese on... 129- 
effect of temperature 
Fick’s diffusion laws 
Fisher activation energy ... . 
.508, 513, 514 
.1039-1041 


Fisher mechanism of hardening .94, 96 


Fisher diffusion formula 


INDEX 


Flow and fracture 

52-104 
Flow curves for Ti-Cb alloys. . 390, 391 
. 841, 851 


modern concepts of 


Forging of chromium 
Formability of 
li-4Al-3Mo-1\ 


‘racture 


. 401, 411, 413, 415 

dislocations in .99, 100 

in alpha solid solutions of 
Liin Mg 

in mild steel at —196 °F.. 

in notched specimens of 

667, 671, 674-6078 


168 


858-883 


. .634 655 


mild steel 
in 51100 steel 
in various Mg alloys at 

78 °K aut 861-864 
resistance to initiation and 

propagation in .678-681 
Fracture strength 
871, 872 
56-60, 98 


654 


of Mg-Li alloys 
Frank-Read sources 
in dislocation 
in low carbon steel ie 
499, 500, 506, 508, 509, 514, 515 
p =a .875, 876 
in yield phenomena... 
Free grain boundaries 
Fringe motion in microinter- 
ferometry 1010 
Gas ion bombardment etching. : 
Genuage treatment 
ipplication to Fe-base 
alloy .749-751, 754-756, 
definition , 
Gold nickel, cathodically 
etched compact 
Goldschmidt atomic diameters 
table . 


Grain boundary 


.619 


1032 
ahi 971-974 
in uranium, upon thermal 
944-953 


995 


angle, defined .. 


cycling 
tree TECTRETe ore Ty 
movement in bicrystalline 
994-1005 
998, 999, 1002 


1031-1046 


aluminum 
illustrations of 
self-diffusion of nickel 
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Grain boundary (cont.) 
self-diffusion of nickel (cont. ) 
calculation of coefficients 
by various formulae. 
1039-1044 


parameter for various misfit 

angles vs. reciprocal 

temperature 1043 

sliding or flow in thermal cycling 

of uranium. ..946, 947, 949, 

951-953, 964, 971-976, 980 

transverse 

method of 
998, 
999, 


1004 
1002 


production. ....977, 
translation in .998, 
Grain coarsening in titanium 
and various Ti alloys.370 


Grain growth 


383,459 


370-383 
solution 


in commercial Ti RC 55.... 
in superalloys during 
treatment 
1 Ti alloy TI-100A 
Grain refinement AI-1.25 
Mn alloy ...........606, 


Grain size 


. 370-383 
614, 615 


effect on creep rate 
in Al-1.25 Mn alloy 
effect of constitution on. . .589-616 
effect of homogenization. 
594, 595, 598, 601, 602, 
605-610, 
of precipitate in recrystalli 
zation 605, 613- 
effect on 
.850, 851, § 


in chromium, 
ductility ‘iy 

in Cr-Mn-C-N steels 
effect of solution treatment 


in Mg-14.5 Li alloy 
heat treatment and 
in flow and fracture 

in mild ani ffect on eatie 

limit and edad 

yp 533, 534 

flow and 
.872, 873 


stresses .. 
in pure magnesium, 


fracture stress 


PANSACTIONS OF 


THE ASM 
Grain size (cont.) 

in titanium and its alloys, effect 
of prior- to deformation on 
final size . .371-376, 380, 382, 383 
effect of 


1067, 


in tungsten carbide, 
on lattice spacing 1068 
in uranium 
during growth 919, 922, 923 
effect on creep ; 977 
effect on thermal cy ea 
growth .956-970, 
in zirconium-uranium 
alloys .... 
Griffith-Orowan theory of brittle 
fracture 635, 647, 651 
Grip effect in tensile testing 
on aluminum bicrystals. . 994-1005 
Growth 
of cadmium from vapor 1006-1030 
of uranium upon thermal 
.905-925, 926-942, 
943-953, 954-980 
1007, 
1007, 


cycling 


1008 


1010 


Growth-cell assembly 
sensitivity of 
Growth rate in thermal cycling 
mathematical analysis 930, 931 
proposed mechanisms for 
954, 955, 976 
Habit planes in precipitation for 
titanium hydrides .. . .468, 474 
Hafnium 
allotrophy 
atomic radius ..... nino. cea 
Goldschmidt atomic diameter. 
Laves phases in.. sas ect 
melting and transformation 
temperatures 
physical properties 
Hafnium binary alloys 
Hagg type pericarbide 
, 170, 179, *82, 183 
Shain 


bstitutional 


by interstitial and su 
atoms 
in Cr-Mn-C- 


of constituents on. 


N steels, etiect 
786, 792-796 


00 


in two phase systems 
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Hardness 
of alloy steels... se . »-205-207 thermal cycling of uranium, 
of Al-1.25 Mn alloy ats effect of-on growth 

.591, 593, 595, 598, 600, 601, 604 931, 932, 935, 937, 938, 946, 947, 951 

of austenitic steels, effect of 


Heating and cooling rates in 


Heat treatment 
of Al-1.25 Mn alloy, effect 
on ultimate grain size. . .589-616 
430 chromium steel, effect on 
intergranular corrosion.... 
. 759, 760, 762, 764 
high carbon steel, effect on 
property relationships. . 163-183 
iron-base alloy, hardened with 
titanium, effect on properties 
743, 744 


composition on 
of Cr-Mn-C:N steels 
effect of composition and 
solution treatment on 
ing 
3, 107 


of ingot iron vs. annealing 


of chromium versus ag 

temperatures. . . 107. 
temperature ‘ 

of iron-base alloy hardened 

titanium fas 

effect of aging cycles magnesium alloys, grain 

effect of heating rate sizes and 


stainless steel 304, to produce 
susceptibility to inter 


of low alloy steels 
effect of-on fatigue 
vs. percent martensite granular corrosion.759, 760, 762 
of mild steel at low tempera of stainless steel 431, effect o 
tures, notched specimens mechanical properties. ..7 
.. 668, 669, 671, of thorium-carbon alloys 
f Mo and Mo-0.5 Ti alloy, of tl 


iorium-hafnium alloys 
correlation with creep-rup 


f thorium-zirconium alloys 
ture properties ‘ 835, 837 f Ti-4Al-3Mo-1V ....399, 400, 
of 51100 steel, vs. torsional 402, 403, 405, 406, 410-412, 415 
yield strength ‘ 167 of Ti-Ob alloys coc5c cnc 0 cd 
of thorium-carbon 340, 345, 346 t Ti-V alloys.418, 420-424, 431, 
f Ti-4Al-3Mo-1\ sods ..414 of turbine blades, effect on 
of Ti-Cb alloys... .388, 389, 393, 396 microstructure and 
of uranium-low titanium alloys. . properties 
. 894-896, 898-901. 904 fur 


_ +O, 
inium, effect of variables 
of zirconium-uranium alloys on growth ... 910-922 

298-. uranium-low titanium alloys 
isotherms in system 


effect on microstructure and 
table 


ois itson , properties ...... 888-901 

temperature relationships ... .303 of zirconium-tin alloys, 

Hardness at elevated temperatures effect on t 
See Hot Hardness 

Hardness testing up to 3000 °F. 
equipment . 830 


nsformation 


ran 
kine os . ae, 326. 334, 337 


irconium-titanium alloys, 


effect on transformation 


variations in readings netics .. 326, 330, 337, 338 
Heat of solution Hexagonal symmetry in 
of hydrogen in uranium 990, 991 crystal growth ..... 1015, 1016 
Heat resistant alloys High temperature alloys 1072, 1080 
See High temperature alloys and See al 


Ct 


so Superalloys 
Superalloys cathodically etched . eer 
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High temperature alloys (cont. ) 
effect of aging cycle on 
. 738-758 
. 398 


properties 
Pi-4Al-3Mo-1V 
trade designations 
GMR 235, cathodically etched .584 
High temperature properties 
of chromium ... 1072-1080 
of 62:38 Cu-Ni alloy. .....1047-1062 
of forged chromium. . .842-847 
of Fe-Cr-Mn-C-N alloys.......801 
of molybdenum . 1076-1078 
of Ti-4Al-3Mo-1V 
398, 401, 408-410 
of tungsten . .1076-1078 
High temperature X-ray analysis 
equipment 
Homogenization 
of Al-1.25 Mn alloy, effect on 
ultimate grain size 589-616 
of powdered compact alloys of 
Zr-U 271, 278-288, 292 
Hot hardness 
of Fe-Cr-Mn-C-N 
of Zr-I 
Hot hardness testing 
methods and equipment 
299, 300, 800-837 
299, 300 


795, 801 
298-304 


alloys 


system 


vacuum machine 

Huey corrosion test on stainless 

steel coceessncdOy #00 
Hydride layer on titanium 

.449-451 
446-448, 451 
Hydride precipitation in alpha 

titanium and alpha titanium 


.455-477 


significance of 
stability of 


alloys 
Hydrogen contamination in 
titanium 438, 439 
Hydrogen embrittlement 
in Ti and Ti alloys .455-477 


449-451 


in zirconium ; .. 457 


surface hydride layer 


Hydrogen 
in titanium 
absorption and distribution 
during pickling 


TRANSACTIONS OF THE 


ASM 


Hydrogen (cont.) 
in titanium (cont. ) 
environmental factors affecting 
absorption and distribution 
438-454 
441 
significance and stability of 
. 446-451 
456, 472 


hydride layer 
solubility in 
in uranium 
absorption by powdered 982, 983 
heat of solution 990, 991 
981-987 


? 
4, 990-992 


solubility in 
in zirconium, phase study 457 
-uranium relationships 981-993 
Hydrogenation treatment 
modified Sievert’s apparatus 
460 


Hypoeutectoid alloy steels 


transformation structures 184 


Impact brittleness in alpha Ti 
and alpha Ti alloys, hydric 
precipitation and 455 

Impact properties 

of Ti-V alloys 
.420, 421, 425 
of U- low Ti alloys 

Impact transition curves for 
Ti- V alloys 426, 

Impurities in chromium 

1072-1074, 1079 


Inclusions in free-cutting steels 


$27, 432 


894-896, § 


427, 434 


effect on properties 


effect on machinability . .258-268, 270 
effect of size.. 267, 2 
Induction thermal cycling 
equipment 927, 
Ingot 
segregation in 218, 2 
a large 


213, 214, 216, 2 


solidification in 


Ingot iron 

Sce Iron, ingot 
Inhibition of recrystallization 

in Al-1.25 Mn alloy.607-610, 613, 
Intergranular corrosion 

in 18% chromium steels, effect 


of nickel on 759 





1958 SUBJECT 
Intergranular corrosion (cont. ) 
in chromium steel 430, effect of 
heat treatment and stabilizing 
760, 761 


.763-770 


elements on 
in Fe-Cr-Ni alloys. 
in stainless steel 304, effect of 
heat treatment and stabilizing 
elements on 760 
Intermediate phases in alloys of 
the transition elements. . .617-633 
Iodide extraction of carbides 
from steel 
lonization efficiency increased by 


use of magnetic field 


> 
J/ 0, 


. 105-128 


578, 587 
Iron 
Goldschmidt atomic diameter. 
hardness (R.1 2300 °F.) 
pure 
in forged chromium 
valencies used by vari 
investigators 
Iron, ingot 
energy stored in, detormed 
torsion 
test 
plastic deformation by 


method 


torsion 
specif heat at vari 


temperatures 543, 547, 548 
Iron-base alloy, hardened with Ti 
effect of aging on properties 
738-758 
Iron-carbon alloy 
phase changes during quench 
145-149, 158, 160 


22 
d9 


aging 
thermo-magnetic analysis 
Iron-carbon-nitrogen alloy 
phase changes during quench 
aging 154-160 
Iron-Cr-Mn-C-N alloys 
levelopment of nickel-fre 
steels for high 
temperature use 
high te mperature properties 
phase relationships in 
Iron-Cr-Mn-N alloys 


phase relationships in 


INDEX 
Iron-nickel, single crystal 
habit planes in precipi 
tation 
Iron-nitrogen alloy 
phase changes during quench 
aging 149-154, 159, 
Iso-embrittlement diagrams 
for steels 
Isothermal annealing of 
titanium RC-55 
Isothermal and cooling transfor- 
mation 
Cr-Mo-V 
Ni-Cr-Mo steel 
Ni-Mo steel 
4340 steel 
Ti-V alloys 
Zr-U alloys 


305, 306, 308. 


160 


HYY 


+= 


3/8, 3/ 


190 


1 
19] 


steel 


189 
202 
$20, 421 


315 


Kauzmann rate process theory 
of creep 81, 

K. analysis of creep .... 
Kirkendall diffusion experiments 
.1061, 1 


83, 


Kochendorfer theory of creep. . .82, 


Krypton as etching agent 572 
arson-Miller parameter for rup- 

ture and creep tests 
_aszlo stress calculations 

.1064, 1069, 1070 

_attice constants 
341 
364, 


of thorium-carbon 

f thorium-hafnium alloys 

f thorium-zirconium alloys. 

349, 356, 

-attice parameters 

of alloys containing transition 

elements 620, 

874 
1084 


f magnesium alloys 862, 
vs. composition Ta-Cb alloy 
attice self-diffusion coefficients 
for Ni 63 into Ni. . 1034, 1037, 
1039, 1040, 1045, 


effect of misfit angle on ratio 


1046 


of grain boundary diffusion 
oefficient to lattice diffu 
sion coefficient 
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Lattice spacing 
of WC in WC-Co alloys. .1066, 1067 
of WC leached powder......... 1066 
Lattice symmetry in crystal 
icn dish atate a een 1015, 1016 


aves phases 


growth 


crystal structure in transition 

elements 
general characteristics ......... 
in transition element alloys. .617-033 


melting points of binary..... . .620 
miscibility ranges of, in 

quasi-binary systems ....... 624 
occurrences as function of 

diameter ratio ............. 621 
stability ranges of, in transi- 

tion element alloys ......... 629 


Lead 
in leaded high S steels 
effect of casting and rolling 
. 213-222 


. 208-226 


on dispersion 
microdispersion 
morphology and chemistry 

of ' 208-222 


in leaded steels 


effect on machinability. . . .258-270 
Liquid Metals, ASM Seminar 

ree re 
Lithium fluoride, dislocation in... ..57 


Lithium in magnesium 
effect on axial ratio (c/a)..... 
efiect on lattice parameters ..... 874 
effect on low temperature 
tha mhed diana 871, 880 
effect on strain hardening. . .866, 880 
effect on yield strength. .866, 870, 871 
Lloyd-Mayfield creep and relax- 
949, 952 


ductility 


ation theory ............. 


Loading of mild steel 
patterns, effect on yield 


point sla: ints ia ttvatosk 511 
rate at —196 °C., effect on 

properties ..... 634, 638-642, 651 
time, effect on stress-strain 

CUPVES. .cccsivcins. 521 


tests on notched specimens 
at low temperatures..... 664-667 


TRANSACTIONS OF THE ASM 


Vol. 50 


Low carbon steel (OQ, 17 C) 
effect of stress rate and temper 


ature on yield stress... .498-516 
initiation of brittle fracture 
Bs aes ede 656-681 


log. delay time vs. tensile stress. .503 
upper yield point vs. stress rate. .504 
Low microcrack theory of 
fracture.634, 635, 646-648, 651, 652 
Low temperature deformation 
in austenitic stainless 


NE wratthaksKenras 481-489, 492 
in ingot iron ........ ....- 541-561 
in mild steel .......... .517-540 
Low temperature properties 
of low carbon steel.........498-516 
of magnesium-lithium alloys .856-883 
of mild steel........ 634, 655-681 
Low temperature tensile testing ‘ 
of notched specimens of mild 
SEE acc edexs nae 656-681 


Low temperature yield stress of 
a low carbon steel, effect of 
variables on .... 198-516 


Liiders’ bands in mild steel 


in yield phenomena... .517—520, 


524-526, 531-533, 536-539 


Machinability 
index of 
definition . , 259 
formula based on percentage 


composition 260-264, 269 


EE noes bniead 208, 219, 224, 225 
of type A leaded steel... . . . .258-270 
effect of P and N on seen 
of free cutting steel .... 258-270 
test method ...... 259, 260 
Macrostructure of uranium .922 
Magnesium 
BDT with alloying ; 875. 880 


brittleness at low temperatures 
. 856, 858, 866, 867, 875, 879, 880 


coefficient of work hardening 64 
correlation of slip mechanisms 

and axial ratios ...........887 
deformation in single crystal... .859 
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Magnesium (cont. ) 
heat treatment and grain sizes. ..861 
slip in ... 875, 879 
strain hardening in single 
crystal eee 
Magnesium-binary alloys 
deformation in .861-864 
stress-strain curves at 


78°F. 861-864 


Magnesium-lithium alloys 


axial ratios and prismatic slip 

in. 856, 859, 874, 877, 878, 881, 883 
correlation of slip mechanisms 

and axial ratios..... .. 877 
deformation and fracture in. .856-883 
ductility and prismatic 

I Stic anes 856-883 
ductile fracture in 
heat treatment and grain 

sizes 
stress-strain curves at low 
...865, 866, 873 
Magnesium-14.8 Li alloy 
. .861, 872, 873 


temperatures. . 


grain sizes in 

pole figures for 

strain hardening and recovery 
ee re 

stress-strain curve at 
78° K 


Magnesium oxide, ductility at 


873, 878 


room temperature of single 
crystals 
Magnesium-thorium alloys 
.1095, 1096 
1090-1099 
.1092, 1094 


partial phase diagram 
phase studies 
preparation of alloys 
survey of literature on 
phase analysis 1090, 1091 
Magnesium-Th-Zr system 
Chinese script structure. . .1103, 1104 
crystallization 
, 1103, 1104 
.1099, 1102 
1099-1104 
..1100 
1102 
1103 


microstructure 
partial phase diagram 
phase studies 
preparation of alloys 
segment of liquid surface of 


; 
solid solubility 


SUBJECT INDEX 1123 


Magnetic behavior in austenitic 
stainless steels vs. strain rate 
at various temperatures . 
Magnetic field used in 
cathodic etching 
Magnetic tests on Cr-Mn-C 
-N steels 
Manganese 
effect on Curie point of 
woeeee129—140 
Goldschmidt atomic diameter 619 
in aluminum 


cementite 


effect on recrystallization 
temperature .... 589 
effect on grain size......589, 608 
in Al-5 Mg alloy, effect on 
recrystallization 


in cementite, Curie temperature 
. .134-136, 138 
in Cr-Mn-C-N steels, stabilizing 
effect on austenite. mere 
+ . .783, 784, 799-80 
in ferrite, Curie temperature 


analysis 


ee .137, 138 
in leaded steels, effect on 
machinability .. .266, 267 
valencies used by various 
investigators bara wien cel 
Manganese sulphide in leaded high 
S steel, morphology of... .208—226 
Marker technique in oxidation 
.. 1048, 1049, 1061, 1062 


1051-1054 


studies 
significance of 
Martensite 

in austenitic stainless steels 
contribution to strain har 

dening .. 482, 490-493 

density of ....... .. -482 
non-correlation with duc 

tility 

volume produced by tension, 


807-809, 


torsion and compression 

....485, 486, 488-490, 493, 494 
in Cr-Mn-C-N steel.... 782, 786 
in steel 


effect on endurance limit. . 
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Martensite (cout.) 
in steel (cont. ) 
methods to produce predeter 
mined amounts of... .245-249 
in U-low Ti alloys 900-904 
Martensitic transformation 
in austenitic stainless steels.... 
akin 478-498 
effect of tension, torsion 
and compression on. .493-496 
effect of strain rate 
in zirconium-uranium alloys... .< 
Massive transformation 
definition eee 
Mechanized Literature Search- 
ing Project 
Mechanical properties 
effect of orientation charac 
teristics on .. : 994, 
minum bicrystals, 
f forged chromium 
f stainless steel 431, effect 
of microstructure and heat 
treatment on scuba 
f Ti-Cb alloys .. 384-397 
of Ti-V alloys 418-437 
of uranium oe ee 898 
. 894-899 
. .333-335 
wee 328-330 
840, 841, 854 


* U-low Ti alloys 
f Zr-Sn alloys 
f Zr-Ti alloys 
Melting of chromium. 
Melting points 
of alloys of transition 
elements . 620 
of Ta-Cb alloys. 1082, 1083, 1088, 1089 
Membership Award, Honorary 49 
Mesa, growth front in crystal 
growth 1026 
Metal-hydrogen systems 
interaction types 456 
Metallography 
See also Microstructure and 
Morphology 
Metallograph¢é 
of Mg-Th alloys 
of oxide scales ....1061 
of Ta-Cb alloys .. 1083, 1087 
Metallographic etching by gas 
ion bombardment 


1093, 1095 


572-588 


TRANSACTIONS OF 


THE ASM 


Metallurgical Congress, Second 
World Program 10-12, 
Metallurgical Engineering 
Education .... 
Metals Engineering Institute 
Metals for nuclear reactors 
Microcracks 
in brittle fracture. 
in mild steel at —196 °C........ 
634, 635, 643-651, 653, 
Microcreep 
at low temperatures, theories 
; 518, 5 
in brittle fracture of mild 
steel at —196 °C 
in nonelastic deformation 
. 518, 521, 523, 532, 533 
Microdispersion of lead in 
steel bins 
Microinterferometer in study 
of crystal growth 1009, 1010 
Microradiography 
of leaded high § steel. . . 209 


definition 


213, 223 
208, 209 
sampling of ingot 214 
techniques . 209-213 
of leaded steels. ... 261-264 
Microstrain in stress-strain 
analysis at low temperatures 
517, 518, 521, 523, 533, 534, 539, 5 
Microstructure 
cathodic etching : 
of Al-1.25 Mn alloy 592-606 
of austenitic 
steel 813 


melted 839 


stainless 


of chromium, ari 
of Cr-Mn-C-N steels 785-793, 802 
of 62:38 Cu-Ni alloy. 1051-1053, 1056 
of hydrogen pickup in 

i le 442, 444 


of ingot iron, plastic deforma 


tion by torsion. ....549, 556, 
of Fe-base alloy, hardened 
titanium . ; 
of Fe-Cr-Ni alloys 
of Mg-Li alloys 567-870 
of Mg-Th alloys....1095, 1097, 1098 
of Mg-Th-Zr alloys 1100-1104 
of mild steel at —196 °¢ 642-646 
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Microstructure (cont. ) 
if stainless steel AM 
steel 431 


350 
of stainless 
of steel 
242-25 
.144, 


effect on endurance limit. 
during quench-aging. . 
of Ta-Cb alloys.. 
of Th-C alloys 
ol rh Hf alloys.. 
of Th-Zr alloys. 
of titanium RC 55 
of Ti alloy Ti-100A.... 
of Ti-4 Al-3 Mo-1 V... 
of Ti-Cb 
of Ti-\ 


alloys 
alloys 
uranium ss 
during thermal cycling 
of U-low Ti alloys... 


889-894, 898, 899, 902-904 


of Zr-U 


280, 284-289, 291, 292, 308 


alloys ; : 


Misfit angle 
definition ‘ i 
in grain boundary self-diffu 
sion of . 1037-1 
Modern concepts of flow and 
fracture 
Molybdenum 
Goldschmidt atomi 
(70-3000 °F.) of 


nickel 


diameter 


hardness 
strain hardened 834, | 


plastic strain prior to abrupt 
yielding 
stress-rupture properties 
vs. temperature 
tress-rupture strength of 
strain hardened .. 
ress-strain relationship prior 
to abrupt yielding. 
nsile properties vs. temper 
ature 
Molybdenum-base alloys 
t hardness tester (70 
3000 °F.) 
Molybdenum-0.5 Ti alloy 


hot hardness of strain 


tor R30 837 


hardene d 


stres strength 


rupture 


at high temperatures 


1125 


Morphological and phase changes 
during quench-aging of ferrite 
containing C and N.. 141-162 

Morphology 

of hypoeutectoid alloy steels 
dusiadia ares 184-207 
of lead in leaded high S 
steels ; 208-226 
Mott and Nabarro theory of 
80. 81. 91 


creep reve errr crn. 


Nabarro-Herring diffusion theory 
of growth during thermal 
cycling 948, 952 

Necking, multiple in 
iustenitic stainless steel 

478, 483, 485, 486, 490-495 

Nickel 

onstant creep curves for high 
purity ‘ 
ystallographic misorientation 
of bicrystals 1033 
1 of radioactive Ni 
...1035-1040 
It atomic diameter... .619 
boundary self-diffu 
Ni. 1031-104¢ 


chromium steels, effect 


ion of-into 

intergranular corrosion 
759-772 
tion of bicrystals 1031, 1032 
ress-strain curve of poly- 
crystalline 76 

Nickel oxide (NiO) 

growth rate in oxidation kinet 
ics study of 62:38 Cu-Ni 
1051-105¢ 


1062 


orientation 
Nickel-Cr-Mo steel 
ess with various quenching 
187 


har 
treatments , 20¢ 
and cooling trans 
190, 191 
on structures in.. 
192, 193, 198 


1 
rmal 


rmation curves 


Nickel-molybdenum steel 
ess with various quenching 
187, 


hard 


treatments 206 
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Nickel-molybdenum steel (cont. ) 
isothermal and cooling trans 
formation curves 
ranstormation structures in 
aie 192, 193, 195, 196 
Nickel steels 
temper embrittlement in... .699, 702 
Niobium 
See Columbium 
Nitrides 
in Cr-Mn-C-N alloy 
Nitrogen 
in chromium (forged) 

838, 839, 842, 851, 853, 
Mn-¢ 
effect on austenite ‘ 
ans ......783, 784, 788 
in Fe-Cr-Ni alloys, effect on 


intergranular corrosion 


in Cr N steels, stabilizing 


in leaded steel 
in stainless steels, martensitic, 
effect on microstructure 
in thorium-carbon alloys... .3 
Nonelastic strain in mild steel 
518, 521, 
stages in 
Nonmartensitic structure in low 
alloy steel, effect on endur 
ance limit . 243, 251 
Notch 
depth 
definition 
in Ti-V 
geometry, effect on brittle 


alloys 


fracture in mild steel ; 

. .658, 660-666, 669, 670, 675, 681 
machining by generating 
663, 664, 677 
658-664, 667 


process 
plane hyperbolic 
Notch ductility 
in martensitic stainless steel 


effect of microstructure on 


Notch sensitivity 
of Fe-base alloy, hardened with 


ri, effect of aging on creep 


TRANSACTIONS OF 


THE ASM 
Notch sensitivity (cont. ) 

of Ti-V alloys, effect of 

aging on ...... 425, 432 

Notch tensile properties 

of Ti-V alloys.... 
Nowick and Machlin theory 
of creep 


421, 


Nuclear reactors, metals and 
alloys for........271, 272, 298, : 
Nucleation 
growth and, in yield phenomena 
in age hardening alloys 739 
in precipitation 
complex .563, 564, 566, 5 
discontinuous 563, 
simple 
strain energy and 
in precipitation hardening 
=~" 739-741, 
in recrystallization 607, 
Occurrence of Laves phases in 
transition elements 617 
Ordering 


kinetics of 


of matrix and precipitate... 


563. 564. 568. 569 


Orowan-Becker theory of creep 80 
Oxidation kinetics of 62:38 
Cu-Ni alloy 


effect of temperature on 


1047 
1055, 
marker techniques in 1048, 

1049, 1051, 1053, 1054, 1061, 1062 
1062 
1048 
1051 


1061 


1062 


1058 


orientation of oxide layers 
procedure and equipment 
rate curves 1049 
Oxide scale, metallography of 
Oxygen in chromium 
effect on transition temperature 
and other properties 


838-840, 853 


Padden and Cain apparatus for gas 
ion bombardment 
.572, 575, 580, 583, 586, 588 
Particle shape in precipi- 
ES satacscee cas 3, 567-569 


Passivation of titanium 438 
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Peak sharpness in X-ray dif- 
fraction study of stress dis- 
GION oii sce dics cceeceee 
Peierl’s force to move a dis- 
location . eee. et 
Pericarbide, Hagg-type, in 
high carbon steel 163, 164, 
166, 170-175, 179, 182, 
Phosphorus 
in leaded steel. 
in temper embrittled steel, 
autoradiography of 
Phase changes during quench- 
aging of ferrite in 141 
Phase identification in U- 
low Ti alloys... .888-—894, 898, 899 
Phase diagrams 
of Mg-Th 
of Mg-Th-Zr ... 
of Ta-Cb 
of Th-Hf oaas 
of Th-Zr . , 349, 353, 365 
of Ti-Cb ... sna 385 
of U-H 
of U-Ti 
of Zr-U 


303, 305, 306 


1095, 1096 
1099, 1102 
1083, 1084 


359, 3 “ 366 


; 985. 986 
886, 898. 899, 904 


279, 285, 288, 294-297, 


Phase relationships 
Mn-C-N 


steels 


in austenitic Cr- 
stainless 
in 18% Cr-Fe base alloys, 
effect of Ni on 
in Fe-Cr-Mn-N 
Phase studies 
in precipitation 


system 


: 569, 570 
of alloys of transition elements 
wed 617-633 
of high carbon steel , 163-183 
of iron alloys by electron 
diffraction .. son 145 
of Mg-Th system 1090—1099 
of Mg-Th-Zr system . 1099-1104 
of Ta-Cb alloys 1084, 1088 
of Th-Hf alloys 359-368 
of Th-Zr alloys 
of Ti-Cb 


.1083 
.353-357. 368 
384, 385, 388 


of Zr-U alloys 279-285, 2 
291-294. 208 


SUBJECT 


INDEX 


Physical properties 
See also Mechanical properties 
Physical properties 
of Fe-base alloy, hardened with 
li, effect of aging on... .738—758 
of Zr-U 289-292, 297 


Plastic deformation 


alloys 


by torsion in ingot iron.....549-550 
in brittle fracture .658-660 
polycrystalline aggre 
gates ; 
asurement of stored 
energy in, survey 
twinning in ... 
Plastic flow in mild steel 
at low temperatures. . 


influence of metallurgical 


( 


526 
29, 926, 5. 


variables 
etallography of...5 
train measurement in. .519 
Plastic properties of magnesium- 
lithium alloys 864-867 
Plastic stress level in free grain 
boundaries 1000, 
Pole figures for Mg-14.8 Li alloys 
Polycrystalline aggregates, 
lastic deformation theories 


pin vaae .. 80, 88 
grain boundary shearing. soit 
Polygonization in uranium upon 
thermal cycling ... 974, 977 
Polyhedra in precipitation, 
definition er rer 564 
Porosity in uranium after thermal 
cycling 964, 965, 968, 976, 977 
Powder metallurgy of zirconium- 
uranium alloys 271-297 
Precipitate 
effect of size on re rystalli 


A1-1.25 Mn alloy 


608. 613. 614 


ration in 


t on recrystallization 
\1-1.25 Mn alloy 
600. 607-610. 613. 614 
in silver alloy . - 608 
Precipitation 


cellular : 564 
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Precipitation (cont. ) 
coherency in 568, 569 
degree of complexity in 
nucleation ....562-564, 566, 570 
inter-relationships of aspects... .565 
kinetics of Saw ...962, 564, 565 
563, 564, 566, 570 
. 141-162 
.. 2 455-477 


563, 504, 568, 509 


nucleation in 
in quench-aging of steel 
of titanium hydrides 
order in 

.563, 567-569 
- . .564 
recrystallization acdc 


parti le shape in 


poly: dra in 


vacancies in ae eer 
Precipitation hardening 
739, 740 
895-900 


treatments for .738, 739 


general considerations .. 
of U-Ti alloys.... 


Precipitation reactions 

in alloys ..........739, 7 

in Cr-Mn-C-N steels ‘ 

‘ .786-788, 797, 800, 801 

Precipitation systems 

classification of .. ...-562-571 
dependence of physical properties 

on characteristics of 

illustrations of classifica 
tions 


proposed classification . . 


three early methods of 
classification . ...562, 
Prediction of tensile properties 
in structural aluminum 
alloys ....... . 827, 829 
916, 923 
14-20 
841, 851 


Preferred orientation in U. 
President’s Annual Address. 
Press forging of chromium 
Prestrain 
effect on ductility and 
transition temperature 
of chromium .... 849-85 
Pre-yield microstrain in mild steel 
in brittle fracture at —196 °C. 
635, 637, 639, 647, 
in dislocation 512, 515, 5 
Pre-yield phenomena 
in mild steel at low tempera 
tures .. 517 


in other B.C.C. metals 536, 


TRANSACTIONS 


OF THE ASM 


Prismatic slip in Mg-Li alloys 
859, 867-871, 874-876, 879, 881, 883 
Pyramid penetration hardness 
(70 to 3000 °F) 
equipment 
reproducibility in testing 


830-837 


836, 837 


Quartz tube casting of 
chromium alloys 
Quench-aging 
electron microscopy 
niques 


internal friction tech 
niques 

of ferrite 

Quenching 

of stainless steels, wate: 
effect on intergranular corro 
sion .. 770, 771 

of steels, study of different 


media .. 245, 248, 249 
Quinney-Taylor method of measur- 


ing stored energy 543-54¢ 


Rate process theory of creep 81, 
Rate of transition temperature 
change in Cr alloys 
Recovery er 
in deformed ingot iron during 
annealing 
schematic 
macrostructure of 
in zine crystal 
of heat in plastically de 
formed ingot iron 
schematic of dislocation 
climb ; 
Washburn demonstratior 
Recrystallization 
in Al-1.25 Mn alloy . 594-600, 604-614 
effect of Mn.589, 592-594, 610-612 
effect of 2nd phase 607, 610 
effect of Si 594. 608. 614. 615 
effect of temperature 605 
in ingot iron after defor 
mation 548, 549, 556, 558 
in oxidation kinetics of 62:38 
Cu-Ni. 1055, 1058-1061 


’ 


in Ti (RC 55) 370-383 


1056, 
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Recrystallization (cont. ) 
in Ti alloy (Ti-100A) 
Reversed age, definition . 
Ridge boundaries in crystal 
growth .. 
definition 
illustration 
Rheotropic recovery in forged 
848-850, 853, 855 


370-383 
.739 


1011-1013 
....1010 
..1013 


chromium 
Rolling of uranium 
effect of variables on 
..906-910, 913-920 
reduction effects ...909, 910, 914-916 
temperature effects .906, 907, 913, 920 


Ruthenium in chromium alloys, 


growth 


decrease in BDT temperature. 


707-711, 717, 719 


S-N curves 
for Al single crystals and bi 
crystals 64, 1000, 1001 
for copper alloys 
for Mg-Li alloys at low 
temperatures. . .863-866, 
r mild steel ... 
polycrystalline Ni. 
4 solid solutions in Meg 
at 78 °K. . adie deen 
for stainless steel. .301, 484, 485, 487 
for stainless steel. .304, 483, 486, 487 
for steel 1020 pilates sekd 
for steel 5140 ..... 2 alee 
for Ti-4 Al-3 Mo-1 V 411, 412 
for zinc crystal 67, 69, 70 
..831 
47-49 


Sapphire hardness penetrator 
Sauveur Achievement Award 
Second World Metallurgical 
Congress 10-12 
Secondary recrystallization 
in Al-5 Mg alloy.. 610 
in Al-1.25 Mn alloy...... 615 
Secretary’s Report 25-41 
Segregation in stainless steel, 
431, theory of temper embrit 
tlement . . .697, 698, 703, 735 
Self-diffusion of Ni 63 into Ni 
at grain boundary 1031-1046 
Sensitization 


definition 812, 813 


SUBJECT INDEX 


(cont. ) 
of austenitic stainless steels, 

effect on tensile ductility 
803-813 


Sensitization 


relation to intergranular 
attack ; 
Sequence of transformations in case 
and core of carburized 
steels 227-241 
Sequential exposures (Temper- 
ature-Time) on airframe 
structural Al alloys 
compared to single .........824-826 
effect on tensile properties. .823-827 
procedures 815, 816 
question regarding random .. 829 
Shrinkage in sintering... .275-277, 296 
Sievert’s apparatus for hydro- 
genation treatment .. 460-462 
Sigma phase 
in Cr-Mn-C-N steels 
788, 792-794, 797 
Silicon 
in Al-1.25 Mn alloy, effect on 
microstructure . 594, 608, 614, 615 
in leaded steels, effect on 
machinability 265-267, 270 
Silver alloy, single crystal, 
effect of precipitate on re 
crystallization 
Single exposure (Temperature- 
Time) on airframe structural 
Al alloys, 
823-827 
effect on tensile properties. . .817-826 


ane 


compared to sequential 


procedures . 
Sintering of Zr-U alloys 
decon ition during . .296 
effect of temperature .. 
273, 275, 277-279, 281-283, 293 
.278, 295, 296 


eA 
27 5-27 / 


oxygen pickup during 
shrinkage in .. 


Slack quenching of uranium-low 


Ti alloys 
Slip 
in mild steel —196 °C 
in uranium upon thermal 
943, 944, 949, 958- 
960, 970, 971, 977, 978 


902, 904 


..645, 64¢ 


ycling 
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Slip mechanisms in fracture 
correlation with axial 

. . 876-879 

effect of alpha solid solution 


ratios 


alloying 
in Mg-Li alloys 
867-870, 875, 879, 881 
in polycrystalline aggregates .857, 858 
work hardening and 
Sloping front in crystal 
growth 
Smith theory of creep. . 
Solid solubility 
in Al-1.25 Mn alloy 
-.eeee. 392, 600-603, 608 
. .1083, 1084, 1088 
1096, 1099, 1104 
pees. 886-889, 903 
.... 1101, 1104 


1025-1027 
... -80, 81 


in Ta-Cb system .. 


of Thin Mg 

of Tiin U.. 

f Zr in Mg-Th 
Solid state physics 
Solidification, ASM Seminar 

Program 
Solubility 
of C in Th - .340-347 
of Hf in Th ealeien Sneeree 
of H in massive uranium 
981, 982, 985-987, 990-993 
effect of purity of U . .992, 993 
of H in powdered U.. 
981, 982, 985-988, 990, 993 
of Th-Zr system 8, 359 
Solution hardening 
by interstitial and substitutional 
COE kccestanicivins 98 

Cottrell mechanism . , 92 
Fisher mechanism ...........94, 95 
in two phase systems... iin tee 
mechanisms of ... 91-96 

Suzuki mechanism . 

Solution treatments 

for Cr-Mn-C-N steels. 

“es .775, 779, 780, 794-796 
for Fe-base alloy, hardened 

with Ti, effect on proper 

ties 
for Ti-4 Al-3 Mo-l V, effect 

on properties. .403, 405-412, 415 
for Ti-Cb alloys .......384, 393-395 
for Ti-V alloys.421-424, 431, 435, 437 


TRANSACTIONS OF THE ASM 


Some relationships between 
torsional strength and electron 
microstructure in a high C 

.163 

Specific heat 

of ingot iron ... 547, 5 
test method at various 
temperatures . 543 
Stabilization 
in austenitic stainless 
steels ....... 782-7 
of stainless steels, effect on 
intergranular corrosion... 
.760, 761, 
Stainless steel 
ductility of annealed and 
sensitized 
Stainless steel, austenitic 
carbide precipitation and 
brittleness 
Cr-Mn-C-N, 


ships in . 


phase relation 


classification by micro 
structure 
development of Ni-free-for hig] 
temperature use 773 
intergranular corrosion 
theories for 
mechanical behavior 
strain hardening of 
Stainless steel, ferritic 
intergranular corrosion 
theories for 
Stainless steel, martensitic 
effect of microstructure and 
heat treatment on transvers« 
properties enc eh bet 
Stainless steel, trade designations 
17-4 PH, effect of microstructure 
on transverse properties 
18-8, 
cathodically etched 
influence of Ni on inter 
granular corrosion 759 
301, strain hardening 478 


302, carbide precipitation and 


brittleness in . 803-813 
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Stainless steel, trade 

designations (cont.) 

304 
carbide precipitation and 
brittleness in .803-813 

influence of Ni on inter 
759-772 


.478-498 


granular corrosion 
strain hardening 
AM 350 
effect of microstructure and 
heat treatment on transverse 
properties 
tensile properties os 
410, effect of microstructure and 
heat treatment on transverse 
properties ..... aban 
414, effect of microstructure and 
heat treatment on transverse 
properties 731 
(18% Cr), 
intergranular 


430 influence of Ni 


on corrosion 
759-772 
431 
effect of microstructure and 
heat treatment on me- 
chanical properties 
transverse properties .. 
Steel, 
effect of Mn on Curie point of 
cementite 129-140 
effect of martensite on endur 
.242-257 
..439 


208, 219 


ance limit 
hydrogen diffusion through 
lead and machinability in 
residual stress in carburized 
case ° ee 
stress-strain in aircraft 
thermo-magnetic analysis of, 
containing low Mn 
Steel, Bessemer screw, machina- 
264, 270 
Steel, electroplated with Cu-Ni-Cr, 
cathodically etched 582, 
Steel, free-cutting, effect of S and 
Pb on machinability 
Steel, leaded high sulphur 


effect of casting and rolling 


583 


264 


09 


.213-222 


209-223 


on dispersion of Pb in. 
microradiography of 


INDEX 1131 
Steel, leaded high sulphur (cont. ) 
morphology and chemistry of 
lead in 208-226 
Steel, leaded type A, machina- 
bility of 
Steel, low alloy, effect of mar- 


258-270 

tensite on endurance limit. 242—257 
Steel, mild 

brittle fracture at —196 °C... .634-655 


effect of cold work on Charpy 


ffect of reheating on cold 
worked 
‘ffect of stress rate and tem 
perature on yield stress. .498-516 
. 641, 642 


656-681 


elongation vs. strain rate. 
initiation of brittle fracture 
physical properties at —196 °C. 
636, 638 
plastic strain prior to abrupt 
UIE oo. cinttie Scas vena een .536 
498-516 


prediction of yield stress. . 


preyield phenomena at low 
517-540 
_ . 141-162 


temperatures 
quench-aging 
stress-strain curve 7/ 
stress-strain relationships prior 

to abrupt yielding 
tensile fracture behavior .. . .636, 637 
Steel, open hearth, machinability 

of ’ 
Steel, rimmed, brittle fracture at 

634-655 

Steel, ship, preyield phenomena 


...517-540 


Steel, two phase alloy, thermal 


at low temperatures 


stresses in 
Steel, trade designations 
1018, carburized 
microhardness 
residual stresses and 
retained austenite in 
X-ray diffraction peak 
sharpness 
1020, stress-strain curve. 
1045, electrolytic extraction 
carbides from 





1132 


Steel, trade designations (cont. ) 
1118, carburized 
residual stresses and retained 
austenite in 
X-ray diffraction peak 
sharpness 
C 1213, machinability ....... 
1340, effect of martensite 
endurance limit 
3140, role of C in temper em- 
brittlement .682-704 
4042, 
endurance limit 
4340 
C-T diagram 


effect of martensite on 

. 242-257 
()? 

effect of martensite on 

. 242-257 


203-205 


endurance limit 
hardenability 
hardness traverses 
transverse properties 
5140 
cooling curves of carburized. .23 
correlation of transition tem- 
perature and lattice param 
eter after various heat 
treatments .701, 702 
effect of martensite on en 
durance limit ........242-257 
residual stresses and retained 
austenite in carburized 
° 236, 237 
80B40, effect of martensite on 
endurance limit wee 242-257 
8620, carburized 
cooling curves ue ieee 
residual stresses and retained 
austenite in . .229-233, 239, 240 
51100 
electron microstructure and 
torsional strength ... 163-183 
isothermal transformation 
diagram . 
. 1011-1027 
1018-1024 
crystallography of coos une 
defects in. 1011-1013, 1023, 1025-1027 
.... 1016-1018 


Step growth in crystals 


changes in 


rate of propagation 


TRANSACTIONS 


OF THE ASM Vol. 50 
Stereoscopy in microradiography 

462 

. .215-218 
Stored energy in ingot iron, re- 

leased during annealing. ..541-561 


of alpha Ti and Ti alloy 
of leaded high S steels 


calculated density of disloca 
tions : 553, 554, 560 
Ist and 2nd stage releases 
554, 558, 560 
.551-553 
mathematical analysis 549 
recovery and recrystallization 
Rs aiainds - 554, 558, 560 
temperature difference curves... 


551 


Strain-aging 


1074, 1077, 1079 
554, 555 
1077, 1078 


1077, 1078 


of chromium 
of ingot iron 
of molybdenum 
of tungsten 

Strain hardening 
in aluminum single and bi 

64, 1000, 1002 

in austenitic stainless steel. ..478-498 

846, 847, 1074, 1077, 1079 

in Mg and Mg alloys ; 

. .64, 867, 878-880 

in Mg-14.5 Li alloy with 

873, 874, 878 
1077, 1078 


635, 648 


crystals 


recovery 
in Mo and W 
in tensile testing 
theories of 62-72 
Strain induced boundary mi- 
gration in Ti RC 55, de- 
duced from micrographs. 378-38() 
Strain induced martensitic trans- 
formation in Ti-Cb alloys 
384, 389, 390, 393, 395 
Strain induced recrystallization 
in 62:38 Cu-Ni alloy . 1048 
Strain measurement during plastic 
flow in mild steel. 519-526, 534, 536 
Strain mechanism theory of temper 
embrittlement se 
695, 696, 698, 700, 703 
Strain pattern analysis at 
—196 °C., tensile fracture be 


havior of mild steel. 636-055 
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Strain rate 
in austenitic stainless steels 
effect on magnetic behavior. . .809 
effect on mechanical 
properties ‘ .813 
effect on strain hardening 
478, 479, 481-483, 491, 492, 495 
effect on tensile ductility. .803-813 
sensitivity 
.716, 718, 720, 1077 


842, 851 


chromium, 


in forging chromium .. .841, 
effect on transition 

temperature _— ... 848 

in mild steel at constant load .522, 523 

in Mo and W, 1077 
Strain transformation in Ti-V 

418, 436 
Strength-ductility with various 


sensitivity 
alloys 


solution treatments for Ti- 

V alloys 27-433, 437 
Stress 
effect on yield 
steel. .498-516 
critical vs. ferrite grain size in 

mild steel 527, 528 


application rate 


stress in a low C 


distribution in carburized and 
quenched steel ..... ..239 

in notched specimens of mild 

? 


667, 609, 671, 672 4 675 


residual in carburized case. .227-241 
Stress analysis 
of mild steel at 
— 196 °¢ 637-639, 654 
of a notched specimen of mild 
steel. .658-660, 665-670, 674, 675 
of two phase alloy, WC-Co 
1063-1071 
Stress calculation i in and around a 
spherical inclusion due to uni- 
form temperature change. 
. 1064, 1069, 


Stress-rupture properties 


1070 


of Cr, effect of temperature 
1076-1079 
f Mo and Mo-( 0.5 Ti alloy, 


correlation with hardness 


Stress stability 
1 Ti-Al-Mo alloys 


SUBJECT INDEX 


Stress stability (cont. 
Ti-4 Al-3 Mo-l Vv. 
398, 401, 410-412 415- 417 
Seneneiniin curves 
See S-N curves 
Stress-strain tests for transition 
temperature of chromium... .843 
Stroh-Petch theory of brittle 
fracture 634, 635, 646, 648, 655 
Subcell structure in Zr-U 
320, 321 
sie Sosmasion 3 in LU upon 
thermal cycling 
.961, 963, 964, 970, 97 4 976 
Sub-interferometric processes ... . 
nnd 1027, 1028 
Sutin e ffe ct on stress 
strain curves 
Sulphur in type A leaded sacle, 
effect on machinability .. -258-267 
Superalloys 
Yee also High temperature alloys 
Superalloys 
effect of aging cycles on 
properties cen 
effect of solution treatments 
on properties 
trade designations 
HS-21, 


on stress-rupture 


effect of double aging 
proper 
757, 758 
Surface aehdiial in U. 905, 923, 925 
Surface tension in alloys, effect of 
alpha solid solution alloying 
on a . 858, 859 


Suzuki medhaniias of hecdvaion 93, 94 


TTT curves 
for Ti-V 
for Zr-U 

Tantalum 


.420-424, 430, 433 
alloys ...... .. 308-310 


alloys... 


Goldschmidt atomic diameter. ..619 
Laves phases in ...........617-633 
plastic strain prior to abrupt 

yielding ; 
stress-strain relations hiiee 
prior to abrupt yielding 

Tantalum-chromium 
Laves phases in 
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impurities in 

......1083, 1084 

1081, 1082 

1082, 1083 

Technical Program, 39th Annual 
Convention 


phase diagram ..... 
preparation of alloys 
properties 


Temper embrittlement 
alloys with no 
correlation of transition temper- 
ature and lattice parameter 


in alloy steels 

. 683, 699, 702 
699, 702 
682-704 


in carbon steels .. 
in nickel steels .. 
in steel, mechanism of 
role of alloying elements 
in 683, 695, 697 
...682-704 


role of carbon in........ 


role of temperature in... 
segregation theories of .....697, 703 
strain mechanism theory 
EF 695, 696, 698, 700, 703 
theories of 682-684 
Temperature 
effect on tensile and stress-rup- 
ture properties of Cr. . 1072-1080 
effect on tensile ductility of 
austenitic stainless steels... 
803-813 
effect on upper yield stress of 
.. 498-516 
immunization for stainless steels 
and Fe-Cr-Ni alloys........ 770 
in crystal growth in Cd 
.1016, 1018, 1024, 1028, 1029 
in oxidation kinetics of 62:38 
Cu-Ni alloy 1055, 1058 
in self-diffusion, effect on 


a low carbon steel. . 


penetration of Ni 63....... 
. .1035-1040, 1044, 1045 
stresses 
in Al-Si alloys 
in brass and steel 
in WC-Co alloys 
calculated and experimen- 
1064-1068 


TRANSACTIONS OF THE ASM 


Temperature (cont. ) 
time and, exposures of airframe 
structural Al alloys .814-829 
time and, variables in thermal 
cycling of U, effect on 
growth .930-942 
Tensile ductility 
of austenitic stainless steels .... 
. 803-813 
304, 803-813 
Tensile fracture behavior of mild 


of stainless steels. .302, 


steel at low temperatures 
634-655, 656-681 
Tensile properties 
of aluminum alloys, 2024-T3 and 
7075-T6, both alclad. .. .814-829 
prediction of .... . .827, 829 
of Al-1.25 Mn alloy....... .591 
of chromium 
effect of temperature on. 1074-1077 
forged 
1074, 1075 
of Fe-base alloy, hardened with 


methods of test... 


Ti, effect of constant strain 
rate 746-748 
of Mo and W at high temper- 
atures 
if stainless steels AM 350 and 
431 wre 
of Ti-4 Al-3 Mo-1 V 
effect of aging and heat 
402-410, 
414 


. .1076 


treatment . 
effect of welding. . 
of Ti-Cb alloys . 387-389, 396 
of Ti-V alloys ....420, 424-435, 437 
of U-low Ti alloys. .901, 904 
Tensile stress in notched specimens 
of mild steel... . .666, 673, 675-678 
Tensile testing 
of austenitic stainless steels 
481-488, 495, 496 
of bicrystals of aluminum. . 997 
Ternary alloys of transition 
elements, Laves phases in. 623-629 
Texture in uranium, efiect on 
growth rate 945, 946, 953 
Thermal analysis 
of Mg-Th alloys : 
of Mg-Th-Zr alloys. 


1092-1096 
1100 
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Thermal analysis (cont.) 
of Ta-Cb alloys 1082-1084 

Thermal arrest 

. 307 


. 360 


in martensitic transformation. . 
in Th-Hf alloys..... 
Thermal cycling 
growth in Cd, Sn and Zn. .. .949, 955 
growth in uranium... .905—-925, 926- 
942, 943-953, 954-980 
comparison with creep... .976-978 
effect of cycling variables. ... 

“i ..912, 913, 920, 923 
effect of time and temperature 
.930-939, 941 
927-929 


954-980 


variables 
equipment and procedure. 
microstructural changes 
mechanisms for 
Thermal expansion anisotropy 
in uranium 954, 970 
Thermal ratchet 
applied to bicry stals 944, 946, 947 
explains growth of U in 
thermal cycling .. . 94, 
mechanisms of .943, 944, 949, 952, 953 
Thermal sluggishness 
in Ti-7 Al-3 Mo.. zs ..417 
in Ti-Cb alloys ...... 391 
Thermally-induced stresses 
in WC-Co alloys 
in two-phase alloys 
Al-Si alloys 


brass and steel 


. 1063-1071 


...1063 
.1070 

Thermo-magnetic analysis of 

cementite in steel... 

Thorium 
ere 
349, 367 
349, 367 
340-347 

. .340-347 
345, 346 
341, 342 

3, 345-347 

3, 344, 346 
.346, 347 
340-347 
341-343 


allotropy 

atomic radius 

physical properties 

solubility of C in..... 
Thorium-carbon alloys .. 

hardness 

heat treatment 

lattice constants 

microstructure 

nitrogen in 

solubility of C in 

X-ray diffraction analysis 
Thorium-hafnium alloys 

heat treatment 


SUBJECT INDEX 


Thorium-hafnium alloys (cont. ) 
364, 365 


aii 0-365 


lattice constants 
microstructure 


phase diagram , 300, 366 


studies . 359-368 


phase 


solubilities in . 


I 


2 
» JO. 
2 
J 


thermal arrest in 
X-ray diffraction analysis. . 
pee. 4 

Thorium-zirconium alloys 
heat treatment 
lattice constants 
microstructure 
phase diagram 
353-357, 3 


solid immiscibility loop 


phase studies 


solubilities in 
X-ray diffraction analysis... .. 
Time-temperature-transformation 
See TTT curves and .Transfor 
mation 
Titanium 
alteration of cathodic reaction 
minimizes H_ pickup 
correlation of slip mechanisms 
with axial ratios....... 877, 883 
factors affecting absorption and 
distribution of H in, during 
.438-454 
Goldschmidt atomic diameter... .619 
.469 


acid pickling 


hydrides in polycrystalline. . 
hydrides in single crystals. 
463-466, 475 

438-454 

. 460462 


hydrogen absorption in 
hydrogenation equipment 
in iron-base alloy 

effect on heat treatment and 

properties 738-758 

1 uranium, effect on corrosion 

resistance and mechanical 

. 884-904 
....017-633 


pre yperties 
Laves phases in .. 
microscopy of hydrogenated 

single crystals 463-467 
passivation to minimize 

hydrogen pickup . 
valency re 
X-ray reflection pattern in 

single crystals 





1138 


Twinning (cont.) 
in uranium in thermal cycling. . 
957, 958, 961, 964, 970, 978 


Uranium 

coefficient of expansion 954, 970 
. 884-904 
f composition and purity 
. .947, 992, 993 


corrosion resistance 

effect 
on growth 

‘ffects of cycling variables on 

. 912, 913, 926-942 


ffect of grain size on 


growth 
growth . .956-970 
‘ffect of fabrication on growth. . 
906-910, 913-916, 919, 920 
effect of heat treatment on 
growth .907-912, 914-923 
growth upon thermal cycling. .. 
926-942, 943-953 


884-904 


905-925, 
mechanical properties 
microstructural changes upon 

thermal cycling 954-980 
orientation in coarse grained 

specimens 957 
phases in 5 986 
solubility of hydrogen in.. 

981, 982, 985-988, 990-993 
thermal ratchet model applied 
. .943-953 
..958, 964 


to growth 
X-ray photograms of 
Uranium hydride, possible use in 
alloy preparation... sick 
ee 273-277, 293, 297 
Uranium-hydrogen relation- 
ships 
Uranium-low-titanium alloys 


981-993 


. 884-904 
884-904 


corrosion resistance 

mechanical properties 
Uranium-zirconium alloys 

See Zirconium-uranium alloys 


Vacancies in nucleation 
Vacuum cathodic etching 
Valencies 
of transition 
elements . .626, 629, 630 
mathematical calculation from 
X-ray diffraction data on 


electronic, 


phases in transition element 
alloys .617-633 


TRANSACTIONS OF 


THE ASM 


Vanadium 
Goldschmidt atomic diameter 
valencies used by different 
investigators 


ed 


Vanishing phase method, app! 


co Th-Zr system i 
Virtual pressure in hydrogen 

diffusion through steel 
Wear test on tools... 259, 260, 2 
Weertman theory of creep 
Welding of Ti-4 Al-3 Mo- 

402, 

Whipple diffusion formula 

aA 1039-1041 
Widmanstatten structure in defor- 

mation of mild steel 


in Mg-14.5 Li alloys 

in Ti-Cb alloys 

slip mechanisms and 
Wrinkling behavior in U 


X-ray diffraction analysis 
of alloys of transition 
elements 619, 620 
of Laves phases 620 
of Mg-Th system 1093, 1096 
of peak sharpness in carburizec 
steels 
of stress distributions in 
carburized steels 229-238 
of Ta-Cb alloys 1083-1085 
of Th-C alloys 
of Th-Hf alloys 
of Th-Zr alloys 
high temperature equipment 
of WC phase in WC-Co alloys 
1065-1068 
methods 1070, 1071 
of Zr-U alloys .... 397, 315 
X-ray photograms of U 958, 964 


Yield phenomena after pl: 
deformation. 517, 521, 5 

in B.C.C. metals 

in mild steel at low 
temperatures 
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Yield phenomena after plastic 
deformation (cont. ) 
in tensile fracture of mild steel 
at —196 °C. ...637-642, 648, 651 
rate experiments for mild 
steel 509, 510 
Yield strength 
of Al alloys: 2024-T3 and 7075 
T6, both alclad 
effects of single and sequential 
temperature-time ex 
posures on . 814-829 
of chromium, effect of repeated 
strains on 
of Mg-Li alloys 
of stainless steel 431 
effect of retained austenite 
, fa 730-735 
of Ti-V alloys, ratio to tensile 
425 
94] 


strength 
of uranium, 0.2% offset 
Yield stress 
of a low carbon steel, effect of 
variables on 498-5 1¢ 
f mild steel specimens, notched 
and unnotched.667, 671, 674-678 
Yokobori theory of dislocations. . 
505, 512-515 
Zener-Hollomon thermal spike 
theory 
Zinc 
brittle fracture at low temperature 
in polycrystalline . .858 
correlation of slip mechanisms 


with axial ratios .......877, 883 
growth on thermal cycling, 
thermal ratchet model 
for 943, 946, 948-950, 9: 
Zinc crystal 
dimple, recovery of 
dislocation boundary 
recovery after strain 


slip in 


strain hardening and revers: 


in , 668-670 
70 
208 


stress-strain curves 67, 
Zircaloy 
Zirconium 


allotropy 349 


Zirconium (cont. ) 
atomic radius . 349, 
rrelation of slip mechanis” 

with axial ratios 
ldschmidt atomic diameter 
hydrogen embrittlement and pre 


cipitation in 457, 
Laves phases in 
mechanical properties with heat 
treatment 
nelting vs. transformation 
temperature 
ysical properties 
transformation kinetics 
Zirconium-tin alloys 
at treatment .323, 32 
nechanical properties 
? 


rostructure 33 


partial phase diagram 
transformation kinetics. 3. 
irconium-titanium alloys 
heat treatment 


mec 


ianical properties 

nicrostructure 
transformation kinetics 

Zirconium-uranium alloys 
densification in sintering 


. 289-292, < 


306, 


280-288, 


it treatment 
yenization 
1ot hardness survey 298 
artensite transformation 
nicrostructure 
280, 


hase diagram 
279, 285, 


ise studies 293 


der metallurgy 
779 


ale, 


luction method . 


operties 


289. 
308 


.291, 292 


ensile 


strength 
transformation kinetics 305 
Zirconium-uranium-oxygen 
tentative ternary section 
Zirconium-vanadium 
Laves phase in 


.271-2 


306 
207 
oi 
207 
273 


IQ? 
310 


206 





